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Abstract 

Complex functional oxides exhibit a wide range of emergent electronic and structural properties, 

arising from the intrinsic competition between charge, spin, lattice, and orbital degrees of freedom. 

The interplay between these interactions continuously leads to the discoveries of novel functional 

oxides, deepening the understanding of correlated materials and expanding their potential 

applications in electronic and quantum devices. This thesis highlights the critical role of (scanning) 

transmission electron microscopy ((S)TEM) in exploring such interatomic structure-property 

correlations in oxides and oxide heterostructures.  

Before diving into their practical application, the introductory chapter provides an overview of key 

methodologies within the broad spectrum of TEM techniques relevant to this work, with particular 

emphasis on four-dimensional STEM (4D STEM). Electron ptychographic phase reconstructions 

play a central role in the third and fourth chapters of this thesis, enabling high-resolution imaging 

with strong contrast not only for heavy elements, but also for light ones, especially oxygen, which 

is understandably a crucial capability for studying oxide materials. 

The second chapter of this thesis underscores the capabilities of TEM in observing rare phenomena 

in 4d transition metal compounds, exemplified by the atomic-scale investigation of an 

unconventional structural transition in the mixed-valence ruthenate, NaRu2O4, at elevated 

temperatures. While retaining metallicity, the material undergoes an atypical Peierls-type transition 

with emergent charge order at a transition temperature of approximately 535 K. In-situ TEM 

diffraction and STEM imaging, combined with atomic displacement analysis, provide direct 

microscopic evidence of the reversible Peierls-type transition, characterized by a pronounced 

dimerization of the quasi-one-dimensional ruthenium chains along the crystallographic b-axis. As 

the coexistence of metallic conductivity, dimerization, and charge ordering is highly unusual, 

investigating such transitions in detail is essential for developing robust phenomenological models 

and deepening our understanding of correlated electron systems, which is a necessary step toward 

harnessing their exceptional properties in functional oxide devices. 

The third and fourth chapters of this thesis demonstrate how STEM can contribute to the early stages 

of translating a material system with unique properties into functional oxide heterostructure devices 

by applying its techniques to investigate stable growth phenomena of functional ABO2 delafossites 

on various substrates. The successful integration of these materials into devices depends on 

achieving high-quality thin films, yet their unique lattice geometry poses significant challenges, 

often resulting in inconsistent growth behavior of different delafossites even when using the same 

substrate. While lattice mismatch alone does not fully account for these variations, unidentified 
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stabilization mechanisms appear to facilitate epitaxial growth in certain cases, and it is a central 

objective of this work to investigate these on the atomic scale. 

The work presented in the third chapter of this thesis employs advanced STEM techniquesð

especially 4D STEM electron ptychography (non-iterative phase reconstructions), combined with 

spectroscopy and conventional imagingð to identify a secondary interfacial phase that stabilizes 

PdCoO2 delafossite films grown via molecular beam epitaxy (MBE) on Al2O3 and LaAlO3 

substrates. The discovery of this secondary phase provides novel insights into the interfacial 

stabilization mechanism of PdCoO2, which significantly differs from conventionally observed strain 

relief mechanisms in oxide heterostructures. Understanding these stabilization mechanisms 

represents a major step toward the reliable integration of delafossite thin films into functional 

electronic devices with improved growth strategies. 

Building on these findings, the fourth chapter examines the interfacial reconstruction of delafossites 

with different A and B cations on the same Al2O3 substrates to investigate whether the 

unconventional film stabilization mechanism previously identified for Pd-based delafossites is a 

material-specific phenomenon or represents a general stabilization mechanism for delafossite thin 

films. Here, the combination of 4D STEM electron ptychography (iterative phase reconstructions), 

spectroscopy, and conventional imaging reveals that a misfit dislocation network at the 

CuCrO2/Al 2O3 and the CuFeO2/Al 2O3 interface, along with monolayer-deep chemical intermixing, 

plays a crucial role in strain relaxation. This mechanism differs significantly from the one observed 

in the Pd-based delafossites of the third chapter, as the stabilization involves a reconstruction of the 

film itself, rather than the formation of a secondary phase at the interface.  

These material-specific interfacial stabilization mechanisms, highlight the critical role of the 

interface structure in the stabilization of delafossite thin films. They must be carefully considered 

when designing oxide heterostructures for electronic applications, as it is reasonable to assume that 

they will influence the functional properties of the film during device operation. 
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Zusammenfassung 

Komplexe funktionelle Oxide weisen ein breites Spektrum an elektronischen und strukturellen 

Eigenschaften auf, die aus dem intrinsischen Austausch zwischen Ladungs-, Spin-, Gitter- und 

orbitalen Freiheitsgraden entstehen. Das komplexe Zusammenspiel dieser Wechselwirkungen führt 

zur kontinuierlichen Entdeckung neuartiger funktioneller Oxide, vertieft das Verständnis über 

korrelierte Materialien und erweitert deren Anwendungsmöglichkeiten in elektronischen und 

quantenmechanischen Bauelementen. Die entscheidende Rolle, welche die (Raster-) 

Transmissionselektronenmikroskopie ((R)TEM) bei der Erforschung der Struktur-Eigenschafts-

Korrelationen auf atomarer Ebene in Oxiden und Oxid-Heterostrukturen einnimmt, wird in dieser 

Arbeit dargestellt. 

Bevor auf deren praktische Anwendung eingegangen wird, gibt das einleitende Kapitel dieser Arbeit 

einen Überblick über die wichtigsten, im Rahmen dieser Arbeit relevanten Methoden innerhalb des 

breiten Spektrums der TEM-Techniken, mit besonderem Fokus auf die vierdimensionale RTEM 

(4D RTEM). Insbesondere die elektronenptychographischen Phasenrekonstruktionen spielen im 

dritten und vierten Kapitel dieser Arbeit eine bedeutende Rolle, da durch sie eine hochauflösende 

Bildgebung mit starkem Kontrast nicht nur für schwere Elemente ermöglicht wird, sondern auch für 

leichteðinsbesondere für Sauerstoffðwas nachvollziehbare Vorteile für die Untersuchung von 

Oxidmaterialien bietet. 

Das zweite Kapitel dieser Arbeit unterstreicht die Möglichkeiten der TEM zur Beobachtung seltener 

Phänomene auf atomarer Ebene in 4d-Übergangsmetalloxiden, beispielhaft dargestellt anhand eines 

unkonventionellen Phasenübergangs, der bei der Erhitzung von gemischt-valentem NaRu2O4 

Ruthenat auftritt. Ohne seine metallische Leitfähigkeit zu verlieren, durchläuft dieses Material bei 

einer Übergangstemperatur von etwa 535 K eine untypische Phasenumwandlung, die einer Peierls-

Umwandlung mit Ladungsordnung ähnelt. In-situ TEM-Beugung und RTEM-Bildgebung, in 

Kombination mit der Analyse der atomaren Verschiebungen, liefern direkte mikroskopische 

Nachweise zu dieser reversiblen Umwandlung, der eine ausgeprägte Dimerisierung der quasi-

eindimensionalen Rutheniumketten entlang der kristallographischen b-Achse zu eigen ist. Da die 

Koexistenz von metallischer Leitfähigkeit, Dimerisierung und Ladungsordnung äußerst 

ungewöhnlich ist, ist die detaillierte Untersuchung solcher Übergänge essenziell, um fundierte 

phänomenologische Modelle zu entwickeln und unser Verständnis korrelierter Elektronensysteme 

zu vertiefenðein notwendiger Schritt, um die außergewöhnlichen Eigenschaften dieser Materialien 

in Bauteilen aus funktionalen Oxiden nutzbar zu machen. 

Das dritte und vierte Kapitel dieser Arbeit veranschaulichen, wie RTEM zum Verständnis beitragen 

kann, wie ein Materialsystem mit einzigartigen Eigenschaften in funktionelle Oxid-Heterostrukturen 
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überführt werden kann, indem mit ihr das Auftreten von stabilem Wachstum von funktionalen 

ABO2-Delafossiten auf verschiedenen Substraten untersucht wird. Die erfolgreiche Integration 

dieser Materialien in elektronische Bauelemente ist auf die Herstellung qualitativ hochwertiger 

Dünnschichten angewiesen. Die einzigartige Gittergeometrie der Delafossite stellt allerdings eine 

große Herausforderung dar, da diese oft zu uneinheitlichem Wachstumsverhalten verschiedener 

Delafossite selbst auf dem gleichen Substrat führt. Während das Missverhältnis zwischen den 

Gitterkonstanten von Substrat und Filmen allein dieses Verhalten nicht vollständig erklären kann, 

scheinen bisher unbekannte Stabilisierungsmechanismen das epitaktische Wachstum in bestimmten 

Fällen zu ermöglichen, und ein zentrales Ziel dieser Arbeit ist es, diese Mechanismen auf atomarer 

Ebene zu untersuchen.  

Konkret werden für die Untersuchungen des dritten Kapitels fortschrittliche RTEM-Technikenð

insbesondere die 4D RTEM-Elektronenptychographie (nichtiterative Phasenrekonstruktionen) in 

Kombination mit Spektroskopie und konventioneller Bildgebungðeingesetzt, um eine sekundäre 

Grenzflächenphase zu identifizieren, die die PdCoO2-Delafossitfilme stabilisiert, welche mittels 

Molekularstrahlepitaxie auf Al2O3- und LaAlO3-Substraten gewachsen wurden. Die Entdeckung 

dieser sekundären Phase liefert neue Einblicke in den Grenzflächen-Stabilisierungsmechanismus 

von PdCoO2, der sich deutlich von den konventionell beobachteten Mechanismen zur 

Spannungsrelaxation in Oxid-Heterostrukturen unterscheidet. Das Verständnis dieser 

Stabilisierungsmechanismen stellt einen entscheidenden Schritt für die zuverlässige Integration von 

Delafossitdünnfilmen in funktionale elektronische Bauelemente und die Entwicklung verbesserter 

Synthesestrategien dar. 

Aufbauend auf diesen Ergebnissen wird im vierten Kapitel die Grenzflächenrekonstruktion von 

Delafossiten mit anderen A- und B-Kationen auf den gleichen Al2O3-Substraten untersucht, um zu 

ermitteln, ob es sich bei dem vorherig identifizierten unkonventionellen 

Stabilisierungsmechanismus um ein materialspezifisches Phänomen oder um einen allgemeinen 

Mechanismus für die Stabilisierung von Delafossitdünnfilmen handelt. Hier offenbart die 

Kombination von 4D RTEM-Elektronenptychographie (iterative Phasenrekonstruktionen), 

Spektroskopie und konventioneller Bildgebung, dass die Verknüpfung eines Versetzungsnetzwerks 

an der CuCrO2/Al 2O3- und der CuFeO2/Al 2O3-Grenzfläche mit einer monomolekularen 

Vermischungsschicht (Ămonolayer intermixingñ) eine entscheidende Rolle bei der 

Spannungsrelaxation spielt. Dieser Mechanismus unterscheidet sich deutlich von dem, der in den 

auf Pd-basierenden Delafossiten des dritten Kapitels beobachtet wird, da hier die Stabilisierung über 

eine Rekonstruktion des Films selbst erfolgt und nicht über die Ausbildung einer sekundären Phase 

an der Grenzfläche. 
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Die im dritten und vierten Kapitel identifizierten materialspezifischen Stabilisierungsmechanismen, 

unterstreichen die entscheidende Rolle der Grenzflächenstruktur bei der Stabilisierung von 

Delafossitdünnfilmen. Sie müssen bei der Entwicklung von Oxid-Heterostrukturen für elektronische 

Anwendungen sorgfältig berücksichtigt werden, da anzunehmen ist, dass sie die funktionalen 

Eigenschaften der Filme im Bauelement beeinflussen können. 
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1 Introduction  

1.1 Transmission electron microscopy 

1.1.1 Fundamentals and limitations 

Since the first transmission electron microscope (TEM) was constructed in 1931 by Max Knoll and 

Ernst Ruska, it has become an essential instrument for the structural and compositional 

characterization of materials across length scales ranging from the micrometer to the angstrom 

level1. Advancements in sample preparation, aberration correction, detector performance, and 

computational capabilities have opened the door to a wide range of imaging and analytical 

techniques that are continuously optimized and improved1-3. Nowadays, many natural sciences like 

physics, chemistry, and biology benefit daily from contribution by TEM and it plays a particularly 

crucial role in advancing research areas like nanotechnology, renewable energy, and medicine4-6. 

Electron microscopy was originally developed to address the resolution limits of light microscopes, 

which are constrained by the wavelength of visible light (approximately 380ï750 nm). According 

to the Rayleigh criterion for light microscopy, the shortest resolvable distance ὶ can be estimated 

as follows:  

 ὶ πȢφρϽ
‗

ὲ ÓÉÎ ‌
  (1) 

Here, ‗ is the wavelength of the light used, ὲ denotes the refractive index of the medium between 

the lens and the specimen, and ‌ is the semi-collection angle of the magnifying lens. The term ὲ

ÓÉÎ ‌ is commonly referred to as the numerical aperture of the system7. With an electron 

wavelength of 2.5079 pm for a 200 kV electron beam, a transmission electron microscope can, in 

theory, achieve a magnification of 200,000 times better than a perfect light microscope, easily 

reaching atomic or even sub-atomic resolution. Thus, in principle, TEMs are capable of resolving 

structures at the picometer scale due to the extremely small de Broglie wavelength of electrons. In 

practice, however, this high level of resolution is unattainable, and the achievable resolution was 

limited to approximately 0.2 nm for a long time, depending on the acceleration voltage and on the 

manner in which electrons are manipulated and guided through the microscope, as explained in the 

following sections8,9.  

In principle, TEMs consist of the same basic components as light microscopes, namely an 

illumination source, a condenser system before and an objective system after the investigated 

sample, plus various apertures and filters to alter the characteristics of the beam to improve the 

resulting signal in oneôs favor, only that all these components need to work with electrons instead 
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of photons1,10. In a conventional TEM, electrons are emitted from the electron source through 

thermionic, Schottky, or field emission. The electron beam must be coherent, stable, and bright, 

with a narrow energy spread to enable precise imaging and spectroscopic analysis11. Thermionic 

emission involves heating a metal filament, usually tungsten, to release electrons, which are then 

accelerated by an electric field. This method is relatively simple, affordable, and stable, but 

produces a rather broad energy distribution with lower brightness and coherence compared to other 

sources12. Field emission, on the other hand, employs a strong electric field to pull electrons from 

a sharp metal tip. Since this emission depends on Fowler-Nordheim tunneling of the electrons, the 

resulting beam is highly coherent with a narrow energy spread13. This makes it ideal for high-

resolution applications, however, it is a rather expensive and sensitive technique14. Finally, Schottky 

emission is a hybrid method between the former two, which enhances thermionic emission by 

applying a voltage to reduce the work function of the emitter, thereby allowing for improved 

brightness and stability compared to pure thermionic sources10,15. The combination of source and 

emission field is generally called an electron gun, and regardless of the method chosen for the 

emission, once the electrons exit the gun system, a linear accelerator is used to speed them up to 

their final energy, after which a system of condenser lenses and apertures allows the manipulation 

of the high-energy beam to result in the desired kind of illumination of the sample area15.  

This manipulation of the electron beam is achieved through two physical effects. First, the 

interaction between electrons and a magnetic field causes the electrons to experience a Lorentz 

force, thus, electromagnets can precisely control the electron trajectory16. Additionally, electrostatic 

fields can deflect electrons at a constant angle. By coupling two deflections in opposite directions 

with a small intermediate gap, a shift in the beam path can be created, facilitating beam shifting. 

Unlike glass lenses, the focusing power of magnetic lenses can easily be adjusted by varying the 

electric current in their coils. Unfortunately, also unlike (modern) glass lenses, electromagnetic 

lenses are far from perfect due to intrinsic lens aberrations. The primary limiting factor is the 

spherical aberration, which is caused by lens fields acting inhomogeneously on off-axis rays. This 

results in a probe that deviates from the ideal Airy disk, which is the 2D Fourier transform of the 

illuminated aperture in the back focal plane. Consequently, even though electron wavelengths at 

high voltages can theoretically provide atomic-scale resolution, aberrations prevent uncorrected 

microscopes from achieving such limits10,15,17. 

1.1.2 Lens aberrations and aberration correction  

The primary factors limiting a TEM's resolution include spherical aberration, chromatic aberration, 

and astigmatism of the electromagnetic lenses18,19. Spherical aberration occurs when the lens field 

behaves unevenly for off-axis rays, meaning that the farther an electron deviates from the optical 

axis, the more strongly it is bent toward the center as it passes through the lens. For the first 
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operation principle of a TEM, in high-resolution TEM (HRTEM), spherical aberration is 

particularly problematic in the objective lens, as it limits the level of detail that can be resolved in 

images, with all subsequent lenses amplifying any introduced error. Similarly, in the second 

operation mode, scanning TEM (STEM), spherical aberration is detrimental in the condenser lenses, 

which are responsible for forming the smallest and highest-current beam probe on the sample. 

The deviation from the ideal trajectory, caused by spherical aberrations (CS), manifests in the phase 

of the electron wave. To limit the angular range of aberration effects, apertures are used2,8,20. 

Mathematically, the electron wave passing through the lens and the aperture system is described as 

a complex function called the aperture function ὃ╚ 15,21-23. 

 ὃ╚ Ὕ╚  ὩὼὴὭ…╚  (2) 

with the wave amplitude Ὕ╚  representing the aperture in the focal plane of the probe forming 

lens in terms of a top-hat function: 

 

Ὕ╚ ρ       ÉÆ ȿ╚ȿ ὑ   

Ὕ╚ π       ÉÆ  ȿ╚ȿ ὑ  
(3) 

Thus, for reciprocal-space vectors K, which are not allowed to pass through the aperture, the 

amplitude of the wave function is zero. …╚  describes the geometrical aberration function, i.e., the 

phase of the electron wave affected by lens imperfections21. The breakthrough for the construction 

of CS correctors, with the purpose of compensating for spherical aberration in magnetic lenses, 

occurred with the introduction of non-round lenses, a concept first proposed by Scherzer in 194724. 

These multipole lenses are capable of generating a negative value of spherical aberrations, 

effectively canceling the positive spherical aberrations induced by the round lenses. Aberration 

correction is nowadays achieved through a complex, computer-controlled system of 

quadrupoles/octupoles or hexapoles8,20,25. Currently, there are two main approaches: the CEOS 

system, developed by Rose and colleagues in Germany, used for both STEM probe correction and 

TEM image correction, and the system developed by Krivanek et al., used in Nion STEMs and 

retrofitted to VG STEMs26,27. The CEOS systems mounted in the transmission electron microscopes 

at the Stuttgart Center for Electron Microscopy, used for the experiments in this thesis (JEOL 

ARM200F microscope with a CETCOR - CS corrector for HRTEM and a JEOL ARM200F 

microscope with a DCOR - CS corrector for STEM), are advanced hexapole-type CS correctors. The 

correctors have proven to be capable of improving the resolution up to ~50 pm28,29.  

In addition to spherical aberration, other factorsðincluding chromatic aberration, axial coma, 

astigmatism, and defocusðcontribute to image degradation in TEM and STEM. Chromatic 

aberration originates from the finite energy spread of the electron source. Electrons with slightly 



4 

 

different kinetic energies are focused at different planes along the optical axis. Higher-energy 

electrons exhibit longer focal lengths in comparison to electrons with lower kinetic energies18,19. 

For high acceleration voltages and microscopes equipped with field emission sources, resulting in 

a narrow energy spread of the beam, chromatic aberration is not the limiting factor compared to the 

effects of spherical aberration8. However, the implementation of an additional chromatic aberration 

corrector (CC corrector) can improve spatial resolution30,31. 

Astigmatism occurs when the electron lens exhibits different focal lengths along orthogonal 

azimuthal directions, commonly 90°, leading to elliptically shaped beam profiles rather than 

circular ones. Astigmatism arises due to asymmetries in the electromagnetic lens fieldsð

specifically, when the lens does not produce a perfectly rotationally symmetric magnetic field due 

to imperfections in the lens design, mechanical misalignments, material inhomogeneities in the pole 

pieces, etc. Astigmatism is routinely corrected using stigmators, which are small electromagnetic 

or electrostatic coils that apply a controlled distortion to the lens field to counteract the asymmetry 

and to restore circular symmetry to the probe or image15.  

Axial coma is an aberration in (S)TEM that occurs when the electron beam is tilted with respect to 

the optical axis of the microscope and causes electrons entering the lens system at different angles 

to focus at different lateral positions and with different focal lengths. This leads to asymmetric 

distortions in the image, which can be minimized by aligning the electron beam along the coma-

free axis of the microscope15.  

Defocus is the simplest form of aberration and is easily adjusted manually during imaging15. 

1.1.3 Imaging 

In the TEM, the illumination of a material with the high-voltage electron beam, usually 60ï300 kV, 

causes the electrons to interact with the sample, producing a variety of signals, as shown in Figure 

1(a). Elastically scattered electrons are used for HRTEM, STEM, or diffraction imaging. 

Inelastically scattered electrons and their secondary effects are useful for analytical spectroscopy, 

such as X-ray energy-dispersive spectroscopy (XEDS) or electron energy-loss spectroscopy 

(EELS)15.  



 

5 

 

 

Figure 1. (a) Signals generated by electrons interacting with a sample material. (b) Two basic conditions under which a 

TEM is operated: conventional transmission electron microscopy (CTEM) with parallel beam illumination, and scanning 

transmission electron microscopy (STEM) with a convergent electron beam scanned over the sample surface. Adopted 

and modified with permission, © Springer-Verlag US 200915.  

Generally, two configurations of TEM offer distinct advantages for material characterization. By 

adjusting the arrangement of electromagnetic lenses and apertures, the microscope can be operated 

either as a conventional transmission electron microscope (CTEM) or as a scanning transmission 

electron microscope (STEM) (Figure 1(b)). The operational mode and the consequential interaction 

between the sample and the electron beam dictate the application of various contrast mechanisms 

in TEM. Contrast may arise from differences in thickness or density of the sample, commonly 

referred to as "mass-thickness contrast", as well as from variations in atomic number ("Z contrast"), 

crystal structure or orientation ("diffraction contrast"), and the quantum-mechanical phase shifts 

induced by individual atoms as electrons traverse them ("phase contrast")10,15. The following 

paragraphs provide a more detailed explanation of the contrast mechanisms that prove particularly 

useful for the analysis of data acquired within the framework of this PhD thesis. 

1.1.3.1 CTEM - Conventional transmission electron microscopy 

In CTEM, the specimen is illuminated with a plane electron wave, a broad, almost parallel electron 

beam. After interacting with the sample, unscattered and scattered electrons exit the bottom surface 

of the specimen, having undergone trajectory deviations due to their interaction with the material. 

CTEM offers two methods of specimen observation by projecting either the image plane (imaging 

mode) or the back-focal plane (diffraction mode) of the objective lens onto the viewing screen or 

the detector. Switching between the two modes is usually accomplished by adjusting the 

intermediate lens system accordingly. In imaging mode, an image of the illuminated sample area 

can be obtained with contrast arising from amplitude contrast (mass-thickness contrast, diffraction 

contrast) or phase contrast15,32. When the objective aperture is used to allow only the central 

diffraction spot electrons to pass (i.e., unscattered and forward-scattered electrons), while all other 
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electrons are blocked by the aperture, a bright-field (BF) image is obtained, and conversely, if the 

aperture allows only the signal from diffracted beams to pass, a dark-field (DF) image is formed15. 

Not employing the objective aperture leads to an overlay of both images, which normally resembles 

the BF image with less overall image contrast. In diffraction mode, the acquired signal resembles a 

pattern of dots in the case of a single crystal, a series of rings in the case of a polycrystalline material, 

and diffuse rings in the case of an amorphous material. A selected area electron diffraction (SAED) 

aperture may be used to define a specific region of the illuminated specimen area from which the 

signal will be recorded. The diffraction mode is especially useful for providing the experimentalist 

with knowledge about structural symmetries and long- and short-range order or disorder, as 

highlighted in the course of this thesis15,33. When the parallel beam is converged, the range of 

incidence angles increases, resulting in the broadening of the diffraction spots into disks in the back-

focal plane, and one obtains a convergent beam electron diffraction (CBED) pattern. In CTEM, 

CBED patterns provide additional information about the sample that is not obtainable through 

parallel-beam diffraction, including crystal symmetry, structure factors, and lattice strain34,35. 

Moreover, CBED patterns are essential for image formation in STEM, of which the following 

section outlines the fundamental principles. 

1.1.3.2 STEM - Scanning transmission electron microscopy 

In the scanning configuration, a convergent electron beam with a tunable diameter is scanned across 

the sample using scanning coils36. As the beam interacts with the material, it generates a CBED 

pattern at each probe position. These patterns result from the interference of unscattered, forward-

scattered, and diffracted electrons and can be detected by various detector configurations. The final 

image is formed by integrating the detected signal across all probe positions, with each position 

corresponding to a pixel in the constructed image. The observed contrast in these images depends 

on the illumination conditions and the specific detector setup, where different detectors selectively 

capture electrons based on their scattering angles. BF detectors selectively collect a portion of 

electrons from the direct beam, while annular BF (ABF) detectors detect electrons scattered within 

a defined annular region inside the BF disk. In BF imaging, contrast arises from the interference 

between direct and scattered electrons. Conversely, annular DF (ADF) detectors exclusively collect 

scattered electrons by encircling the direct beam but allowing the BF disk to pass through a central 

hole. Opposite to BF, the resulting ADF image contrast is primarily not dependent on interference 

effects, but on sample composition and thickness. Recent advances in STEM aim to collect 

additional information by segmenting annular detectors into multiple quadrants or by using a direct 

electron camera (DEC) to record the entire CBED pattern at each probe position37. 

The latter enables the acquisition of four-dimensional STEM (4D STEM) datasets, consisting of a 

2D CBED pattern for each point in a 2D raster scan. This approach enables a more comprehensive 
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analysis, including virtual imaging, orientation mapping, strain mapping, phase contrast imaging, 

etc., though it requires greater data storage and results in slower acquisition speeds38.  

1.1.4 Spectroscopy 

1.1.4.1 EELS - Electron energy-loss spectroscopy 

Electron energy-loss spectroscopy (EELS) is the investigation of the energy distribution of 

electrons transmitted through a specimen. During scattering, electrons may lose (inelastic 

scattering) or not lose (elastic scattering) energy. The energy loss of inelastically scattered electrons 

can be related to the sampleôs chemistry and electronic structure (e.g., valence states, dielectric 

properties, band gaps, thickness, etc.)39,40. In a spectrometer for electrons, generally called an energy 

filter in TEM, transmitted electrons pass through a magnetic prism and are deflected by a magnetic 

field through an angle of Ó 90°. Electrons that have undergone a high energy loss are deflected 

further than electrons with low loss, as they travel through the spectrometer at the end of the 

microscope column. A detector located behind the energy filter thus captures a spectrum in which 

the intensity distribution is a function of the energy loss the individual electrons suffered during 

their transmission through the sample15. 

In general, an EEL spectrum is divided into two parts: the low-loss spectrum (energy loss < ~50 eV) 

and the high-loss spectrum (energy loss > ~50 eV). The low-loss spectrum includes the zero-loss 

and plasmonic peaks, providing information about dielectric properties and band structure. The 

high-loss spectrum contains element-specific ionization edges from inner-shell ionization, offering 

information about the sample chemistry39. Element-specific electron energy losses are utilized in 

the field of energy-filtered TEM (EFTEM), where instead of a spectrum, an image is acquired. To 

select the specific energy range of electrons that should contribute to the EFTEM image, a slit 

aperture within the energy filter is inserted into the energy-dispersed beam before the filter lens 

system transforms it back to be spatially-resolved41. Using the energy filter in this way to let only 

the zero-loss peak pass is called zero-loss filtering, which can help to increase the contrast and 

resolution of the resulting image, the latter due to the reduction of the influence of the lensesô 

chromatic aberration42.  

In this thesis, the primary emphasis is directed toward the investigation of high-loss regions through 

the acquisition of 2D spectrum images, i.e., the acquisition of a full EELS spectrum for each probe 

position during a 2D STEM scan. The high-loss spectra can be directly correlated with the 

unoccupied density of states of correlated oxide materials, as element-specific edges represent intra- 

and interatomic excitations from core states to states above the Fermi level39. Using state-of-the-art 

instrumentation, such energy-loss near-edge structure (ELNES) investigations can be conducted at 
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the atomic scale, facilitating unprecedented characterization of electronic reconstructions at 

interfaces43-45. Focusing on transition metal oxides and interfaces, the ELNES provides valuable 

insights into the local electronic structure and chemical composition of materials, particularly when 

examining transition metal L3,2-edges and the oxygen K-edge across an oxide heterostructure 

interface46-48. The L3,2-edges, which correspond to transitions from 2p1/2 and 2p3/2 core levels to 

unoccupied 3d states near the Fermi level, are sensitive to the oxidation state, crystal field effects, 

and hybridization. Shifts in the L3,2-edge indicate changes in oxidation state, while variations in the 

fine structure reflect modifications in the local coordination environment or symmetry49. Similarly, 

the oxygen K-edge, arising from transitions from 1s core levels to unoccupied 2p states, provides 

information about the oxygen coordination environment and hybridization with transition metal 3d 

states48. Changes in the pre-peak intensity of the K-edge reveal variations in bonding or may 

indicate the presence of oxygen vacancies43-45. Compared to other spectroscopic techniques like X-

ray absorption spectroscopy or neutron scattering, this ability to differentiate between different 

electronic states at the atomic scale is unique to EELS48.  

1.1.4.2 XEDS - X-ray energy-dispersive spectroscopy 

When an electron undergoes inelastic scattering, it can transfer energy to an electron within the 

sample, causing it to be ejected from an inner shell and creating an electron hole. This hole is 

subsequently filled by an electron from an outer shell with higher energy, during which the released 

energy may form an element-specific characteristic X-ray. The amount and energy of characteristic 

X-rays are detected by an energy-dispersive spectrometer positioned above the specimen plane in 

the TEM. X-ray energy-dispersive spectroscopy (XEDS) allows for quantitative and qualitative 

elemental analysis50. It is particularly advantageous for analyzing heavy elements, as the probability 

of X-ray emission increases with the atomic weight, whereas the emission probability of Auger 

electrons decreases. In Auger electron events, the excess energy is not emitted as an X-ray, but 

rather transferred to another electron in the sample, causing it to escape the material51-53. 

1.2 Electron ptychography 

Since 4D STEM, particularly electron ptychography, plays a key role in this study on investigating 

oxide heterostructure interfaces, all considerations essential to the analysis are presented in the 

following sections. Following a fundamental explanation of the methodology relevant to this work, 

the final section provides a practical guide to acquiring 4D STEM datasets. This guide is based on 

my personal experience with the MerlinEM Medipix3 detector installed on the probe-CS-corrected 

JEOL ARM200F microscope. 
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1.2.1 4D STEM detectors 

The development of STEM has seen substantial progress since its inception, marked by significant 

improvements in imaging modes and detector technologies. Early STEM imaging primarily focused 

on BF and ADF modes, which provide contrast based on transmitted and scattered electrons within 

specific angular ranges. The detectors usually consist of a scintillator and photomultiplier tube, and 

for each probe position, a single intensity value is returned by integrating over all electrons 

registered, as illustrated in Figure 2(a). Contrast arises from variations in the signal as a function of 

probe position, with each raster scan producing a 2D image54,55. 

Over time, detector technology and their usage evolved, enabling more advanced imaging methods. 

For instance, ABF imaging56,57 was introduced to visualize lighter elements, and segmented 

detectors, as illustrated in Figure 2(b), allow for differential phase contrast (DPC) imaging, as for 

each scan position 4ï32 or more intensity values are acquired from electrons scattered to different 

detector segments. Image contrast arises from the signal difference between detector segments for 

each probe position, caused by sample-induced beam shifts or intensity fluctuations in the BF disk, 

which may, for instance, hold information on electrostatic fields in the sample58,59. 

Historically, the acquisition of whole diffraction patterns for advanced STEM analysis was limited 

by the acquisition characteristics of CCDs (charge-coupled devices), which were developed in the 

1990s and have since been widely used in TEM. While a substantial step forward from photo plates, 

they feature relatively slow acquisition speeds and a low dynamic range, and their use of 

scintillators to convert electrons to photons reduces the detective quantum efficiency (DQE) of the 

detectors38,60. The situation for 4D STEM has changed with the most recent development of 

pixelated direct electron detectors (Figure 2(c)), which now allow for capturing full diffraction 

patterns at each scan position with sufficient acquisition speeds. This enables the acquisition of 4D 

STEM datasets consisting of two real-space scan dimensions and two reciprocal-space detector 

coordinates. 

To meet the diverse needs of STEM imaging and spectroscopy, different detector technologies with 

distinct features have been developed. For example, so-called pnCCDs are modified CCD detectors 

without a scintillator, offering an exceptionally high frame rate, but a limited dynamic range due to 

a small pixel depth61. Hybrid pixel array detectors (PADs), like the EMPAD62 and MerlinEM 

Medipix363 detectors, consist of an array of photodiodes bump bonded to an application-specific 

integrated circuit and detect electrons directly via electron-hole pair formation in the active layer64-

66. These detectors, with large and deep pixels, offer high dynamic range at the expense of angular 

resolution, as only a limited number of pixels can be employed within the fixed array size. Such 

detectors are particularly advantageous for high-dose imaging. Monolithic active pixel sensors 



10 

 

(MAPS), such as the Gatan K2 and K3 detectors67, use CMOS (complementary metal-oxide 

semiconductor) chips with a sensitive doped epitaxial layer and feature a large number of thin 

pixels68. These detectors provide significant benefits for spectroscopic imaging with minimal beam 

spreading; however, they have a limited dynamic range, making them again less suitable for high-

dose imaging38,60.  

Direct electron detectors are not only advantageous for STEM, but also for CTEM imaging, since 

they feature enhanced sensitivity, improved resolution, and reduced detector noise. They enable 

faster acquisition with lower electron doses and, by utilizing their enhanced dynamic range, 

improve contrast for weakly scattering objects. Thus, these detectors can be used in CTEM to 

reduce radiation damage to delicate samples, and their enhanced contrast and wider dynamic range 

further allow to capture fine structural details, making them particularly useful in applications like 

cryo-EM60.  

For STEM experiments, the choice of an appropriate 4D STEM detector should be based on the 

specific application. Since the experiments in this work focus on recording CBEDsð

simultaneously capturing strong signals in the BF disk and sparse scattering in the DF regionða 

MerlinEM Medipix3 camera from Quantum Detectors was used. The detectorôs high dynamic range 

enables the simultaneous recording of both BF and DF signals with sufficient readout speed for fast 

scanning. 

 

Figure 2. Schematics of different STEM detecting modes. (a) Conventional detectors collecting single intensity values 

for each probe position. (b) Segmented detectors that collect multiple intensity values (4ï32 or more channel readouts) 

for each beam position in the raster scan, and (c) pixelated detectors that record full diffraction patterns at each scan 

position, resulting in 4D datasets.  

In principle, all standard imaging methods shown in Figure 2 can be derived from a single 4D 

dataset. By using so-called virtual detectors, 2D images can be calculated from the dataset through 

masking with various detector geometries. Advanced detector geometries, such as virtually 

segmented detectors, can also be derived69,70. This approach not only allows traditional STEM 
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imaging techniques to be applied, but also facilitates the direct acquisition of the far-field intensity 

distribution, enabling advanced data analyses, such as phase reconstructions via electron 

ptychography, which are described in detail in the following paragraphs.  

1.2.2 The phase problem  

If a thin specimen were illuminated by a convergent electron beam without the use of apertures and 

lenses, any changes in the electron wave would arise solely from the sample and depend exclusively 

on the atomic potential of the material. However, to converge the electrons into a small probe, they 

are directed through a system of apertures and electromagnetic lenses as they travel down the 

microscope column. Because electromagnetic lenses are inherently imperfect, aberration correctors 

and apertures are employed to reduce lens aberration effects and limit their angular range, but 

conveniently, a particular objective (de)focus can be set just by changing the electric current of the 

lenses. This probe-forming system alters the electron wave incident on the sample15,21-23. 

Figure 3 provides a schematic representation of the beam path during a 4D STEM experiment. A 

convergent electron probe is scanned over the sample, and at each probe position, a CBED is 

recorded. In the aperture plane, the electron wave that passes through the lens and aperture system 

is described by a complex function, referred to as the aperture function, as shown in 

Equation (2)15,71,72. For a perfectly coherent electron beam unaffected by lens imperfections, the 

phase …╚ would be constant at constant convergence angles. Unfortunately, in reality, it is 

strongly affected by axial aberrations of the system22,73. Mathematically, the formation of a 

convergent probe by the lens system is equivalent to the inverse Fourier transform of the aperture 

function ὃ╚  in reciprocal space, resulting in the probe function ὖ╡  in real space21. For 

simplicity, researchers in the field of ptychography have adopted a standardized convention for 

performing forward (4) and backward (5) Fourier transformations, as described below74: 

 Ὂ◐ &4●Ὢ● Ὢ●ÅØÐς“Ὥ●Ͻ◐ Ὠ● (4) 

 Ὢ● )&4◐Ὂ◐ Ὂ◐ÅØÐς“Ὥ◐Ͻ● Ὠ◐ (5) 

Therefore, the probe function is given in this case as 

 ὖ╡ ὍὊὝ╚ὃ╚ ὃ╚ ÅØÐς“Ὥ╚Ͻ╡ Ὠ╚ (6) 

and a shift term is introduced in Equation (7) to express the probe scanning over the sample21:  
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 ὖ╡ ╡ ὃ╚ ÅØÐς“Ὥ╚Ͻ╡ÅØÐς“Ὥ╚Ͻ╡  Ὠ╚ (7) 

where ╡  refers to the spatial probe position. 

Under the assumption that the sample is sufficiently thin to adhere to the phase-object 

approximation, the interaction of electrons with the sample results solely in a phase change of the 

electron wave without altering its amplitude, making the scattering-induced phase shift additive 

along the propagation axis. Consequently, a multiplicative approximation is applied to describe the 

exit wave ‪╡ȟ╡  as the product of the scanned real-space probe function ὖ╡ ╡  and the 

real-space specimen transmission function •╡ 15,21.  

 ‪╡ȟ╡   ὖ╡ ╡ •╡  (8) 

The specimen transmission function •╡  is defined for each probe position by  

 •╡ ÅØÐὭ„‘╡  (9) 

where ‘╡  is the projected electrostatic potential of the sample, i.e., the summed three-dimensional 

(3D) potential along the electron wave propagation axis, representing the induced phase shift of the 

electron wave function by the sample75. „ is the interaction parameter and is given by 

 „
ς“άὩ‗

Ὤ

ς“ Ὡ

Ὤ ὧ
Ͻ

άὧ ὩὟ

ὩὟϽςάὧ ὩὟ
 (10) 

with Ὡ as the elemental charge, ά as the electron mass, ‗ as the relativistically corrected 

wavelength, ὧ as the velocity of light, Ὤ as the Planck constant, and Ὗ as the acceleration voltage21. 

As the interaction parameter depends on the acceleration voltage, the electron wave phase shift is 

in turn dependent on the acceleration voltage regardless of the nature of the sample. For simplicity, 

a coherent and elastic interaction model is adopted to describe the sample-beam interaction76.  

Electrons exiting the sample are directed through the image-forming intermediate and projector lens 

system until they reach the detector as a diffraction pattern. In the detector plane, the electron wave 

is described as the Fourier transform of the exit wave ‪╡ȟ╡ . Using the convolution and Fourier-

shift theorems, the exit wave can be written as a convolution of two functions77,78: 

 ‪╚█ȟ╡   ὃ╚█ ÅØÐς“Ὥ╚█Ͻ╡  ṧ ‰╚█  (11) 

where ╚█ refers to a position in the reciprocal diffraction plane, which corresponds to a position in 

the detector plane. 
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In the detector plane, only the squared modulus of the electron wave ‪╚█ȟ╡ Ὅ╚█ȟ╡  is 

recorded since it is impossible with the available detectors to directly register the phase of the 

electron wave, which contains the specimen-induced phase shift information. The inability to 

measure this phase directly is referred to as the phase problem. However, the phase information can 

be reconstructed via in-silico processing of 4D STEM datasets. If the aperture function is known or 

reconstructed, the influences of the microscope on the electron wave can be extracted.  

 

Figure 3. Schematic of the electron-beam propagation in a 4D STEM experiment with binary data acquisition using a 

focused convergent electron beam. 

1.2.3 Non-iterative phase reconstructions 

The concept of ptychography as a technique for solving the phase problem using a coherent source 

was first proposed by Walter Hoppe in 196977. Based on this initial idea, Rodenburg and co-workers 

developed the Wigner distribution deconvolution (WDD) and Single-Sideband (SSB) 

reconstruction algorithms during the 1990s. However, due to the limited computational capabilities 

for handling large datasets and poor detector quality at that time, ptychography gained little 

attention22,79. The introduction of DECs, suitable for TEM, and the constant advancement of 

computer processing power have made ptychography increasingly accessible, which proves to be a 

powerful high-resolution, high-contrast, and dose-efficient imaging method by mapping the 

projected electrostatic potential of the illuminated object as a phase shift map80. 
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To retrieve the specimen transmission function, the initial step in both non-iterative algorithms 

involves performing a Fourier transform of the entire dataset with respect to the spatial probe 

position ╡ . This Fourier transform generates a new complex 4D dataset Ὃ╚█ȟ╠
22: 

 

Ὃ╚█ȟ╠ &4 ‪╚█ȟ╡  

                     &4 ὃ╚█ ÅØÐς“Ὥ╚█Ͻ╡ ṧ‰╚█  

(12) 

with ╠  being the spatial frequency. Since the product of a complex number with its complex 

conjugate is defined as the square of the numberôs modulus, ‪╚█ȟ╡  can be written as 

 

‪╚█ȟ╡   ὃ╚█ ÅØÐς“Ὥ╚█Ͻ╡ ṧ‰╚█  

                               Ͻὃᶻ╚█ ÅØÐς“Ὥ╚█Ͻ╡ ṧ‰ᶻ╚█  
(13) 

To simplify Equation (13), the convolution theorem is applied as the first step78: 

 

‪╚█ȟ╡ ὃ╪ÅØÐς“ὭϽ╪Ͻ╡ Ͻ‰╚█ ╪Ὠ╪

Ͻ ὃᶻ╫ÅØÐς“ὭϽ╫Ͻ╡ Ͻ‰ᶻ╚█ ╫Ὠ╫  

‪╚█ȟ╡ ὃ╪ὃᶻ╫‰╚█ ╪‰ᶻ╚█ ╫ ÅØÐς“Ὥ

Ͻ╡ ╪ ╫  Ὠ╪ Ὠ╫ 

(14) 

with ╪ and ╫ as dummy variables. Thus, going by Equation (12), for Ὃ╚█ȟ╠  follows: 

 

Ὃ╚█ȟ╠ ὃ╪ὃᶻ╫‰╚█ ╪‰ᶻ╚█ ╫ 

                                  ϽÅØÐς“ὭϽ╡ ╪ ╫ ╠ Ὠ╪ Ὠ╫Ὠ╡  

(15) 

The first integral is solved as 

 ÅØÐς“ὭϽ╡ ╪ ╫ ╠ Ὠ╡ ╪‏ ╫ ╠  (16) 

with ‏ as the Dirac delta function. With a substitution of ╫ ╬ ╠  it follows: 

 

Ὃ╚█ȟ╠ ὃ╪ὃᶻ╬ ╠ ‰╚█ ╪‰ᶻ╚█ ╬ ╠ ╪‏ ╬ Ὠ╪ Ὠ╬ 

Ὃ                  ὃ╬ὃᶻ╬ ╠ ‰╚█ ╬‰ᶻ╚█ ╬ ╠  

(17) 

By applying the convolution theorem to Equation (17), Ὃ╚█ȟ╠  is brought to the final form78.  
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Ὃ╚█ȟ╠ &4 ‪╚█ȟ╡  

                     ὃ╚█ὃ
ᶻ╚█ ╠ ṧ‰╚█‰

ᶻ╚█ ╠  

(18) 

Ὃ╚█ȟ╠  is a function of detector coordinate ╚█ and probe spatial frequency ╠ . It can be 

interpreted as the Fourier transform of all STEM images generated from the intensities of individual 

detector pixels during the scan. It essentially represents a map of the specimen-dependent spatial-

frequency responses corresponding to the detector pixels80. At a particular spatial frequency in the 

image, ╠ , the Ὃ╚█ȟ╠  dataset contains the amplitude and the phase of the variation of the 

intensity in the overlap function in relation to the probe position for all diffracted beams separated 

by ╠ 81. 

The non-iterative phase reconstructions rely on approximations of the sample-electron beam 

interaction. WDD assumes that the sample is sufficiently thin to satisfy the phase-object 

approximation (POA)22,82. The POA suggests that the presence of a sample, i.e., the atomic 

potentials, will only cause a change in the phase of the electron wave function, but not in the 

amplitude. In SSB, the weak-phase-object approximation (WPOA) is used for the phase 

reconstruction: If the material is thin enough, such that „‘╡  Ḻ 1, the specimen transmission 

function •╡  of a phase-object given in Equation (9) can be simplified as a linear approximation 

using the first-degree Taylor polynomial79,83,84. 

 • ╡ ρ Ὥ„‘╡ ρ Ὥ•ᴂ╡  (19) 

1.2.3.1 Single-Sideband (SSB) reconstruction 

Applying the WPOA, Ὃ╚█ȟ╠  can be expressed in the following form:  

 
Ὃ╚█ȟ╠ ὃ╚█ ╠‏ ὃ╚█ὃ

ᶻ╚█ ╠ ‰
ᶻ
╠

ὃᶻ╚█ὃ╚█ ╠ ‰ ╠  
(20) 

using an approximation of the transfer function calculated from the Fourier transform of Equation 

(19), as  

 

‰ ╚█ █╚‏  ‰ ╚█  

‰ ╚█  Ὥ&4• ╡   
(21) 

Equation (20) consists of three parts. The first part corresponds to the direct beam, and the other 

two represent two scattered beams located at  ╠ . The scattered beams interfere with the central 

disk and also with each other, depending on the spatial frequency. Due to the constraints imposed 
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by the aperture function, a transfer theoretically occurs only in the regions of double overlap, i.e., 

in areas where the direct beam overlaps with a scattered beam. Moreover, since ‰ ╠

‰
ᶻ
╠ , ‰ ╠  and ‰

ᶻ
╠  have the same amplitude, but are ˊ radians out of phase. 

Therefore, in a region of triple overlap, no transfer will take place due to destructive interference. 

If no geometrical aberrations are present, the parts of the distribution found outside of the double 

overlap regions are expected to carry no useful information on the sample. Therefore, the double 

overlap regions are extracted for each spatial frequency. In a subsequent processing step, adding “ 

to the phase of one of the double overlaps and summing over all ╚█ for any given ╠  yields ‰ ╠ , 

which is reverted to the real-space transmission function • ╡  via Fourier transform. 

Al ternatively, one side (Single-Sideband) of the masked overlap regions is integrated for any given 

╠ . As such, the contrast transfer in the SSB is equal to the surface of the double overlap regions 

across the detector space. The contrast transfer function peaks at intermediate frequencies while 

decaying for higher and lower frequencies84,85. 

In summary, the computational workflow of SSB ptychography includes loading the 4D STEM 

dataset, followed by performing an FFT with respect to the probe position ╡ , to obtain Ὃ╚█ȟ╠ . 

Then, for each spatial frequency ╠ , the ╚█ domain is masked to retain only the double overlap 

regions. One side of the masked overlap regions is integrated at each spatial frequency to obtain the 

object function ‰ ╠  in reciprocal space, and an inverse Fourier transform results in the real 

space object function • ╡ . 

1.2.3.2 Wigner distribution deconvolution (WDD) 

Without applying the WPOA, the function Ὃ╚█ȟ╠  cannot be simplified any further. Therefore, 

the separation of the object function from the aperture function through a deconvolution process 

with a known probe function is required. An inverse Fourier transform of Ὃ╚█ȟ╠  with respect 

to the detector coordinate ╚█ returns a new 4D dataset Ὄ╡ȟ╠ , which is mathematically free of 

convolution and exhibits distinct characteristics22. 

 

Ὄ╡ȟ╠ )&4╚█Ὃ╚█ȟ╠  

                   ὖᶻ╪ὖ╪ ╡ÅØÐς“Ὥ╠ Ͻ╪Ὠ╪ 

                         Ͻ •ᶻ╫•╫ ╡ÅØÐς“Ὥ╠ Ͻ╫Ὠ╫ 

(22) 

with probe and transmission functions with respect to the real-space coordinate ╡. 



 

17 

 

Ὄ╡ȟ╠  can be written as the product of two Wigner distribution functions of probe and object 

with 

 ‚ ὼȟώ ήᶻᾀήᾀ ὼÅØÐς“ὭώϽᾀὨᾀ (23) 

as Ὄ╡ȟ╠ ‚ ╡ȟ╠ Ͻ‚ ╡ȟ╠  (24) 

At this stage, the purpose of calculating Ὄ╡ȟ╠  becomes clear as it enables the removal of all 

influences of the microscope transfer function from the dataset by dividing out the probe part. To 

mitigate noise amplification and to prevent potential division by zero, a Wiener filter is applied, 

thus the dataset is transformed to: 

 ‚ ╡ȟ╠
‚ᶻ╡ȟ╠ Ὄ╡ȟ╠

ȿ‚ ╡ȟ╠ ȿ ‭
 (25) 

where ‭ is a small constant that should be set as the signal-to-noise ratio (SNR) at each point, but 

is conventionally chosen as a small fraction of ȿ‚ ╡ȟ╠ ȿ82. An ‭-ratio can be defined as 

 ‭ÒÁÔ 
‭

ȿ‚ ╡ȟ╠ ȿ
 (26) 

and ‭ÒÁÔ is usually set between 0.01 and 0.182,85. 

Subsequently, to retrieve the object information, another Fourier transform is performed: 

 Ὀ╚█ȟ╠ ὊὝ╚█‚ ╡ȟ╠ ‰╚█‰
ᶻ╚█ ╠  (27) 

Slicing through this dataset at a spatial frequency of ╚█ π leads to a simple solution of ‰╠  as  

 ‰╠
Ὀᶻ ȟ╠

Ὀ ȟ
 (28) 

and an inverse Fourier transform returns the specimen transmission function •╡ .22  

1.2.4 Iterative phase reconstructions  

Due to the inherent complexity of the phase problem, most phase-retrieval algorithms, regardless 

of the illumination source utilized, rely on iterative optimization rather than directly determining 

explicit solutions. As previously mentioned, if both the object and the probe are well-defined, the 

forward calculation from the known specimen to its diffraction plane is straightforward. However, 

the reverse calculation from the diffraction plane to an unknown object is significantly more 
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challenging, as the phase information of the exit wave is lost during the measurement. The 

relationship between the specimen and the resulting measurements is intricate and nonlinear, 

necessitating advanced algorithms for accurate interpretation. Such methods typically require 

substantial computational resources, including large amounts of processing power and memory, 

particularly for handling big datasets. Most algorithms address this inverse problem by starting with 

an initial estimate of the unknown object and probe functions, then gradually refining their approach 

to the solution by iteratively adjusting the unknowns based on measured data, to repeatedly update 

the multiplicative specimen transmission function (Equation (8))86,87. For this approach to work 

properly, a certain level of redundancy within the 4D dataset is necessary. In the experiment, this 

redundancy can be ensured by overlapping the illuminated regions of adjacent probe positions. 

The reconstruction algorithms can be categorized into two main types based on their optimization 

methodologies: set-projection methods and steepest descent methods88-96. In electron ptychography, 

gradient descent methods have proven their effectiveness, and since the Python package 

py4DSTEM, utilized for phase reconstructions in this study, operates on this approach, the 

following discussion focuses on these algorithms69. 

Gradient descent algorithms evaluate the gradient at the current estimate using a well-defined error 

metric, then proceed in the direction of the negative gradient with a specified step size. These steps 

are iteratively repeated until the error metric reaches its minimum value, which is then considered 

the solution. A loss function, ‐, is essential for the gradient descent method, typically serving as an 

error metric to quantify the discrepancy between modeled values and experimental data. As the 

algorithm converges toward a solution, the value of the loss function decreases, ideally approaching 

zero at the final solution97. Various loss function models, such as mean squared error (MSE), 

amplitude loss, and Poisson loss, are described in the literature90,98-101. All of these models are 

suitable for iterative phase reconstructions and can significantly influence the reconstruction 

outcome based on the applied illumination dose102. 

The py4DSTEM iterative algorithm used in this thesis minimizes the discrepancy between modeled 

and measured diffraction intensities using the following error metric: 

 ‐
В Ὅ╡ȟ╚█ ὐ╡ȟ╚█ ╡ȟ╚█

В Ὅ╡ȟ╚█ ╡ȟ╚█

 (29) 

i.e., a normalized amplitude loss function, where Ὅ╡ȟ╚█ represents the measured diffraction 

intensities at probe position ╡  and ὐ╡ȟ╚█  the modelled diffraction intensities per probe position 

╡ 69. 
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During each iteration, the minimal adjustment to the current estimate of the exit wave in the detector 

plane ‪╚█ȟ╡  involves replacing the calculated intensities (Fourier amplitude of the calculated 

wave) by the square root of the measured intensity while the phase is kept the same:  

 ‪ ╚█ȟ╡ ‪╚█ȟ╡ Ͻ
Ὅ╡ȟ╚█  

ὐ╡ȟ╚█  
  (30) 

where ‪ ╚█ȟ╡  represents the revised exit wave. The updated exit wave is Fourier projected to 

the real space, resulting in  

 ‪ ╡ȟ╡ ὍὊὝ╚█ ‪╚█ȟ╡ Ͻ
Ὅ╡ȟ╚█  

ὐ╡ȟ╚█
  (31) 

This allows an update of object and probe function using stochastic gradient descent methods: 

 Ў‪ ╡ȟ╡  ‪ ╡ȟ╡ ‪╡ȟ╡  (32) 

 • ╡  •╡ ‌Ͻ
В ὖᶻ╡ ╡ Ͻᶰ  Ў‪ ╡ȟ╡

ᴁὖ╡ ╡ ᴁ
 (33) 

 ὖ ╡ ╡  ὖ╡ ╡ ‌Ͻ
В •ᶻ╡ Ͻᶰ  Ў‪ ╡ȟ╡

ᴁ•╡ᴁ
 (34) 

where Ў‪ ╡ȟ╡  represents the gradient of the stochastic gradient descent method, Ŭ is the 

gradient-descent step size, " denotes the batch size of the probe positions, and ɓ is chosen between 

0 and 1 as normalization parameter69. As the error between calculated and estimated intensities 

increases along the gradient direction, it can be iteratively reduced by moving the current estimates 

in the negative gradient direction by a small step, ‌Ȣ  

The probe can be initialized using an estimated set of aberrations and the probe-forming aperture, 

which can be derived from known microscope specifications such as the semi-convergence angle. 

A more accurate initialization can be achieved through a direct reference measurement of the 

vacuum probe. The initial object array is typically extended by up to half the extent of the probe 

and initialized as an array of ones69. The general workflow for a single iteration of the phase retrieval 

via gradient descent is summarized in Figure 4. For all probe positions, starting from the initial 

estimate of the object and probe, the real-space exit wave is calculated as a product of the two, 

relying on the POA (Equation (8)). The exit wave is propagated to the detector plane and updated 

based on the measured intensities. Subsequent back-propagation of the updated exit wave to real 
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space enables refinement of the probe and object functions using the stochastic gradient descent 

update functions during each iteration.  

 

Figure 4. The flowchart illustrates the iteration of the gradient-descent iterative ptychographic phase reconstruction. One 

iteration of the algorithm involves processing individual diffraction patterns utilized to refine the estimates of the object 

and the probe. Typically, iterations are carried out until the error between the measured and calculated diffraction patterns 

falls below a predefined threshold. 

1.2.4.1 Mixed-state electron ptychography  

All the phase reconstruction algorithms described thus far assume coherent illumination, which is 

generally sufficient when in-focus illumination and a high-coherent field-emission gun are used or 

when not less than nanometer spatial resolution is targeted103. However, in practice, reconstructions 

and the information transfer from the sample in 4D STEM experiments to the detector are often 

influenced by the imaging system. Temporal and spatial incoherence cannot be neglected and a 

single pure-state coherent probe illumination is never achieved in real experiments. As a result of a 

partially coherent illumination, a single-slice reconstruction injects partial coherence information 

into the reconstruction, degrading its quality104-106. It has been shown that representing the probe as 

a linear combination of pure quantum states (i.e., a mixed state) provides a model that better 

captures partial coherence and allows for higher-quality reconstructions. Instead of assuming a 

single coherent probe illumination, several incoherent probes can be propagated independently to 

the detector, where the measured diffraction pattern represents a superposition of their 
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contributions94,103. For mixed-state reconstructions, the forward operator is thus modified to 

incorporate l orthogonal probe functions ὖ , and all subsequent iteration steps are adjusted 

accordingly69.  

 ‪ ╡ȟ╡ ὖ ╡ ╡ Ͻ•╡  (35) 

 ὐ╡ȟ╚█ ὊὝ‪ ╡ȟ╡   (36) 

The versatility and robustness of mixed-state electron ptychography make it suitable for a wide 

range of applications. This approach enables large-field-of-view, high-resolution imaging, which is 

essential for characterizing both the overall morphology and the local atomic structure of complex 

nanostructures107. While iterative phase reconstructions can be applied to reconstruct the phase from 

both in-focus and defocused 4D STEM datasets, choosing the latter allows for faster and more 

stable acquisition of the diffraction patterns with sufficient overlap. This is of major importance, 

since it helps to mitigate slow detector readouts, large dataset sizes, and instabilities in the imaging 

system. Its high-contrast, high-precision, and low-dose imaging capabilities facilitate the 

investigation of atomic-scale dynamics involving light elements. The use of a large-area probe 

further enhances efficiency by enabling larger scan steps, reducing the number of diffraction 

patterns required, and thereby reducing computational demands for data reconstruction and 

analysis108. 

1.2.4.2 Multi -slice electron ptychography 

The phase reconstruction algorithms introduced all rely on the POA or the WPOA, i.e., a 

straightforward multiplication of the probe function and the specimen transmission function 

describes the interaction between the sample and the beam. This assumption serves as a useful 

approximation for thin and weakly scattering specimens but it becomes inadequate for thicker or 

strongly scattering samples109,110. In such cases, the illumination profile varies significantly with 

increasing depth due to the effects of dynamical scattering and free-space propagation. If the probe 

shape undergoes significant changes during propagation within the sample, the probe-sample 

interaction can no longer be accurately described by a single plane approximation, and a full multi-

slice calculation is required in the phase retrieval process after a critical thickness is reached. 

Changes in the probe shape arise from both free-space propagation and scattering by the sample. 

The thickness limit Ὕ can be expressed as:  

 Ὕ ρȢσϽ
‗

‌
 (37) 
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where ‌  is the maximum scattering angle of the diffraction pattern, and ɚ is the electron 

wavelength103,111. For the typical scattering angle deployed in the experiments conducted in this 

work of ~20 mrad and an acceleration voltage of 200 kV, this results in a thickness limit of 

approximately 6 nm, which is achievable for various samples. However, it was not possible for the 

samples investigated in this work, as described later. Additionally, for samples containing heavy 

elements, where a single atom can induce significant phase shifts and in fact affect the amplitude 

of the electron wave as well, the probe shape may be altered considerably by just a few atoms. 

Consequently, the multiplicative assumption of the beam-sample interaction breaks down, resulting 

in an even stricter thickness limit. Recent approaches to address the multiple scattering problem in 

thicker samples or those containing heavier elements include the use of multi-slice ptychography112-

114. The py4DSTEM multi-slice ptychographic algorithm approximates the object as a stack of n 

slices, each on its own thin enough to satisfy the multiplicative assumption, resulting in a modified 

forward propagator for n slices that alternates between transmission and propagation steps. These 

and all subsequent steps within one iteration are adjusted accordingly69.  

 ‪ ╡ȟ╡ ὴ ╡ ╡ Ͻ• ╡  (38) 

where ὴ ╡ ╡ ὖ╡ ╡  (39) 

and ὴ ╡ ╡ 0ÒÏÐЎ  ‪ ╡ȟ╡  (40) 

with ὴ ╡ ╡  and • ╡  being the probe and specimen transmission functions at slice n and 

Ўᾀ refers to the thickness between the slices n and n+1.  

The multi-slice algorithm has proven particularly effective for reconstructing the phase of thicker 

samples and was therefore used in this work. When employing the multi-slice algorithm for data 

acquisition, it is important to account for the fact that the probe changes its size in real space as it 

propagates through free space with increasing thickness. To prevent wrapping artifacts in the 

reconstruction, it is essential to ensure an adequately sized probe box in real space. Additionally, 

data should be acquired with a high dose to ensure a good signal-to-noise ratio for capturing depth 

information. Since iterative phase reconstructions do not necessarily converge uniquely, various 

regularizations can be applied to help reduce the dimensionality of the available solution space69.  

1.2.5 What makes a good 4D STEM dataset for electron ptychography? 

The following section is based on my personal experience with acquiring in-focus or defocused 4D 

STEM datasets using the probe-CS-corrected JEOL ARM200F microscope equipped with a 

MerlinEM Medipix3 camera. It serves as a guide for capturing high-quality datasets to enable 

successful phase reconstructions. Since microscopes and material systems vary, there cannot be a 
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universal procedure. However, certain key aspects should always be considered before and during 

dataset acquisition to optimize the outcome, as a well-recorded initial dataset significantly improves 

the chances of a successful phase reconstruction. Several experimental parameters must be 

considered during 4D STEM data acquisition, such as defocus, scan step size in real space, 

convergence angle, maximum scattering angle, and the number of detector pixels. Thus, it is the 

authorôs hope that the following provides a helpful overview and offers practical guidance for 

setting key experimental parameters to achieve optimal results. 

In this study, non-iterative Single-Sideband phase reconstruction was used to extract phase 

information from in-focus 4D STEM datasets, while iterative phase reconstruction was applied to 

defocused 4D STEM datasets. Consequently, references to in-focus dataset acquisition relate to 

optimizing data collection for Single-Sideband reconstruction, whereas defocused dataset 

acquisition pertains to optimization for iterative phase reconstructions. Although iterative 

reconstruction can also be applied to in-focus datasets, this approach was not pursued in the present 

study. 

1.2.5.1 Probe step size 

For in-focus data acquisition, the primary consideration is ensuring that all spatial frequencies 

within the diffraction limit are adequately represented. The probe step size must be selected in 

accordance with the Nyquist-Shannon sampling theorem to capture the maximum possible 

resolution115. For a given aperture defined by the semi-convergence angle ‌ and an electron 

wavelength ‗, the maximum allowable distance between adjacent probe positions, ЎὙ, required to 

capture the highest theoretically attainable spatial frequency, is given by:  

 ЎὙ
‗

τ‌
 (41) 

Although various reconstruction algorithms offer the possibility to correct residual aberrations 

within the dataset116, it is advantageous to align the microscope optimally beforehand to minimize 

the influence of lens aberrations and to use appropriate apertures for dose fractionation. In this 

study, all datasets were acquired using a 30 µm condenser aperture, which corresponds to a probe 

semi-convergence angle of 20.4 mrad. Consequently, the required step size to achieve the 

diffraction limit for the 30 µm condenser aperture is 0.3073 Å or less. Larger step sizes lead to 

undersampling, which induces aliasing effects, resulting in periodic artifacts in the phase 

reconstructions. Conversely, oversampling with smaller step sizes does not improve resolution or 

image quality for in-focus datasets, but has no negative effects beyond an increased electron 

dose117,118. Therefore, the in-focus datasets presented in this thesis are all slightly oversampled with 

step sizes smaller than 0.3073 Å to ensure no aliasing effects in the reconstructions. In general, the 
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optimal step size can be enlarged by using lower acceleration voltages (which increase the electron 

wavelength) or smaller apertures. However, using smaller apertures in turn limits the achievable 

resolution7. Lower acceleration voltages introduce stronger temporal incoherence effects and 

increase the influence of lens aberrations, which can degrade the overall data quality119. With a 

well-optimized initial microscope alignment, it was possible to avoid the computationally intensive 

step for correcting residual aberrations in the SSB reconstructions of this study. 

Defocused iterative ptychography relies on overlapping probe positions to provide redundant 

information for object reconstruction. As a result, the quality of the reconstruction is strongly 

affected by the extent of this overlap108,120. However, there is no single measure to define the actual 

overlap, as experimental factors and probe aberrations also play a role. The degree of probe overlap 

in a 4D STEM experiment is influenced by the defocus, the real-space scan step size, and the chosen 

semi-convergence angle (20.4 mrad in this study), which also determines the range of spatial 

frequencies that are efficiently transferred. If the probe overlap is insufficient, it can be increased 

in two ways: by reducing the scan step size, which enhances redundancy but either increases dataset 

size or limits the field of view, or by increasing the defocus. However, at one point the probe no 

longer fits within the real-space probe box, leading to wrap-around artifacts69. This can be remedied 

by using more detector pixels. Based on experimental studies, a minimum overlap of more than 

40% is required for stable, high-quality reconstructions108.  

It is also essential to account for the practical limitations of both the microscope and the specimen. 

For instance, while the iterative phase reconstructions discussed earlier can offer some level of 

probe-position refinement, substantial scan distortion will significantly reduce the reconstruction 

quality. As a result, the number of probe positions in a scan should be carefully chosen by 

considering factors such as stability, magnification, and detector speed. In this study, adequate 

probe overlap was ensured by selecting a sufficiently small step size (~0.8ï1.5 Å) for a 70 140 

grid of probe positions. The stability of the specimen holder in the goniometer and the sample's 

resistance to beam damage allowed for the use of this step size while the MerlinEM Medipix3 

detector acquired defocused datasets in 12-bit mode with a frame time of 1ms. 

1.2.5.2 Detector sampling considerations 

The resolution of the detector plane is governed by the angular range of the individual pixels and 

can be adjusted by altering the effective magnification factor between the image and detector plane. 

This magnificationðoften referred to by the name of its optical counterpart, the camera length, and 

therefore also measured in (virtual) lengthðdetermines how finely the BF disk is sampled, from 

which phase information is extracted in SSB ptychography. Yang et al. found that an array as small 

as 16×16 pixels suffices to achieve the highest signal-to-noise ratio, with no significant benefit from 
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increasing the number of pixels. Utilizing a smaller detector array, such as 16×16 pixels, enhances 

the speed of readout and data acquisition, which leads to faster data collection with a reduced 

electron dose. However, their analysis did not account for the impact of residual aberrations, 

suggesting that under more realistic conditions, a larger number of pixels could still be 

advantageous83. 

These considerations are particularly important for fast and efficient data acquisition, especially 

when working with materials that are sensitive to electron beam damage. However, for the samples 

investigated in this thesis, such stringent sampling criteria were not essential, as the oxides 

demonstrated fair robustness toward high electron doses. Therefore, 4D STEM datasets were 

collected using the full 256×256 pixel detector area. The camera length was adjusted so that the BF 

disk of the 30 µm aperture was sampled by 105×105 pixels, ensuring sufficient detector plane 

coverage. This approach allowed for the recording of both BF and DF electrons, enabling virtual 

imaging through appropriate masking of 4D STEM data. 

As mentioned before, poor sampling in reciprocal space, which can also arise from factors such as 

binning or a reduced number of detector pixels, can be compensated for by denser real-space 

sampling through adjustments of the probe step size121. However, to achieve faster scanning, 

mitigate scanning artifacts, and reduce sample drift, this study adopted an alternative strategy. 

Despite the numerous advantages provided by DECs and the wide range of techniques they 

enableðincluding virtual imaging, orientation and strain mapping, and phase-contrast imagingð

one remaining limitation is the slow scanning speed compared to standard STEM detectors. At 

lower scanning speeds, scan distortions, sample drift, and instabilities in the microscope alignment 

become more pronounced. In turn, the frame rate of DECs can be significantly increased through 

hardware binning, windowing, or by reducing the detector's dynamic range61,122. In this study, the 

latter approach was implemented for in-focus acquisition by adjusting the counting depth of the 

MerlinEM Medipix3 detector to 1-bit, meaning that each detector pixel could register only a binary 

signal (1 or 0)ða single eventðper frame. This optimization reduced the frame time to 50 µs, 

enabling faster data acquisition. Due to this high acquisition speed in combination with the long 

camera length and a moderate beam intensity, oversaturation of the BF disk at each scan position 

was avoided despite the reduced dynamic range. The results show that a high dynamic rangeðsuch 

as that offered by a 12-bit counting mode, which comes at the expense of acquisition speedðis not 

always essential for obtaining high-quality data, particularly in low-dose to medium-dose imaging 

conditions with fast data acquisition speeds.  

In iterative ptychography, constraints are introduced during data acquisition to ultimately control 

numerical accuracy, computational cost, and reconstruction resolution. During acquisition, the 

reciprocal pixel size Ўὑ defines the real-space extent of the probe. This means that the probe-
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forming aperture and camera length should be selected such that the real-space probe extent (óprobe 

boxô), Ὡ ρȾЎὑ, is sufficiently large to fit the probe without wrap-around artifacts. To avoid these 

artifacts, it is further necessary that the number of detector pixels, which determines the size of the 

array used to store the moving-window probe, is set to an amount that the array is large enough to 

fit the defocused probe. This is particularly important when imaging thicker samples, as the probe 

practically expands with increasing sample depth69. 

In general, all scattering angles with sufficient counts should be included in the acquired diffraction 

patterns. Detectors with a small dynamic range are often restricted to the BF disk in this regard. But 

for detectors with a large dynamic range, collecting electrons scattered to higher angles allows for 

super-resolution reconstructions, i.e., resolution beyond the aperture-induced diffraction limit. In 

this work, only the BF disk signals were used for reconstructions.  

Since the detector and a ptychographic reconstruction act as a virtual lens, the achieved resolution 

for iterative reconstructions of defocused datasets depends more on the maximum resolvable 

scattering angles in the diffraction patternðlargely influenced by the detector pixel sizeðthan on 

the real-space step size or the focal size of the microscope optics69.  

1.2.5.3 Finding the optimum (de)focus 

The effectiveness of SSB electron ptychography is typically maximized when the probe is focused 

at the midplane of the sample. In this configuration, the phase contributions from the defocus at 

sample slices above and below the central plane effectively cancel each other out. This cancellation 

helps to prevent contrast reversals, particularly in cases where dynamical scattering effects are not 

excessively strong123,124. This consideration is particularly important when the microscope is 

initially aligned using conventional detectors before switching to the 4D STEM camera. In 

conventional imaging modes, for ABF imaging, the highest image quality is achieved by focusing 

on the top sample surface, while in ADF mode, optimal contrast is typically obtained by focusing 

on the bottom sample surface125. Depending on the sample thickness, this difference in optimal 

focus can significantly impact the reconstruction results. 

For defocused 4D STEM data acquisition aimed at iterative phase reconstructions, the amount of 

defocus that can be employed is constrained by the number of pixels in the detector and the selected 

semi-convergence angle69. Figure 5(a) shows an exemplary probe, with experimental settings 

similar to those used in this work. As previously mentioned, the real-space probe extent Ὡ ρȾЎὑ 

must be sufficiently large to fit the probe without inducing wrap-around artifacts, as shown in Figure 

5(a). If the probe is excessively defocused (Figure 5(c)), it barely fits within the real-space probe 

box, constrained by the number and size of the detector pixels and this leads to wrap-around artifacts 
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during reconstruction. Furthermore, when recording diffraction data, it is important that the detector 

can sample the diffraction intensities adequately to capture the specimen features in the ronchigram, 

as shown in Figure 5(b). This imposes additional constraints on the maximum allowable defocus 

value; with excessive defocus, specimen features are not resolved sufficiently in the ronchigram, as 

visible in Figure 5(d) for a diffraction pattern with a larger defocus compared to the one shown in 

Figure 5(b). 

 

Figure 5. (a) Real-space intensity distribution of the electron probe used for typical 4D STEM data acquisition in this 

study. (b) Example diffraction pattern resulting from the interaction between the sample and the slightly defocused probe 

shown in (a). (c) Simulated probe with large overfocus, leading to wrap-around artifacts in the reconstruction. (d) Example 

diffraction pattern from a dataset acquired with a more defocused probe, showing reduced resolution of sample features 

in the ronchigram, compared to (b). 

1.2.5.4 Hyper-parameter tuning for iterative phase reconstructions  

To successfully perform an iterative ptychographic reconstruction of experimental data, it is 

essential to precisely know certain parameters employed during the experiment, including the scan 

step size, the reciprocal pixel size of the diffraction patterns, and the real-space/reciprocal-space 

rotation angle. The latter arises due to the helical path that accelerated electrons take along the 
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optical axis, as well as the orientation of the detector in the STEM column relative to the beam 

raster grid, which means that there is typically a rotational offset between the real-space/reciprocal-

space coordinate systems. This real-space/reciprocal-space rotation angle must be accounted for in 

the reconstruction to ensure that the diffraction patterns are correctly interpreted in terms of their 

position in real space.  

The gradient of the electrostatic potential is expected to be a conservative vector field, which allows 

for the determination of the real-space/reciprocal-space rotation by minimizing the curl or 

maximizing the divergence of the vectorial center-of-mass (CoM) of the virtual image as a function 

of a rotational offset70,126. This approach introduces a 180° ambiguity in the relative rotation, which 

can be resolved by ensuring that the phase shift remains positive across the sample, except for 

vacuum regions69,70. In the standard configuration of the JEOL ARM200F microscope with the 

MerlinEM Medipix3 detector, without any additional scan rotation being applied, this rotation angle 

is 134°for a 200 kV acceleration voltage. 

Other parameters, such as defocus and other aberrations, are refined during the iterative 

reconstruction process; however, having a more accurate initial estimate can still improve 

convergence. In addition, reconstruction parameters, including iteration step size, batch size, and 

regularization strengths, also influence the quality of the final reconstruction.  

To determine the optimal values for both experimental and reconstruction parameters, an optimizer 

based on the Bayesian optimization (BO) algorithm with Gaussian processes (GP) was 

implemented into the py4DSTEM software package used for the iterative reconstructions in this 

work. BO-GP is commonly employed for tuning hyperparameters in machine learning tasks127-129. 

The BO-GP algorithm models the function to be minimized as a combination of Gaussian processes 

and selects evaluation points by balancing the exploration of unsampled regions in the parameter 

space with the exploitation of local minima within the GP model69. 

Finally, experimental data may be influenced by various sources of artifacts, which are often not 

considered in ptychographic models. These include source incoherence, post-specimen aberrations 

introduced by the beam traveling through the spectrometer, and dead detector pixels. To mitigate 

these effects, strategies such as reducing the beam current to minimize incoherence, properly 

aligning the spectrometer, and utilizing dark current references are essential, depending on the 

severity of the issues. Furthermore, preprocessing techniques like weighted binning for dead pixels, 

as well as hot- and cold-pixel filtering and gain correction, can significantly enhance data quality. 

As mentioned before, a vacuum scan to obtain a suitable initial probe function is invaluable for 

every defocused ptychographic experiment69.  
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1.2.6 Center-of-mass imaging 

Although center-of-mass (CoM) or first-moment imaging was only used to determine the real-

space/reciprocal-space rotation angle within the scope of ptychographic phase reconstructions in 

this work, it remains a key phase contrast imaging technique and was already utilized prior to the 

development of pixelated electron detectors. Therefore, it is suitable to include a brief description 

of this technique here as well. 

When an electron beam interacts with the electrostatic potential of a sample, the CoM of the beam's 

momentum distribution undergoes a shift. The nature of this CoM shift depends on the probe 

characteristics and the sample features and can be used to reconstruct the sample's electrostatic 

potential130. Atomic-scale features typically result in a redistribution of intensity within the BF disk, 

whereas long-range, slowly varying fields induce near-rigid shifts of the entire disk. Or, to describe 

it in other words, high spatial frequency information about short-range potentials is encoded in the 

intensity distribution of the BF disk, while low spatial frequency information about long-range 

potentials is captured in the uniform displacement of the disk130. These phenomena have been 

known for a longer time now and have already been utilized by deducing the change in CoM in 

material systems through DPC using segmented detectors in STEM, as previously mentioned 

(Figure 2)59,131-133. 

In 4D STEM, the distribution of the electron intensity is recorded at each probe position, allowing 

to retrieve the electron wave phase from integrating the signal of a pixelated detector with a CoM 

response function. The CoM shift signal can be understood as the gradient of the local projected 

potential, cross-correlated with the intensity distribution of the incoming beam at a given probe 

position, assuming a POA with the 3D potential simplified to a 2D projected potential130. 4D STEM 

CoM measurements rely on the same principle as segmented detector DPC measurements, but can 

be seen as an improvement over the latter due to the better resolution of the detector used. For 

historical reasons, although both are essentially DPC measurements, we refer to DPC imaging when 

segmented detectors are used and to CoM imaging when the more finely pixelated detector is used69. 

Both DPC and CoM images are formed by using an anti-symmetric weighting function over the 

detector, i.e., DPC uses +1 and ï1 over the opposing detector halves, and CoM uses the coordinate 

of momentum space, such that any asymmetry in the diffraction pattern leads to a difference 

signal130. 

DPC/CoM phase reconstructions are straightforward and computationally inexpensive compared to 

other phase-contrast techniques. However, DPC reconstructions only solve for the phase of the 

sample and cannot deconvolve the probeôs wave function. Therefore, any aberrations in the probe, 

including defocus, will affect the transfer of information in the reconstruction, and we cannot 
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reconstruct atomically-resolved images from a defocused 4D STEM dataset. Additionally, the 

reconstruction pixel size is limited by the real-space step size of the probe, with the absolute 

resolution limit determined by the semi-convergence angle. Beyond phase contrast imaging, DPC 

and CoM imaging are techniques sensitive to electric and magnetic fields, enabling the mapping of 

internal fields, polarization distributions, and charge accumulation or depletion at the 

nanoscale69,134-136.  

1.3 Oxides, oxide heterostructures, and interfaces 

Fundamental physics research typically focuses on explaining thus far unconventional phenomena 

observed in material systems. As materials scientists, physicists, and chemists, we are eager to 

leverage these physical phenomena and unique material properties to facilitate their practical 

applications in real-world devices. A class of materials that offers immense versatility in functional 

applications is oxides. Many metals are capable of forming a wide variety of oxide compounds. The 

complex interplay and competition among charge, spin, structure, and orbital degrees of freedom 

has led, and still promises to lead to the discovery of exotic phenomena. These discoveries further 

advance fundamental science and engineering, enabling new application domains, as illustrated in 

Figure 6, which include superconductors, energy storage, catalysis, and electronic devices. Among 

the diverse range of functional oxides, 3d and 4d transition metal oxides show highly diverse 

properties. These materials include both metals and insulators, with some showing metal-insulator 

transitions characterized by drastic changes in conductivity137. Many of them are magneticðin fact 

nearly all strong magnets belong to this groupðand they also include superconductors with the 

highest critical temperatures138. 

The variety of phenomena in these materials is due to the fact that their electrons can either be 

localized on ions or delocalized, becoming itinerant139. As one progresses from the 3d to the 4d and 

5d series, the general trend is a reduction in the correlation of d-electrons. The 4d and, particularly, 

the 5d electrons are more spatially extended compared to 3d electrons, leading to increased 

covalency with surrounding ions and a broader bandwidth. At the same time, the effective Hubbard 

repulsion energy and Hundôs rule energy decrease139. In contrast, for these heavier elements, the 

relativistic spin-orbit interactions become increasingly significant, strongly influencing the 

properties of 4d and especially 5d systems. Combined with structural degrees of freedom, 4d 

transition metal compounds exhibit distinct electronic, structural, and bonding properties compared 

to their 3d counterparts and tend to have more delocalized electrons, leading to metallic or itinerant 

magnetic behavior139.  
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Figure 6. Schematic of degrees of freedom in oxides to tune material properties for the application as functional materials 

in various fields.  

The enhanced spin-orbit coupling in 4d systems influences their electronic and magnetic properties, 

giving rise to phenomena such as unconventional superconductivity in Sr2RuO4 and itinerant 

ferromagnetism in SrRuO3. Additionally, the stronger covalent bonding between 4d metals and 

ligands induces unique structural distortions, suppressed Jahn-Teller effects, and enhanced metal-

ligand hybridization. Mixed-valence states and charge ordering, as observed in NaRu2O4, further 

add to the exotic electronic phases that emerge in these systems, and orbital and bond ordering may 

facilitate superconductivity in A2RuO4 (A = Sr, Ca) ruthenates. The ability of Ru to adapt distinct 

oxidation states from 0 to +8, with Ruį  and Ru  being the most common in oxides, depends on 

both electronic and structural degrees of freedom. This adaptability enables the synthesis of mixed-

valence ruthenates that exhibit temperature-dependent structural, electronic, and magnetic 

transitions140-146.  

Despite the remarkable diversity of properties, fundamental questions about the electronic structure 

of 4d transition metal oxidesðparticularly ruthenatesðremain unresolved. This is due to the 

comparable magnitudes of several key parameters, including Hundôs coupling, spin-orbit coupling, 

and exchange interactions, whose interplay is not yet fully understood139. Before phenomenological 

models can be established, extensive experimental investigations are necessary to explain observed 

phenomena. TEM is a particularly powerful tool for studying structure-property correlations in 

these materials. The second chapter of this thesis highlights the capabilities of TEM in revealing 

such rare phenomena in 4d transition metals, exemplified by the atomic-scale observation of an 

unconventional structural transition in the mixed-valence compound NaRu2O4, probed at elevated 

temperatures.  
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Once a material exhibiting intriguing electronic or structural behavior is discovered, it can be 

integrated into devices, often as a thin film or in combination with another material in a 

heterostructure, to create novel functionalities. Oxide heterostructures provide a powerful platform 

for engineering novel electronic phases by precisely tuning interfacial interactions, such as strain, 

charge transfer, and orbital hybridization. They consist of layers of different oxide materials, 

stacked with precise control to form sharp interfaces. These structures exploit the diverse and highly 

adjustable properties of oxides, including superconductivity, magnetism, ferroelectricity, and ionic 

conductivity147. 

By combining materials with complementary functionalities, oxide heterostructures can exhibit 

emergent properties not present in their individual components148. Heterostructure interfaces 

frequently determine the overall functionality and performance of devices149,150. By tuning the 

various degrees of freedom at oxide interfaces, novel and exotic materials can be precisely 

engineered, as illustrated in Figure 6. For example, interfaces between certain oxides can host a 

two-dimensional electron gas (2DEG) with high mobility or generate novel quantum states driven 

by interfacial coupling effects151,152. Heterostructures are widely used in transistors, diodes, and 

quantum wells to improve charge carrier mobility, reduce power loss, or for bandgap engineering 

in high-efficiency LEDs and lasers. Magnetic heterostructures enable spin-based data storage and 

processing, and are crucial for studying proximity effects and designing superconducting quantum 

interference devices (SQUIDs). Thin-film heterostructures enhance surface activity for sensors and 

catalysts. In photovoltaics and thermoelectrics, heterostructures optimize charge separation and 

energy conversion efficiency. As can be seen, the ability to engineer new functionalities renders 

oxide heterostructures valuable for both fundamental research and technological applications149,152-

154.  

Delafossites (ABO2) represent a particularly intriguing class of materials within the oxides, 

exhibiting remarkable transport, electronic, and structural properties. Their unique layered 

structureðcomposed of triangularly coordinated A-site cations (A = Cu, Pd, Ag, Pt) and edge-

sharing BO6 octahedra (B = Sc, Cr, Co, Fe, Rh)ðinduces significant anisotropy and enables a broad 

range of tunable functionalities155,156. Metallic delafossites such as PdCoO2 and PtCoO2 demonstrate 

exceptionally high in-plane conductivity, comparable to that of elemental metals, whereas others, 

like CuCrO2, serve as some of the few transparent p-type conductors157-160. 

Beyond their intrinsic properties, delafossites are particularly promising for heterostructure 

engineering. Their atomically smooth layers and weak interlayer coupling provide an optimal 

platform for interfacial design, where strain, charge transfer, and orbital hybridization can be 

precisely controlled. The integration of delafossites into heterostructures allows for the exploration 

of new emergent phenomena while bridging the gap between the properties of single crystals and 
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their practical implementation into devices. This makes them a compelling system for both 

fundamental research and advanced technological applications155,156. The third and fourth chapters 

of this thesis focus on the interfacial engineering of delafossite thin films, aiming to harness the 

unique properties of single crystals for real-world device applications. In this context, STEMðwith 

an emphasis on advanced imaging techniques such as electron ptychography, combined with 

spectroscopy, and imagingðserves as a powerful tool to investigate the nucleation mechanisms of 

various delafossites on different substrates. A thorough understanding of these growth mechanisms 

is essential for the successful fabrication of high-quality, phase-pure epitaxial films for device 

integration.  

1.3.1 Fabrication of oxide heterostructures via PVD  

Regardless of the growth mechanism, precise manufacturing techniques are essential for controlling 

layer thickness, composition, and interface quality in the fabrication of oxide heterostructures. 

Physical vapor deposition (PVD) methods are widely used for producing heterostructures and thin 

films by transferring material from a solid or liquid source to a substrate in a vacuum or controlled 

environment. These techniques rely on physical processes such as evaporation, sputtering, or 

ablation to vaporize the material, which then condenses onto a substrate to form a heterostructure. 

The versatility of PVD techniques enables the deposition of a wide range of materials, including 

metals, oxides, nitrides, and complex compounds.  

Pulsed laser deposition (PLD) is a technique that involves the ablation of a source material from a 

stoichiometric target in a vacuum chamber using ultrashort laser pulses. The material is vaporized 

from the target as a plasma plume containing a variety of energetic entities, including atoms, 

molecules, electrons, ions, clusters, particulates, and molten globules. The vaporized material then 

deposits onto a substrate as a thin film, ideally maintaining the same composition as the source 

material, since during a short laser pulse, the different volatilities of the constituents can be 

neglected161-163. The dynamics of the plasma, i.e., the spatial distribution of the plume, depend on 

the background pressure in the PLD chamber. In a high vacuum, the plume remains narrow and 

forward-directed, with little scattering from background gases. For intermediate background 

pressures, high-energy ions separate from less energetic species, and at high background pressures, 

resulting from the introduction of a reactive background gas like oxygen, the plume exhibits a 

diffusion-like expansion, with increased scattering due to the mass of the background gas164,165. 

Most importantly, an increase in background gas concentration, i.e., higher chamber pressure, slows 

down the highly energetic species in the plume166. 

During the deposition process, high-energy species ablated from the target bombard the substrate 

surface and may potentially cause damage through sputtering of surface atoms or initiate defect 
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formation in the film. The sputtered substrate species and emitted target particles create a collision 

region that serves as a nucleation source and the key is tuning laser fluence, background pressure, 

and target-to-substrate distance to optimize energy levels167. If the condensation rate is high enough, 

thermal equilibrium is established on the substrate surface, supporting film growth. In general, each 

laser pulse results in a large supersaturation on the substrate compared to other physical deposition 

techniques with a more continuous flux of arriving species. In PLD, growth can occur in three 

modes:  

(i) step-flow growth, where atoms diffuse to step edges on miscut substrates;  

(ii) layer-by-layer growth, where islands nucleate, coalesce, and form smooth layers;  

(iii) 3D growth, where islands stack atop each other, creating a rough surface168. 

 

Molecular beam epitaxy (MBE) is a technique that involves the assembly of films from individual 

elements or atomic/molecular beams, allowing for the precise construction of arbitrary compounds 

on suitably heated substrates in a high-vacuum environment. In contrast to PLD, the target materials 

are contained in precisely heated cells (commonly heated by electron beams) with a small opening, 

known as Knudsen cells. Shutters placed in front of the cells enable precise control of the molecular 

beams. The stoichiometry of the films is determined by the substrate temperature and the flux of 

the individual component species reaching the growing film. Typically, the films nucleate as small 

islands that coalesce into continuous atomically thin layers or via step-flow growth on miscut 

substrates. The ability to independently control the flux of each component in MBE allows for 

precise stoichiometric control, with the quality of the grown material being highly sensitive to the 

presence of impurity atoms169. 

MBE offers two distinct operational modes: shutter-controlled layer-by-layer growth or co-

deposition of the materials. In shutter-controlled growth, the material flux from the Knudsen cells 

is controlled by the shutters, which intermittently open and close to enable the sequential deposition 

of each layer of the film. By alternating the exposure of the substrate to the atomic beams, this mode 

facilitates the fabrication of complex heterostructures, where atomic-scale control of each layerôs 

growth is critical. During co-deposition, two or more atomic or molecular beams of different 

elements are simultaneously directed onto the substrate, allowing for the absorption-controlled 

growth of multi-element films with precisely controlled stoichiometry170,171. For the growth of 

oxides and multi-component oxides in particular, a molecular beam of oxidant is employed. The 

maximum pressure of the oxidant depends on the MBE geometry, the element to be oxidized, and 

the oxidant species used (e.g., oxygen, ozone, or plasma sources)150.  

In addition to these two well-established methods for thin-film production, as well as other 

techniques such as sputtering and arc plasma deposition, a new method that combines the 
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advantages of MBE and PLD has recently emerged: thermal laser epitaxy (TLE). In TLE, laser 

beams located outside the vacuum chamber heat both the substrate and the sources. The chamber 

design enables a short working distance (<10 cm), maximizing the efficiency of the source. The 

composition of the background atmosphere and chamber pressure is constrained only by the 

condition that the mean free path of the evaporated species needs to exceed the source-substrate 

distance. The local laser heating facilitates the evaporation of solid elements from self-supported 

targets, eliminating the need for crucibles172-174.  

As a well-established technique for growing oxide heterostructures, MBE was the primary method 

used to grow ABO2 delafossite thin films on various substrates in this thesis. The films were grown 

using both shutter-controlled growth and co-deposition within a high vacuum deposition 

environment, free from highly energetic species. While the choice of methodology is crucial in 

determining the structural integrity, stoichiometry, and bulk properties of the films, the resulting 

interfaces between different materials display varying degrees of coherence. The degree of lattice 

fit between the film and substrate significantly influences the interfaces, affecting the properties 

and performance of the heterostructure. Consequently, it is essential to select substrates that are 

appropriate for the desired application.  

1.3.2 Coherent, semi-coherent, and incoherent interfaces 

Interphase boundaries in solids can be classified into three categories based on their atomic 

structure: coherent, semi-coherent, and incoherent. Coherent interfaces form when the atomic 

lattices of the two adjoining phases align, maintaining a continuous lattice structure across the 

boundary. This results in minimal misfit strain and strong interfacial bonding, rendering them 

highly stable, as shown in Figure 7(a). When the lattice parameters of the two paired materials A 

and B slightly differ, coherence is maintained through elastic strain. The magnitude of the 

coherency strains and the resulting coherence stress depends on the lattice misfit between the two 

lattices and can be calculated as:  

‏ 
Ὠ Ὠ

Ὠ
 (42) 

where Ὠ and Ὠ  are the lattice parameters of material A and material B, which match at the 

interface175. As a result, for negative values of ‏ , i.e., Ὠ < Ὠ, material B is under tensile 

strain when forming an interface and for positive values of ‏ , i.e., Ὠ > Ὠ, material B is 

under compressive strain when the materials form an interface176,177. If the misfit between the two 

materials exceeds a critical value, it becomes energetically favorable for the system to incorporate 

misfit dislocations at the interface to compensate for the lattice mismatch instead of inducing elastic 

strain. 
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Semi-coherent interfaces develop and feature a partially aligned lattice with periodic dislocations, 

as shown in Figure 7(b). These dislocations relieve the strain but introduce localized distortions, 

striking a balance between stability and adaptability. Semi-coherent interfaces lack seamless 

structural connectivity, resulting in a disrupted interface that may significantly influence the 

heterostructure properties. The degree of incoherence strongly depends on the mismatch, but also 

correlates with the film thickness. Very thin films may grow completely coherent; however, as the 

film exceeds a critical thickness and elastic strain energy increases, the interface will become semi-

coherent. A measure for the theoretical density of misfit dislocations, ” , that form at a 

heterointerface is given as:  

”
‏

ὦ
  

(43) 

where ὦ is the Burgers vector value of a misfit dislocation178. With the introduction of misfit 

dislocations, the interface exhibits nearly perfect matching, except for regions around the 

dislocation cores, where the structure is significantly distorted and the lattice planes become 

discontinuous.  

Incoherent interfaces arise when the atomic arrangements of the two phases are entirely 

mismatched, resulting in a lack of crystallographic alignment. Such interfaces exhibit minimal 

structural continuity, leading to weaker bonding and higher elastic strain energy compared to 

coherent and semi-coherent interfaces, as shown in Figure 7(c)176,177.  

These classifications of heterostructure interfaces highlight the interplay between atomic alignment, 

strain accommodation, and stability at interphase boundaries, which must be considered when 

fabricating heterostructures, as interfacial properties significantly influence the overall 

heterostructure properties. 

 

Figure 7. (a) Coherent interface with elastic mismatch strain stabilizing the heterostructure interface. (b) Semi-coherent 

interface with misfit dislocations relieving strain and stabilizing the heterostructure. (c) Incoherent interface. Adopted 

with permission177, © 2009 by Taylor & Francis Group, LLC.  
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1.3.3 Analysis of misfit dislocations and strain in TEM: GPA and phase lock-in technique  

To investigate the nature of heterostructure interfaces and epitaxial films, (S)TEM imaging provides 

a powerful tool for visualizing the atomic structure and strain distribution at interphase boundaries. 

Several methods are available, including direct imaging, diffraction, holography, and Fourier 

analysis of high-resolution images, which resolve the atomic structure to examine the strain field 

associated with heterostructure interfaces179. STEM enables direct imaging of atomic columns, and 

since HAADF STEM image contrast depends on the atomic number, HAADF STEM allows direct 

real-space tracking of atomic positions with picometer precision. However, strain analysis from 

real-space atom tracking can be computationally demanding andðeven with high-quality datað

challenging over large fields of view, as the materials may possess multiple coexisting structural 

order parameters, complicating the disentangling of lattice distortions and their interplay180.  

Fourier-based methods provide an alternative for efficiently analyzing structural information and 

separating orders with different periodicities, without requiring isolated atomic columns or such 

high signal-to-noise ratio data. The most prominent Fourier-based technique is geometric phase 

analysis (GPA), a powerful method for processing S(TEM) micrographs to generate phase-field 

and strain maps. The GPA algorithm reconstructs a displacement field from a micrograph by 

applying Fourier filtering centered on two non-collinear Bragg vectors. The resulting phase image 

reflects the local deviation of a chosen set of lattice planes relative to a reference lattice, while the 

strain field is derived from the lattice displacement field in a principal direction. Notably, the term 

"phase" in GPA refers to the phase, related to the position of image contrast maxima, and is not to 

be confused with the phase of the electron wave function that is reconstructed in ptychography181,182. 

STEM imaging, unlike HRTEM, can introduce artificial fringe distortions during image acquisition, 

with "flyback" errors along the fast scan direction being a significant artifact that must be considered 

for strain analyses from STEM images183,184. 

The phase lock-in analysis developed by Goodge et al. extends traditional GPA to Fourier 

components that encode periodic modulations of the crystal lattice, such as superlattice or secondary 

frequency peaks, as well as defects, such as misfit dislocations. This enables the extraction of the 

behavior of multiple different order parameters within the same image. Based on the principles of 

lock-in processing, the phase lock-in method is related to GPA, except that the phase demodulation 

step is performed in real space rather than reciprocal space. Conceptually, phase lock-in analysis 

yields qualitatively identical results to GPA and was used in the scope of this thesis due to the 

straightforward implementation in Python, provided by Goodge et al., for data analysis of STEM 

images185.  
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2 Direct evidence of anomalous Peierls transition induced 

charge density wave order at room temperature in metallic 

NaRu2O4 

At the Max Planck Institute for Solid State Research, we mainly conduct fundamental physics 

research and frequently observe phenomena in oxide compounds that cannot be explained using 

established models. For the investigation of quantum materials, understanding anomalous behavior 

under charge degrees of freedom through bond formation is of fundamental importance. This study 

conducts the atomic-scale observation of an unconventional phase transition in the mixed-valence 

oxide NaRu2O4, contributing to the understanding of emergent phenomena in strongly correlated 

systems consisting of heavy 4d transition metals. Through this understanding, the atomistic origin 

of the interplay of the concepts of bond shortening (dimerization) and charge ordering at room 

temperature within metallic single-crystalline NaRu2O4 can be unveiled. 

The transmission electron microscopy techniques utilized here allow to probe the lattice order of 

NaRu2O4 as a function of temperature and provide direct microscopic evidence of an anomalous 

Peierls-type transition. This transition is associated by a pronounced dimerization of Ru chains, 

resulting in a distinctive twofold superstructure along the b-axis below the critical transition 

temperature of ~535 K, coinciding with a charge order. In-situ heating experiments confirm the 

reversibility of this first-order phase transition, and periodic lattice-displacement maps depict 

atomic-scale displacements linked to dimerization. 

The following text and figures in this chapter are adopted from this publication186: 

Anna Scheid, Isha, Arvind K. Yogi, Masahiko Isobe, Birgit Bußmann, Tobias Heil, and Peter A. 

van Aken. Direct evidence of anomalous Peierls transition-induced charge density wave order at 

room temperature in metallic NaRu2O4, Microscopy and Microanalysis, Volume 31, Issue 1, 

ozae129, February 2025, https://doi.org/10.1093/mam/ozae129186. 

Contributions to this publication:  

Anna Scheid, Arvind K. Yogi and Masahiko Isobe conceived the project. Anna Scheid wrote the 

initial manuscript and performed the TEM data acquisition and TEM data analysis. Isha synthesized 

the NaRu2O4 crystals under the supervision of Arvind K. Yogi and Birgit Bußmann contributed to 

TEM sample preparation. Arvind K. Yogi performed the resistivity measurements. Tobias Heil 

assisted with TEM data evaluation. Tobias Heil and Peter A. van Aken supervised this project and 

provided valuable input on data analysis. All co-authors revised the manuscript.   

https://doi.org/10.1093/mam/ozae129
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2.1 Introduction  

Ruthenium-based 4d transition metal compounds (TMCs) have been widely studied in the realm of 

quantum materials and strongly correlated electron systems, attracting significant interest due to 

their nuanced spin-orbit coupling (SOC), which strikes a delicate balance between being neither 

excessively weak nor overwhelmingly dominant when compared to the Coulomb interaction U187. 

This complex interplay gives rise to a highly diverse spectrum of distinct electronic, structural, and 

bonding properties within the heavy 4d transition metal ruthenates, compared to their 3d 

counterparts, primarily due to the larger spatial extent of 4d orbitals, reduced electron-electron 

correlations, and stronger spin-orbit coupling. The 4d and especially the 5d orbitals are more 

spatially extended than 3d orbitals, leading to increased overlap with neighboring orbitals. This 

promotes stronger covalency with the surrounding ions and larger bandwidths. While 3d transition 

metals often display strong electron localization, leading to Mott-insulator behavior and 

pronounced magnetic ordering, 4d transition metals tend to have more delocalized electrons, 

resulting in metallic or itinerant magnetic behavior139. For these heavier elements, the relativistic 

spin-orbit interaction becomes more and more important and can determine electronic and magnetic 

properties, contributing to phenomena such as metal-insulator transitions, unconventional 

superconductivity, orbital ordering, and high-temperature ferromagnetism188-192.  

In ruthenate systems, the interplay between localized and itinerant electrons, combined with the 

orbital degrees of freedom, significantly enhances the diversity of electronic and magnetic 

properties, including temperature-dependent magnetic phase transitions and charge ordering 

(CO)193,194. A CO transition is typically accompanied by a metal-to-insulator transition, where the 

charge-ordered phase is insulating and the disordered phase is metallic. The CO state usually 

represents the low-temperature phase of a material that undergoes a symmetry-breaking transition, 

resulting in inequivalent ionic sites in different charge states. CO is commonly observed in mixed-

valence or electron-/hole-doped materials, where elements can exist in multiple valence states. 

Above the transition temperature, the material typically adopts a single crystallographic metal site 

with an averaged valence state195.  

Strong correlations at low temperatures also depend on the material's electronic structure, which 

can be influenced by non-trivial topologies and symmetries. For instance, one-dimensional (1D) 

lattices with tunnel geometries can develop structural instabilities below the critical temperature 

(TC), enhancing electron-phonon interactions and promoting a Peierls transition196. This transition 

results in a periodic modulation of the electronic charge density, forming a charge density wave 

(CDW), while the lattice distortion opens a gap at the Fermi level in the electronic band structure. 

While Mott-Hubbard physics successfully explain such metal-to-insulator transitions in 3d 
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transition metals139, limited research has been conducted on this phenomenon in 4d transition metal 

oxides like ruthenates, especially in mixed-valence Na-Ru-O systems140,141.  

In the preceding study upon which this work is based, an unconventional first-order metal-to-metal 

transition with emergent CO was identified in NaRu2O4 at an elevated temperature of TC = 535 K141. 

While the high-temperature (HT) phase is consistent with the orthorhombic Pnma (#62) space 

group, room-temperature (RT) single-crystal X-ray diffraction (SC-XRD) data reveal superlattice 

peaks, which differ from the structure previously reported by Darriet et al. and Regan et al.197,198. 

These earlier works, using CaFe2O4 as a structural prototype, refined the crystal structure of 

NaRu2O4 within the orthorhombic Pnma (#62) space group, and determined the lattice parameters 

as a = 9.2737(4) Å, b = 2.8215(1) Å, and c = 11.1701(5) Å by SC-XRD and powder neutron 

diffraction197,198. In addition, magnetic susceptibility measurements confirmed temperature-

independent paramagnetism198.  

In contrast to the earlier observations by Darriet et al. and Regan et al., modern instrumentation has 

enabled the detection of weak q = (0, ½, 0) superlattice reflections emerging below 535 K, 

providing clear evidence of broken symmetry and lattice distortions. Yogi et al. used CBED patterns 

and confirmed a monoclinic P1121/a symmetry (#14) for the RT phase, a subgroup of the originally 

reported Pnma symmetry141. Structural analysis revealed significant dimerization along the 

crystallographic b-axis during the transition from the high-temperature (Pnma) phase to the low-

temperature phase, leading to a doubling of the unit cell. All XRD reflections were well indexed by 

a monoclinic a0  2b0  c0 cell with a primitive lattice of a = 9.273(6) Å, b = 5.643(3) Å, and c = 

11.17(7) Å.  

The relatively short bond length of approximately 2.6 Å in the dimers, which is smaller than that in 

metallic Ru, suggests direct metal-metal bonding and indicates the presence of a bond-centered 

CDW. Additionally, the nonequivalence of Ru sites during the transition suggests a site-centered 

CO. Interestingly, NaRu2O4 retained metallic behavior across the entire observed temperature 

range, albeit with a noticeable hysteresis in resistivity at the transition temperature141. It appears 

that the Ru 4d bands exhibit a delicate balance between correlations, the Coulomb interaction, and 

bandwidth, with the orbital degrees of freedom and mixed valence of Ru allowing the presence of 

both site- and bond-centered COs199.  

This coexistence of COs makes NaRu2O4 a rare example of CO phenomena in metallic systems, 

which are seldom observed in such materials200. For instance, in doped and intercalated IrTe2 

compounds, the interplay of electron correlations and modest spin-orbit coupling of 5d Ir 

electronsðcomparable to that of 4d Ru electronsðgives rise to a variety of intriguing phenomena. 

These include uncompensated thermal hysteresis in the transition behavior, multiple CO states 
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while maintaining metallicity, anionic polymer bond breaking, dimerization, and charge 

fluctuations200-203. As there remains an ongoing debate in the literature regarding whether these 

phenomena involve orbital-driven Peierls transitions, extensive experimental investigations are 

crucial for establishing robust phenomenological models140,141. Thus, a more comprehensive 

understanding of the structural and electronic reconfigurations in the NaRu2O4 system as a function 

of temperature promises to advance our knowledge of quantum materials and correlated electron 

systems, paving the way for potential applications and innovations. 

Improving on the large-scale XRD investigation of the previous work, this study focuses on 

examining the atomic lattice reconstruction in the metallic NaRu2O4 system, using SAED and in-

situ STEM. The achievable spatial resolution of these techniques enables the investigation of local 

structural dynamics as a function of temperature, which X-ray studies, averaging properties over a 

wide specimen area, cannot reveal. Picometer-scale periodic lattice displacement (PLD) maps 

reveal the orbital-driven dimerization (Peierls-type distortion) along the crystallographic b-axis for 

different zone axes below the critical transition temperature. This study provides the first direct, 

atomically-resolved microscopic evidence for a quasi-one-dimensional Peierls-type symmetry-

breaking phase transition at room temperature in NaRu2O4, which induces a unidirectional, 

commensurate CDW within the material.  

2.2 Materials and methods 

2.2.1 Sample preparation 

Polycrystalline NaRu2O4 samples were synthesized by solid-state reaction of preheated RuO2 

(99.999%, Aldich) and Na2CO3 (99.999%, Aldich) under an Ar gas environment at 1123 K for 90 h 

with several intermediate grinding and pelletizing steps. High-quality single crystals of NaRu2O4 

were then grown from this polycrystalline powder via a modified self-flux vapor transport reaction 

under flowing Ar gas (ultra-pure 99.999%). Long needle-shaped high-quality single crystals with a 

broad size distribution up to 1 × 0.1 × 0.1 mm3 were obtained from the final products. Phase purity 

was checked using a Bruker D8 Discover diffractometer with a Cu-KŬ source, which shows no 

impurity peaks. To confirm the stoichiometry of the samples, an elemental analysis was performed 

using a COXI EM-30 scanning electron microscope equipped with a Bruker QUANTAX 70 energy-

dispersive X-ray system. Electrical resistivity (ɟ) measurements were performed using a home-built 

system equipped with a furnace (300 to 590 K) and a pulsed-tube cryostat (down to 3 K, Oxford). 

Electrical resistance was measured in the four-point geometry on a static sample holder with 

contacts to a large single-crystal needle made with silver paint and 10 µm gold wire. The current 

was applied perpendicular to the single crystal length, i.e., the crystallographic b-axis.  
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2.2.2 TEM investigations 

Different TEM specimens of the NaRu2O4 crystals were prepared. Some were prepared by drop-

casting the crystals dispersed in ethanol onto lacey carbon-supported copper grids. Since the 

elongated structure of the crystals prevents direct imaging along the crystallographic b-axis, another 

batch of crystals was embedded in Epofix resin (Struers GmbH). They were then microtomed using 

a diamond knife (Diatome GmbH) and an EM UC6 ultramicrotome (Leica GmbH).  

STEM investigations were performed using a JEOL ARM200F equipped with a cold field-emission 

gun and a probe CS corrector (DCOR, CEOS GmbH). The measurements were performed at 

ambient temperature with an acceleration voltage of 200 kV. In order to improve the signal-to-noise 

ratio, reduce scanning artifacts, and address sample drift effects, the STEM images were generated 

from multi-frame acquisitions using high scanning speeds of 2-3 ɛs/pixel dwell time each, and 

applying post-acquisition cross-correlation using the built-in spatial alignment function in Gatan 

Digital Micrograph. In addition, a fixed rotation of the scan window with respect to the atomic 

lattice was implemented to avoid superposition of lattice peaks in the Fourier transform with 

features associated with scan artifacts. For the acquisition of the HAADF STEM images, a 30 ɛm 

condenser aperture was used to form an electron probe with an effective semi-convergence angle 

of 20.4 mrad, combined with a 3 mm BF aperture and a beam stopper for the ABF images. With a 

camera length of 6 cm for the simultaneously acquired HAADF and ABF images in Figure 8, this 

setup results in an effective semi-collection angle of 75-310 mrad and 11-23 mrad, respectively, 

using the JEOL STEM detectors. For the remaining HAADF STEM images, the Gatan annular 

STEM detector was used with a camera length of 2 cm, providing an effective semi-collection angle 

of 83-205 mrad.  

The EELS data were acquired using a Gatan GIF Quantum ERS imaging filter with a 5 mm entrance 

aperture and a 1.5 cm camera length, resulting in a semi-collection angle of 111 mrad. Principal 

component analysis (PCA) was employed to improve the signal-to-noise ratio, and 15 principal 

components were used for accurate elemental mapping204.  

For 4D STEM data acquisition, a MerlinEM Medipix3 detector from Quantum Detectors was used 

with a camera length of 40 cm and a probe semi-convergence angle of 20.4 mrad. The detector was 

operated in 1-bit mode, which allowed effective detection of one electron per detector pixel in a 

single frame, with a fast pixel dwell time of 25 µs, corresponding to a frame rate of 40000 fps. The 

ptychographic reconstructions were performed for a 4D STEM dataset containing 400x400 scan 

positions with a pixel step size of 0.0121 nm, using ptychoSTEM, an open-source MATLAB script 

repository available on GitLab83,84,116. 
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The SAED experiments were performed on a JEOL ARM200F equipped with a cold field-emission 

gun and an image CS corrector (CetCOR, CEOS GmbH), operating at an acceleration voltage of 

200 kV. A 20 ɛm selected area aperture resulting in an effective area radius of 120 nm was used 

for SAED pattern acquisition. The resulting SAED patterns were extensively simulated using the 

ReciPro software, as originally introduced by Seto et al205. 

A Gatan heating holder of model No. 652 was used for the in-situ heating experiments. This heating 

holder is equipped with a double-tilt system and a hexring sample support mechanism. The setup 

allows achieving temperatures of up to 1273 K, necessary for accurate and reliable high-temperature 

experiments. During both the heating and cooling experiments, temperature ramps were maintained 

at a constant rate of 20 K/min, ensuring controlled and gradual temperature changes to capture the 

dynamic behavior of the material under investigation. 

2.3 Results and discussion 

2.3.1 Micr oscopic structural investigation of NaRu2O4 along the b-axis 

The RT phase of NaRu2O4 crystallizes in a monoclinic structure within the space group P1121/a, 

with the lattice parameters a = 9.273(6) Å, b = 5.643(3) Å, and c = 11.17(7) Å. Its crystal structure 

is distinctive, particularly along the crystallographic b-axis. In the plane perpendicular to this axis, 

spatial voids are formed by edge-sharing double RuO6 octahedra, which are interconnected with 

neighboring chains via corner oxygen atoms. Along the b-axis, these double chains form a two-

legged zigzag ladder, creating a hollow-channel geometry, a feature commonly observed in various 

CaFe2O4-type lattices206-209. These pseudo-triangular channels accommodate the alkali ions, making 

the material promising for applications in Na-ion batteries and other ion transport-based 

technologies210. Figure 8(a) shows simultaneously acquired HAADF and ABF STEM images, 

revealing the atomic structure along the [010] zone axis.  

Although the elongated rod shape of the crystals typically restricts access to this zone axis for drop-

cast samples, ultramicrotomy-based TEM sample preparation allowed for imaging of the channel 

structure along the b-axis. The HAADF and ABF STEM images provide two-dimensional (2D) 

projection images of atomic column positions with sub-angstrom resolution57. While the HAADF 

image primarily emphasizes the heavier Ru atoms by collecting high-angle scattered electrons, the 

ABF image distinctly reveals sodium ions situated in the central cavity of edge- and corner-sharing 

RuO6 octahedra. This distinction is due to the fact that only low-angle scattered electrons are 

detected, allowing the imaging of lighter ionic species56,57. The superposition with the structural 

model shows a high degree of agreement. In addition, EELS elemental maps were obtained from 
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the same sample area, and the isolation of signals from characteristic energy-loss edges (Na K, Ru 

M5,4, and O K), shown in Figure 8(b), confirms the elemental distribution within the structure.  

 

Figure 8. Representation of the hollow channel geometry of RT NaRu2O4 along the crystallographic b-axis. (a) 

Simultaneously acquired HAADF and ABF STEM images showing the tunnel structure. The inset shows the atomic 

arrangement, with the structural model superimposed. The ABF image shows the presence of Na+ ions in the central 

cavity of the edge- and corner-sharing RuO6 octahedra. (b) EELS elemental mapping over the identical sample area 

confirms the elemental distribution, as the atomic positions match their corresponding positions in the structural model 

(shown with white overlay). Due to the projection of alternating Ru3+ and Ru4+ atomic columns along the b-axis, they 

cannot be distinguished from the EELS signal. Reprinted under the terms of a CC-BY license. © 2025 The authors186. 

To provide a more comprehensive overview of the unique structure of NaRu2O4, Figure 9 shows 

RT STEM HAADF images along different zone axes, directly accessible from drop-cast NaRuO2 

crystals on lacey carbon TEM support grids. The HAADF-STEM images reveal the heavy Ru 

columns (overlaid for each orientation), and since the structure involving Na and O columns is more 

complex, for clarity, a structural model is displayed alongside each image to illustrate the Na and 

O columns along the respective axes. 
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Figure 9. HAADF STEM images of RT NaRu2O4 along various zone axes. The HAADF images show contrast only for 

the heavy Ru atomic columns, while the Na and O columns are not visible. Each image is overlaid with the structural 

model along the respective zone axis, including only the Ru columns. The structural models, showing all atomic species, 

are displayed on the right of each STEM image. Reprinted under the terms of a CC-BY license. © 2025 The authors186. 

2.3.2 Electronic transport measurements 

Due to the unusual tunnel structure of NaRu2O4 with edge- and corner-sharing RuO6 octahedra, the 

material exhibits intriguing bulk electronic properties. Since the electron or hole scattering plays an 

important role in metallic NaRu2O4, the transport properties become crucial to understand the origin 

of the unconventional lattice distortion observed at elevated temperatures141. Figure 10(a) shows 

the electrical resistivity ɟ of a single crystal of NaRu2O4 in the temperature range of 
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300 K Ò T Ò 590 K for both heating and cooling cycles. The experiment reveals that the system 

remains metallic with a resistivity in the order of a few ÕÝ-cm throughout the entire temperature 

range. Notably, a hysteresis in electrical resistivity was observed in the heating and cooling cycles, 

indicating a first-order phase transition at TC = 535 K.  

 

Figure 10. Temperature-dependent resistivity for NaRu2O4 in both heating and cooling modes between 590 K and 

300 K141. The resistivity hysteresis, associated with a first-order phase transition, is indicated by the dotted line, the critical 

transition temperature of TC = 535 K is highlighted by the vertical, black dashed line. (b) One-dimensional (1D) Ru chain 

along the b-axis tunnel structure. Above TC, all atoms are equally spaced with the lattice constant b = 2.82(15) Å and the 

space group Pnma. Below TC, the periodicity doubles to 2b = 5.643(3) Å with a symmetry-breaking transition to the 

P1121/a space group and the Ru-Ru bonds are shortened, as shown in the lower chain. This process leads to Ru4+-Ru3+ 

dimerization along the b-axis. The physical consequence of such 1D electronic behavior is well defined as a Peierls-type 

phase transition in condensed-matter physics and leads to the formation of Ru dimers, highlighted in gray at the bottom. 

Reprinted under the terms of a CC-BY license. © 2025 The authors186. 

According to the preceding study, the q = (0, ½, 0) superlattice reflections persist up to a 

temperature of TC = 535 K141. Beyond this temperature, the superlattice peaks undergo significant 

suppression. In the HT phase, the two independent Ru sites, Ru1 and Ru2, are equidistant with an 

interatomic distance of 2.82(15) Å. Upon cooling the material, the transition from orthorhombic 

Pnma to monoclinic P1121/a, along with dimerization in the Ru chains, results in a doubling of the 

unit cell along the b-direction, according to the model shown in Figure 10(b). Simultaneously, the 

Ru sites become inequivalent (Ru1A,B and Ru2A,B). Yogi et al. employed the bond valence sum 

(BVS) method and density functional theory with the local spin density approximation (LSDA and 

LSDA+U) to elucidate the charge pattern for the LT crystal phase17. In the HT phase, all Ru ions 

exist in the average 3.5+ valence state, whereas in the LT phase, a distinction between Ru3+ (Ru1A 

and Ru2A) and Ru4+ (Ru1B and Ru2B) states emerges. Consequently, in addition to bond order, a site-

centered CO is also present in the metallic system at RT.  
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It is possible to study valence changes or different valences of atoms by EELS. However, the Ru 

M5,4 edges, used for EELS elemental mapping in Figure 8, do not exhibit suitable "white lines" for 

valence state analysis. The Ru L3,2 EELS edges, located at high energy losses (L3 = 2838 eV and L2 

= 2967 eV), would provide suitable white lines for valence state determination211. Unfortunately, 

achieving a sufficient signal-to-noise ratio at these energy losses with the available microscope 

setup requires an electron dose that exceeds the materialôs critical threshold for structural stability. 

These edges could be accessed with newer counting detectors featuring low noise floors, as well as 

microscopes and spectrometers optimized for high-energy losses212-215. In addition, stripe-scanning 

techniques could be employed to fractionate the dose across multiple columns, followed by post-

acquisition summation216.  

2.3.3 In-situ heating experiments 

In-situ heating STEM experiments were conducted to examine the reversible structural 

transformation of NaRu2O4. The sample was gradually heated to temperatures slightly above the 

expected transition point and subsequently cooled back to room temperature. Since significant 

structural degradation was observed beyond 600 K, higher temperatures were avoided. HAADF 

STEM images, acquired along the [100] zone axis, are shown in Figure 11. The corresponding 

Fourier transform amplitudes, shown in the insets, reveal Bragg peaks associated with the 

crystalline lattice. The in-plane wave vector amplitude of q = ½ reciprocal lattice units, observed 

for the superlattice peaks, indicates the emergence of a twofold superstructure. Importantly, the 

commensurate q = (0, ½, 0) superlattice peaks, which are characteristic of dimerization, vanish in 

the HT phase and reappear upon cooling to the LT phase. 
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Figure 11. In-situ atomic-resolution HAADF STEM images of NaRu2O4 along the crystallographic [100] zone axis. The 

insets show the Fourier transform of each image. For temperatures below the critical temperature of 535 K, the (0, ½, 0) 

superlattice peaks are clearly visible (the regions with first-order superlattice peaks are outlined in green). Above the 

critical temperature, the structure transforms to the HT-Pnma phase and the superlattice peaks disappear. Upon cooling 

to room temperature, the peaks reappear and the structure transforms back to the LT-P1121/a phase. Adopted under the 

terms of a CC-BY license. © 2025 The authors186. 
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In addition, in-situ SAED imaging was performed on a [100]-oriented single crystal to analyze the 

temperature-dependent structural evolution. The SAED patterns in Figure 12 further validate the 

displacive lattice modulations of the Ru sites at lower temperatures, leading to the observed 

doubling of the unit cell. With increasing temperature, the intensity of the superlattice reflections 

gradually diminishes until they vanish at the critical temperature TC, followed by their reappearance 

upon cooling. These observations indicate an enhancement in bond-order strength and electronic 

correlations well below TC. As an alternative to the SAED measurements conducted in this work, 

advanced STEM diffraction techniques could offer further insights into the temperature-dependent 

structural evolution. For instance, dimerization along the [010] direction could be probed from the 

[100] or [101] zone axis through the emergence of a higher-order Laue zone, which provides 3D 

structural information, as commonly observed in other modulated systems217-219. For microscopes 

equipped with a 4D STEM detector and the capability to perform precession or nanobeam 

diffraction, techniques such as 4D STEM nanobeam diffraction or 4D STEM precession diffraction 

could be utilized to track the emergence and disappearance of [0, ½, 0] superlattice spots. These 

approaches offer the advantage of reducing image distortions arising from instrument instabilities 

while also minimizing electron-beam exposure during in-situ experiments, providing a viable 

alternative to conventional SAED220.  
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Figure 12. In-situ SAED of NaRu2O4, oriented along the [100] zone axis. (a) Temperature profile of the heating cycle. 

(b) TEM image of the [100] oriented crystal before the start of the heating experiment. (c) TEM image of the [100] 

oriented crystal after cooling back to RT. (d)-(l) SAED patterns taken at different temperatures (the areas with first-order 

superlattice peaks are outlined in green). Above the critical temperature, the superlattice peaks disappear and reappear 

when the sample is cooled below TC. The insets in (d), (h), and (l) show simulated SAED patterns for the respective 

phases (LT-P1121/a phase for (d) and (b) and HT-Pnma phase for (h)). In addition, the TEM image in (c) and irregular 

spots in the SAED patterns indicate some degree of structural damage. Reprinted under the terms of a CC-BY license. © 

2025 The authors186. 
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The SAED measurements conducted in this study are sufficient to capture the structural 

transformation and confirm the reversibility of the transition, which induces CDW modulations. 

These modulations are attributed to the formation of distinct molecular Ru4+-Ru3+ dimers. A 

straightforward explanation of the apparent CDW modulations in NaRu2O4 is given by the concept 

of the orbital-driven Peierls transition, which can open a gap at the Fermi level due to symmetry 

breaking, as schematically shown in Figure 13(a)196. This interpretation suggests that the CDW state 

arises due to electron-phonon interactions within the NaRu2O4 single crystal.  

The Ru-Ru dimerization-induced lattice distortion modifies the energy band structure by creating a 

gap at the Fermi surface, leading to a first-order phase transition. This transition is characterized by 

a pronounced hysteresis and a slight decrease in conductivity exclusively at TC, while below this 

temperature, the material remains a good metallic conductor. The presence of a CDW order in the 

metallic state of NaRu2O4 is attributed to multi-orbital effects. Within the molecular orbital 

framework, the dimer and diagonal bonds between dimers along the zigzag ladder structure in the 

b-direction give rise to Z-type charge and bond order clusters, as illustrated in Figure 13(b). 

However, the diagonal bond is not strong enough to drive the system into an insulating state, 

allowing it to retain metallic conductivity below TC
141.  

In addition, the lattice distortions accompanying dimerization can induce periodic modulations in 

the electron density. This type of symmetry breaking aligns with a Peierls-type transition, as 

observed in in the NaRu2O4 single crystal. Typically, Peierls transitions emerge in 1D metallic 

systems at low temperatures due to dimerization196. This study identifies a Peierls-type transition in 

a 3D solid with embedded 1D substructures. The crystal structure of NaRu2O4 exhibits two key 1D 

motives: (1) 1D tunnels and (2) legs of quasi-1D zigzag ladders, collectively form an interconnected 

1D tunnel network within the lattice. This transition bears similarity to the Peierls-type transition 

reported in the K2Cr8O16 hollandite tunnel system, where dimerization occurs within four 2x2 

octahedral 1D chimneys. However, unlike K2Cr8O16, where the transition drives the system from a 

metallic to an insulating state, NaRu2O4 remains metallic below the critical transition 

temperature221. Furthermore, while Peierls transitions in 1D metals typically occur at low 

temperatures, in NaRu2O4, the transition is observed at elevated temperatures, with the ordered state 

persisting at room temperature196. Given these distinct characteristics, the Peierls-type transition in 

NaRu2O4 is classified as ñanomalousò.  
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Figure 13. (a) Schematic of a Peierls transition from the HT phase (left) to the LT phase (right), accompanied by the 

opening of a gap in the electronic spectrum E(K). The distance between lattice sites in the uniform chain is b. (b) Unique 

molecular orbitals formed by Ru4+-Ru3+ dimerization in the Z-type charge and bond order system. Reprinted under the 

terms of a CC-BY license. © 2025 The authors186. 

Figure 14(a) shows a temperature series of atomic-resolution HAADF STEM images of NaRu2O4 

along the [100] direction, all captured from the same region of interest. From RT up to 523 K, the 

four independent Ru sites remain clearly distinguishable. However, beyond the critical transition 

temperature at 573 K, this distinction is lost, and the unit cell size along the b-direction contracts 

by ½ due to the disappearance of dimerization. Interestingly, the HAADF image obtained after 

cooling the sample back to RT confirms the reversibility of the first-order transformation.  

To correlate the STEM observations with the structural models of the two phases established by 

Yogi et al., the dimer bond length along the b-axis was determined from the full field-of-view 

images in Figure 11 for each temperature. In the LT-P1121/a phase, the dimers Ru1A,B and Ru2A,B 

remain distinguishable. The structural models in Figure 14(b) emphasize the relevant lattice 

spacings for each phase. Specifically, the dimer and interdimer bond lengths for Ru1A,B are indicated 

by solid arrows, with theoretical bond lengths of 2.6013 Å and 3.0348 Å, respectively. Notably, the 

dimer bond length is significantly shorter than the actual metal-metal bond length for Ru222. For the 

Ru2A,B dimer, the theoretical bond lengths of 2.6115 Å and 3.0242 Å for the dimer and interdimer, 

respectively, are indicated by dashed arrows. As a result, a clear difference in the interatomic 

distance d between adjacent Ru1A-Ru1B and Ru2A-Ru2B columns is expected due to the pronounced 

dimerization.  

Above the critical temperature, when dimerization disappears, the bond lengths of the dimer and 

interdimer should converge to the theoretical equal value of dtheo = 2.82(15) Å (shown by the blue 

arrows in Figure 14(b)). To quantify the interatomic distances from the full field-of-view HAADF 

images, atomic positions were determined using the 2D Gaussian fitting algorithm Atomap223. 

Initially, the algorithm identifies the positions of all atomic columns of interest by locating the most 

intense local features, separated by a minimum distance. It then refines these positions using the 

center of mass within a circular region at the current position, where the radius is set to 40 % of the 
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nearest-neighbor distance. For the refined positions, the algorithm fits the atomic columns with a 

2D elliptical Gaussian function223. The accuracy of the peak-finding algorithm was evaluated using 

a reference SrTiO3 sample: From an HAADF STEM image, acquired with similar STEM imaging 

conditions as the other measurements of this study, an average distance of d = 390.7 pm (dtheo = 

390.5 pm) with a standard deviation of ů = 2.7 pm was calculated from the distances between 870 

neighboring Sr columns. This demonstrates picometer-level accuracy for the Atomap algorithm, 

comparable to other algorithms based on 2D Gaussian fitting180,224-226.  

The measured bond lengths in Figure 14(b) demonstrate that the experimental lattice spacings are 

consistent with those of the structural models for both the HT and LT phases. The in-situ heating 

experiment confirms the presence of bond order and strong dimerization below the critical 

temperature, which vanishes at temperatures above TC in NaRu2O4. At temperatures above the 

transition temperature, slight structural damage becomes evident through uneven contrast across 

the Ru columns in the atomic-resolution images in Figure 11. These regions contain degradation 

products that manifest as additional, irregular spots in the diffraction patterns shown in Figure 12. 

Notably, no amorphous background is observed in the SAED patterns at elevated temperatures or 

after the phase transition. This suggests that the structural damage results from the combined effects 

of electron-beam irradiation and high temperatures. Similar sample degradation has been previously 

reported by Yogi et al. in in-situ XRD measurements following prolonged irradiation141. 

Additionally, it is well established that continuous electron-beam irradiation accelerates structural 

degradation227. 
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Figure 14. (a) In-situ atomic-resolution HAADF STEM images of NaRu2O4 along the crystallographic [100] zone axis 

with the structural model superimposed for each temperature. (b) Display of the structural models for the LT-P1121/a 

phase (RT to 523 K), which shows four independent Ru sites (dimer Ru1A,B and dimer Ru2A,B), and the HT-Pnma phase 

(573 K), which shows two distinct Ru sites (Ru1 and Ru2). The dashed black boxes indicate the respective unit cells. The 

dimer bond length and interdimer bond length, elucidated as a function of temperature, were derived from the full field-

of-view HAADF images in Figure 11. The solid arrows in the structural model indicate the corresponding lattice spacings 

for the Ru1A,B dimer, while the dashed arrows indicate the lattice spacings within and between the Ru2A,B dimers. The 

dotted lines in the plots represent the theoretical values derived from the structural models. Reprinted under the terms of 

a CC-BY license. © 2025 The authors186. 

2.3.4 Periodic lattice displacement mapping 

To further examine the local atomic displacements during the phase transition, PLD maps were 

constructed by extracting displacement vectors for each atomic site from the HAADF images shown 

in Figure 15. To do so, a reference lattice is essential for a comprehensive visualization of the atomic 

displacement that leads to the doubling of the unit cell along the b-direction. However, due to 

temporal instability in the TEM sample holder, thermal expansion of the sample during the heating 

process, and resulting sample drift, it was not feasible to obtain precise images of the atomic 
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structure at identical locations in both the HT and LT phases. Consequently, direct determination 

of the local atomic displacement was not possible. Instead, to visualize the displacement during 

dimerization, a synthetic HT phase was derived from the LT data following an approach similar to 

that used by Savitzky et al180. A reference HT image was created by removing all satellite peaks 

from the Fourier transform of the HAADF images of the LT phase. The superlattice peaks were 

damped to the background level in the amplitude of the Fourier transform while preserving the 

phase. An inverse Fourier transform was then applied to generate the reference lattice, which lacked 

any components associated with q = ½ reciprocal lattice units.  

Following this approach the atomic positions from HAADF images of the LT phase were calculated 

using Gaussian peak fitting223. The difference between the fitted atom positions of the reference 

lattice and the LT phase was used to produce the PLD maps, shown at the bottom of Figure 15. 

However, it should be noted that while the reference lattice effectively removes superlattice 

reflections, it does not accurately represent the HT phase, as other factors, such as thermal 

expansion, were not considered. PLD maps were extracted for two different crystallographic zone 

axes, providing clear observation of the dimerization along the b-axis. The displacement pattern 

reveals the shortening of the Ru-Ru column distance within a dimer, accompanied by the elongation 

of the interdimer Ru-Ru distance.  
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Figure 15. Visualization of picometer-scale periodic lattice displacements of Ru sites in NaRu2O4 oriented along the (a) 

[100] and (b) [101] zone axes. At the top, the HAADF images show the original LT-P1121/a phase. In the middle are the 

synthetic HT-Pnma images derived from the original LT phase via Fourier processing. At the bottom, the arrows in the 

PLD maps indicate the ionic displacement, calculated as the difference in atomic positions between the (synthetic) HT 

and LT phases. The arrows indicate the displacement at each atomic lattice site, with their length representing the 

displacement amplitude and their color representing the polarization vector angle (the direction of the displacement). 

Adopted under the terms of a CC-BY license. © 2025 The authors186. 

Figure 16 further illustrates the HAADF images used in Figure 15, with an overlay of the fitted 

atomic column positions and the difference image between the HT and LT phases for both zone 
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axes. The enlarged insets in Figure 16 demonstrate the picometer precision achieved by the 

Gaussian peak fitting algorithm223.  

 

Figure 16. Gaussian peak fitting of Ru atomic columns along the (a) [100] and (b) [101] zone axis. The HAADF images 

at the top show the original LT-P1121/a phase from which the synthetic HT-Pnma images shown in the middle were 

derived by Fourier processing. The insets demonstrate the accurate peak positioning of the Atomap algorithm49. The 

difference images at the bottom were calculated from the synthetic HT and the original LT phases and thus represent 

relevant lattice modulations for the two zone axes. Adopted under the terms of a CC-BY license. © 2025 The authors186. 










































































































