Part IV
CHEMICAL AND TOPOLOGICAL ORDER IN SHEAR
BANDS

Although a number of simulation studies on the atomics structure of metallic
glasses, and shear bands in particular, was published in the past 10 years
[59, 61, 69, 136, 137], it is still difficult to connect simulation results with
experimental findings. In the previous chapter we observed that in the case
of Cu-rich Cu-Zr glasses, plastic deformation involves the destruction of
Cu-centered FI clusters, which is in good agreement with recent simulation
studies. It was suggested that these FI-units form a percolating structural
backbone being a pre-requisite for strain localization [32]. This picture, however, has been questioned [33] and up to now it was not possible to distinguish
which structural defects actually lead to shear localization and which defects
are caused by plastic deformation. In this part, we first characterized the
chemical and topological order in shear bands and subsequently investigated
the recovery of shear bands under thermal annealing.

7
S T R U C T U R A L C H A R A C T E R I Z AT I O N O F S H E A R B A N D S

In this chapter, we take a closer look at the structural defects introduced by plastic
deformation. We characterize two glasses of different alloy composition, the
Cu-rich Cu64 Zr36 glass already discussed in the previous chapter, and a Zr-rich
Cu36 Zr64 glass. Both glasses were deformed at 50 K by applying a constant strain
rate of 4 · 107 s−1 with open boundaries in one dimension and periodic boundaries
in the others. In particular, we address the following questions: (i) Is the chemical
short range order affected by plastic deformation and, if yes, how? (ii) Are the
changes in topological short range order in a Cu36 Zr64 glass similar to what we
have observed for the Cu64 Zr36 glass in Section 5.3? (iii) How is the medium range
order damaged during plastic deformation? (iv) Is it possible to discriminate
which defects lead to strain localization and which defects are caused by shear
banding?
7.1

stress-strain behavior

When loaded in uniaxial tension, the Cu-rich as well as the Zr-rich glass deform by
shear banding as shown in Fig. 57(b) and (c). According to the stress-strain curves
(Fig. 57(a)), the stress required for SB formation in Cu64 Zr36 and the subsequent
stress drop is significantly higher than in Cu36 Zr64 . While for the Cu-rich alloy SB
formation starts immediately after the maximum stress is reached, we find about
4% homogeneous plastic strain for the Zr-rich alloy prior to shear banding,which
is reflected in the constant stress between 6% and 10% strain.
In the following we will characterize the structural defects occurring during
deformation and relate them to the macroscopic deformation behavior.
7.2

chemical short range order

In order to see how the changes in CSRO evolve during deformation, we have
calculated the correlation indices Cij (with i, j = Cu, Zr), for a test volume inside
the shear band and in the surrounding matrix, and monitored their changes
during deformation. The resulting data are displayed in Fig. 35. For both glassy
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Figure 34: (a) Stress-strain curves for metallic glasses under tensile deformation. In the (b)
Cu64 Zr36 glass as well as in the (c) Cu36 Zr64 glass plastic deformation occurs
highly localized in one dominant shear band.

alloys the CSRO in the matrix (green) is hardly affected by deformation. In the
region where the SB forms (red), however, we observe significant changes which
are similar for both glasses. At the strain where SB nucleation occurs (see dashed
lines in Fig. 35), we observe a steep increase in CCuCu and CZrZr and a decrease
in CCuZr indicating that the number of Cu-Cu- and Zr-Zr-bonds grows at the
expense of unlike Cu-Zr-bonds. Interestingly, for the Cu-rich alloy we find a
stronger increase in the fraction of Zr-Zr bonds than in the number of Cu-Cu
bonds, while we observe the opposite trend for the Zr-rich alloy. These changes
persist during SB slip up to higher strains and no steady state is reached where
the CSRO is stable, only the slopes of the curves decrease.
Independent of the alloy composition, plastic deformation leads to an increase
in the fraction of Cu-Cu- and Zr-Zr-bonds and a decrease in the fraction of
Cu-Zr-bonds. In the surrounding matrix, the CSRO is hardly affected.
7.3

topological short range order

For characterizing the atomic scale mechanisms involved in shear banding, we
have analyzed local changes in Voronoi volume and topological short range order
upon deformation. Particularly, the fraction of Cu-atoms coordinated in FIs and
their distribution in the sample are monitored. We have, therefore, scanned the
average Voronoi volumes and the fraction of Cu-centered FIs for snapshots at
different strains during tensile deformation (see Fig. 36). Since the evolution of
Voronoi volumes around Cu- and Zr-atoms is similar, only the Voronoi volumes
of Cu-atoms are given in Fig. 36 (a) and (c). For the case of the Cu64 Zr36 glass
(Fig. 36 (a,b)), the evolution of the TSRO was already discussed in Chapter 5. For
better comparison of the two alloys studied in this chapter, the findings will be
recapitulated here: Up to a strain of about 8% the atomic volumes increase linearly
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Figure 35: Changes in CSRO during tensile deformation in both glassy alloys measured by
the variation in the nearest neighbor correlation indices Cij (with i, j = Cu, Zr).
The Cij -values were calculated for a test volume inside the SB and in the
surrounding matrix.

and homogeneously in the whole sample, while the FI occupation decreases slowly
in the whole sample from 22% in the virgin sample to 19.5%. Between 8% and
9% strain a SB forms at the surface which has penetrated the whole sample at
a strain of 9.4%, the point when SB-slip sets in. Inside the SB free volume is
generated which is seen as an increase of the average Voronoi volumes at the
position of the SB at x = 0 (Fig. 36 (a)). At the same time, the atomic volumes in
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Figure 36: Linear scans of (a,c) the average Voronoi volume around Cu-atoms, and
(b,d) the fraction of Cu-centered full icosahedra at different strains during
deformation of a (a-b) Cu64 Zr36 and a (c-d) Cu36 Zr64 glass.

the undeformed matrix decrease as a result of a compressive stress component
introduced by the volume expansion of the shear band. The TSRO in the matrix is
hardly affected since all deformation occurs localized inside the shear band, and
the occupation of Cu-centered full icosahedra remains constant. SB-slip enables
structural relaxations inside the SB and leads to a recovery of the atomic structure,
namely a decrease in free volume and an increase in FI-density. This relaxation
effect can also be seen in the corresponding snapshot in Fig. 57(c), where the
structural recovery inside the SB is visible as a less strained region.
To check whether these observations are transferable to different alloy compositions, we have performed the same analysis for the Cu36 Zr36 glass under tensile
deformation (Fig. 36 (c,d)). Analogous to the Cu-rich alloy, we find increased
Voronoi volumes inside the shear band (Fig. 36 (c)), but the dilatation is not as
pronounced in the case of the Zr-rich glass. Again, the surrounding matrix is
compressed. Surprisingly, the FI-density is not affected by SB formation at all
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Figure 37: Population of Cu- and Zr-centered Voronoi polyhedra in (a,b) Cu-rich and
(c,d) Zr-rich metallic glass for the undeformed material, inside a shear band
and in the surrounding matrix. Only VPs with an initial population of more
than 3% are considered.

(Fig. 36 (d)). Comparing the undeformed glasses, we find that the population of
Cu-centered FIs in the Cu-rich alloy is about 22% compared to only 5% in the
Zr-rich alloy. In literature, it was reported that the FI-clusters with high packing
density and high shear resistance determine the plasticity of Cu-Zr glasses [45]
and that the variation in FI-density with the Cu-content is responsible for the
corresponding variation in yield stress and plastic strain [32]. It was suggested
that metallic glasses derive their exceptional strength from a percolating backbone
of SRO-clusters, which has to be destroyed to enable yielding [57]. Consequently,
in case of the Cu-rich glass with high FI-density the material can only flow if the
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structural backbone is ruptured at sufficiently high stress, as observed inside the
SB. For the Zr-rich glass we did not observe the breakdown of icosahedral SRO
and the yield stress is about 1.7 GPa lower as compared to the Cu64 Zr36 glass (see
stress-strain curves in Fig. 35). There are three candidates to explain this behavior:
(a) The Cu-centered full icosahedron is not the relevant topological feature in this
material and the structural backbone consists of different SRO-clusters with lower
shear resistance leading to a lower yield stress. (b) Although the total FI-fraction
in the Zr-rich glass appears to be constant, FI clusters could still be destroyed
during plastic deformation if the recovery of FIs occurred with a similar rate.
This explanation is based on a study by Lekka et al. [138] who claim that the
deformation of a Cu46 Zr54 glass involves the continuous creation and destruction
of Cu-centered FI clusters resulting in a dynamically constant population of
FIs. (c) A Cu36 Zr64 glass simply does not have a percolated backbone since the
individual FIs are further separated and not interconnected. This would also be
reflected in a low yield stress and could explain why we do not see a decrease in
FI-density in this material upon yielding.
Concerning point (a) we wanted to clarify whether there is any characteristic
SRO-cluster in Cu36 Zr64 glass other than the Cu-centered full icosahedron. We
have, therefore, identified Voronoi polyhedra with a population of more than 3%
which are shown in Fig. 37 for both alloys in the undeformed state (blue) and
after deformation in SB (red) and surrounding matrix (green). The population
of VPs in the Cu-rich glass (Fig. 37 (a,b)) supports the picture of a FI-backbone
that is damaged in the SB, while the surrounding material is hardly affected: the
fraction of Cu-centered clusters with index [0,0,12,0] in the matrix hardly deviates
from the virgin material and inside the SB the FI-fraction is roughly half the initial
value. Changes in the population of other VPs are less pronounced compared
to the change in FI-fraction, but the fraction of Zr-centered clusters with index
[0,0,12,3], [0,1,10,4], [0,0,12,4], and [0,1,10,5] is decreased by several percent in the
SB with respect to the virgin material. Like the full icosahedron, these clusters
are characterized by a large number of pentagonal facets, which are indicative
of dense atomic packing and high shear resistance [45]. Hence, for the example
of Cu64 Zr36 glass we clearly see that densely packed regions with high shear
resistance are destroyed to enable yielding.
In the undeformed Cu36 Zr64 glass (Fig. 37 (c,d)), the most prominent topological
features are Cu-centered clusters with index [0,2,8,1] as well as clusters with index
[0,2,8,2]. The first kind of clusters are present in Cu64 Zr36 glass with a much
lower frequency, while the latter VP occurs with similar frequency. If our first
hypothesis of a new characteristic SRO-cluster was correct, we would expect the
population of these clusters to be significantly decreased inside the SB. Comparing
the population of atomic clusters in SB, matrix and virgin glass, however, we
find that the differences are by far less pronounced than in the Cu-rich glass.
Moreover, the values for SB and surrounding matrix are almost identical for
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Figure 38: Evolution of the total number of FI clusters in addition to the destruction and
creation of Cu-centered FI clusters during tensile deformation with respect
to the number of Cu-atoms: (a) in the SB and (b) in the matrix of the Cu-rich
alloy; (c) in the SB and (d) in the matrix of the Zr-rich alloy.

all VPs considered in our analysis, indicating that there actually is no other
SRO-cluster forming a backbone which is destroyed in the SB.
Next, we investigate the evolution of icosahedral clusters during plastic deformation with regard to point (b) to elucidate the interplay of destruction and
creation of FIs. Fig. 38 shows the evolution of the total number of FI clusters
with respect to the number of Cu-atoms (=total; red), in addition to the number
of FIs which were already present in the original glass structure (=old FI; green)
and the number of newly created FIs (=new FI; blue), in both alloys for SB and
surrounding matrix. Up to a strain of 8%, before strain localization sets in in
either of the samples, we observe the same behavior in the SB and matrix region.
The total fraction of FIs in the Cu-rich alloy (Fig. 38 (a) and (b)) decreases from
22% to 20% resulting from the destruction of almost one third of the original
FI-clusters which is not fully compensated by newly created FIs. In the Zr-rich
glass (Fig. 38 (c) and (d)) on the other hand, the total number of FIs remains
constant, since new FIs are created at the same rate as the initial FIs are destroyed.
At 8% strain about half of the FI-clusters that were present in the initial sample
are destroyed.
When a SB forms between 8% and 10% strain, the total FI-fraction in the SB
region drops from 20% to 15% for the case of the Cu-rich alloy (Fig. 38 (a)). Only
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Figure 39: Evolution of average Voronoi volumes of FIs remaining from the original SRO
(=old FI) and newly formed FIs (=new FI) in SB and matrix during deformation
(a) for the Cu-rich glass and (b) for the Zr-rich glass.

about 20% of the FI clusters remaining from the original SRO are unaffected and
although the recovery of FIs appears to be enhanced inside the SB, as well, we
find a decrease in the total number of FIs. In the matrix, the total number of FIs
slightly increases when the SB forms. This is attributed to the release of elastic
strain in the material surrounding the SB leading to an increase in the number of
original FI clusters. The creation of new FIs does not contribute to the increase
in the total number of FIs in this regime. In the Zr-rich alloy, shear banding
also occurs between 8% and 10% strain. Here, the total number of FIs is actually
constant, in SB and matrix, which is in agreement with Fig. 36(d). Analyzing the
number of remaining original FI clusters we find, however, that almost all original
FI-clusters are destroyed during SB formation. But this decrease in the FI density
is fully compensated by the creation of new FIs. In the matrix we hardly detect
the destruction or generation of FIs.
For strains higher than 10%, when all deformation is confined in the SB, the
total number of FI clusters remains constant in SB and matrix in both samples.
We do not observe a further decrease in the number of remaining original FIs and
the number of new FIs with respect to the initial glass structures appears constant.
In order to learn more about the dynamics of the creation and destruction of FI
clusters, we determined how many FIs are created and destroyed within time
intervals of 0.5 ns during deformation by comparing successive snapshots. This
analysis reveals that although the data in Fig. 36 suggest that no FIs are created or
destroyed for strains higher than 10%, the number of new FIs is determined by a
dynamic equilibrium. While the rate for the creation and destruction of FIs is low
in the matrix, we find 4 and 10-times increased rates inside the SB in the Zr-rich
and Cu-rich glass, respectively. So while the remaining original FI-clusters are
stable and not affected by further deformation, the newly formed FIs are prone to
be destroyed again.
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To determine whether the observations discussed above can be related to the
volume expansion in shear bands, we calculated the average Voronoi volumes
of FIs remaining from the original SRO and newly formed FIs and monitored
their evolution during deformation (Fig. 39). Before shear banding sets in, the
average Voronoi volume of atoms located in original FI clusters is significantly
lower than the Voronoi volume of atoms in new FI clusters for both glassy alloys,
the difference being even more pronounced in case of the Zr-rich glass (Fig. 39
(b)). After SB formation, at strains higher than 10%, the average volume of new
FIs in the SB increases and in the Cu-rich alloy the difference between old and
new FIs almost vanishes with further deformation. In the Zr-rich alloy, however,
we still find a significant difference in the average volume of old and new FIs
inside the SB, even at 18% strain. The flow dilatation observed in the Zr-rich glass
can, therefore, be attributed to the destruction of the original SRO.
In summary, we found that SB-formation in a Cu36 Zr64 glass leads to the formation of free volume inside the SB similar to the case of a Cu64 Zr36 glass. Other
than in the Cu-rich glass, however, this increase in free volume at first glance
appeared not to be related to the destruction of densely packed FI-clusters. Applying the Voronoi analysis we could rule out that there is a different characteristic
topological feature with similarly high packing density that is destroyed upon
yielding. Analyzing the evolution and destruction of FI clusters we observed
that in both glassy alloys the original icosahedral SRO is destroyed in the SB.
The destruction of FIs, however, is compensated by the simultaneous recovery
of FI clusters. In the Zr-rich alloy the creation of new FIs fully compensates the
destruction of the initial FI clusters, while in the Zr-rich alloy the creation of FIs
can only account for a partial recovery of the TSRO. The flow dilatation in the SB
observed in the Zr-rich glass can be explained by the destruction of the original
SRO, since the newly formed FI clusters are characterized by a lower packing
density than the original FI clusters.
In the next section we will focus on the medium range order of the two glassy
alloys and try to gain more insight in the nature of the structural backbone
of interconnected FI-clusters in different Cu-Zr glasses and its role for plastic
deformation.
7.4

medium range order

As previously reported by Lee et al.,[46] the medium range order in the Cu–Zrglasses studied here can be characterized in terms of strings or networks of
volume-sharing SRO-clusters, namely Cu-centered icosahedra. Depending on
the alloy composition, the size n MRO of these MRO-clusters varies, as well as the
degree of cross-linking, which we characterize by the number of neighboring
icosahedra NFI , i.e., how many neighbors in the first coordination shell are also
centers of other icosahedra. For the case of the Zr-rich glass with low FI-density,

85

structural characterization of shear bands
(a) xCu=0.36: matrix

60

40
30
20
10
0

0.04

0.08
ε

0.12

30
20

0

0.16

(c) xCu=0.64: matrix

25
20
15
10
0

0.04

0.08
ε

0.12

0.16

0

0.04

0.08
ε

0.12

0.16

(d) xCu=0.64: SB

30
fraction of FIs [%]

fraction of FIs [%]

40

10

30

5

N=0
N=1
N=2
N=3
N≥4

50
fraction of FIs [%]

fraction of FIs [%]

50

0

(b) xCu=0.36: SB

60

25
20
15
10
5

0

0.04

0.08
ε

0.12

0.16

Figure 40: Changes in cross-linking between FI-units during tensile deformation for a
(a,b) Cu36 Zr64 - and a (c,d) Cu64 Zr36 glass : Fraction of FI-units with a certain
number of FI-neighbors NFI measured for a test volume inside the SB and in
the surrounding matrix as a function of the applied strain.

the average number of icosahedral units per MRO-cluster is n av
MRO = 1.4 in
the undeformed material and about 55% of the FIs are non-interpenetrating
FIs (NFI = 0). In the Cu-rich glass on the other hand, we find on average 7.1
icosahedral units per MRO-cluster and the degree of cross-linking is significant
with only 6% of non-interpenetrating FIs.
Firstly, we have analyzed the changes in cross-linking during deformation
by evaluating the fraction of FIs with a certain number of FI-neighbors NFI at
different strains, again for a test volume inside the SB and in the surrounding
matrix (see Fig. 40). In agreement with the results for the Zr-rich glass discussed
in the previous section, where we did not observe variations in the FI-density
upon plastic deformation, the number of FI-neighbors remains the same as in
the undeformed state, in the SB as well as in the matrix (Fig. 40(a) and (b)). In
the Cu-rich alloy, however, we clearly see the effect of plastic deformation on
the FI-network: In the matrix the changes are less pronounced, yet, a systematic
increase in the fraction of FIs which are non-interpenetrating or have only one
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Figure 41: Changes in the average size of MRO-clusters n av , which is the average number
of FI-units per MRO-cluster, during deformation.

FI-neighbor (NFI <= 1) is obvious together with a decrease in the fraction of FIs
with NFI >= 3 for strains higher than 4% (see Fig. 40(e)). At about 8% strain,
which is the strain at which a SB forms, the trend is reversed due to the recovery
of MRO since from that point on all plasticity is localized in the SB. When a
SB forms, the changes are more substantial. Apart from the strong decrease in
the FI-density observed in the previous section, for strains between 8% and 10%
the fractions of FIs with NFI = 0 and NFI = 1 each increase by about 5%-points.
While the fraction of FIs with NFI = 2 decreases only slightly, the fraction of
FIs with more than 2 FI-neighbors decreases significantly. In other words, MROclusters with densely packed interpenetrating icosahedra are disrupted and single
(NFI = 0) or double (NFI = 1) FI-clusters are formed. Moreover, the increase in
the fraction of clusters with NFI = 1 includes the FIs located at the end of a chain,
which form when a longer chain is cut into pieces. After the SB has penetrated
the whole sample at a strain of approximately 10%, the fractions of FIs with a
certain NFI remain constant indicating a steady state flow regime. This, however,
does not mean that the remaining FI-network is stable and not affected by further
deformation. Instead, as observed by Lee and co-workers [139], plastic flow inside
the SB involves the constant destruction and recovery of MRO-clusters, which is
in equilibrium in the steady state flow regime.
The trends described above are also reflected in the variation of the average
size of MRO-clusters during deformation (see Fig. 41). While the average cluster
size does not change at all in case of the Cu36 Zr64 glass, the average number of
FIs per cluster decreases from 7.1 to 5.6 in the Cu64 Zr36 glass. Since we have
only determined the n av
MRO for the whole sample, we expect the effect to be even
more pronounced inside the shear band. Interestingly, the decrease in n av
MRO
occurs at strains below 8%, i.e., before the SB forms. This could mean that the
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Figure 42: Evolution of MRO-clusters during deformation inside a shear band in (a) a
Cu36 Zr64 glass and (b) a Cu64 Zr36 glass: For better illustration only the clusters
in a slice of the thickness of one FI-unit is displayed; the sections are chosen
inside a shear band and the size of the boxes is 9x8 nm2 . Red atoms represent
FI-centers and blue atoms are located in their first coordination shell.

disruption of MRO-clusters locally destabilizes the structure of a Cu64 Zr36 glass
and is, therefore, one possible prerequisite for strain localization. Then again, the
Zr-rich glass also deforms by shear banding, even if SRO and MRO appear to be
hardly affected.
In order to visualize the findings discussed above, we have taken snapshots of
the evolution of icosahedral clusters inside the SB during deformation (Fig. 42); for
clarity, only the FI-clusters within a slice of the thickness of one FI are displayed.
In line with the quantitative analysis, the snapshots demonstrate that in the case
of the Zr-rich alloy (Fig. 42(a)), neither the number nor the distribution or crosslinking of the FI-clusters is affected by plastic deformation. For the case of the
Cu-rich glass (Fig. 42(b)) we clearly see how the density of FIs decreases along
with the disruption of highly interconnected clusters.
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7.5

summary

To conclude this chapter we go back to the questions posed in the introductory
paragraph to see whether our study on structural defects inside SBs could provide
adequate answers.
(i) Is the chemical short range order affected by plastic deformation and, if yes, how? In both glasses investigated here, we found the CSRO to be affected inside the
SB while the surrounding matrix is hardly affected. Independent of the alloy
composition, plastic deformation inside the SB leads to an increase in the fraction
of Cu-Cu- and Zr-Zr-bonds and a decrease in the fraction of unlike Cu-Zr-bonds.
(ii) Are the changes in TSRO in Cu36 Zr64 glass similar to defects in Cu64 Zr36 glass? Similar to the case of the Cu-rich glass we found that SB-formation in the Zr-rich
glass leads to an increase in free volume inside the SB. While in the Cu-rich glass
we identified the decrease in the total number of densely packed FI clusters inside
the SB to be most relevant for the dilatation, the total number of FIs is constant in
the Zr-rich glass. Here, the destruction of the original icosahedral SRO is fully
compensated by newly formed FI clusters. These new FIs, however, show a lower
packing density than the original FIs, which leads to a volume expansion inside
the SB. By studying the population of other types of atomic clusters we could
rule out that there is a different topological feature with high packing density
which is responsible for the shear stability of Cu36 Zr64 glass and is destroyed
upon yielding.
(iii) How is the medium range order damaged during shear banding? - We have
analyzed the evolution of MRO-clusters built from interpenetrating FIs during
deformation, specifically, the degree of cross-linking and the average cluster size.
For the Cu-rich alloy we found that together with an absolute decrease in the
number of FIs, the degree of cross-linking decreases when a SB forms indicating
that highly interconnected clusters are disrupted. The average size of the MROclusters decreases even before SB-formation which indicates that the breakdown
of the MRO-network is one possible prerequisite for structural destabilization and
strain localization. Yet, in the Zr-rich glass, where the FI-density as well as the
degree of cross-linking between FI-units is substantially decreased with respect to
the Cu-rich glass, the MRO-clusters are hardly affected during deformation. But
still, the glass deforms by shear banding.
(iv) Is it possible to discriminate which defects lead to strain localization and which
defects are caused by shear banding? - Taking into account the results presented
here, we still cannot identify the process/es leading to shear localization in Cu-Zr
glasses. The observed changes in CSRO as well as the TSRO and MRO (with
the exception of the decrease in the average MRO-cluster size in Cu64 Zr36 glass)
occurred during SB formation and/or SB slip and are, therefore, a result of
plastic deformation. Consequently, we assume that the concept of a structural
backbone of interpenetrating FI-units, which is locally destabilized causing strain
localization in a SB, is not appropriate to describe the plasticity of Cu-Zr glasses.
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ANNEALING

The highly deformed material inside a shear band acts like a second phase with
lower density, lower elastic modulus and yield strength [81, 82], and an increased
diffusivity [140]. Due to the limited atomic mobilities at ambient conditions, shear
bands still contain a frozen amount of excess volume after the applied stress is
removed [95] and remain weak points in a deformed metallic glass sample. When
annealed at elevated temperatures (below the glass transition temperature Tg ),
however, shear bands recover substantially by annihilation of the excess volume
and relaxation of the short range order [141, 142, 95, 140, 143, 144], wherefore
the strain softening due to plastic deformation is reversed [140]. After annealing,
however, pre-deformed and recovery-annealed samples still exhibit an enhanced
ductility as compared to the virgin material [143] and preferential etching is
still observed for the relaxed shear bands [95]. One possible explanation for the
incomplete recovery is that structural relaxation only requires diffusion distances
of less than an atomic diameter, whereas the re-establishment of chemical order
requires long range diffusion, which is not achieved under the given annealing
conditions [95]. This assumption, however, is contradictory to earlier reports
stating that changes in the chemical short range order require only minor changes
of the local chemical surroundings, whereas changes in the topological short
range order require larger rearrangements [145, 142].
In the framework of free volume theory it appears rather surprising that shear
bands do not recover instantaneously when subjected to thermal annealing at
high temperatures: An increase in free volume, as observed in shear bands, is
related to an increase in fictive temperature and, consequently, a decrease in
the viscosity of the glass [146]. At high temperature, the local atomic mobilities
and relaxation times should, therefore, be equivalent to mobilities and relaxation
times in the supercooled liquid leading to fast recovery of structural defects.
This, however, disagrees with experimental observations, where the recovery of
deformed samples at high temperature occurs on time scales in the range of
hours. This inconsistency asks for a detailed investigation on thermal annealing
of plastically deformed metallic glasses to elucidate the atomic scale mechanisms
involved in structural relaxation.
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In this chapter, we study the annealing behavior of a pre-deformed Cu64 Zr36
glass at different temperatures below and above Tg . In particular the atomic scale
diffusional mechanisms driving the recovery are analyzed in detail.
8.1

simulation details

For studying the recovery of shear bands in pre-deformed metallic glass during
thermal annealing, we have performed classical MD simulations. We have simulated uniaxial tensile deformation of a 3 dim.-periodic sample (36x8x26 nm3 ;
432,000 atoms) by applying a constant strain rate of 4 · 107 s−1 in z-direction at
a constant temperature of 50 K. The pressure in x- and y-direction was kept at
0 kbar allowing for lateral contraction. At a strain of 14%, after one extended
shear band had formed, the sample was unloaded to zero stress. The previously
deformed and unloaded sample was then heated with a rate of 0.1 K/ps, annealed for 20 ns at 500 K (≈ 0.55Tg ), 800 K (≈ 0.85Tg ), and 1000 K (≈ 1.05Tg ), and
subsequently quenched to 50 K, again, using a rate of 0.1 K/ps. For comparison,
an as-prepared Cu64 Zr36 glass sample (8x5x12 nm3 ; 32,000 atoms) was subjected
to the same thermal treatments.
The short range order and packing density were analyzed using the Voronoi
tessellation method. As discussed before, the Cu-centered full icosahedra is a key
structural motif in amorphous Cu–Zr alloys, which is why we have focused the
characterization of topological short range order on the population of Cu-centered
FIs.
In addition to the information on TSRO, the Voronoi analysis yields a Voronoi
volume for each atom. Given the theory by Turnbull and Cohen [18], who defined
the excess volume as the difference between the specific volume (analogous to the
Voronoi volume) and the molecule volume (here: atomic volume) and assuming a
constant atomic volume, an increase in Voronoi volume can be directly translated
into an increase in excess volume.
For a comparative study of structural recovery inside the shear band and in
the matrix, we have analyzed the average Voronoi volumes, the fraction of Cucentered FIs, and the CSRO for a test volume of 2 nm thickness in the center
of the shear band, as well as for a test volume in the matrix. In addition, we
have scanned the average volumes and FI-fraction perpendicular to the SB-slip
direction, to gain more insight in the local structural rearrangements during
deformation and thermal treatment. Each scan shown in Figures ?? and 47 is
an average of three single scans at different snapshots within a time interval of
300 ps, in order to minimize statistical fluctuations.
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Figure 43: Annealing of the as-quenched Cu64 Zr36 glass: Changes in relative volume, FIfraction, and chemical short range order are shown for annealing temperatures
of 500 K (≈ 0.55Tg ), 800 K (≈ 0.85Tg ) and 1000 K (≈ 1.05Tg ). At 500 K, thermal
activation is not sufficient to activate structural relaxations, while we observe
a marginal release of free volume and increase in FI-fraction at 800 K. When
the annealing temperature is above Tg , the glass structure relaxes substantially.
The CSRO does not change significantly, independent of the temperature.

8.2

structural relaxation of undeformed cu 64 zr 36 glass

The main goal of this study is to gain a better understanding of the structural
relaxation of plastically deformed metallic glasses. Yet, even an as-prepared
metallic glass is thermodynamically unstable and thermally activated atomic
rearrangements lead to an increase in the overall configurational order of the
system, namely an increase in packing density and an increase in chemical and
topological short range order. Consequently, if we want to distinguish between
the relaxation processes always occurring in a glass which was obtained by rapid
quenching and the recovery of defects caused by plastic deformation, we first have
to analyze an as-quenched (=virgin) metallic glass under annealing conditions.
Figure 43 shows the evolution of the Voronoi volume of Cu- and Zr-atoms
relative to the initial volume, the content of Cu-centered full icosahedra (middle
panels) and the CSRO (bottom panels), during annealing at 500 K, 800 K, and
1000 K. Before comparing the results for different annealing temperatures, we
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want to point out two general features that are present in all three cases: (i) When
comparing the relative Voronoi volumes of Cu- and Zr-atoms during heating, the
larger thermal expansion for Cu-atoms stands out. The volume coefficients of
thermal expansion below Tg can be estimated by
αv =

∆V
V (500K) − V (50K)
=
,
V0 · ∆T
V (50K) · 450K

(8.1)

using the sample volume at 50 K and 500 K, we get a value of αv = 2.1 · 10−5 K−1
for the whole sample. This value is in good agreement with experimental values
of thermal expansions for other metallic glasses as reported in literature (e.g.,
Ref. [142, 146]). The partial thermal expansion coefficients for Cu- and Zr-atoms
are approximated by inserting the according average Voronoi volumes in equation
−5 K−1 and α Zr =
(8.1). Using this approach we get values of αCu
v = 2.5 · 10
v
−
5
−
1
1.9 · 10 K . One possible explanation for this difference in thermal expansion is
a stronger anharmonicity in the interatomic potential for Cu-atoms as compared
to Zr-atoms. In order to confirm this assumption we have simulated energyvolume-curves for Cu and Zr (see Fig. 44). We have, therefore, homogeneously
strained the virgin glass sample to a fixed volume, let the atomic positions relax
and determined the potential energy contribution of Cu-atoms and Zr-atoms. The
resulting curves were fitted by the Birch-Murnaghan equation of state [147] and
the pressure derivative of the isothermal bulk modulus BT0 , which is a measure for
the anharmonicity of the potential, was evaluated. From BT0 we can approximate
the Grüneisen parameter γ ≈ 12 ( BT0 − 1) [148], which is directly proportional to
the thermal expansion, thus, a larger γ means higher thermal expansion. Because
of the strong variation of the fit results with the fitting interval, we have calculated
BT0 as a function of the fitting interval. Over the whole range of fitting intervals
considered, we obtain a higher BT0 for Cu (≈ 3.35) than for Zr (≈ 2.9); the resulting
Grüneisen parameters are γCu = 1.18 and γZr = 0.95. Consequently, the higher
thermal expansion for Cu can be explained by the stronger anharmonicity of the
interatomic potential for Cu-atoms.
(ii) When the sample is heated, the population of Cu-centered full icosahedra
decreases (see Fig. 43, middle panels). This decrease is a result of the anisotropic
thermal expansion of the Cu64 Zr36 -metallic glass studied here, which leads to
an elastic distortion of the icosahedral clusters in the sample and, therefore, the
analysis detects a lower fraction of FIs. This effect is fully reversible and does not
influence the results.
Next we compare the relaxation of excess volume, topological and chemical
SRO in the undeformed sample at different temperatures. When the undeformed
sample is heated to 500 K, the thermal expansion is linear indicating that no
excess volume is released during heating. During annealing at 500 K, changes in
the Voronoi volumes (as well as the sample volume) are hardly detectable and the
final volumes after quenching are almost identical as in the as-quenched case. So
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Figure 44: Energy-volume-curves for Cu-and Zr: a stronger anharmonicity in the interatomic potential for Cu-atoms as compared to Zr-atoms leads to a bigger
thermal expansion for the Cu-atomic volumes.

on the time scales studied here, no excess volume is released at a temperature of
500 K. This is in good agreement with the behavior of the TSRO: taking statistical
fluctuations into account, the FI-fraction in the virgin sample is almost the same
as the FI-fraction after annealing at 500 K and subsequent quenching. The same
holds true for the chemical short range order, where the changes during annealing
are of the order of statistical fluctuations. During annealing at 800 K, we observe
a marginal volume decrease and the final sample volume is 0.04% smaller as
compared to the virgin sample. Again, we find the excess volume to be linked to
the FI-fraction, which increases by approximately 1% during annealing at 800 K.
As for an annealing temperature of 500 K, changes in the CSRO are of the order of
statistical fluctuations and no significant trend is detected. The thermal expansion
deviates from a linear behavior when the glass transition temperature is passed
during heating to 1000 K. After annealing at T > Tg , a total amount of 0.14% free
volume (with respect to the sample volume) has been released and, at the same
time, the FI-occupation is increased by 4%. Interestingly, the volume release as
well as the increase in the FI-fraction only occur within the first 10 ns of annealing,
before both saturate. A possible explanation is that in the final structure, 78%
of all atoms are part of Cu-centered full icosahedra. Since dense packing is not
possible using only FIs (due to its fivefold symmetry), packing frustration will
occur at a certain FI-density, when a further increase in the number of FIs would
lead to a volume increase. Again, the CSRO does not change significantly.
To summarize this section, we have found that the thermal expansion for Cuatoms is larger than for Zr-atoms. At an annealing temperature of 500 K, almost
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no structural relaxation occurred in the as-prepared Cu64 Zr36 glass, while we
observe an increase in the FI-fraction accompanied by a decrease in excess volume
at 800 K and 1000 K. In agreement with our results on shear band formation
above, changes in the TSRO are directly coupled to changes in the packing density.
The CSRO is not changed by thermal annealing on the time scales studied here.
8.3

shear band recovery

After analyzing the structural relaxation of an as-prepared bulk sample under
annealing conditions, this section will focus on the structural recovery of a
deformed metallic glass. Figure 45 shows the evolution of the relative volumes
of the sample and the Cu- and Zr-atoms (1st and 2nd row of panels), changes
in the FI-fraction as an indicator for the TSRO (3rd and 4th row of panels), and
the relative nearest neighbor correlation indices representing variations in the
CSRO (5th row of panels), in shear band and matrix for annealing temperatures
of 500 K, 800 K, and 1000 K. The relative volumes and correlation indices are
given with respect to the according values for the undeformed sample. Looking
at the variation in the relative volumes (Fig. 45, top panels) it is obvious that the
structural recovery of the deformed glass is overlayed with the thermal expansion.
The same holds for the recovery of the icosahedral short range order (Fig. 45, third
row of panels), which is overlayed by the decreasing FI-fraction due to anisotropic
thermal expansion. Consequently, in order to analyze shear band relaxation the
data has to be deconvolved. In the case of the volume data, this is done adapting
a model by Taub and Spaepen [146], according to which the equilibrium thermal
expansion of a glass αth consists of an isoconfigurational contribution resulting
from the anharmonicity of the interatomic potential αiso and a structural change
term reflecting the changes in packing density and chemical order during heating
αstruc :
αth = αiso + αstruc .

(8.2)

Given the definition of the volume coefficient of themal expansion in equation
(8.1), we can write:
∆Vde f
0
Vde
f

=

iso
∆Vde
f
0
Vde
f

+

struc
∆Vde
f
0
Vde
f

,

(8.3)

iso , and ∆V struc are the total volume change, the volume change
where ∆Vde f , ∆Vde
f
de f
due to isoconfigurational thermal expansion, and the volume change due to
0 is the volume of the deformed sample before heating or
structural relaxation; Vde
f
quenching, respectively. Since we do not know the isoconfigurational contribution
to thermal expansion of the deformed sample, we approximate this quantity
by the thermal expansion of the undeformed sample assuming that structural
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Figure 45: Annealing of a pre-deformed sample: Changes in relative volume (1a-c) and
volume changes due to structural relaxation (2a-c), evolution of FI-fraction
(3a-c) and increase in FI-fraction due to structural rearrangements (4a-c), and
the recovery of the chemical short range order (5a-c) are shown for annealing
temperatures of 500 K (≈ 0.55Tg ), 800 K (≈ 0.85Tg ) and 1000 K (≈ 1.05Tg ). At
500 K, only the SB relaxes while the matrix remains unchanged; the thermal
activation does not allow a full recovery. At 800 K, both, SB and matrix,
undergo structural relaxation.
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relaxations during heating of the virgin material are negligible on the time scales
studied here. With this assumption and with ∆V = V ( T ) − V0 , we can estimate
the volume change resulting due to structural relaxation ∆Vstruc by
#
"
0
0
Vunde f ( T ) − Vunde
Vde f ( T ) − Vde
f
f
0
−
.
(8.4)
∆Vstruc ( T ) = Vde
f
0
0
Vde
Vunde
f
f
In order to separately study the relaxation of shear band and matrix, we have
calculated the average Voronoi volumes in a test volume inside the shear band
and in the matrix and compared them to the according average Voronoi volumes
in the undeformed sample to evaluate equation (8.4). The resulting volumetric
changes are identical to changes in excess volume due to the recovery of structural
defects introduced by plastic deformation (see Fig. 45, 2nd row of panels).
In order to eliminate the effect of anisotropic thermal expansion from the
evolution of the FI-occupation we again compare data for the deformed sample
to data for the undeformed sample, using the following relation:
FI
FI
FI
∆cstruc
( T ) = cde
f ( T ) − ∆cunde f ( T ),

(8.5)

FI
FI ( T ) is
where ∆cstruc
is the change in FI-fraction due to structural recovery, cde
f
FI
the FI-fraction in the deformed sample at temperature T, and ∆cunde
(
T
)
is the
f
corresponding change in FI-fraction during heating/quenching of the undeformed
sample. Using this approach we obtain the absolute changes in FI-fraction during
heating, annealing and quenching (see Fig. 45, 4th row of panels).
The results shown in Fig. 45 illustrate that the recovery of a deformed metallic
glass involves the relaxation of excess volume, topological, and chemical short
range order: Independent of the annealing temperature we observe a decrease in
excess volume in the shear band, while the excess volume in the matrix increases
(see 2nd row of panels). The reason for the volume increase in the matrix is
that excess volume is transported from the SB into the surrounding material,
which was subjected to a compressive strain during SB formation and, therefore,
recovers by the absorption of excess volume. The fraction of Cu-centered FIs
increases in the SB as well as in the matrix (see 4th row of panels) and the CSRO,
which was only affected inside the SB, tends to go back to the initial state before
deformation (see 5th row of panels). As mentioned in the previous sections,
we find a strong connection between the local concentration of Cu-centered full
icosahedral clusters and the packing density or excess volume, respectively. In
order to further investigate the nature of this correlation, we have plotted the
change in Voronoi volume due to structural relaxation over the according change
in FI-fraction in the shear band during heating, annealing and quenching for
different annealing temperatures. The resulting graph (see Fig. 46) reflects the
aforementioned observations: we see a linear decrease in the Voronoi volumes,
which is equivalent to a decrease in excess volume with increasing FI-fraction,
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Figure 46: Correlation between recovery of icosahedral SRO and the release of free
volume.

at least if the temperature is below Tg . For temperatures above Tg , the data
points deviate from the linear correlation and we first observe a steeper slope due
to faster relaxation of excess volume, followed by a regime where the Voronoi
volumes hardly change despite a further increase in FI-fraction. This can again be
explained by the packing frustration of icosahedral clusters as discussed in the
previous section for the case of the undeformed sample. In fact, when comparing
the final FI-fraction after annealing at 1000 K in SB and undeformed sample (see
marked area in Fig. 45, panel 3c), we find the SB-value to be only slightly lower
than the final FI-fraction in the undeformed sample.
The relaxation mechanisms are thermally activated and depending on the
annealing temperature different degrees of recovery are achieved during the
studied period of time (see also scans of the final samples after annealing in
Fig. 47): After annealing at 500 K structural inhomogeneities are still present. The
average Voronoi volume in the SB is still about 0.7% higher as compared to the
undeformed material, while the volumes in the matrix are about 0.2% lower (see
marked area in panel 1a). At the same time, the FI-fraction in the shear band is
almost 4% lower than in the matrix (see marked area in panel 3a). The same trend
is found in the CSRO, where considerable differences between SB and matrix are
still present after annealing (see marked area in panel 5a). When the deformed
sample is annealed at 800 K, which is still below the glass transition temperature, a
higher degree of relaxation is obtained since the increased annealing temperature
enables the activation of more relaxation mechanisms. Yet, we still observe a
frozen amount of excess volume inside the SB (see marked area in panel 1b)
and the TSRO and CSRO in the SB deviate from the matrix (see marked areas
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Figure 47: Linear scans of the deformed sample before (= initial) and after annealing (=
final) at 500 K, 800 K and 1000 K showing (a) the change in average volume of
Cu-atoms and (b) the recovery of Cu-centered full icosahedra.

in panel 3b and 5b). If the annealing temperature is above Tg (1000 K), the
homogeneous microstructure is recovered and all defects introduced by plastic
deformation are fully relaxed (see marked areas in panel 1c and 3c). At the glass
transition, thermal activation is sufficient to activate all mechanisms contributing
to structural recovery and, therefore, also structural defects present in the asprepared glass can be relaxed during annealing, as observed in the case of the
undeformed sample (see previous section). And in fact, the final FI-fraction after
annealing (marked area in panel 3c) is about 3% higher than in the as-prepared
material (dashed line in panel 3c), both in SB and matrix.
Major structural relaxations already occur inside the shear band during heating.
The release of excess volume, the FI-fraction and the NN-correlation indices
saturate after a certain annealing time (see rows two, four, and five in Fig. 45).
This initial ultra-fast recovery is not observable with experimental techniques and
will most likely already occur during deformation at experimental deformation
rates.
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Figure 48: Isothermal change in free volume during annealing at 800 K. The data was
fitted by a stretched exponential function (∆β = 4%; ∆τ = 3%).

In order to extract quantitative information on the relaxation kinetics we have,
therefore, only considered the isothermal part of the volume relaxation. According
to Haruyama and Inoue [149], the change in reduced free volume x during
isothermal annealing at a temperature below Tg can be fitted by a stretched
exponential function
"   #
t β
x = xeq + ( x0 − xeq ) · exp −
,
(8.6)
τ
where xeq is an equilibrium value of the reduced free volume at t → ∞, x0 is
the initial value, τ is the relaxation time, and β is the Kohlrausch exponent. We
have fitted equation 8.6 to the volume relaxation data obtained during annealing
of the virgin sample and the shear band in the deformed sample (only for
annealing temperatures below Tg ). The reduced free volume can be estimated
by comparing the density of the glass to the density of an ideal glass (for details
see Ref. [149]). Due to the lack of data for an ideal glass we have used the value
of the undeformed glass after annealing at 1000 K, which we assume to be close
enough to the state of a relaxed glass. Since the number density is equal to the
reciprocal average Voronoi volume, we have calculated the reduced free volume
by x = (V − V ideal )/(0.5 · V ideal ), where V is the average Voronoi volume in the
annealed sample and V ideal is the average Voronoi volume in the relaxed glass
at the corresponding temperature. Numerical fits to our data (see Fig. 48 as an
example) yield a Kohlrausch exponent β = 0.63, which is in the range of what
has been reported in literature for the isothermal relaxation of metallic glasses
below Tg (e.g., Ref. [149]). The Kohlrausch exponent takes values between 0 and
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1, where β = 1 reflects a single activation energy [16], while a smaller value
suggests a broad distribution of activation energies. The structural relaxation
observed in our simulations is, therefore, facilitated by a number of processes
with different activation barriers. Interestingly, we find the same β for shear
band and undeformed sample, which indicates that the same processes that occur
during the relaxation of an as-prepared metallic glass are involved in the recovery
of the highly strained material inside the shear band. The difference, however,
is found in the relaxation times, which is 13-times longer in the virgin material
as compared to the SB for annealing at 500 K, or 7-times longer for an annealing
temperature of 800 K, respectively.
In this section we have studied the structural recovery of a pre-deformed
Cu64 Zr36 glass during thermal annealing at different temperatures below and
above Tg . To characterize the relaxation mechanisms we had to eliminate the effect
of thermal expansion from our data by comparing the data for the pre-deformed
sample to the data for an undeformed sample. We found the relaxation of excess
volume as well as the recovery of chemical and topological short range order to
contribute to structural recovery. A linear correlation between the increase in
packing density with the increase in icosahedral short range order was found
for annealing temperatures below Tg . The recovery mechanisms are thermally
activated and the degree of recovery depends on the annealing temperature:
after annealing at 500 and 800 K, structural inhomogeneities were still significant,
whereas annealing at a temperature above Tg leads to a homogeneous microstructure with lower excess volume and a higher degree of topological short range
order as compared to the virgin sample.
8.4

atomic scale relaxation mechanisms

In order to identify the mechanisms contributing to structural relaxation in
shear band and matrix at different temperatures, we have utilized the ability of
MD simulations to study individual atomic jump processes. Since relaxation
mechanisms in the supercooled liquid regime differ from mechanisms in the
glassy state and studying individual jumps becomes more difficult due to high
atomic mobilities, we have limited the characterization of relaxation mechanisms
to temperatures below Tg . During a time interval of 20 ns at constant temperature,
the jump lengths inside SB and matrix were evaluated for both atomic species
and the resulting distributions were plotted in Fig. 49. Again, we have performed
the same analysis for the undeformed sample for comparison. At an annealing
temperature of 500 K the jump length distributions for the undeformed sample, as
well as for SB and matrix in the pre-deformed sample contain only one peak. This
peak originates from displacements much shorter than the nearest neighbor (NN)
distance (≈2.6Åfor Cu–Cu–neighbors) and is, therefore, referred to as original
site peak (OSP). This observation is typical for metallic glasses and hints to a
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Figure 49: Jump length distribution for undeformed and deformed samples after ∆t =
20ns during annealing at different temperatures.

collective diffusion mechanism where groups of atoms jump in concert. Due to
the lacking particular length scale for displacements in the glassy state, atomic
jumps lead to a Gaussian-like broadening of the OSP with time, while different
atomic mobilities, i.e., dynamic heterogeneities, are reflected in a deviation from
Gaussianity and tails to longer distances [150, 151]. The OSP for the matrix of the
deformed sample is broadened as compared to the virgin sample and shifted to
larger displacements, which indicates a higher mean square displacement (MSD)
and, thus, higher diffusivity. In the case of the shear band, the peak is located at
even higher displacements and the peak broadening is significantly stronger as
compared to the matrix with a pronounced tail to larger jump lengths. This is
in good agreement with the above findings of an increased excess volume in the
heavily deformed material in the shear band. Interestingly, the distributions for
Cu and Zr atoms are almost identical for shear band and matrix, as well as for the
virgin material, despite the significant size difference and, therefore, supposedly
increased mobility of Cu atoms. This, however, is a typical feature of a collective
jump process which is hardly influenced by individual atomic mobilities [150].
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Figure 50: Probability distribution P(n) of chain length n (=number of atoms involved
in a collective jump event) during annealing at 500 K (a-c) and 800 K (d-f)
for undeformed and deformed Cu64 Zr36 glass. For the deformed samples we
have analyzed P(n) at the beginning of isothermal annealing (= start) and after
20 ns (= end); the evaluated time interval was 200 ps in all cases.

Next, we have characterized collective jumps in SB and matrix qualitatively
as well as quantitatively, to confirm the assumption of collective motion as the
dominant relaxation mechanism at 500 K. For detecting individual jump events
we neglect atoms with a displacement below 1 Å; the remaining atoms are divided
into clusters by analyzing the nearest neighbor environment: if two atoms are
nearest neighbors and have both jumped within a time interval of 200 ps, they
are assumed to belong to the same jump event. For a quantitative analysis of the
collective jump process we have plotted the probability distribution P(n) of the
chain length n for different test volumes in the deformed and undeformed sample
at the beginning of isothermal annealing and after 20 ns (Fig. 50); for better
statistics, we have averaged over three individual distributions. At the beginning
of annealing at 500 K, collective jumps inside the SB involve up to 106 atoms and
the average chain length is considerably higher than in the matrix (Fig. 50 (b)),
where the maximum chain length is only 42 atoms. After 20 ns at 500 K (Fig. 50
(c)), the maximum chain length in both SB and matrix is decreased to 15 atoms,
which is close to the value we observe for the virgin sample (Fig. 50 (a)). This is
in good agreement with the spatial distribution of atomic jumps given in Fig. 51,
where at the beginning of annealing (= start) we observe a considerably higher
frequency of atomic jumps in the SB as compared to the matrix, while after 20 ns
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at 500 K, the distribution of diffusive jumps is homogeneously distributed in the
whole sample and the overall frequency of jumps is smaller than at the beginning
of annealing. When analyzing individual collective jumps at the beginning of
annealing, as displayed in Fig. 52, we find that at 500 K most atoms jump in a
chain-type process in the matrix as well as in the SB. While the chains in the
matrix are mostly linear, the collective jumps in the SB are mostly longer, more
complex chains containing several branches.
During annealing at 800 K, an additional process contributes to structural
relaxation: The jump length distributions for Cu-atoms (see Fig. 49 (c) and (d))
contains an additional feature besides the OSP at about 2.6Å, which is equal to
the Cu-Cu-nearest neighbor distance. In the case of the virgin sample and the
matrix of the deformed sample, the additional peak is clearly resolvable; in the
SB, however, the OSP-broadening is so strong that the NN-peak is only visible as
a hump in the distribution. Due to the elevated temperature, Cu-atoms are able
to perform nearest neighbor jumps in addition to their contribution to collective
motion. The bigger Zr-atoms are less mobile and the frequency of Zr-nearestneighbor-jumps is not significant and, therefore, no additional peak appears in in
the Zr-distribution. The broad distribution of jump lengths in the SB with a long
range tail up to several NN-distances can be explained by secondary jumps during
the studied time interval of 20 ns. Comparing the chain length distributions for
500 K (Fig. 50 (a-c)) and 800 K (Fig. 50 (d-f)), we find a higher number of atoms
per collective jump at an annealing temperature of 800 K, in SB and matrix, as
well as in the undeformed sample. This is in good agreement with what is known
about collective motion in metallic glasses, where an increase in temperature
results in longer chains and larger individual displacements [152]. Again, the
number of atoms involved in one individual jump process is considerably higher
at the beginning of isothermal annealing (Fig. 50 (e)) than after 20 ns(Fig. 50 (f)).
The nature of individual collective jumps at the beginning of annealing at 800 K
(see Fig. 52) is also chain-like. In the matrix, the atomic chains are still mostly
linear, but branched chains are found more frequently than at 500 K. Apart from
a number of chains with less than 10 atoms, which are mostly linear, collective
jumps in the SB at 800 K are complex networks of branched chains involving
a large number of atoms. These clusters of jumping atoms are evocative of a
flow-like motion, as typically found in the undercooled melt (e.g., Ref. [153]).
The spatial distribution of diffusional jumps in the deformed sample (see Fig. 51
(right)) shows that at 800 K structural rearrangements occur in the whole sample
and are not limited to the SB, as observed during annealing at 500 K. This is in
line with the findings above, where we hardly observed structural relaxations
in the matrix at 500 K in contrast to a significant recovery of short range order
at 800 K. Another characteristic of the relaxation mechanism becomes obvious
when taking a closer look at the distribution of atomic displacements during
the total annealing time of 20 ns (see Fig. 51 (bottom)): the diffusive jumps
are not homogeneously distributed, but the images suggest that mobile atoms

105

mechanisms of sb recovery under thermal annealing

800K

SB

dt = 20ns

after 20ns (dt=200ps)
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500K

Figure 51: Atomic displacements in the whole sample during recovery annealing at 500 K
and 800 K at the beginning of isothermal annealing (= start, top row), after
20 ns annealing (middle row), and for the total annealing time of 20 ns (bottom
row). The arrows mark the position of the shear band. Only atoms with atomic
displacements larger than 1.0Å for annealing at 500 K and 1.2Å for annealing
at 800 K are displayed; red atoms are Cu, blue atoms Zr.
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Figure 52: Collective jumps in shear band and matrix at the beginning of annealing at
500 K and 800 K during a time interval of 200 ps. Red and blue spheres
represent Cu- and Zr-atoms at t = 200 ps, while the black dots represent the
initial positions at t = 0; the arrows represent the atomic displacement vectors.

have jumped in chains between a network of immobile atoms. This interpretation
would fit to the observed non-Gaussianity in the jump length distribution (Fig. 49),
which, as mentioned before, is related to a dynamic heterogeneity of the relaxation
mechanism.
The characterization of individual atomic jumps has shed light on the atomistic
mechanisms carrying structural relaxations in pre-deformed metallic glass: At
an annealing temperature of 500 K, structural relaxations occur solely by collective jumps in a chain-type process, while at 800 K, two processes contribute to
structural relaxation, namely nearest-neighbor jumps of the small Cu-atoms in
addition to collective motion. The individual atomic displacements as well as
the number of atoms involved in one collective jump were higher for 800 K as
compared to 500 K, and the chains often contained branches at elevated annealing temperature. At the beginning of isothermal annealing we found enhanced
atomic rearrangements in the shear band at both temperatures, which occurred
by cooperative jumps of a large number of atoms in complex clusters instead of
linear chains, similar to flow-like motion in supercooled liquids. After 20 ns of
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relaxation, atomic rearrangements occurred in the whole sample with the same
frequency and the chain length distribution for SB and matrix was similar.
These results are also relevant for understanding the precipitation of crystalline
phases in shear bands. Experimental studies revealed that during deformation at
low homologous temperatures, nanocrystallites preferentially form inside shear
bands [154, 155]. This observation was explained by increased atomic mobilities
in SBs as a consequence of flow dilatation, which was supported by experiments
on glassy polymers where increased mobilities inside SBs were measured directly
[156]. On first glance, this appears contradictory to the current study, where
enhanced atomic mobilities inside SBs were only detected within the first few
nanoseconds of thermal annealing, time scales not sufficient for crystal formation.
If crystallization or diffusion is, however, studied in situ during deformation,
where the generation and annihilation of excess volume occur simultaneously,
we expect increased diffusivities along SBs as long as a sample is strained. For
the case of a pre-deformed sample subjected to thermal annealing, on the other
hand, our results predict no enhanced diffusivity in the SBs. Instead, we assume
that enhanced nucleation kinetics are a result of decreased nucleation barriers for
crystalline phases in a SB due to defects in the short and medium range order.
8.5

summary

In summary, we have studied structural changes in a Cu64 Zr36 glass during plastic
deformation and thermal annealing at different temperatures above and below Tg .
Considering the results presented in Chapter 7, it is not surprising that structural
recovery during thermal annealing involves the relaxation of excess volume,
topological and chemical short range order. The release of excess volume and the
recovery of icosahedral short range order are linearly coupled for temperatures
below Tg . If a critical FI-fraction is reached, however, the excess volume remains
constant due to packing frustration. Depending on the temperature, different
degrees of recovery were achieved during 20 ns of isothermal annealing: a full
recovery of the SB was only observed for an annealing temperature above Tg ,
while after annealing at 500 K and 800 K substantial structural inhomogeneities
remained. A detailed analysis of the atomistic mechanisms contributing to
structural relaxation revealed that at 500 K collective motion is the only relevant
relaxation mechanism, other than at 800 K, where Cu-nearest-neighbor jumps
occur in addition to cooperative atomic jumps. The number of atoms per jump
and the individual atomic displacements are higher at 800 K than at 500 K. The
collective jumps showed characteristics of a chain-type process with mostly linear
chains. At the beginning of isothermal annealing, however, we found jumps
involving a large number of atoms in complex clusters or highly branched chains
in the SB, similar to flow-like motion in supercooled liquids. Moreover, we found
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a larger thermal expansion for Cu-atoms as compared to Zr-atoms caused by the
stronger anharmonicity in the interatomic potential for Cu.
Coming back to the introductory remark on the discrepancy between free
volume theory and experimental observations: Our results provide a link between
free volume theory, which predicts instantaneous recovery of shear bands at
elevated temperatures due to locally increased atomic mobilities like in the
supercooled liquid, and experiments, where shear bands recover on time scales
in the range of hours. At the beginning of annealing, we observe relaxation
mechanisms in the shear band as typically found in the supercooled liquid
state. Yet, due to the fast annihilation of excess volume in this regime, the
atomic mobilities in the shear band decrease rapidly and after 20 ns annealing
no enhanced diffusivity is found in the shear band anymore. A full recovery on
short time scales is, therefore, inhibited.

109

Part V
NANOGLASSES

After studying the deformation behavior of defect-free, homogeneous metallic
glasses in the previous parts, the following part deals with the influence of
structural inhomogeneities, namely internal interfaces. Starting with one
single interface in Cu64 Zr36 glass generated by joining two planar surfaces,
we study the structure, stability and properties of glass-glass interfaces.
Due to their defective short range order and excess free volume of about
1-2 %, the interfaces exhibit similarities to shear bands that occur in deformed
metallic glasses. When deformed in uniaxial tension, interfaces promote shear
band formation and yielding occurs at lower stress than in a homogeneous
bulk glass sample. This observation is the basis for the study presented
in the subsequent chapter, where we characterize the mechanical properties
of Cu64 Zr36 -nanoglasses, which are produced by the compaction of glassy
nano-particles and, hence, contain a network of internal interfaces.

9
S T R U C T U R E , S TA B I L I T Y A N D M E C H A N I C A L P R O P E R T I E S
O F I N T E R N A L I N T E R FA C E S I N C U 64 Z R 36 - N A N O G L A S S E S

For crystalline materials it is a well established concept to tune materials properties
by varying the grain size. Cold compaction of nanocrystallites as shown in Fig. 53
(top) leads to microstructures where a substantial fraction of the atoms are located
in grain boundaries [157], which strongly influences the mechanical properties
of a material. In general, grain boundaries are defined as 2-dimensional planar
defects in crystalline materials separating domains of different crystallographic
orientation but similar crystal structure [158]. The mismatch between adjacent
grains is accommodated in the interface and, therefore, grain boundaries are
typically less ordered regions. For the case of glasses, in contrast, there is no
established concept of grain boundaries, due to the lack of translational symmetry
and long-range order. If one considers, however, that a high degree of short and
medium range order is found in glassy materials [28, 35], as well, the definition of
a grain boundary in a glass as an internal interface enclosing a domain of atoms
becomes conceivable. In bulk metallic glasses it is a well proven fact that planar
defects do exist, namely in form of shear bands induced by plastic deformation
(see Fig. 53 (bottom)). These shear bands exhibit an enhanced free volume and a
modified local order [136, 59]. The question is whether planar defects in metallic
glasses can be introduced by other means than deformation. Experimentally,
indications for the existence of interfacial areas have been found in compacted
nanopowders consisting of metallic glass-droplets [96], which were proposed to
form a so-called nanoglass [159] (Fig. 53 (middle)). A theoretical analysis of the
structure of interfaces in metallic glasses is, however, still lacking and recently
published simulation results [160] suggest that, depending on the mechanical
properties of the metallic glass, diluted interfaces relax instantaneously by plastic
flow due to internal strains induced by the excess interfacial free volume.
Here, we report results of molecular dynamics simulations which provide direct
evidence for the existence of internal interfaces in metallic glasses. We find that
interfaces are characterized by an excess free volume as well as a defective short
range order, similar to the structural features observed in shear bands. Under
deformation, glass-glass interfaces act as precursors for shear band formation.
Consequently, metallic glass containing internal interfaces (= nanoglass) will
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Figure 53: Different ways for tuning the structure of metallic glasses: Nanoglasses containing grain-boundary-like interfaces can be obtained by powder consolidation
(middle), similar to the synthesis of nanocrystalline materials (top). Another
approach to modify the glass structure is to introduce shear bands by preplastic deformation (bottom). Both, shear bands and interfaces are planar
defects with modified topology.
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show enhanced plasticity, similar to pre-deformed BMGs [80, 81, 82, 83, 84, 85].
Our results suggest that micro-structural features allow to tune mechanical (but
probably also functional) properties of metallic glasses.
9.1

simulation details

For studying the structure, stability and properties of internal interfaces in metallic
glasses, we have performed classical molecular dynamics simulations [100] using
the embedded-atom method potential for Cu–Zr by Mendelev et al. [105]; in all
simulations an integration time step of 2 fs was used. An amorphous Cu64 Zr36 sample was prepared by cooling from the melt: after relaxation at 2000 K for
2 ns to ensure chemical homogeneity, the melt was quenched to 50 K using a
cooling rate of 0.01 K/ps. The atomic structure of the synthesized Cu64 Zr36 glass
exhibited good agreement with data reported in literature [43]. A planar glassglass interface was prepared by joining two planar relaxed glass surfaces at low
temperature (50 K). The sample geometry (4x8x12 nm3 ; 22,836 atoms) is similar
to a bicrystal-setup with 3dim. periodic boundary conditions containing one
interface parallel to the yz-plane.
In order to characterize the mechanical properties of glass-glass interfaces, we
have simulated the tensile deformation of a sample (36x8x58 nm3 ; 949,135 atoms)
containing one planar grain boundary, which was oriented in a 45◦ -angle to the
tensile axis (z-direction) and the x-direction, to ensure maximum shear stress along
the interface plane. For comparison we have also deformed a homogeneous bulk
sample (36x8x75 nm3 ; 1,296,000 atoms). Both samples are slab geometries with
open boundaries in x- and periodic boundaries in y- and z-direction. The samples
were deformed by applying a constant strain rate in z-direction of 4·107 s−1 at a
constant temperature of 50 K. The pressure in y-direction was controlled to be
0 kbar, to allow for lateral contraction.
9.2

structural characterization of a glass-glass interface

Figure 54 (a) shows the distribution of Voronoi volumes and the fraction of Cucentered full icosahedra in a Cu64 Zr36 glass sample with one planar interface
located at x = 0. In a region of about 1 nm width, the Voronoi volumes are
increased by about 1-2 % with respect to the average bulk Voronoi volume Ω0 .
Given the free volume expression by Turnbull and Cohen [18], who defined the
free volume as the difference between the specific volume (analogous to our
Voronoi volume) and the molecule volume (here: atomic volume) and assuming a
constant atomic volume, the increase in Voronoi volume can be directly translated
into an increase in free volume. Hence, the interface between two glassy grains is
characterized by an excess free volume of 1-2 % in our model system.
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Figure 54: (a) Fraction of Cu-centered full icosahedra and Voronoi volumes and (b)
potential energy as a function of the interface position x = 0.

But how is the localized free volume in the interface related to the atomic
structure? For answering this question, we have evaluated the topology of the
occurring Voronoi polyhedra, their frequency and spatial distribution, which
gives a fingerprint of the atomic short range order. If we compare the interface,
assuming a width of 1 nm, to the grain interior by analyzing the population of
the most prominent Cu- and Zr-centered polyhedra (see Fig. 55; only VPs with
a population >3% are shown), structural differences are obvious: In the case of
the grain interior or bulk glass, respectively, the Cu-centered full icosahedron
[0,0,12,0] is the most prominent VP with a population of about 22 % (with respect
to the number of Cu-atoms in the system), which corresponds to a volume fraction
of approximately 15 %. This Voronoi polyhedron is known to be a key structural
motif in amorphous Cu–Zr–alloys, characterized by high packing density [45]
and high shear resistance [43]. In the interface, this structural backbone [32] is
defective, since the fraction of Cu-centered FIs is as low as 10 % (see Fig. 54(a),
red data points), which yields an average FI-fraction in the interface of only 70 %
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interface

Figure 55: Population of (a) Cu-centered and (b) Zr-centered Voronoi polyhedra with a
population >3%. In the grain interior (’bulk’), the Cu-centered full icosahedron
is the most prominent VP. In the interface region (’inter f ace’), which is assumed
to be a volume of 1 nm width at the position of the initial sample surfaces,
the FI-fraction is about 30 % lower. A similar deficiency is found for the Zrcentered polyhedra with indices [0,0,12,3], [0,1,10,4], [0,0,12,4], and [0,1,10,5].
The short range order of the interface shows similar features as found for a
shear band (’SB’) in the same glassy alloy.

of the bulk value. A similar deficiency in the interface is found for the Zr-centered
polyhedra with indices [0,0,12,3], [0,1,10,4], [0,0,12,4], and [0,1,10,5]. Like the
full icosahedron, these VPs are characterized by a large number of pentagonal
facets, which are indicative for areas of dense atomic packing and, thus, high
shear resistance [45]. The structural modifications inside the interface lead to
an increase of the atomic potential energies (see Figure 54 (b)). By comparing a
homogeneous Cu64 Zr36 glass sample to a sample with an interface we estimate
an interface energy of 0.9 J/m2 , which is in the range of grain boundary energies
in polycrystalline materials (e.g. [161]). At this point, we can conclude that
interfaces between glassy grains in Cu64 Zr36 are planar defects of about 1 nm thickness,
with an excess free volume of approximately 1-2 % resulting from a defective short range
order. Similar features have been observed before in simulations of shear bands
in metallic glasses [136, 59] and when comparing the Voronoi analysis of our
interface to a shear band in the same glassy alloy, structural similarities are
obvious.
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Figure 56: Recovery of (a) FI-short range order in interface (ρGB ) and matrix (ρbulk ), and
(b) changes in the mean square displacements (evaluated for ∆t = 200 ps)
during annealing at 800 K.

9.3

stability under compression and thermal annealing

The results discussed above demonstrate the possibility of interfaces between
glassy grains, yet we have no evidence at this point that such defects in the
glass structure will be stable. The examined interface has been produced at very
low temperature (50 K) without applying any pressure, and, therefore, it is not
quite clear how the interface structure might change at elevated temperatures or
under pressure, on longer time-scales or if the model interface was generated in a
different way. In order to address these points, we have studied the stability of
a glass-glass interface under compression. This is particularly interesting with
regard to cold compaction as a possible route for the synthesis of nanoglasses.
During compression at a constant stress of 3 GPa, which is lower than the critical
stress for shear band formation at 50 K, the population of Cu-centered full icosahedra has been evaluated. Most interestingly, we do not observe any topological
changes induced by the applied stress, neither in the grain interior nor in the
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interface. Hence, we conclude that a bulk glass produced by cold compaction
of a glassy powder at can contain 2-dimensional defects between the consolidated glass particles. This result is in line with experiments, where evidence for
interfaces was found in nanoglasses synthesized by powder consolidation [96].
Next, the long time stability of the glass-glass interfaces and their behavior at
elevated temperature was studied. The sample with one planar boundary was
annealed at a temperature of 800 K (≈ 0.85Tg of the dense glass) for 70 ns and, as
an indicator for the degree of short range order, the population of Cu-centered full
icosahedra in the interface region and in the grain interior was monitored (see Fig.
56). Within the first 25 ns of annealing, the fraction of full icosahedra increases in
both test-volumes. The increase in the grain interior, however, is only in the range
of 1 %-point and is attributed to the high cooling rates during preparation of the
initial metallic glass. In the interface region, we see a stronger recovery. After
25 ns the FI-fraction saturates and for an extended simulation time of another
50 ns the population of full icosahedra remains constant, in the grain interior as
well as in the interface (see linear fits in Fig.56) yielding a final difference between
grain interior and interface of about 2 %–points. The recovery of icosahedral short
range order coincides with changes in the mean square displacement calculated
during annealing (Fig. 56(b)): At the beginning of isothermal annealing, the
excess free volume in the interface and the high temperature enable high atomic
mobilities leading to fast structural recovery. In this regime, structural relaxation
is facilitated by collective atomic jumps and the number of jump events as well
as the number of atoms contributing to one jump is higher in the interface as
compared to the bulk material. The relaxation is associated with a release of free
volume which, according to free volume theory (e.g., [146]), causes a decrease in
the atomic mobilities as seen in the rapid decrease in mean square displacement
in the interface in Fig. 56(b). After 25 ns the atomic mobilities remain constant
and the mean square displacement in the interface is only slightly higher than in
the rest of the sample.
We do not observe a spontaneous relaxation of the interface and on MD time
scales the glass structure does not recover. The high thermal stability of the
interface is attributed to the atomic structure of the Cu64 Zr36 glass studied here,
which, as discussed in section 9.2, is characterized by a large population of VPs
with high shear resistance. Consequently, the redistribution of excess free volume
by homogeneous plastic flow is hindered, unlike in a previous study [160] where
a softer metallic glass has been used with a flow strain of only 1% as compared to
4% for the Cu64 Zr36 glass studied here.
Given the thermal stability on MD time scales, together with an interface energy
which is comparable to grain boundary energies in polycrystalline metals and,
therefore, a small driving force for structural recovery, we expect interfaces in
metallic glasses to be stable at ambient conditions. This prediction is supported
by very recent experimental results by Fang and co-workers [162], who found
that a Sc75 Fe25 -nanoglass exhibits different deformation behavior than the corre-

121

internal interfaces in cu 64 zr 36 -nanoglasses

σzz [GPa]

4
3
2
1
bulk sample
interface sample
ρ’bulk

icosahedra fraction

0.22
0.2

ρbulk

0.18
ρSB

0.16
0.14

ρGB

0.12
0

0.02

0.04

0.06
ε

0.08

0.1

Figure 57: Stress-strain-curves for a sample containing one planar interface in 45◦ to the
loading direction and a bulk glass sample under tensile deformation (top) and
development of the FI-fraction during deformation in different sample regions
(bottom). (ρbulk , ρSB : FI-fraction outside and inside the shear band region in
the bulk glass sample; ρ0bulk , ρGB : FI-fraction outside and inside the interface
region in the interface sample.)

sponding melt-spun glass, even after annealing at 473 K. Moreover, shear bands
in pre-deformed samples, which exhibit similar structural features as glass-glass
interfaces, are also stable at ambient conditions and only recover at elevated
temperatures on extended time scales [80, 81, 82, 83, 84].
9.4

deformation behavior

In order to characterize the deformation behavior of a glass-glass interface, we
have simulated the tensile deformation of a glass sample containing one interface,
as well as the deformation of a homogeneous bulk glass for comparison. Compar-
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ing the stress-strain curves for both samples (see Fig. 57), up to a strain of about
4 %, the interface-sample shows the same linear behavior as the homogeneous
sample, only with a slightly reduced slope. This is a result of the lower fraction
of full icosahedral clusters and, consequently, defective structural backbone in the
grain boundary.
At strains higher than 4 %, yielding starts in both samples. For the bulk sample,
this results in a bending of the stress-strain-curve accompanied by a decrease in the
FI-fraction, homogeneously in the whole sample due to shear transformations. At
a critical stress of 4.6 GPa, a SB nucleus is formed which subsequently propagates
along a maximum stress plane, leading to a local drop in the FI-fraction. The
stress decreases abruptly, when the shear band has penetrated the whole sample
and SB slip occurs. Yet, if a sample initially contains a structurally softer region
like an internal interface, where the activation barrier for shear transformations is
lower due to the defective short range order and increased free volume, plastic
deformation is expected to occur mainly in this region. And indeed, we observe
strain localization in the interface-sample directly with the onset of plasticity.
The FI-fraction in the grain boundary decreases from 16 % to approximately 14 %
enabling shear-banding in the interface plane already at a stress of 3.6 GPa, which
is 1 GPa less than for the bulk sample (see Fig. 57). The grain interiors, on the
other hand, hardly contribute to plasticity at all, and the FI fraction remains
almost constant during deformation. Thus, an interface in a metallic glass can act
as a shear band precursor, promoting plastic deformation in the interface plane,
which is in good agreement with the afore mentioned experimental results on a
Sc75 Fe25 -nanoglass, where increased compressive plasticity due to the formation
of multiple shear bands is observed [162]. Similarly, in pre-deformed metallic
glasses pre-induced shear bands were found to act as softer phase with lower
barriers for shear band nucleation [80, 81, 82, 83, 84].
The different degree of shear localization is reflected in the atomic level structure
of the deformed samples (see Fig. 58). For the bulk sample as well as for the
interface sample, the shear band is characterized by an excess free volume of
about 1 % with respect to the average atomic volume in the undeformed bulk
glass. The icosahedra fraction inside the shear bands is 14 %, again for both
samples. The difference, however, between the two samples lies in the glass
outside the shear band: while the atomic volumes and the icosahedra population
in the whole bulk-sample differ from the undeformed values, even outside the
shear band, the atomic level structure in the grain interiors of the interface-sample
has hardly changed during deformation.
9.5

summary

In summary, we investigated the structure, stability and mechanical properties
of internal interfaces in an amorphous Cu64 Zr36 -alloy by MD simulations. Our
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Figure 58: Atomic structure of deformed samples at 12 % tensile strain: linear scans of
average Voronoi volume and FI-fraction reveal similar features for the SB along
the interface compared to the SB in the bulk sample. The atomic structure
in the surrounding matrix is hardly affected for the case of the SB formed
in a pre-existing interface, while in the bulk sample the matrix structure is
modified during deformation.

results provide evidence for the existence of glass-glass interfaces, which are
characterized by a defective short range order and an excess free volume of about
1-2 %. These interfaces are stable on MD time scales and even after annealing at a
temperature close to Tg the atomic structure of the interface clearly differs from
the bulk glass. When deformed in uniaxial tension, the softer glass in the interface
allows for shear band formation at lower stress compared to a bulk glass sample,
similar to the shear bands in a pre-deformed metallic glass.
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10
M E C H A N I C A L P R O P E R T I E S O F M E TA L L I C N A N O G L A S S E S

Given the results presented in the previous chapter, we expect samples synthesized by the consolidation of glassy particles, i.e. nanoglasses, to show significantly
different mechanical properties than bulk metallic glasses produced by other techniques. By introducing shear band precursors like interfaces, shear localization
can be controlled to achieve a more homogeneous plasticity, similar to the case of
pre-deformed metallic glasses (see Section 1.3.2).
In this chapter, we investigate the mechanical properties of Cu64 Zr36 nanoglasses under tensile load using MD simulations and compare to the case of
a homogeneous bulk glass. Whereas the interfaces studied in chapter 9 were
characterized by different local topology and excess free volume, here we also
consider interfaces with a different chemical order. It is well known that in the
case of amorphous Cu-Zr–alloys, Cu-atoms segregate to the surface at elevated
temperatures [163, 164, 165]. When consolidating a glassy nanopowder, which
has been subjected to a pre-annealing process, a NG containing interfaces with
increased Cu–concentration should form.
10.1

simulation details

Three dimensional periodic Cu64 Zr36 nanoglasses with an idealized nanostructure
consisting of columnar grains with a hexagonal cross section were constructed
by consolidating glassy particles cut from bulk glass. Two types of NGs with the
same geometry and same number of atoms (≈ 5.5·105 ) were generated. In one
case a chemically homogeneous glassy powder is used. In the other case we used
a glassy powder with Cu–atoms segregated to the surfaces, which was generated
by pre-annealing a glassy particle at 800 K (about 0.85 Tg ) for 10 ns. Both metallic
glass powders, with and without surface segregation, are sintered by applying an
external hydrostatic pressure of 3 GPa at 50 K to obtain a nanoglass free of pores.
In order to analyze the atomic structure of interfaces in both NGs, the Voronoi
tessellation method was applied.
For studying the deformation mechanism of NGs in comparison to a homogeneous BMG (≈ 1.3·106 atoms), the structures have been deformed under uniaxial
tension parallel to the z-direction. All structures were deformed at 50 K with a
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Figure 59: Tensile stress-strain curves for: a) BMG, and as-prepared homogeneous and
inhomogeneous NGs; b) BMG, as-prepared, annealed, annealed and predeformed inhomogeneous NG, at a constant strain rate of 4×107 1/s.

constant strain rate of 4×107 1/s in z-direction. Periodic boundary conditions
were applied in all three dimensions and the pressure in x- and y-direction was
adjusted to 0 kbar allowing for lateral contraction.
10.2

deformation behavior of as-prepared nanoglasses

The stress-strain curves for both NGs and the BMG under tensile deformation
are plotted in Fig. 59(a). Up to a strain of about 2%, all three curves show a
similar slope and, thus, the interfaces have no strong influence on the elastic
deformation. The stress at which the curves deviate from a linear behavior is
defined to be the yield stress of the samples, which is significantly lower for
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both nanoglasses at about 2.4 GPa compared to the bulk glass with a yield stress
of approximately 3.3 GPa. The same trend is found for the maximum stress,
which is 3.9 GPa for the inhomogeneous NG and 4.0 GPa for the homogeneous
NG compared to 4.7 GPa in the case of the BMG. This can be explained by the
lower activation barrier for shear transformation zones in the nanoglass interfaces
due to a lower population of FI compared to the bulk glass. Cu-centered full
icosahedra are VPs with a high packing density [45] and high shear resistance
[43] and, therefore, those regions in a glass with a lower content of FIs are easier
to deform plastically. This result is supported by an analysis of the atomic scale
mechanisms during deformation, which are visualized using the atomic level
shear strains. Up to a strain of 8%, where the maximum stress is reached, STZs
are only activated in the soft interface regions (see Fig. 60). With increasing strain,
in both NGs, multiple embryonic shear bands are formed along the interfaces and
eventually start to propagate through the grain interiors. Due to the high number
of embryonic shear bands formed in the interfaces, the elastic energy is released
homogeneously in the whole sample. Since shear band propagation is driven
by the elastic energy [87], the local energy release is not sufficient to accelerate
one of the shear bands, so that is goes critical. Consequently, both NGs deform
homogeneously in contrast to the BMG, which exhibits localized deformation in
one major shear band (see Fig. 60, top). The propagation of one single shear band
leads to a significant stress drop in the case of the BMG, which is not observed for
the nanoglasses due to the branching into multiple shear bands leading to a more
homogeneous deformation. For larger strains the homogeneous sample and the
annealed nanoglass show a slight increase in flow stress, which is due to the fact
the shear bands have to rotate in the 3-dim. periodic setup and the Schmid factor
is decreasing. The flow strain of the as-prepared sample, however, is similar to
the annealed and pre-deformed one. In these cases, we observe a strain softening
at larger strains, because plastic flow occurs more homogeneously in a network
of interpenetrating shear bands.
Besides the homogeneously released elastic energy, shear band propagation is
compromised by the intersection of shear bands with different orientation (see
Fig. 60). This effect has already been observed in metallic glasses that were
pre-deformed by cold rolling [81].
A quantitative interpretation of strain localization has been realized by using
the degree of strain localization parameter ψ. A larger ψ value indicates larger
fluctuations in the atomic strain and a more localized deformation mode. Comparing the strain localization parameters for the NGs and BMG (see Fig. 61) at a
strain of 16%, our observation of a more homogeneous deformation in the NGs
is supported. Moreover, the values for both types of NGs are almost identical
indicating that the Cu-segregation to the interfaces does not have a significant
influence on the deformation behavior.
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Figure 60: Local atomic shear strain for a inhomogeneous (with Cu-enriched interfaces) and homogeneous (with homogeneous elements distribution) NGs
as-prepared, annealed, annealed and pre-deformed in comparison with a
BMG, under tensile deformation.
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10.3

influence of annealing and pre-straining

As shown in the previous chapter, glass-glass interfaces annealed at a temperature
close to Tg , are subject to a structural relaxation, involving a partial recovery of the
icosahedral SRO. Still, the interface structure after annealing, is characterized by a
difference in the icosahedral SRO of about 2 % in comparison to the bulk. These
results are in line with experimental observations on pre-induced shear bands
produced by indentation [140] or cold rolling [95], where structural disorder is
retained in the shear bands even after annealing without strongly affecting the
mechanical behavior. Therefore, the questions arises how thermal annealing prior
to deformation does affect the plastic deformation mechanisms operating in a NG.
In order to answer this question, both types of NGs have been subjected to an
annealing process at 700 K ( 0.75 Tg ) for 2 ns. After annealing, the NGs have been
cooled down to 50K and subsequently deformed in uniaxial tension following the
same procedure as before.
At a strain of 8% shear transformations occur in the interfaces similar to the
previous case of non-annealed NGs. When the strain is increased, however, the
deformation mechanism changes. In agreement to experimental observation [95]
the plastic deformation no longer takes place in a network of multiple shear
bands. Instead, the deformation is more localized and at a strain of about 16
%, one dominant shear band is formed. Nevertheless, the plastic deformation
mechanism of the annealed NGs deviates from what has been observed for the
BMG. The shear band in the annealed NGs is not as well localized as in the BMG.
At a strain of 16 % even indications of shear band branching are observed (see Fig.
60), a mechanism which has been reported for BMGs with pre-induced SBs, as
well [82]. The same effect is also seen in the ψ-parameter, where the values of the
annealed samples are higher than for the as-prepared NGs but not higher as for
BMG (see Fig. 61). However, the SRO recovery in the interfaces is slightly more
pronounced for the homogeneous NG, which results in a higher ψ-parameter, and
therefore, a more localized deformation. Moreover, comparing the stress-strain
behavior for the BMG and the annealed NGs (see Fig. 59(b)), the differences are
still significant. Therefore, the interfaces in the annealed NGs still can have an
impact on plastic deformation.
The next question we address is whether a homogeneous deformation mode
can be recovered after annealing. Therefore, the annealed NGs have been
pre-loaded to a strain level of 8%, just where the plastic deformation already
starts to initiate in the interfaces, but no localized shear bands occurs (see
Fig. 60). After unloading to zero strain, the NGs were deformed for a second time. Interestingly, the plastic deformation behavior is almost identical
to that before annealing. The NGs undergo plastic deformation mediated by
multiple shear bands, uniformly distributed over the sample volume. This is
attributed to STZs which affect the short range order and, at a strain of 0.08, occur
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degree of strain localization ψ

mainly in the soft interfaces. This is in good agreement with the ψ-parameters,
which nearly shift back to the same values as found for as-prepared NGs.
Again, the value for the homogeneous
NG is higher indicating stronger shear
as−prepared
localization. Consequently, the SRO
annealed
0.06
annealed
&
pre−deformed
in the interfaces, which had been recovered during annealing, is damaged
during pre-loading and, again, the in0.05
terfaces act as shear band nucleation
sites preventing the plastic deforma0.04
tion to localize in a single shear band
as in the case of BMGs or annealed
BMG inhomogeneous homogeneous
NG
NG
NGs. Analyzing the stress-strain behavior of the different NGs upon tensile deformation (see Fig. 59(b)), we Figure 61: The ψ values for BMG, inhomogeneous and homogeneous NGs,
find the annealing process to increase
as-prepared, annealed, annealed
the yield stress as well as the maxiand pre-deformed at 16% strain.
mum stress. This is due to the recovery of interfacial SRO upon annealing,
which leads to an increase in activation barrier for interface-STZs. Interestingly,
the annealed and then preloaded NG shows an almost identical stress-strain
behavior as the annealed NG, despite the observed differences in deformation
mode.
10.4

summary

In this chapter, we investigated a new approach to improve the plastic behavior of
metallic glasses, namely by producing NGs with microstructural inhomogeneities
obtained by powder consolidation. These inhomogeneities or interfaces possess
an atomic structure which deviates from the bulk and is characterized by an
enhanced free volume, lower SRO and increased potential energy. Under tensile
deformation, the NGs exhibit a homogeneous plastic deformation in a highly
organized pattern of multiple shear bands, distributed in the whole sample, in
contrast to a BMG, where the plastic deformation is confined in one single shear
band. We show that shear banding is preferentially initiated in the interfaces
or soft regions, and these shear bands can distribute the applied strain more
homogeneously. Therefore, it can be anticipated that NGs exhibit an enhanced
ductility as compared with BMG. The plasticity of a NG can, therefore, be easily
tuned by thermal treatment or prior-deformation. Moreover, by varying the
powder particle size and, hence, the interface density, mechanical properties can
be modified, as well.

130

Part VI
CONCLUSION

S U M M A RY

The main focus of this thesis was the investigation of atomic structures and
mechanical properties of Cu–Zr amorphous alloys, particularly the interplay
between the two. The key findings are summarized below.
simulation of cu-zr amorphous alloys
• Fully amorphous metallic glass samples can be synthesized by simulating
melt quenching with a cooling rate of 0.01 K/ps. The densities and PRDFs
of the computer samples agree well with experimental data.
• Interpenetrating FI-units form extended network structures building up the
MRO in Cu-Zr glasses, but there is no percolated backbone of FI clusters in
the glasses studied here.
• The higher the degree of cross-linking in the MRO-clusters, the higher the
local packing density and the lower the local potential energy.
• The cross-linking is more pronounced in Cu64 Zr36 glass and the MROclusters are larger as compared to the Cu36 Zr64 glass.
• A higher cooling rate leads to a lower degree of cross-linking and smaller
MRO-clusters.
• The CSRO in Cu64 Zr36 and Cu36 Zr64 deviates from a statistical alloy; for
both alloys the number of Cu-Cu bonds is lower than expected from the
global composition while Cu-Zr and Zr-Zr bonds are favored, which is in
good agreement with experiments.
intrinsic strain localization
• Shear banding is the dominant deformation regime if tensile deformation is
simulated at 50 K by applying a strain rate of 108 s−1 , if the sample has free
surfaces, and 4 · 107 s−1 , if the sample is fully periodic.
• Strain localization is an intrinsic metallic glass property and even a defectfree sample without free surfaces forms a dominant shear band. Extrinsic
stress concentrators are not necessary for the formation of shear bands.
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• In the presence of free surfaces, a SB forms in a heterogeneous nucleation
process at a free surface, while homogeneous SB nucleation occurs in the
absence of free surfaces. The SB nucleation rate is higher for heterogeneous
nucleation (between 108 s−1 and 109 s−1 ) than for homogeneous nucleation
(≈ 108 s−1 ).
• A SB nucleus forms by the percolation of STZs along a viable shear path. A
critical nucleus propagates along a maximum stress plane.
• Local shearing involves the creation of excess volume in a SB, while the
surrounding material is densified. This densification is caused by the sudden
release of elastic energy at the onset of SB slip allowing the material outside
the SB to relax into a different structural configuration with higher packing
density.
• In the presence of free surfaces, structural relaxations occur in the SB during
deformation.
• There is no intrinsic size effect in the plastic deformation of metallic glasses.
Even in nanowires of only 5 nm diameter, plastic deformation is highly
localized.
• In amorphous Cu64 Zr36 nanowires, strain localization most frequently occurs by shear banding, but if several SBs nucleate simultaneously on different slip planes, a neck forms and the material flows.
• The occurrence of shear banding or necking, respectively, does not depend
on the sample size.
• The activation free energy and specific volume of a shear transformation
zone in Cu64 Zr36 are independent of the sample size (0.5 eV and 0.3 nm3 ≈
20 atoms).
• The large homogeneous elongations observed in experimental studies of
metallic glass nano-samples are likely related to extrinsic factors such as
irradiation damage during FIB milling or heating in the electron beam
during in-situ mechanical testing.
chemical and topological order in shear bands
• The CSRO in Cu64 Zr36 and Cu36 Zr64 glass is affected by plastic deformation
in a SB: in both alloys the fraction of Cu-Cu- and Zr-Zr-bonds increases,
while the fraction of unlike Cu-Zr-bonds decreases. The surrounding matrix
is hardly affected.
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10.4 summary

• In both glassy alloys shear banding involves flow dilatation. In the Cu-rich
glass, the increase in free volume is related to a decrease in the total number
of densely packed FI clusters. In the Zr-rich glass, the total number of FIs
is constant. Here, the destruction of original FIs is fully compensated by
newly formed FI clusters, but the new FIs are less densely packed.
• There is no alternative atomic cluster with high packing density in Cu36 Zr64
glass, which is responsible for the shear stability of the material and which
is destroyed upon yielding.
• In the Cu-rich glass, the MRO-clusters built from FI units are damaged in
the SB; their size and the degree of cross-linking decreases. In the Zr-rich
glass, the MRO in the SB is hardly affected.
• Since both glasses deform by shear banding we conclude that the concept
of a network of interpenetrating FI units, which is locally damaged causing
strain localization in a SB, is not appropriate to describe the plasticity of
Cu-Zr glasses.
• When a deformed sample is annealed at temperatures below Tg , the release
of excess volume and the recovery of TSRO are linearly coupled.
• A full recovery of CSRO and TSRO in a SB can only be achieved for annealing temperatures above Tg .
• At 500 K (≈ 0.55Tg ), collective motion is the only relevant relaxation mechanism. At 800 K (≈ 0.85Tg ), Cu-nearest neighbor jumps occur in addition to
cooperative atomic jumps.
• The number of atoms per jump and the individual atomic displacements
are higher at 800 K than at 500 K.
• The collective jumps show characteristics of a chain-type process with
mostly linear chains, but at the beginning of annealing jumps involve a
large number of atoms in complex clusters or highly branched chains in the
SB, similar to flow-like motion in supercooled liquids.
• Our results provide a link between free volume theory, which predicts instantaneous recovery of shear bands at elevated temperatures due to locally
increased atomic mobilities like in the supercooled liquid, and experiments,
where shear bands recover on time scales in the range of hours: While at the
beginning of annealing relaxation mechanisms in a SB resemble processes
in supercooled liquids, the fast annihilation of excess volume in this regime
causes a rapid increase in the local packing density and after only 20 ns no
enhanced diffusivity is found in the shear band anymore. A full recovery
on short time scales is, therefore, inhibited.
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nanoglasses
• Nanoglasses are metallic glasses with microstructural inhomogeneities obtained by powder consolidation.
• Glass-glass interfaces are characterized by a defective short range order and
an excess free volume of about 1-2%.
• These interfaces are stable on MD time scales and even after annealing at
800 K (≈ 0.85Tg ) the atomic structure of the interface clearly differs from
the bulk glass.
• Upon deformation, a soft interface allows for shear band formation at lower
stress compared to a bulk glass sample, similar to the shear bands in a
pre-deformed metallic glass.
• Under tensile deformation, shear banding is preferentially initiated in the
soft interfaces, resulting in a highly organized pattern of multiple shear
bands, distributed over the whole sample.
• Multiple shear bands can distribute the applied strain more homogeneously,
wherefore we predict that nanoglasses exhibit an enhanced ductility as
compared to BMGs.
• The plasticity of a nanoglass can be easily tuned by thermal treatment,
pre-deformation, and by varying the powder particle size.
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OUTLOOK

The results presented in this thesis raise a number of interesting scientific questions, which could serve as the basis for future studies.
In Chapter 3 and 4 we characterized the chemical and topological order in
different Cu-Zr glasses and the changes introduced by plastic deformation. In
order to develop universal concepts for the processes causing strain localization in
metallic glasses, it is necessary to consider different alloy systems. As a first step
towards understanding the structure and properties of multicomponent glasses, it
is of particular importance to study changes in the structure of binary alloys when
adding a third component, like in recent studies on the Cu-Zr-Al system [30, 166].
Moreover, the differences between metal-metal and metal-metalloid glasses, in
which the CSRO is more pronounced [27], might be worthwhile studying.
As already mentioned in Chapter 8, experimental studies revealed that during
deformation at low temperatures, nanocrystallites preferentially form inside shear
bands [154, 155]. Moreover, Pauly et al. observed that the deformation-induced
phase transformation increases the ductility of Cu-Zr based bulk metallic glasses
[167]. The atomic mechanisms leading to crystallization at temperatures well
below the glass transition temperature are still not fully understood. Given the
availability of an adequate interatomic potential, which is capable of reproducing
the phase diagram of an alloy system as well as the properties of the glassy phases,
MD simulations could provide insights how local order, deformation temperature
and local strain influence the crystallization kinetics. Moreover, the influence of
nanocrystallites on the mechanical properties of Cu-Zr glasses can be studied
by deforming Cu-Zr glasses with pre-induced nanocrystallites. In this approach,
precipitates of different crystalline phases can be compared and the size, shape
and distribution of the crystallites can be easily varied.
The promising results on metallic nanoglasses presented in Part V open a whole
new field of glass research. Concerning the mechanical properties of metallic NGs,
the most obvious question is whether concepts known from polycrystalline metals
can also be applied to amorphous metals: How does grain refinement affect the
mechanical properties of NGs? Can the properties of NGs be modified by the
enrichment with certain elements in the interfaces? How does the precipitation of
second phases, either crystalline or amorphous, alter their mechanical response?
But nanoglasses are not only interesting for their structural properties, they are
also candidate materials for functional applications. Recent experimental studies
[168] revealed unique magnetic properties of Fe-Sc nanoglasses. The relationship
between atomic level structure, structural defects, and electronic and magnetic
properties could be investigated using density functional theory calculations.
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Oxide nanoglasses are potentially appealing as ionic conductors due to fast
diffusion paths provided by the glass-glass interfaces. In lithium ion batteries,
where amorphous Si-C-O is investigated as a promising anode material [169], fast
diffusion paths along internal interfaces could enable faster lithium intercalation
and deintercalation. A combination of density functional theory calculations and
large scale molecular dynamics simulations could provide insights in structureproperty relationships.
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The results presented in Part v, which were published in two articles [A2, A3],
originate from a joint project and include data from D. Sopu. For Chapter 9,
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