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Kurzfassung

Selektives Laserstrahlschmelzen metallischer Materialien (engl.: Metal Laser Powder Bed
Fusion; PBF-LB/M) ermdglicht durch den schichtweisen Bauteilaufbau hohe geometrische
Freiheitsgrade. Die resultierende PBF-LB/M-Mikrostruktur hangt dabei von mehreren Faktoren
ab, darunter  Prozessparameter, Bauteilgeometrie,  Aufbauorientierung  sowie
Nachbearbeitungsprozesse (bspw. Warmebehandlung). Insbesondere fiir den zuverlassigen
Einsatz von Hochtemperaturwerkstoffen aus PBF-LB/M-Prozessen fehlt es derzeit sowohl an
einer zuverlassig Ubertragbaren Datenbasis als auch an reproduzierbaren Priifvorschriften.

Da sich die Geometrie realer Bauteile von zur Kennwertermittlung standardmafig
verwendeten zylinderférmigen Proben unterscheidet, muss untersucht werden, ob direkt
gedruckte PBF-LB/M fertigungsbegleitende Proben vergleichbare Materialeigenschaften
aufweisen, als aus Bauteilen entnommene Proben. Zu diesem Zweck wurde ein generisches
Bauteil entworfen. Das generische Bauteil reprasentiert anwendungsrelevante geometrische
Merkmale, wie bspw. Uberhange, Querschnittsanderungen usw. Weiterhin wurden
fertigungsbegleitende Proben innerhalb des generischen Bauteils integriert. Die Kombination
aus fertigungsbegleitenden Proben und generischen Bauteil bildet das Probeentnahmebauteil.
Die Proben haben relativ zur Baurichtung folgende Orientierungen: 0°, 45° und 90°. Um den
Einfluss der geometrischen Merkmale beurteilen zu kénnen, wurden zum Vergleich
fertigungsbegleitende Proben in denselben Bauorientierungen gefertigt. Die entnommenen
Proben wurden mikrostrukturell untersucht, auf inre mechanischen Eigenschaften geprift und
mit den Ergebnissen der fertigungsbegleitenden Proben verglichen.

Als Werkstoffe wurden die Legierungen IN718 und IN738LC verwendet. Die Ni Superlegierung
IN738LC ist aufgrund der Rissanfélligkeit herausfordernd mittels PBF-LB/M zu verarbeiten.
Obwohl die mechanischen Eigenschaften fir Hochtemperaturanwendungen vielversprechend
sind, ist PBF-LB/M IN738LC noch kein géngiges Einsatzmaterial. Im Gegensatz wird IN718

aus additiver Fertigung bereits in Hochtemperaturanwendungen verwendet.

Mikrostrukturelle  Unterschiede in  Phasenbildung und  -verteilung  zwischen
fertigungsbegleitenden Proben und entnommenen Proben lassen sich auf den PBF-LB/M-
Prozess zurlckfiihren. Die Korngrél3en unterscheiden sich zwischen den Geometrien, wobei
die aus dem Probenentnahmebauteil entnommenen Proben kleinere Koérner aufzeigen. Durch
den Unterschied in den Korngrofen werden auch Unterschiede in den mechanischen
Eigenschaften hervorgerufen. Entnommene Proben zeigen héhere Vickersharten im Vergleich
zu fertigungsbegleitenden Proben auf. Die Zugfestigkeit und die Streckgrenze der
entnommenen Proben liegen deutlich Gber denen der fertigungsbegleitenden Proben. Die
IN738LC Kriecheigenschaften unterscheiden sich von denen von IN718, was auf die

Phasenbildung und unterschiedliche Kriechdeformationsmechanismen zurlckzufihren ist.




Abstract

Metal laser powder bed fusion (PBF-LB/M) enables high geometric design freedom. However,
the resulting PBF-LB/M microstructure depends on several factors, including process
parameters, part geometry, build orientation and post-processing (e.g. heat treatment) etc.
The correlation between the PBF-LB/M microstructure and the influencing factors is not yet
sufficiently researched or understood. Thus, there is currently a lack of transferable databases
and reproducible test procedures, especially for high temperature materials.

Since the geometry of components used in applications generally differs from standard witness
samples, it must be investigated whether directly printed PBF-LB/M witness samples exhibit
comparable material properties to samples extracted from components. Within the scope of
this thesis, a generic component was designed with application-relevant geometric features,
such as overhangs, changes in cross-section, etc. Witness samples were integrated within the
generic component, which combined, form the Sample Extraction Component (SEC). The
(witness) samples are manufactured in three build orientations: 0° (perpendicular to the build
direction), 45° and 90° (parallel to the build direction). The samples extracted from the SEC
are microstructurally and mechanically characterized and compared to the results of witness

samples.

The materials used were IN718 and IN738LC. The Ni superalloy IN738LC is challenging to
process using PBF-LB/M due to its crack susceptibility. Although the mechanical properties
are promising for high temperature applications, PBF-LB/M IN738LC is not yet commonly used
in application. In comparison, PBF-LB/M IN718 is already used in high temperature

applications.

Microstructural differences regarding phase formation and distribution were found between
witness and extracted samples and are attributed to the difference in solidification conditions
during the PBF-LB/M process itself. The grain sizes differ, with the largest grain size found in
the witness samples. The samples extracted from the SEC show smaller grains. The difference
in grain sizes also causes differences in mechanical properties. The Vickers hardness of
extracted samples is higher compared to witness samples. The tensile and yield strengths of
the extracted samples are significantly higher than those of witness samples. The IN738LC
creep properties differ from those of IN718 due to phase formation and different creep

deformation mechanisms taking place.

Vi
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1 Introduction

One of the most common application examples for high temperature materials are turbine
blades in a jet engine. The gas flow route within a typical jet engine can be broken down into
the cold and hot section. In the cold section, average temperatures ranging from ambient to
550 °C can be reached [1]. Components in the cold section can therefore be made of light
weight and high-strength Titanium (Ti)-alloys. The hot section consists of the region from the
combustion chamber to the exhaust nozzle exit. The materials used in the combustion
chamber and in the turbine must endure temperature rises at metallic surfaces between 650 °C
to 1250 °C [1].

Materials used in the hot section must therefore fulfill the following:

¢ Maintain mechanical properties under operating temperatures close to their melting

T .
temperatures (—2<249 > 0.6),
TMelting

e Resist mechanical degradation caused by mechanical and thermal loading over
extended periods of time (i.e. creep resistance),
¢ Resist corrosion and oxidation due to the operation environment within the combustion

exhaust.

The higher the turbine inlet temperature, the higher the achievable efficiency. It is therefore
important to continue optimizing alloys to withstand even higher operating conditions. The
lifetime of turbine components in the hot section is limited by the exposure duration to high
thermal and mechanical stresses, repeated loading and environmental factors [2]. The
expected lifetime for a blade in a stationary gas turbine until first revision corresponds to more
than 25,000 h [3]. Ni superalloys are commonly used for turbine blades and nozzles due to
their mechanical properties and high temperature resistance.

High temperatures combined with high mechanical stresses lead to gradual blade damage.
Integrating conformal cooling channels can prolong the lifetime of components used in high
temperature applications by reducing the component temperatures. Additive Manufacturing
(AM), especially Metal Laser Powder Bed Fusion (PBF-LB/M), is a promising manufacturing

route that allows for such innovate cooling concepts [4].

AM is defined as a digital technology that creates objects using the CAD representation of the
required component by successive addition of materials [5-7]. Several technologies are
classified as AM processes, including Direct Energy Deposition (DED), Electron Beam Melting
(PBF-EB/M), PBF-LB/M, Laminate Object Manufacturing (LOM), Stereolithography (SLA) etc.
The differences between AM technologies lie in the heat source, the feedstock (e.g. wire,
powder, sheets etc.), the feedstock delivery method (e.g. nozzle, powder bed etc.) and the

required post-processing.




All AM technologies are nevertheless based on the following process steps:

1. A three-dimensional CAD model of the product is adapted to account for AM
manufacturing constraints.

2. Using respective build preprocessors, the CAD file is sliced into 2D layers with a
predefined layer thickness.

3. The component is manufactured layer-by-layer until completed.

The PBF-LB/M process is one of the most prevalent AM processes for the manufacturing of
complex metallic components and is considered a potentially feasible manufacturing route in
aerospace and stationary gas turbine industries [8]. The PBF-LB/M process allows for
increased functionality due to the high design freedom. Furthermore, weight reduction via
topology optimization is possible with PBF-LB/M which reduces costs and increases efficiency

even further.

Although complex Ni-superalloy demonstrator components can already be manufactured in
the required quality, experimentally secured process parameters and concepts for a robust
determination of key enabling parameters do not exist yet. The large number of (PBF-LB/M)
process parameters as well as locally varying thermal conditions and individual design features
are among the most important factors leading to the lack of repeatable manufacturing quality.

The Ni superalloy IN718 is a common alloy used in high temperature applications due to its
good weldability. However, the maximum application temperature for IN718 is limited to
650 °C. On the other hand, IN738LC can maintain its mechanical properties up to 950 °C,

however its weldability and crack susceptibility prohibits its use in application.

The correlation of Ni superalloys properties and creep behavior to AM process parameters
(and resulting microstructure) is yet to be understood [9]. In the time between 2007 and 2017,
more than 1980 journal papers were published on various alloys used in AM; Only 8.8% of
these papers studied Ni superalloys [10]. Since then, publications on AM of Ni alloys have
increased. In 2021, 290 publications were analyzed by Sanchez et al. [11]: It was reported that
68% studied powder bed fusion of IN718, while only 3% focus on powder bed fusion of
IN738LC [11].

Considering that across 290 papers on powder bed fusion papers of Ni alloys only 7%
investigate creep behavior, it can be summarized that knowledge on creep behavior of PBF-
LB/M Ni superalloys is limited [11,12]. Long-term PBF-LB/M creep results are scarce in
literature. This can be explained by the extensive experimental series required by DIN EN ISO
204 [13]. This requirement and the large number of PBF-LB/M process parameters lead to an
increase in the number of required PBF-LB/M samples by several folds (almost prohibitively)

in comparison to conventional manufacturing (e.g., casting, forging etc.). In depth creep




analysis is nevertheless necessary for PBF-LB/M components to be considered for high

temperature applications.

When manufacturing components with PBF-LB/M, witness samples are often printed
simultaneously. Witness samples are simple test geometries, such as cylinders, that allow
mechanical testing without destructively investigating the manufactured components. Witness

samples are hence used as a comparative reference.

According to the qualification standard (DIN EN ISO/ASTM 52920 [14]), witness samples
should be manufactured alongside large components for characterization and qualification
purposes. It is generally accepted that the microstructure and thus mechanical properties of
witness samples are representative of those of printed components, which will be used in
applications. The transferability of withess sample properties to components is however largely
unexplored, despite being an important step to qualify PBF-LB/M components for service. The
first research question pursued in this thesis is therefore:

1. To what extent are microstructural and mechanical properties of witness

samples representative of large-scale components?

Components used in application are usually irregular in shape and generally not comparable
in terms of surface area to volume ratio with withess samples. It should therefore be
investigated whether microstructural and mechanical differences exist between witness
samples and components. To ensure that the results are not dependent on a specific build

orientation, different build orientations are to be considered.

The influence of build orientation is not discussed in the aforementioned standard, especially
not in the context of long-term mechanical properties, thus defining the second research

guestion:
2. How do build orientation and microstructure affect creep mechanisms?

The sparse literature on creep behavior of Ni superalloys includes limited information about
how the build orientation affects long term mechanical behavior of PBF-LB/M parts. Since it is
presumed that the extremes of 0° and 90° build orientation show the largest microstructural
differences and thus long-term mechanical properties, it is generally assumed that these build
orientations represent the best- and worst-case scenarios. However, arbitrary build
orientations (e.g. 45°) are barely researched leaving a major gap in knowledge of Ni superalloy
creep behavior. It is therefore possible, that these arbitrary build orientations (e.g. 45°) are

even worse and thus the impact of build orientation needs to be investigated.




This thesis is arranged as follows: Chapter 2 discusses published literature and the state of
the art concerning PBF-LB/M, Ni superalloys, their microstructure and creep behavior.
Knowledge gaps are identified to build the foundation for Chapter 3, where detailed research
goals and objectives are formulated. The experimental procedure and material
characterization methods are described in Chapter 4. Chapter 5 and 6 present and discuss the
results of the two research questions. Chapter 7 summarizes the conclusions and outlines

recommendations for future research.




2 Theoretical Background and Literature Review

Ni superalloys and their metallurgical strengthening mechanisms are first considered before
introducing PBF-LB/M and how the specific processing procedure affects the resulting
Ni superalloy properties, potential defects, microstructures and creep behavior.

2.1 Introduction to Ni Superalloys

There are several definitions for the term superalloy. Most superalloy definitions describe
alloys which can maintain their microstructural integrity and mechanical properties over time
at elevated temperatures of up to 85% of their absolute melting temperature [15]. Some
describe superalloys as alloys with at least two phases, one of which is ordered and the other
one is disordered [16]. Others describe superalloys as alloys that offer high temperature tensile
strength, stress rupture and creep properties, fatigue strength, oxidation and corrosion
resistance and microstructural stability at elevated temperatures of 600 °C and above [17,18].

As mentioned in Chapter 1, Ni superalloys encompass the majority of currently used blade
alloys [19] due to their mechanical properties. The microstructure, specifically the phases
contained in Ni superalloys, is the root cause for the mechanical properties.

Typical phases and the respective crystal structures of Ni superalloys are shown in Figure 1.
The y—phase solid solution is the matrix of Ni superalloys and exhibits a face center cubic (fcc)
crystal structure. The y'—phase (NizAl) is an intermetallic strengthening phase with an Li.-fcc
crystal structure [2]. Due to the fcc crystal structures, the y— and y'-phases are fully coherent.
The y'-phase is usually cubic shaped. Another strengthening phase is the meta-stable y"-phase
(NisNb), which exhibits a body center tetragonal crystal (bct) structure. The bct structure is
semi-coherent with the y-phase causing strain (¢) on the lattice, leading to a larger
strengthening effect of y'' compared to y’. The strain on the lattice is compensated with a
distortion within the lattice. The distortion within the lattice, leads to a disc-shaped y'’-phase
since it is energetically more favourable. At temperatures ranging between 650 °C to 980 °C,
the y"—phase decomposes into the stable §-Phase (NizsNb). The orthorhombic crystal structure

of the §-phase is incoherent within the y—matrix reducing ductility.

In IN738LC the n-phase (NisTi or NisTa) with a hexagonal close packed (hcp) crystal structure
forms when exposed to temperatures ranging between 850 °C and 950 °C [20,21]. The n-
phase forms when MC carbides (i.e. TiC, TaC) decompose. When MC carbides decompose,
grain boundaries are enriched with Ti and Ta [20]. The n-phase must form near MC carbides,

since those are the source of Ti and Ta during thermal exposure.

Carbides (MC, M2Cs, MsC, M+Cs, M23Cg) and borides can be found in Ni superalloys [4,22].

Depending on the location (e.g. grain boundaries), composition (e.g. MC, M2Cs, MsC, M7Cs,




M23Ce) and shape (e.g. needle, lath, disc etc.), carbides increase or decrease mechanical
properties. High concentrations of refractory metals and Cr are required to withstand high
temperatures in a jet engine, as they maintain oxidation resistance and their solid solution
strengthening effect at elevated temperatures and can increase the melting temperature.
However, refractory metals and Cr promote the formation of Topological Closed Packed (TCP)
phases, such as Laves (e.g. TaVs)-, ¢ (e.g. MoFe)- or u (e.g. WeFe7)-phases [23,24]. These
phases exhibit high atomic packing densities due to complex crystal structures [23]. Many of
the TCP-phases show wide ranges of stoichiometry and can form different morphologies [19].
TCP-phases commonly precipitate after long thermal exposure at elevated temperatures or in
some superalloys, such as IN718 and IN738LC, form during solidification [25]. TCP-phases
usually accumulate at grain boundaries [26], thereby embrittling grain boundaries reducing
mechanical and creep properties [23,27-31]. Another disadvantage is that TCP-phases
deplete the Ni-matrix of refractory metals (i.e. solid solution strengtheners). In order to avoid
TCP-phases, the content of refractory metals is reduced, however, since refractory metals are

required for high temperature resistance, they cannot be avoided completely.

y¥" — Phase
DO,, BCT
@ nNi-Atom @Al -Atom @ Nb - Atom @ Ti - Atom T
: @
y — Phase Y' — Phase ® i ° ° & — Phase
1

FCC Ly, FCC
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®

Figure 1 Phases of Ni superalloys and their respective crystal structures, reproduced from [4,32-34]

Ni superalloys can be categorized depending on their strengthening mechanism, as follows:

e Precipitation strengthened Ni superalloys [32]
o Y strengthened
Hardened by the precipitation of the coherent y’ phase typically heat treated to
form a cuboidal structure.
o y" strengthened
v phase is precipitated as semi-coherent disc shaped particles [35].
y' strengthening can occur in addition to that provided by y".
e Solid-solution strengthened Ni superalloys
Material strength is achieved through solid-solution strengthening elements (e.g. Co,
Cr, Fe, Mo, W, Ta, Re) [32]




The Ni superalloys investigated in this thesis, IN718 and IN738LC, are both precipitation
strengthened. IN718 (hominal compaosition shown in Table 1) is one of the most studied Ni
superalloys and is considered suitable for service temperatures up to 650 °C. In this research,
IN718 is considered as a reference alloy since a relatively large amount of information is
available in literature. IN738LC (nominal composition shown in Table 1) is chosen as a
representative alloy supporting even higher service temperatures of up to 950 °C, which is not

well studied to date. The role of the individual alloying elements can be seen in Appendix A.

Table 1 Nominal material compositions of IN18 and IN738LC [4,8,32,36—39]

Al B Cc Co Cr Cu Fe Mn

IN718 0.8 0.0015 0.08 1 21 0.3 11.14 0.35

IN738LC 3.7 0.012 0.13 9 16.3 0 0.05 0.02
Mo Nb Ni Si Ta Ti wW Zr

IN738LC 2 0.9 58.6 0.3 1.75 3.7 2.8 0.08

2.1.1 Introduction to Ni Superalloy IN718

IN718 is a frequently used precipitation strengthened Ni superalloy in, for example, the
aerospace industry as a turbine disk material due to its good high-temperature strength and
corrosion and oxidation resistance [40]. IN718 is characterized by very good weldability and is
thus suited for processing by PBF-LB/M [41,42]. Surplus Nb leads to embrittling segregations
which are frequently found in forged and cast IN718 [43,44]. Their elimination or minimization
during manufacturing poses a great challenge. IN718 is therefore exclusively used in a heat-

treated condition. Heat treatments for IN718 can be divided into:

1. Solution heat treatment step with the aim of dissolving brittle phases and
2. Ageing step with the aim of homogeneous and complete precipitation of the

strengthening y’ and y”-phases [45].

While the main strengthening phases (~20 vol.% [46]), y’ and y”, are beneficial to creep-rupture
properties [12], once y’ decomposes into the 6-phase between 650 °C and 980 °C, the
mechanical properties, especially creep resistance, of IN718 decline significantly [47]. It is
generally accepted that the 6-phase is responsible for IN718 notch sensitivity at elevated
temperatures [48-51]. Especially when formed at grain boundaries, the creep rupture strength

of IN718 has been found to significantly reduce when 3 is present [48].

2.1.2 Introduction to Ni Superalloy IN738LC
IN738LC is a y' (~40 vol%)-precipitation strengthened Ni superalloy developed for turbine

blades [52]; LC stands for Low Carbon. It is a derivative of IN738 for improved castability.




IN738LC has a reduced concentration of C and Zr as well as a reduced tolerance for B in order
to reduce crack susceptibility due to segregation at grain boundaries [8,53-56]. The expected
phases in IN738LC include y, y’ and TCP Phases [8].

The heat treatment for cast IN738LC can be divided into the following steps [10, 56]

e Solution Annealing
e Precipitation hardening

e Hot Isostatic Pressing (HIP) is often carried out to close porosity after casting [57-59].
2.2 Introduction to Metal Laser Powder Bed Fusion (PBF-LB/M)

PBF-LB/M describes the process in which thin layers of powder are deposited on a substrate,
and then selectively melted by a laser according to the slices of a 3D CAD model [5-7]. The
process steps can be summarized as follows:

1. Thin powder layer is spread across the substrate plate.

2. Laser selectively scans the powder layer according to sliced geometry being processed
thus densifying the material.
Powder platform moves up, and the build platform moves down.
Fresh layer of powder is spread on the previously processed layer.

Repeat steps 2 to 4 until the component is completed.

The PBF-LB/M process usually takes place under an inert gas atmosphere, usually Argon (Ar),
to reduce powder oxidation. A brief overview of PBF-LB/M powder characteristics can be found

in Appendix B.

Figure 2a shows the PBF-LB/M machine setup and Figure 2b defines the coordinate system

commonly used and also adopted throughout this thesis.

The direction in which the component is built is referred to as the build direction and
corresponds to the Z-direction, as shown in Figure 2b. The X- and Y-directions are
perpendicular to the build direction.




z
(Build Direction)

Powder (Perpendicular to
Overflow = Build Direction)
Platform Powder
Platform (Perpendicular to Build Direction)

Figure 2 a) Schematic representation of PBF-LB/M machine [60], b) PBF-LB/M coordinate system used
throughout this thesis [61]

The high cooling rate during PBF-LB/M of roughly 108 K/s [62] is the main difference between
PBF-LB/M solidification and conventional manufacturing routes [104]. Comparatively, cooling
rates for casting can reach up to 10 K/s. Equilibrium solidification and thus equilibrium phase
diagrams can therefore not be used to accurately describe PBF-LB/M solidification. Instead,
non-equilibrium conditions need to be accounted for, which is best considered under the

Scheil-Gulliver solidification conditions [63,64] (for more details see Chapter 2.2.4.1).

Figure 3 compares equilibrium and non-equilibrium solidification for IN718. While for both
solidification conditions y-, y’-, 8-phase and MC form, the o-phase forms additionally under
Scheil-Gulliver conditions. The gradient of the Scheil-Gulliver solidification curve is steeper
compared to equilibrium. A rapid shift in gradient along the curve indicates crack susceptibility
since segregations and TCP-phases form when the distribution of alloying elements is not
homogeneous. Hence phase formation and distribution are affected by solidification
conditions.
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Figure 3 IN718 phase diagram calculated using ThermoCalc for equilibrium and Scheil-Gulliver
solidification conditions [65]




The PBF-LB/M microstructure is mostly oriented in build direction, which can be attributed to

grains growing in the direction of the thermal gradient [66].

For 90° and 0° build orientation (refer to Figure 2b for the coordinate system being used) the
conditions for each layer (i.e. amount of surrounding powder and solid material etc.) are similar,
as seen in Figure 4a and c. In the case of the 45° build direction, the conditions are
comparatively more complex as schematically demonstrated in Figure 4b, meaning that the
amount of powder and solidified material surrounding the area to be melted varies for each
layer, increasing the thermal gradients [67]. Additionally, due to the overhang of the 45° build
orientation, powder particles from powder layers underneath could partially melt onto the
overhanging surface increasing surface roughness. According to Sanchez et al. [67], assuming

a robust set of process parameters, the difference in porosity between the build orientations is

insignificant.
a) 90° samples b) 45° samples
Dominant direction of ] 8D Dominant direction of I 8D
grain growth grain growth
Secondary
heat|oss t0 .
powder

Secondary heat |oss to
supports and powder

Primary heat loss Primary heat loss through
through component bulk component bulk

c) 0° samples

Dominant direction of ] BD
grain growth

Secondary
heat loss to =
powder

Primary heat loss through component bulk

Figure 4 Schematic representation of heat loss and grain growth for a) 90° b) 45° and c) 0° build
orientation [67]

2.2.1 Process Parameters

While PBF-LB/M has many advantages, material porosity, cracking and residual stresses are
particularly challenging to improve [4]. Finding the right combination of process parameters is

usually the focus of large experimental campaigns to avoid PBF-LB/M defects.

Yadroitsev discussed more than 100 process parameters that can influence PBF-LB/M
material properties [68]. The majority of research work dedicated to the understanding the

effect of process parameters focuses on laser power, scan speed, hatch spacing, layer
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thickness and preheating temperature [69—73]. Whereas the list of parameters is thus
drastically reduced from Yadroitsev’s list, the studied parameters still present a very large
search space for the optimum process window [74—79]. Linear, area or volume energy
densities (Equation 1) are used to join multiple process parameters into one value that can be
used to characterize the process behavior [62,80]. Although this is an oversimplified
representation of non-linear phenomena as discussed by Bertoli et al. [81], it offers a means
of identifying trends. While the optimum energy density differs for each material, all materials
show similar trends [82]. Energy density affects grain size, precipitate and defect density
[67,83].

Linear Energy Area Energy Volume Energy
Density (Ev) Density (Ea) Density (Ev)
E, = ﬂ E = Py E, = Py Equation 1 Linear, area
v v-h v-h-y and volume energy
density
Where:

e E, = Linear energy (J/m)

e Ea = Area energy density (J/m?)

e Eyv = Volume energy density (J/m?3)

e P = Laser power (W)

e v = Laser scan velocity (m/s)

¢ y = The distance between two consecutive and parallel laser tracks (m)

e h =Powder layer thickness (m)

In addition to the process parameters briefly discussed above, the laser profile and scan
strategy play a large role in reducing defects and improving as-built mechanical properties,

since they affect the overall sample/component thermal history.

The large number of PBF-LB/M process parameters [68] as well as locally varying thermal
conditions and individual design features are crucial factors affecting manufacturability and
repeatable build quality [9,84,85]. The correlation between PBF-LB/M processing and resulting
microstructures has been investigated in several studies [86—88], but the results are not

generalizable across all alloys or transferrable from one part to the other.

Microstructural and mechanical transferability from one sample to the other is not guaranteed
in PBF-LB/M, even when manufactured with the same process parameters. According to DIN
EN ISO/ASTM 52920, witness samples should be manufactured alongside large components

to confirm build quality and for qualification purposes. However, studies on the transferability
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of microstructure and mechanical properties of witness samples to components (and vice

versa) could not be found in literature.

It is expected that microstructure and hence mechanical properties depend on the geometry
due to differences in thermal histories caused by differences in volumes and cross-sections
being manufactured. An example of geometric influences on material and part quality is thin-
walled structures, that require different process parameters as compared to voluminous
structures [89-91]. It is thus questionable whether withess samples can indeed be used to

qualify thin wall properties or — in a more generic formulation— complex geometries.

2.2.2 PBF-LB/M of Ni Superalloys
Generally, the manufacturability of Ni superalloys with PBF-LB/M correlates with their
individual weldability (see Appendix C). This is largely governed by their aluminum and titanium

content. These elements are involved in a number of strengthening mechanisms.

While IN718 is easy to weld and can therefore be readily processed with AM technologies,
IN738LC is difficult to process due to its susceptibility to hot cracking [55,92—-95].

Hot cracks formed during solidification, tend to be about 1 um long with a sharp tip that
increases local stresses within a component. Hot cracks are difficult to detect using Non-
Destructive Testing methods (NDT; such as uCT), due to their size and the Ni density, inhibiting

X-Ray penetration into the component.
2.2.2.1PBF-LB/M of IN718

As IN718 is a widely used Ni superalloy [96], several studies have been carried out on
processing IN718 with PBF-LB/M. IN718 is readily weldable. Huynh et al. defined the
corresponding process window for the manufacture of pore and crack-free IN718 and
correlated the resulting microstructures to the process conditions [97]. An overview of the
process parameter range with corresponding volume energy densities is listed in Appendix D.
Reported IN718 mechanical properties are shown in Table 2 and Table 3 for as-built (AB) and
as heat-treated (HT) condition. As can be seen, the yield strength and ultimate tensile strength
of heat-treated samples can be up to twice as high compared to as-built condition due to
precipitation. Elongation is heavily dependent on heat treatment and tends to reach lower
values with increasing heat treatment temperature or time due to formation of the d-phase. In
terms of Vickers hardness, 0° samples show higher values compared to 90° build orientation.

Machining does not show a significant effect on hardness.
2.2.2.2PBF-LB/M of IN738LC

Prior to 2013, there was no public literature on PBF-LB/M of IN738(LC) [57]. Although
IN738(LC) has generally poor weldability (see Appendix C), Rickenbacher et al. produced
IN738LC parts via PBF-LB/M with ~0.5% porosity and a "few micro-cracks” [57]. The authors
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did not publish the utilized processing parameters; it is therefore impossible to verify their
claims. Kunze et al. [98] reported similar results. Since the authors are from the same
company, it is assumed that the same, unpublished, process parameters were used. Since
then, the research in processing IN738(LC) with PBF-LB/M has increased, as can be seen in
the review by Sanchez et al. [11]. The research focus remains on the correlation between
process parameters, reducing crack density, microstructure and mechanical properties.
Several studies have reported crack-free processing of IN738LC; however, the repeatability of
this result still poses a challenge. The process parameters used for simple small cubes
(e.g. 10 x 10 x 10 mm3) cannot easily be transferred to more voluminous samples with
complex geometries. A summary of process parameters used for IN738LC is shown in
Appendix D. Corresponding mechanical properties for IN738LC are listed in Table 4. It can be
readily seen that the number of properties listed is reduced compared to IN718, which is
attributed to the limited amount of publicly published IN738LC research. However, a similar
trend to that seen in IN718 can be identified. The yield strength and ultimate tensile strength
values are increased in heat treated condition due to precipitation compared to as-built
condition. The 0° build orientation shows higher strength values compared to the 90° build

orientation. The elongation increases with increasing heat treatment temperature and/or time.

13



Table 2 Overview of IN718 mechanical properties found in literature, reproduced from [11]

) Test . Yield strength Tensile Elongation | Young's modulus
Material | Standard . Sample Condition
condition [MPa] strength [MPa] [%] [GPa]
P ——$—S—§—§
AB
677 1023 28.1 -
Room Temperature (RT)
Strain rate
IN718 - HT /RT 1271 1425 18.6 -
4.25-10%s™
AB /650 °C 594 862 25.1 -
HT /650 °C 1042 1142 10.1 -
AB 596 + 30 943+8 35+1 1709
HT A 924 + 11 1186 + 2 255 158 + 17
ASTM- Strain rate
IN718 HT B 951+3 1210+ 23 23+ 1 1952
E8/ESM 2 mm/min
HT C 1158 £ 14 1339+ 30 71 138+6
HT D 558 +7 9333 43 +1 1707
_ Homogenization + AMS 5663
Strain rate ) )
IN718 108 & Solution Treatment and Ageing 1211+£24 1406 + 21 13.6+4 191+3.1
S
(STA)




Table 3 Overview of IN718 hardness found in literature, reproduced and adjusted from [11]

Material

IN718

Standard

Vickers hardness

Sample condition Hardness
90°/ AB 269 £ 5 HV
0°/AB 310 £ 5 HV
90° / HT 452 + 5 HV
0°/HT 457 + 5 HV

90° / machined / HT 441 x5 HV

0° / machined / HT 454 + 5 HV

Table 4 Overview of IN738LC mechanical properties found in literature, reproduced from [11]

) Test - Yield strength Tensile Elongation | Young's modulus
Material | Standard o Sample Condition
condition [MPa] strength [MPa] [%0] [GPa]
P M M Mtk M sl ———§—@—§—R—8™8™@5@§@§—(
0°/RT 933+8 1184 +112 8.4+4.6 2339
Strain rate 90° / RT 786+ 4 1162+ 35 11.2+1.9 158+ 3
IN738LC | ISO 6892 _
~4%/min 0°/850°C 6101 716+ 1 8.0+1.2 157 +4
90°/850°C 50312 6887 14.2+3.9 11012
Strain rate 90° / HT 981+12 1450+ 16 14+1.1 -
IN738LC - .
4-107s 90° / HIP + HT 932+ 4 1350 + 22 14+1.3 -
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2.2.3 Common PBF-LB/M Defects

As briefly mentioned above, there are many defects that can occur during PBF-LB/M
processing. An overview is shown in Figure 5. As can be seen, defects can be divided into
process-related defects and material defects. The defects highlighted in green are easily
controllable and are not further considered in this thesis. Similarly, due to the condition and
geometry-specific complexity of distortion and oxidation defects, the grey highlighted defects
are also excluded from this study. Focus is placed on the consequences of heat distribution

(i.e. residual stresses, element distribution) and different types of porosity.

Residual Stresses

Process Defects
Element Distribution

Lack of Fusion

Thermal Distribution

PBF-LB/M Defects

Porosity

Keyholing
Cold Cracks
Strain Age Cracking
Material Defects Cracking
Hot Cracks

Solidification Cracking
Liquation Cracking

Ductility Dip Cracking

Surface Roughness

Figure 5 Overview of common PBF-LB/M defects

Cracks can be categorized into cold and hot cracking [63]. Cold cracks occur in entirely solid
state, for example due to excessive stresses, and can usually be seen with the naked eye [63].
Hot cracking occurs in the mushy zone during solidification [63,99]. A detailed overview of the
typical crack types can be found in Appendix E.
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2.2.3.1Porosity
Porosity is a common defect in AM of metals in general [100,101].

Too low energy densities lead to unconsolidated powder particles. In this case, there is not
enough energy to fully melt and bond the layers together, i.e. Lack of Fusion (LOF) [102],
shown in Figure 6a. Too high energy density, on the other hand, leads to keyhole porosity
[103], shown in Figure 6b. The high laser energy evaporates material at the surface of the melt
pool causing a dip (keyhole) leading to direct heating of lower layers. Reflected laser rays are
captured by the opposite side of the keyhole, increasing the energy up-take and increasing
evaporation. As the keyhole grows, the melt pool stability declines until the keyhole collapses
trapping vapor as spherical pores in the solidifying material. [125]. In spite of the understanding
of how the energy density may affect porosity, they are no clear guidelines or
recommendations to achieve dense material for any of the materials used for PBF-LB/M —
confirming the drawbacks reported in [104].

a) b)
([
® o
o o
o. o
[ J
® °
Q ” . O ®
® °
100 um o 100 um

Figure 6 Common porosity in PBF-LB/M a) LOF; b) Keyhole porosity adapted from [103,105]

Hot Isostatic Pressing (HIP) is a common post-processing method for additively manufactured
components, especially for the aerospace industry [106]. This process reduces, in particular,
closed coalesced porosities [84]. However, pore regrowth was found in samples, that were
heat treated after HIP (see Figure 7). While the porosity count is less than prior to HIP, with
increased exposure to high temperatures, the pores expand affecting mechanical properties
[106].
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1 mm

Figure 7 CT scans of cylindrical sample: a) as-built; b) with HIPing; (c) with HIPing followed by 10 min at
1035 °C; d) with HIPing followed by 10 h at 1035 °C; e) with HIPing followed by 10 min at 1200 °C [106]

2.2.3.2Residual Stresses
Residual stress is a stationary stress at equilibrium within a material [107,108].
Multiscale residual stresses are categorized as follows:

o Type | Macro-stresses vary over the geometric dimensions of the component
o Type Il Micro-stresses span grain dimensions

e Type lll forms at the atomic scale [107,109]

Residual stresses are introduced during AM due to the layer-by-layer processing and are
known to be distributed throughout the manufactured part in a complex manner [110]. During
heating, the material surrounding the melt pool expands. Due to the larger expansion of the
heated layer as compared to the cooler lower layers, the material bends away from the laser
(compressive stress in the upper layer). When the laser moves on, the upper layer cools down

and the material shrinks leading to tensile stresses in the upper layers (see Figure 8).

The material below the layer being processed is mechanically constrained, the above
mentioned stresses are in balance leading to a complex stress distribution in the part. The
residual stresses lead to deformation of the part (deviation from original design) and could lead

to delamination, cold cracking and reduced mechanical properties [111].

Theoretical and experimental studies of AM components show that the magnitude of residual
stress is dependent on material properties (i.e. coefficient of thermal expansion, thermal
diffusivity, thermal conductivity) [112-114], phase transformation or precipitation [115],
component geometry [116,117], position of specimen on the substrate plate, process
parameters [118,119], scan strategy [108,112,115,120,121] and substrate plate used
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[108,122]. It was found that reducing the thermal gradient by e.g. substrate preheating, reduces
residual stresses [108,123].

Heating Cooling

S, Mises

(Avg: 75%)
+6.000e+08
+5.527e+08
+5.054e+08
+4.581e+08
+4.109e+08
+3.636e+08
+3.163e+08
+2.690e+08
+2.217e+08
+1.744e+08
+1.272e+08
+7.988e+07
+3.260e+07

t=10s
Figure 8 Residual stress formation of a single layer [108,124]

Ding et al. [125] reported that tensile stresses along the deposited material (at the layer being
processed) are highest — usually reaching a magnitude corresponding to the as-built yield
stress. Once the substrate plate is unclamped significant distortion and redistribution of the
stresses was observed. Therefore, stress relieving is often carried out prior to removing

samples from the substrate.

2.2.4 PBF-LB/M Thermal Modelling

For a faster determination and qualification of process parameters, multiscale and multi-
physics numerical models are often applied [126]. Models resolving the laser interaction with
the powder and detailed thermomechanical modelling are computationally expensive. On the
other hand, quick analytical models are of limited reliability due to the underlying assumptions
made (e.g. neglecting latent heat of fusion) [127].

Process models predicting the build thermal history with temperature dependent material
properties seem to be a good compromise between both approaches [128].

Several solutions have been suggested in literature that resolve the deposition path [129-133].
The computational effort, however, remains high and a key prerequisite is knowledge of the
scan file format that drives the heat source motion. The advantages of layer-wise thermal
models, that do not resolve scan strategy, are computational speed and accuracy of the overall
thermal history as demonstrated by Zielinski et al. [134] However, these models are not able
to resolve directional grain growth due to tailored deposition paths as demonstrated by Attard
et al. [88].

19



2.2.4.1CALculating PHAse Diagrams (CALPHAD)

A phase diagram shows the regions where phases are stable and regions where two or more
of them coexist for a given composition in temperature - concentration space. CALPHAD uses

elemental and phase thermodynamic properties to determine which phases are formed during

solidification.

As discussed above, equilibrium phase diagrams cannot be used to simulate PBF-LB/M
solidification. Instead, non-equilibrium conditions should be considered, such as the Scheil-
Gulliver-conditions [63,64]. The assumptions of the Scheil-Gulliver solidification include
[135,136]:

¢ No diffusion occurs in solid phases once they are formed.

¢ Infinitely fast diffusion occurs in the liquid at all temperatures.

e Equilibrium exists at the solid-liquid interface.

The difference in chemical composition achieved in equilibrium and non-equilibrium (i.e.
Scheil-Gulliver) conditions is schematically shown in Figure 9. Under equilibrium conditions,
the chemical composition remains constant since sufficient time allows for complete diffusion.
Under Scheil-Gulliver conditions, whatever is solidified does not undergo any further diffusion.

Therefore, the chemical composition in the fully diffused liquid is constantly altered.

liquid

lolid liquid

solid liquid

Equilibrium

solid

liquid

kolidliquid

Scheil-Gulliver

/
/

Mean composition of solid Residual Eutectic

Figure 9 Comparison of equilibrium and non-equilibrium (i.e., Scheil-Gulliver) solidification in terms of

composition, reproduced from [63]
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2.2.5 PBF-LB/M Microstructures of Ni Superalloys

An example of the PBF-LB/M IN718 microstructure manufactured with an Ev between
60 — 70 J/mm?3 is shown in Figure 10. Similar microstructures are reported in [73,137-140].
The microstructure in XY-plane (see Figure 2b) is circular, while the microstructure in the XZ-
plane is oriented in build direction. Rickenbacher et al. [57], Kunze et al. [98] and Carter et al.
[141] found similar oriented microstructures in IN738LC. The difference in microstructure in
different planes leads to anisotropic properties, which is typical for PBF-LB/M.

XZ-Plane (Parallel to Build Direction) XY-Plane (Perpendicular to Build Direction)

111

101

Figure 10 Characteristic microstructure of IN718 from PBF-LB/M processing: Micrographs (above) and
inverse pole figures (IPF; below) parallel and perpendicular to build-up direction [142]

Depending on the build orientation and energy density used, microstructures develop from
equiaxed to clearly textured grains (see Figure 11) [143]. When comparing microstructures of
all build orientations (0°, 45° and 90°), the 45° grain shape and grain size for all energy
densities differ significantly compared to the other two build orientations (0° and 90°). In the
45° build orientation, the grains are neither columnar nor spherical, which can be correlated to
the secondary heat loss to support structures and surrounding powder causing unique thermal
distribution among different build orientations (see Figure 4Db).

Besides the grain shape and size, the grains of the 45° sample shown in Figure 11 are oriented
mostly in [111] and [101] directions. A predominant [111] grain orientation for the 45° build
orientation is also found by Sanchez-Mata et al. [144]. A mixture of the [111] and [101] grain
orientations leads to large grain boundary angles (grain boundary misorientation >15° are
referred to as High Angle Grain Boundaries; HAGBS), straining the crystal lattice.

The strain induced into the lattice caused by the misorientation increases strength, since
dislocation movement is hindered. A dislocation pile-up at HAGBs can be seen in Figure 12a.
While the strength is increased, the plasticity and thereby ductility of the material is reduced
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significantly. Compared to the HAGBSs, no dislocation pile-up can be seen at Low Angle Grain
Boundaries (LAGBs <15°; refer to Figure 12b).

0° % &
Perpendicular to Parallel to Build Diaconal
Build Direction Direction g

Medium High

Energy Density Energy Density Energy Density

Low

Figure 11 EBSD results for 0°, 45° and 90° build orientation for low, medium and high linear energy
densities, adjusted from [143]

a) b)

Figure 12 TEM images of Hastelloy-X samples a) Higher amount of dislocations accumulating at HAGBS;
b) TEM image of subgrains and LAGBs [145]
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Twinning is frequently reported in Ni superalloys and is found in additively manufactured IN718
and IN738LC [33,146-149].

Figure 13 compares slip and twinning deformation. When comparing a slip to a twin the

following differences can be drawn:

e For slip [150]
o The crystallographic orientation above and below the slip plane is the same
before and after the deformation.
o Slip occurs in distinct atomic spacing multiples.
e For twinning (in general) [150]
o There is a crystallographic reorientation across the twin plane allowing for new
slip systems.
o The shear deformation is homogeneous.
o Atomic displacement is less than the interatomic separation.

The amount of bulk plastic deformation from twinning is normally small relative to that resulting
from slip [150]. It is generally accepted that materials with high stacking fault energies (SFE)
deform by slip, whereas materials with low SFE deform by twinning.

a) b)

T T
—_— L

\ L Twin
Slip Systems

+—— -+

—

Figure 13a) Deformation by slip [150]; b) Deformation by twinning, reproduced from [150]

Twins result from atomic displacements that are produced from applied mechanical shear
forces (mechanical twins) and also during annealing heat treatment (annealing twins) [150].
Twinning occurs on a definite crystallographic plane and in a specific direction, both of which
depend on the crystal structure. Mechanical twins are found in hcp crystal structures, while
annealing twins are typically found in fcc crystal structures [150]. Even though fcc and hcp
structures have low SFE, fcc structures have a sufficient number of slip systems (namely 12)
for slip deformation to occur. Comparatively, hcp structures only have three slip systems, which

is why mechanical twins form mostly in hcp rather than fcc.

Sanchez-Mata et al. found extensive twinning in the 45° build orientation compared to 90° build

orientation after tensile testing [144]. The twins are identified as deformation twins in [111]-
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direction after tensile testing (see Figure 14a and b) [144]. Twinning was predominantly found
in 45° and 0° build orientations. Sanchez-Mata et al. found the required stress for twin
formation in 0° and 45° samples to be lower than the yield stress, while for the 90° samples

the required stress lies above the UTS, leading to reduced twin formation in 90° samples [144].

Figure 14 EBSD analysis of 45° build orientation Ni superalloy sample after tensile fracture: a) IPF map, b)
Selected enlarged region highlighting twins (Tw1, Tw2) and the angle between them; adjusted from [144]

In the rarest of cases, PBF-LB/M-produced, metallic components are used in as-built condition.
Cooling processes during the printing process introduce significant residual stresses, which
must be reduced at least by stress relief and/or annealing [84]. The typical microstructural
anisotropy is reflected in mechanical properties (see Table 2) and significantly affects short-
and long-term behavior [142,151]. Therefore, the microstructure is additionally adjusted to the
required quality by means of heat treatment. Heat treatments can be used to create an
equiaxed microstructure, increase grain size, dissolve detrimental phases (such as TCP- or
Laves-phases) and to form strengthening precipitates (such as y’-phase and carbides) [152].
Table 5 shows the effect PBF-LB/M processing and heat treatment have on phase formation

and phase distribution in IN718.

Conclusively it can be said that clear anisotropy is to be expected in PBF-LB/M samples and
components. This anisotropy is also observed when comparing different build orientations.
Deformation is achieved via twinning and slip in IN718 and IN738LC. Which type of
deformation occurs is dependent on the microstructure and phases present, which in turn

depends on PBF-LB/M processing itself and the subsequent heat treatment.
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Table 5 Effect of processing and heat treatment on phase distribution in IN718, reproduced from [11,153]

Sample Condition Phases Vol. %
%
7'~ NisAl 35-39
Original Powder
7> = NisNb 43-45
d — NisNb 1.8-2.0
v - Ni 86.6
v'- NisAl 1.9
AB
7> — NisNb 8.0
5 — Ni3Nb 3.3
¥ — Ni 90.1
Homogenisation v'- NisAl 1.9
v’ — NisNb 8.0
v—Ni 67.3
v'- Nis(Al, Ti) 8
Homogenisation + Ageing v>> — NisNb 4
& — NisNb 3.5
v’- NisAl (nano-scale) 17.2

2.3 Creep Behavior

2.3.1 Introduction to Creep

In a jet engine, materials used within the hot section are exposed to elevated temperatures
and static mechanical stresses over prolonged periods of time. The permanent deformation
caused by exposure to loads below the yield limit for prolonged periods of time is called creep
deformation or creep [150]. Creep deformation is time-dependent and is often the limiting factor
in the lifetime of a component within the high temperature industry. For metals, creep must be
considered under operating conditions where constant temperatures of at least 40% of the

homologous melting temperature are expected [150].

A typical creep test entails subjecting a sample to a constant stress while held at constant
elevated temperature [154]. Deformation and/or strain are simultaneously measured and
plotted against test duration. A schematic representation of a resulting creep curve is shown

in Figure 15.
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Creep can be divided into three stages, ignoring the elastic range [155-157], shown in Figure
15. In Stage | (primary creep stage), the strain rate is high, but decreases with increasing time
and strain due to strain hardening. The dislocation density increases and a sub-grain
morphology forms [158]. In the secondary creep stage (Stage Il), the strain rate is constant
since an equilibrium between strain hardening and thermal softening is reached. It should be
noted that various microstructural processes take place during this stage. The strain rate

increases in the tertiary creep stage (Stage Ill) until rupture [157] due to the formation of voids.

3
Stage |

Stage Il

Stage Il
Rupture

Ag

Creep Strain, € [%]

&, = constant

Instantaneous Deformation

v

Time [h]

Figure 15 Schematic creep curve highlighting the three creep stages, reproduced from [150]

As shown in the deformation mechanism map (see Figure 16), creep can further be divided

into the following types [157,159]:

¢ Dislocation creep

o Core Creep

o Bulk Diffusion
o Diffusion Creep

o Coble Creep

o Nabarro-Herring Creep

These creep types are related to different microstructural mechanisms.
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Microstructural creep deformation mechanisms in polycrystalline Ni superalloys are complex

[162,163]. The deformation mechanism depends on load, microstructure and crystallography

[164]. In Figure 17
shearing processe

deformation is governed by Orowan looping and cross-slip mechanisms [165]. Deformation
mechanisms in temperatures ranging between 650 °C and 800 °C include Anti-Phase
Boundary (APB)! shearing, continuous faults? and micro-twinning [164] (see Figure 17).

, the dislocation behavior during creep is shown. Different dislocation-based
s occur at temperatures below 650 °C. At temperatures above 850 °C, creep

A
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Figure 17 Deformation map for a Ni superalloy, reproduced from [166,167]

1 An APB is a displa

cement boundary in ordered crystal structure by half of the lattice constant.

2 Continuous faults refer to stacking fault shearing [166].
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Kear et al. first introduced micro-twinning as a possible deformation mechanism in Ni
superalloys [168]. Since then, numerous studies concerning the formation and verification of
micro-twins were carried out on single and polycrystalline Ni superalloys [163,168-170].
Special focus lies on the formation boundary conditions, i.e., temperatures and loads. The

adopted theory by Kear et al. [168] involves localized atomic diffusion.

Micro-twins are strongly connected to the L, crystal structure; therefore, micro-twins do not
form in the y phase, but in the y' phase. Should an a/3 <112> dislocation meet a Liz-structure,
the shear would cause the Li» structure to break. Therefore, micro-twins are formed by
a/6 <112> Shockley partials, since they keep the Lio-FCC structure intact. Dislocation partition

can leave high energy (approx. 300 mg./mm? [166]) Complex Stacking Faults (CSF) behind.

The formation of the CSF causes wrong atom neighbors in the lattice. Localized atomic
diffusion allows for a low energy perfect crystal structure with the correct atom neighbors, with
a 60° rotation with respect to the parent crystal (i.e. micro-twin) [166].

Micro-twins have been found preferentially at Superlattice Intrinsic Stacking Faults (SISF)® and
Superlattice Extrinsic Stacking Faults (SESF) within the y' phase [167,171,172]. This was also
confirmed by Smith et al. [173], who additionally found high-density Co/Cr atmospheres around
stacking faults. Segregations of Co, Cr, W and Ta lead to SISFs and SESFs [174]. Barba et
al. established a compositional dependency of micro-twin formation to segregations of Co, Cr,
Nb, W and Ta [172]. A microstructural dependency has also been reported by Titus et al. [174].

Brittle material behavior has been found in relation to micro-twins [166]. Micro-twins lead to a
dislocation pile up, since the slip systems are limited to <111> bands. These dislocations pile-
ups can eventually cause stress concentrations which can lead to (cold) crack initiation and

propagation along the twin-parent interfaces.

Due to the small sizes of micro-twins (usually span between 7 — 12 atomic planes), they are

often mistaken for deformation twins.

3 A schematic representation of SISF and SESF in comparison to a perfect lattice and a twin

is shown in Figure 18.
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Figure 18 Schematic representation of a) Perfect lattice, reproduced from [150]; b) SISF, reproduced and
adjusted from [175]; ¢) SESF, reproduced and adjusted from [175] and d) Twin, reproduced and adjusted
from [150]

2.3.2 Creep of PBF-LB/M Ni Superalloys

For creep testing, Xu et al. found that wrought IN718 samples outperform heat-treated PBF-
LB/M ones by 33% [176]. It was shown that defects contained within the PBF-LB/M samples
are the root cause for increased creep rates and shorter times to rupture in comparison to
conventionally manufactured Ni superalloys. Sanchez et al. investigated the effect of scan
strategy and heat treatment of defect-free PBF-LB/M IN718 samples and found comparable
creep rates and a 24% longer creep life of PBF-LB/M samples compared to wrought samples
[12]. The choice of scan strategy and heat treatment affects phase formation. It was found that
the density, shape and orientation of the d-phase significantly affect creep life, in that they

impede void coalescence, thereby reducing the creep rate [12].

Figure 19 shows the creep curves for IN718 in 0°, 45° and 90° build orientation as reported by
Sanchez et al. [67]. The 0° samples show the lowest test durations and creep strains. While
the difference between the 0° and 45° samples is small, the 45° samples do show larger strains
and test durations. A significant increase in both duration and strain is to be seen for the 90°
build orientation. The tertiary stage of the 90° samples is significantly different compared to the
other two build orientations. The reason behind this creep behavior discussed in literature is
linked to the mixed mode failure, caused by the different build orientations, combined with the
stress state of the samples [67]. It was found that the 0° samples failed across the highest
number of PBF-LB/M layers, while the 45° samples fail across the smallest number of layers
[67]. While differing scan strategies did not show a significant effect on creep properties [67],
using multiple lasers was found to increase times to rupture. Multiple lasers increase the heat
induced into the material, leading to coarser grains, which reduces the risk for grain boundary
sliding. Applying differing heat treatments has also shown to affect creep properties [177].
Higher solution heat treatment temperatures can reduce the PBF-LB/M anisotropy and the

columnar grain structure, thereby inhibiting intergranular crack growth. Additionally grain

Twin
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boundary carbides were found to be the dominant strengthening mechanism in terms of creep
[177].

In IN718, it was found that the embrittling effect of the 6 phase is correlated to the location of
the 6 phase (i.e. at grain boundaries) and the load direction [47,178,179]. Kuo et al. found a
higher amount of 8-phase in 0°-samples than in 90° samples. Due to the grain orientation in
the 45° samples, the 5-phase location does not play a predominant role in determining the

creep rate, but rather sample geometry and PBF-LB/M process parameters [180].

8 T T T T T T T T

7 90° i

Creep Strain, g;[%]

! 1 1 ! 1
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Time, t [h]
Figure 19 IN718 creep curves tested at 650 °C and 600 MPa for 90°, 45° and 0° build orientation,

recompiled from [67]

Rickenbacher et al. [57] showed that the creep strength of 90° PBF-LB/M-manufactured

IN738LC clearly lies above the creep strength of 0° samples (see Figure 20). Similar results
were found by [98,147].
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Figure 20 a) i) & ii) Cross-sections of 90° oriented tensile specimens; iii) & iv) Cross-sections of 0°
oriented tensile specimens; b) Comparison of short-term 1% proof stresses of cast and PBF-LB/M
manufactured IN738 LC, adjusted from [57]

From the surveyed literature, it is apparent that a very small number of papers study creep
behavior of PBF-LB/M materials. The general understanding of the creep performance of PBF-
LB/M materials is therefore limited [12]. The large number of process parameters, the
complicated experimental procedure to measure creep and the influence of PBF-LB/M build

orientation on mechanical behavior, makes drawing generalized conclusions challenging.
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3 Aims and Objectives

As can be deduced from Chapter 2, there is a strong connection between the PBF-LB/M
solidification conditions (affected by process parameters, support structures etc.) and resulting
material properties. The large number of parameters and the corresponding property range —
even within one build job or one component - poses a serious challenge for thorough material
gualification. The build orientation and post-processing methods alter the microstructure, which

affect the mechanical properties, especially concerning creep.

For the purpose of this thesis, the process parameters for the PBF-LB/M manufacturing of both
Ni superalloys, IN718 and IN738LC, are fixed. The manufacturing routes were optimized with

regards to relative density. This also includes scan strategy and thermal post-processing steps.

As reported in Chapter 2, the PBF-LB/M microstructure significantly differs when processing
conditions besides process parameters vary. It is thus hypothesized that component geometry
as well as build orientations affect the microstructure and thus long-term mechanical
properties. The overall goal of this research is thus to identify correlations between the distinct
PBF-LB/M microstructure and long-term mechanical properties of IN718 and IN738LC for the
reliable use of Ni superalloys in applications. This entails a microstructural and mechanical
comparison of witness samples and samples extracted from components as well as a study

on the effect of build orientation on creep properties (see Figure 21).

Correlations between PBF-LB/M
microstructure and mechanical
properties

\/

To what extent are
microstructural and mechanical
properties of withess samples
representative of large-scale
components?

How do build orientation
and microstructure affect
creep mechanisms?

Figure 21 Research goal and research questions of dissertation

1. To what extent are microstructural and mechanical properties of witness samples

representative of large-scale components?

The solidification conditions during the PBF-LB/M process play a key role in the resulting
microstructure, phase formation and mechanical properties. Therefore, it hypothesized, that
different component geometries lead to different solidification conditions and hence
microstructures and mechanical properties. For this purpose, a generic component with

integrated samples oriented in 0°, 45° and 90° is manufactured and compared to witness
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samples (i.e., cylinders oriented in 0°, 45° and 90°). The following sub-goals are defined for

research question 1:

e How is the thermal history of components and witness samples affected by the
difference in component geometry during the PBF-LB/M process?

o For this sub-goal, numerical simulations are performed to investigate the
thermal distribution for different sample geometries as well as for different build
orientations. The effective cooling rates are quantified for each sample and
correlated to residual stresses and microstructures, specifically grain sizes.

¢ How do Vickers hardness values correlate to component geometry?

o What is the effect of component geometry on the tensile properties?

The effective cooling rates are used to explain the mechanisms behind potential differences in
microstructure and mechanical properties. The results are quantitively and qualitatively

correlated to microstructures.

Qualitative correlations are critically assessed using the following evaluation matrix:

Strong correlation ++
Correlation +
Weak Correlation 0

No correlation -
2. How do build orientation and microstructure affect creep mechanisms?

Since heat transfer depends on the build orientation under consideration, differences in
solidification behavior during PBF-LB/M are expected. The difference in microstructure for
different build orientations would therefore lead to different mechanical properties. The extent
of the expected differences is to be identified. Additionally, it should be investigated whether
the commonly tested extremes (0° and 90° build orientation) are sufficient to describe creep
properties of intermediate orientation angles. The effect of creep test parameters (i.e. test
temperature and applied net stress) is also considered for 0°, 45° and 90° build orientation.

The following sub-goals are investigated:

o What is the effect of different creep test parameters?
¢ How do build orientation affect creep deformation mechanisms?

o Isthe creep behavior of withess and extracted samples comparable?

Based on a creep deformation mechanism map, the expected creep mechanisms for the three

considered build orientations are discussed and correlated to microstructures.
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4 Materials and Experimental Methods

This chapter documents alloy composition, manufacturing process parameters, post
processing steps, computational models and material characterization methods utilized
throughout this research. This documentation not only provides the foundation to assess the
guality and accuracy of results obtained but also allows the repetition of all research steps for

verification and validation purposes.
4.1 Materials

Gas atomized IN718 and IN738LC powders were used to manufacture samples required to
study the microstructure, tensile and creep behavior of both Ni superalloys. Chemical analysis
of the Ni superalloys was carried out according to ASTM E1835 [181]. The respective powder
suppliers and the powder compositions of the respective alloys are shown in Table 6. An
oxygen content below 0.015 wt.% was measured for IN718 and 0.007 wt.% oxygen content
was measured for IN738LC. The oxygen content for both powders is considered low enough
to avoid oxidation. The content of B, P, S, H and N were measured to be below 0.01 wt.% for
both Ni superalloys.

In order to achieve a successful PBF-LB/M build, powder flowability must be ensured. A Hall
Flowmeter funnel is used according to ASTM B213-20 to determine the Hausner Ratio
(Equation 2). A value below a maximum of 1.25 indicates good flowability.

Tapped Density (Cm%)

Hausner Ratio= Equation 2 Hausner Ratio

Apparent Density (CTZ3)

To ensure uniform powder spreading on the substrate plate, powder particles should be
spherical in shape with no satellites. The powder particle morphology was assessed using a
scanning electron microscope (SEM; Zeiss Auriga). The sphericity was characterized using
ImageJ. Powder particle surfaces were studied by sticking loose powder to conductive tape.

SEM images of the IN738LC powder are shown in Figure 22. As can be seen, the powder is
mostly spherical (sphericity 0.96) with limited porosity. Some satellites are visible. A Hausner
ratio of 1.02 confirms excellent flowability. Similar characteristics are found for the IN718

powder.

The Powder Particle Size Distribution (PSD) was carried out according to ASTM B214-16
(sieving) and ASTM B822-17 (laser diffraction). For IN718, the Dio.g0* range corresponds to
17 pm — 54 pm (see Figure 23). The IN738LC D1o.90 range corresponds to 22 pm — 49 pm (see
Figure 23).

4 D10, Dso and Dgo values indicate the percentiles (10%, 50%, 90%) of the cumulative powder distribution
(i.e. 10% of the cumulative powder distribution lie below the Dio value).
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Table 6 Powder composition of IN718 and IN738LC

IN718 IN738LC
Manufacturer Material Name Ni-Alloy IN718 VDM® Powder 738 LC
D10 — Dgo Range 17 pm — 54 um 22 pym — 49 pm
Supplier SLM Solutions® VDM Metals
Chemical Composition Nominal Powder Nominal Powder
[182] (measured) [183] (measured)
Al 0.2-0.8 0.46 3.7 3.47
B <0.01 0.002 0.01
C Max. 0.08 0.03 0.09 -0.13 0.09
Co Max. 1 0.16 3-9 8.31
Cr 17-21 19.33 15.7 - 16.3 15.83
Cu Max. 0.3 0.01 - 0.002
Fe 11-225 16.015 Max. 0.05 0.09
H Not specified <0.01 Not specified <0.002
Hf - - - 0.07
Mn Max. 0.35 0.01 Max. 0.02 0.001
Mo 28-33 3.17 15-2 1.78
N Not specified 0.01 Not specified 0.002
O Not specified 0.02 Not specified 0.007
P Max. 0.015 0.002 Max. 0.015 0.002
S Max. 0.015 0.001 Max. 0.015 0.0005
Si Max. 0.35 0.03 Max. 0.3 0.04
Ta Max. 0.05 0.11 15-2 1.87
Nb 4.75-55 5 06-11 0.9
Ti 0.65-1.15 0.99 3.2-37 3.35
\% - - - 0.003
W - - 24-28 2.57
Zr - - 0.03-0.08 0.0016
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Figure 22 SEM images of virgin IN738LC powder. Similar powder characteristics are found for IN718
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Figure 23 PSD for IN718 (blue) and IN738LC (orange) virgin powder

4.2 PBF-LB/M Manufacturing

The qualification standard (DIN EN ISO/ASTM 52920 [14]) states that witness samples should
be manufactured alongside the component to be used in application. The withess samples are
to be analyzed to qualify the manufacturing process (e.g. ensure relative density, static and/or
dynamic properties) and eventually for qualification of the product.

PBF-LB/M components usually differ geometrically from the witness samples. For example,
sudden cross-sectional changes and/or undercuts are usually found in components but not in
witness samples, which are usually composed of simple geometries, such as round bars or
cubes.

For this purpose, the generic component shown in Figure 24a was designed to resemble and
include geometric features expected in turbomachinery components. Witness samples (see

Figure 24b) were integrated in the generic component design, which combined form the
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Sample Extraction Component (SEC) - see Figure 24c. The SEC allows the extraction of three
samples (one in each of the build orientation 0°, 45°, 90°) to compare their characteristics with

those of standard witness samples.

a) Generic Component b) Witness Samples

20 mm

Combination of Witness Samples
& Generic Component

b 20 mm

Tensile and
Creep Samples

20 mm

c) Sample Extraction Component (SEC)

Figure 24 Overview of test geometries: a) Generic component based on industrial design; b) Witness
samples oriented in 0°, 45° and 90°; c) Sample Extraction Component (SEC; combines generic component
and witness samples)

The witness samples are cylinders with a diameter of 13 mm and height of 79 mm oriented
in 0°, 45° and 90°. For an overview of the build orientations refer to Figure 2b. The 0° and 45°

samples were printed on support structures to avoid build failure due to excessive warpage.

Details regarding the PBF-LB/M process parameters and subsequent sample post processing
are listed in Table 7. The sample placement on the substrate plate is shown in Figure 26. The

sample numbers indicate the scanning order.

All samples are mechanically tested and characterized in standard post-processed condition
(IN718: heat treated; IN738LC: HIP and heat treated) unless otherwise specified.
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Table 7 Manufacturing routes for IN718 and IN738LC

IN718 IN738LC
P —
Machine SLM280 HL twin EOS M290
Preheating 20 °C 80 °C
62 J/mm?3 69 J/mm?3
Ev (refer to Appendix D for process (refer to Appendix D for process
parameters) parameters)
Laser Spot
) 80 pm — 115 pm 100 pm
Diameter
Layer thickness 30 pum 40 pm
AMS 5663 110-1230 °C, air cooling
(see Figure 25, ] ]
] ) ] 840 °C for 24 h, air cooling
Post-processing only air cooling was applied)
Under Ar atmosphere Under Ar atmosphere
No HIP HIP
Samples
manufactured and MAN Energy Solutions Siemens Energy
post-processed by

1200

970°C/1h
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800 J
720°C/8h

620°C/8h T

Temperature[°C]
(*)]
S

Zunoo? 4
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Time
Figure 25 AMS5663 heat treatment applied to IN718 samples
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Figure 26 Sample placement on substrate plate

4.3 Theoretical Modelling

4.3.1 PBF-LB/M Process Modelling

As discussed in Chapter 2, the microstructure of the samples manufactured with PBF-LB/M is
heavily dependent on the solidification conditions throughout the process. Therefore,
numerical calculations were undertaken to describe and quantify the thermal history of the

manufactured samples.

The conduction equation (Equation 3) is applied in OpenFOAM to obtain the thermal history
for the witness samples and SEC. Equation 3 is cast into a transient volume formulation and

is solved iteratively until a quasi-steady solution of the temperature field is reached.

T : . .
Equation 3 T t F ’s L
pCp E =V-(AVT) + Q, quation 3 Transient Fourier’s Law

Where:
e pisthe density,
e Cpis the specific heat,

e T istemperature,

e tistime,
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e s thermal conductivity,

e Q. is volumetric heat source.

Equation 3 neglects melt pool dynamics in favour of accelerating the computation. Within the
solidification range (temperature range from Tsolidus tO Tiquidus), the solution is held constant until
the latent heat is consumed or released depending on whether the alloy is melting or solidifying
respectively. The maximum temperature is limited to the nickel boiling temperature (i.e.
3200 K). In order to reduce the computational effort (time and memory), 100 powder layers are
lumped together. The volume energy density is applied to the layer or a lump of layers under
consideration. The duration of energy input corresponds to the build rate® (in mm3/s) and the
volume being processed within that layer or lump. After that, the heat source is switched off
and heat is allowed to diffuse during the recoating time, which is 10 seconds [184]. When a
lump is considered, the recoating time in the thermal model corresponds to the sum of all
recoating times of lumped layers. After the recoating time, the next layer/lump is activated and
the whole process is repeated.

In this research, the effect of scan strategy is not investigated and was kept constant
throughout the build for all samples. Since the difference in solidification between withess and
SEC should be analyzed, layer wise comparison of the thermal history is considered to be
sufficiently accurate.

Further assumptions of the model include [128]:

e The bottom surface of the substrate plate is assumed to be connected to the respective
PBF-LB/M machine which is considered a large heat sink and remains at constant
ambient temperature.

e The substrate plate sides exchanges heat with the environment. The heat transfer
coefficient is assumed to be 10 mﬂk [185].
e The top of the substrate plate and the sample sides in contact with powder are assumed

to have a heat transfer coefficient of 5 % [185].

The boundary conditions used in this study were adopted from [128]. Lumping layers to reduce
computational speed affects the temperature prediction accuracy, which will be discussed in
Chapter 5.2.

The respective Ni superalloy properties p, ¢, and A are temperature dependent as reported in
[186,187] for IN718 and [183] for IN738LC.

5 Build rate = Scan speed - Hatch distance - Layer height
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4.3.2 CALculation of PHAse Diagrams (CALPHAD)

As previously discussed, the solidification conditions during PBF-LB/M do not allow for phase
prediction under equilibrium conditions. Thus, CALPHAD was used to predict the phase
formation under Scheil-Gulliver solidification.

Within the scope of this thesis, Thermo-Calc, a commercial software package, was used to
simulate the solidification for IN718 and IN738LC using the Scheil-Gulliver method and the
TCNI8 database. For comparison, equilibrium conditions are also calculated.

4.4  Mechanical Testing

All samples (for all build orientations: 0°, 45°, 90°) are destructively tested to determine
mechanical properties, including Vickers hardness, tensile and creep properties. Details about

the exact procedures are outlined below.

4.4.1 Vickers Hardness

Vickers hardness (HV30) is measured for all materials on separate samples from tensile and
creep specimens. Vickers hardness measurements are carried out according to EN ISO 6507-
1 [188]. Up to ten (10), minimum three (3), measurements were taken along the build direction
in the center of the XZ-plane of the samples.

4.4.2 Tensile Testing

Tensile tests are carried out according to DIN EN 1SO 6892-1 [189]. The printed cylinders were
milled into the geometry shown in Figure 27. A Zwick-Roell machine is used with a 3-zone
convection oven with a max. temperature of 1100 °C. The test temperature for IN718 sample
lies at 650 °C, while IN738LC samples were tested at 850 °C. For IN718, the strain rates lie at
0.42 %/min. within the elastic regime and at 8.4 %/min. in the plastic regime. For IN738LC, the

strain rates lie at 0.5 %/min. within the elastic regime and at 5 %/min. in the plastic regime.
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Figure 27 Tensile and creep sample geometry
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4.4.3 Creep Testing

Similar to the tensile samples, the printed cylinders were processed into the geometry shown
in Figure 27.

Since creep testing has already been carried out for IN718 (see Chapter 2.3), only literature
data will be used to discuss the differences in material behavior between IN718 and IN738LC.
The IN718 samples from literature [12] were manufactured using PBF-LB/M with a similar
volume energy density as in this study, followed by a AMS5662 heat treatment (see Figure
28). The samples were subsequently machined into an ASTM E8/E8M uniaxial specimen to

be creep tested at 650 °C and an applied net stress of 600 MPa according to the ASTM E139
standard [154] using a Dension constant load creep machine.

1200

1000 1 980°C/1h

800

600

Temperature[°C]
guiyouano o duyood Y

200

Time

Figure 28 AMS 5662 heat treatment

IN738LC creep tests are carried out according to DIN EN ISO 204 [13]. Creep tests are carried
out at temperatures ranging between 750 °C and 850 °C with applied net stresses varying
between 150 MPa and 350 MPa using a lever loaded single specimen test machine with a 3-
zone convection oven. Each creep test was performed once. An axial ceramic extensometer
was used to measure specimen elongation. Three type S thermocouples were tied onto the
sample surface with ceramic threads to measure and control the temperature along the sample

and grippings. The creep test parameters were chosen based on the conditions for the
intended application (gas industry).

4.5 Sample Analysis

All samples were microstructurally analyzed. This includes residual stresses, X-ray
diffractometry (XRD), relative density measurement, Scanning Electron Microscopic (SEM)-,
Electron Backscatter Diffraction (EBSD)- and Transmission Electron Microscopic (TEM)

analysis. Details about the exact procedure of each of these metrics are outlined below.
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4.5.1 Residual Stresses
Residual stresses were characterized according to DIN EN 15305 [190] using a Co cathode in
a Strechtech G3R machine. Negative values indicate compressive stresses and positive

values indicate tensile stresses.

Measurements were carried out at room temperature on polished surfaces prior to mechanical
testing on the final sample geometries (as shown in Figure 27). Residual stresses parallel and
perpendicular to build direction (i.e., XZ and XY-plane; see Figure 2b) were measured at the
centre of the respective planes. Three measurements were taken per plane and an average
was calculated. A standard deviation is determined.

4.5.2 X-Ray Diffractometry (XRD)

In order to validate the phases predicted with Thermo-Calc (see Chapter 4.3.2), phases were
identified via X-Ray Diffractometry (XRD) using a Co cathode and machine Rigaku SmartLab
SE. Measurements were carried out at room temperature. XRD spectra were taken parallel to
build direction (i.e., XZ-plane; see Figure 2b) for witness and extracted samples for both Ni
superalloys.

4.5.3 Relative Density

The relative density of all samples was determined by first sectioning the sample in the XZ-
and XY-planes (refer to Figure 2b). The sectioned samples were hot mounted in bakelite, and
ground using sandpaper grade 80 up to 4000, followed by polishing with 3 um and 1 um
diamond polishing solution. Five images were taken of the prepared cross-sections using a
light microscope (Leitz Aristomet) at 50x magnification (2 mm x 1.5 mm field) parallel and
perpendicular to the build direction. The relative density was calculated based on image
contrast using ImageJ. A threshold for all macrographs was applied to produce a binary image
of porosity (see Figure 29). The percentage porosity in the image was then found by summing
the area of the pores and dividing by the original area of the image.

The relative density is additionally confirmed using pCT-scans. A voxel size of 34 um was
utilized for the pCT, resolving a minimum defect size of 0.5 um, which is considered to be the
maximum allowed defect size in many applications. The scans were taken for the entire length

and front of the samples.

=)
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Figure 29 Example of a binary image of IN718 cross-section characterized by ImageJ
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4.5.4 Microstructure
Microstructural investigations are carried out on a polished and etched surfaces in XY- and

XZ-planes. The used etch solution for the Ni superalloys is V2A-etchant.

The scanning electron microscopic (SEM) investigations was carried out on a Zeiss SEM
microscope (Zeiss Auriga) with EDAX software. EBSD analysis was carried out at the sample
thread to determine the microstructure prior to creep and close to the fracture surface of creep
samples.

EBSD analysis was carried out at the sample thread and close to the fracture surface of creep
samples to determine grain orientation using Inverse Pole Figures (IPF-Z). The cross-sectional
grain width and length for all grains were measured in the EBSD scan and an average grain
size was determined from all measurements of the respective sample. The cross-sectional
grain size was also measured with light microscopy. Again, grain width and length were

measured for the same size field used in EBSD and an average grain size was determined.

EBSD analysis was also used to determine grain boundary angles. Low Angle Grain
Boundaries (LAGBs) were defined to lie below 12° and High Angle Grain Boundaries (HAGBS)
above 12°. Schmid factor frequency maps were developed based on Euler angles. All EBSD
analyses were taken in the XZ-plane. Energy-dispersive X-Ray (EDX) spectroscopy was run

simultaneously.

Since twinning was frequently reported in literature (see Chapters 2.2.5 and 2.3), twin density
and twin thickness were determined from EBSD-scans using ImageJ. An average of 7
measurements of the twin thickness was taken. To determine the twin density, twins were
manually counted five times per image and divided by the area of the image. The standard
deviation indicates the reliability of the results.

Transmission Electron Microscopy (TEM) was carried out on metal foils to analyze grain
boundaries and dislocation structures. Dislocation density was measured by means of the line
intercept method during TEM analysis. The metal foils were prepared by cutting discs of
approximately ~0.4 mm thickness from a 3 mm diameter cylinder extracted from the PBF-LB/M
samples by means of spark erosion. The discs are mechanically ground on both sides to
achieve 0.1 mm thickness. Further thickness reduction to obtain an end thickness of
50 — 200 nm was achieved by electrochemical thinning. A JEOL JEM 2000 FX (200 KV
accelerating voltage) transmission electron microscope was used, which is equipped with an

energy dispersive X-Ray system, model Tracor Northern, USA (TN-5500).

SEM and TEM analysis was conducted by the University of Stuttgart Materials Testing Institute

in Stuttgart, Germany.
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5 Results and Discussion for Research Question 1:
To What Extent are Microstructural and Mechanical Properties of
Witness Samples Representative of Large-Scale Components?

This chapter presents and discusses correlations between the PBF-LB/M processing,

microstructure and mechanical properties of IN718 and IN738LC.

Mechanical properties and creep behavior cannot be fully understood without considering the
complete process chain in detail. It is for this reason that the following subchapters are
arranged in such a way that the build quality is studied first so as to provide the foundation for
interpreting characterization results and observed material behavior.

Before diving into the details, the samples are inspected and analyzed to ensure that no major
defects exist that might affect mechanical properties. After confirming the samples’ quality, the
research questions are pursued considering IN718 first, followed by IN738LC. There is a large
pool of researchers investigating PBF-LB/M IN718 covering processing details, material
characterization and creep. The results obtained throughout this research are compared to
literature to position this research in the overall understanding of IN718 behavior. Open domain
knowledge, especially pertaining to IN718 creep behavior is complemented to close knowledge
gaps. In a second step, the behavior of IN738LC is also studied. If the behavior identified differs

to that of IN718, the root cause is investigated and documented accordingly.
5.1 Sample Quality Assurance

Visual inspection of the sample showed no surface defects or large deformation of the
geometry that would negatively influence further analysis of the witness samples or samples

extracted from the SEC (refer to Figure 30).

Witness Samples SEC

90°
45°
OO
20 mm

Figure 30 PBF-LB/M samples used for visual inspection

20 mm

Figure 31a shows a schematic of the 45° witness sample and the support structure upon which
it is built. The schematic also shows the planes in which pCT scans of IN718 PBF-LB/M were
taken. The scans are shown in Figure 31b and Figure 31c. The voxel size of these scans is

34 um, which is considered to be fine enough to capture maximum allowable defects. As can
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be seen, neither porosity nor cracks are detected at the front of the sample or the along the

sample length.

Since the penetration depth of X-rays is limited for Ni superalloys, representative light
microscopic images parallel to the build direction (i.e. XZ-plane) and perpendicular to the build
direction (i.e. XY-plane) of PBF-LB/M IN718 witness and extracted samples are shown in
Figure 32. Limited porosity can be seen for both planes and a relative density of 99.92% was

determined for both witness samples and extracted samples.

a) b) c)

c)

b)

\ Z
| YT 3mm
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Substrate

Voxel Size = 34 pym

Figure 31 uCT Scans of a 45° IN718 PBF-LB/M sample: a) Schematic to show where scans were taken;

b) Scan of sample front; c) Scan of sample length

The achieved relative density (i.e. 99.92%) is comparable to values (> 99.9%) reported in
literature, see for example [11,97,191]. Although the applied volume energy density of
62 J/mm? fits into the process window for IN718 [97], the sphericity of the pores indicates

keyhole porosity. The average pore sphericity in this study is 0.89 (measured using ImageJ).

3

20 mm

Figure 32 Cross-sections of IN718 PBF-LB/M witness and extracted samples in XZ-plane (top) and in XY-

plane (bottom)
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The puCT scans of PBF-LB/M IN738LC witness samples are also analyzed (see Figure 33)
showing a defect that was not observed for IN718: Figure 33b and 3c show cracks (indicated
by the red circle and arrows) at the interface between sample and support structures. The uCT-
scan in Figure 33d shows a top view of the entire sample length. The cracks between sample

and support structures are highlighted in red.

The cracks are attributed to IN738LC welding difficulties, discussed in Chapter 2. Hot cracking
occurs during solidification providing initiation sites for cold cracking due to residual stresses.
The residual stresses tend to increase near sudden geometric changes similar to the transition

line between straight support structures and curved cylindrical samples.

Prior to further testing the support structure must be removed in any case and the samples
must be machined to the final sample geometry for mechanical testing. This step allows for the
removal of all cracks as can be seen in Figure 33e. Thus, for the final samples used for

mechanical testing, no cracks remain.

a)

Voxel Size = 34 um
d)

b), c), e)
Sample

Crack growth starting After specimen machining
from support structure

Support

Substrate

Figure 33 uCT Scans of a 45° IN738LC PBF-LB/M sample: a) Schematic to show where scans were taken;
b&c) Scan at the front of sample showing delamination and a crack between sample and supports; d)
Scan of sample length; e) Scan showing sample after specimen machining

Representative cross-sections of the HIP and heat-treated samples confirm the absence of
cracks from samples to be used in mechanical characterization (see Figure 34). As can be
seen from the images, little to no defects are visible. A relative density of 99.98% was
determined for both witness and extracted samples. Similar relative densities were reported in
literature [8,57,67,98,192].
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Figure 34 Light microscopic analysis for extracted and withess samples: parallel to build direction (top)
and perpendicular to build direction (bottom)
It can be concluded that both IN718 and IN738LC samples are free of significant defects that

might affect the accuracy of subsequent characterization and analysis.

5.2  Thermal History

As mentioned in the introduction, the behavior of PBF-LB/M components cannot be explained
without considering the manufacturing conditions and especially the thermal history of the
printed parts. A cartesian computational grid is developed to represent the substrate plate, the
SEC, the withess samples as well as the support structures used for all printed test geometries
(see Figure 35). The XY-planes are resolved using 170 x 170 cells, in the Z-direction 5 cells
are used to represent the substrate plate thickness and 68 cells are distributed over the
maximum height of the geometries (for the 90° witness sample including support structure
below it = 79 mm). A total of 2,080,000 cells are thus used to represent the geometry of all
samples involved in the PBF-LB/M manufacturing process.

The used layer thickness for IN718 is 30 um. One hundred layers are combined (lumped) to
create a numerical layer corresponding to a printed height of 3 mm. Each numerical layer
(lump) is numerically activated by applying 100 x 62 J/mm? (i.e. 6200 J/mm?3) for a duration
corresponding to the time required for the laser to process all 100 layers. After concluding the
scan duration, the application of thermal energy is stopped for a duration corresponding to the

recoating time (100 x 10 s). The next lumped layer is then activated and so on.
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Figure 35 A cartesian mesh is used to represent the substrate plate, the SEC and the witness samples. A
total of 2,080,000 cells is used

The thermal boundary conditions are adopted from literature [134], where it is assumed that
the substrate plate is connected to a very large metallic volume hence retaining the bottom
face of the substrate plate at a constant temperature of 300 K (= 25 °C). The substrate plate
sides lose thermal energy via convection to the surrounding environment. The heat transfer
coefficient is 10 W/mK. The printed samples lose heat energy to the surrounding powder at
5 W/mK. The upper surface of the active layer loses energy via radiation to the surroundings.

The emissivity is assumed to be 0.5.

Figure 36 shows the PBF-LB/M temperature evolution of the IN718 withess samples and the
SEC. Itis important to note that the grid resolution is not fine enough to resolve the melt pool.
The temperatures shown are averaged across each computation cell. The temperature scale
was adjusted to make the differences in temperatures clearer. Temperatures exceeding 1000
K are also shown in red (boundary condition for max. temperature was set at 3200 K).

Activated layers near the substrate plate do not exhibit high temperatures since they cool down
relatively quickly due to their proximity to the substrate plate. As the PBF-LB/M process
progresses, the activated layers show higher temperatures, and the manufactured samples
cool down slower compared to the initial stages of the PBF-LB/M process. The temperature
distribution within the samples is not uniform, as can be identified for example in supported
parts after 5109 s and 7059 s. At 5109 s and 7059 s, the supported regions of the SEC show
higher temperatures as compared to SEC regions that are directly connected to the substrate

plate and as compared to the witness samples.

Manufacturing of the 0° witness sample concluded after about 8000 s. The laser no longer
processes this region allowing the 0° witness sample to cool down while the remaining samples
continue to be built. Considering the temperature distribution after 19929 s, the 0°witness
sample has reached ambient conditions, while the 45° and 90° samples show the highest

temperatures when activated. At the end of the PBF-LB/M process simulation a cool down
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period is accounted for, showing that the 90° sample requires the longest to reach ambient
conditions.
780 s 1014 s 1794 s

veo

2028 s 4017 s 5109 s

'I Oe+03

—700

t 3.0e+02

6006 s 7059 s 7995 s

Temperature (K)

19929 s 29874 s 39819 s

v

Figure 36 Sequence of images showing the temperature distribution throughout the PBF-LB/M IN718

printed parts and its evolution in time. Images were taken after applying processing energy, except the
images at 5109 s and 7059 s to highlight the effect of support structures. The temperature scale was

adjusted to make the differences in temperatures clearer. Temperatures exceeding 1000 K are also shown
inred.
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The thermal history at the center of each of the samples is extracted using monitor points
providing information about solidification conditions in the region where the highest stresses
and strains are expected during mechanical testing (i.e. during tensile and creep testing). The
thermal histories for IN718 and IN738LC witness and extracted samples are shown in Figure
37a and b respectively. The temperatures are extracted for every time step showing how the
temperature increases during layer processing and how the temperature decreases during
recoating times. The first temperature peak is the highest compared to the subsequent peaks,
representing direct energy input into a 100 layer-lump. Once the processing is concluded and
recoating starts, the heat diffuses towards the substrate plate. As the activated layer moves
upward away from the monitor point the peak temperature decreases until the print job is

concluded and the component as a whole begins to cool down.

The temperature evolution at the respective IN718 sample centers is shown in Figure 37a. The
first peak reaches over 3200 K (i.e. the nickel boiling temperature). Evaporation is a common
phenomenon during PBF-LB/M [193-196]. However due to the short interaction between laser
and metal powder, resulting in cooling rates of roughly 108 K/s [197], only limited evaporation
of alloying elements occurs, which causes the smoke production during the PBF-LB/M
process. The first and highest peak is shown when the energy is induced in the layer containing
the monitor point. The low thermal conductivity of IN718 does not allow for the heat to readily
diffuse towards the heat sink (i.e. substrate plate). The sample therefore retains some heat.
Once the next layer lump is applied and the energy is induced, some heat diffuses downwards
towards the heat sink past the monitor point, increasing the heat, causing the second peak.
The second peak is therefore lower compared to the first. This process continues with the
temperature peaks reducing, since the distance to the monitor point increases, reducing the

direct energy input to the monitor point.

Figure 37b shows similar temperature trends for the IN738LC witness and extracted samples.
The IN718 temperatures are roughly twice as high as those reached by IN738LC, which is
attributed to the inferior thermal conductivity of IN718 as compared to that of IN738LC [70,183].
The IN718 thermal conductivity inhibits rapid heat flow towards the heat sink (i.e. substrate
plate), the IN718 samples therefore retain more of the heat compared to IN738LC. The
IN738LC thermal conductivity is superior compared to IN718 allowing for the heat to diffuse

rapidly towards the heat sink, lowering the overall sample temperatures.
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Figure 37 Thermal history at the center of each sample for a) IN718 and b) IN738LC

During the PBF-LB/M process, the cooling rate of individual melt pools within one powder layer
is in the order of 10° K/s (see Figure 38a). The melt pool cooling rate affects grain size, grain
orientation and phase formation. When considering a component, there are multiple layers

(and melt pools) to be considered, as shown in Figure 38b. The effective cooling rate is defined
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as the temperature gradient between the maximum process temperature and the final process
temperature. Besides grain size and phase formation the effective cooling rate also affects

mechanical properties.
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Figure 38 Melt pool cooling rate (a) vs. effective cooling rate (b)

The effective cooling rates extracted from Figure 37 are shown in Figure 39. The IN718
effective cooling rates (see Figure 39a) are slower compared to those experienced by the
IN738LC samples (see Figure 39b).

The effective cooling rates of the SEC and the 0° witness samples are significantly higher
compared to the 45° and 90° witness samples for both Ni superalloys.

a) b)

Figure 39 Effective ccoling rates for withess and extracted samples for a) IN718 and b) IN738LC

Regarding the thermal history of witness samples, the 90° build orientation retains
considerably higher temperatures throughout the PBF-LB/M process compared to the 0° and
45° samples (see Figure 37 for both IN718 and IN738LC). This can be explained by the
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samples’ height, where the upper layers of the 90° samples are farthest away from the
substrate plate and thus experiencing a higher thermal resistivity to dissipate the heat to the
substrate plate. Consequently, the effective cooling rate of the 90° witness samples is the

lowest of all samples.

The 45° witness samples are similar in height as the 90° samples, but they are built on a block
support structure with an interface area of 270 mm? to the substrate plate, which is much larger
than the 133 mm? for the 90° sample. The heat diffusion for the 45° sample is thus larger

allowing the inclined samples to cool down faster.

The 0° withess sample is the shortest sample. It is built on a block support with an interface
area of 1500 mm?2. The short processing duration and the large interface area lead to the

highest effective cooling rate among all samples.

Considering the 90° sample extracted from the SEC, it can be seen that the effective cooling
rate is much higher than those of the 90° witness samples. The difference stems from the
significantly different component volume and the difference in interface area between the part
and the substrate plate, which is the main heat sink. The interface area of the 90° witness
sample is 133 mm?2. The SEC interface area is 663 mm? and is approximately 5 times larger
than that of the 90° witness samples allowing for the dissipation of larger amounts of energy
in shorter periods of time.

The thermal history of the SEC demonstrates the challenges encountered during the
production planning stage of complex PBF-LB/M components. Supported structures cause
non-uniform thermal conditions, as seen for example in Figure 36. Further thermal
inhomogeneities are caused by changes in cross-section, overhangs, and corresponding
shapes of the interface area to the substrate plate. The interfacial area of the SEC to the
substrate plate being 663 mm? allows for a higher effective cooling rate compared to the 90°
and 45° witness samples. The 0° sample integrated within the SEC however shows a slower
cooling rate as compared to the 0° witness sample, because it is built on a thin support
structure prohibiting heat dissipation to the substrate plate (see for example Figure 36 at
7069 s).

It can be summarized that the thermal history is a complex characteristic of the PBF-LB/M
process. It is affected by process parameters, geometric details and alloy properties. Due to
the large geometric differences between witness samples and the SEC, large differences in

temperature levels and effective cooling rates are predicted.
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5.2.1 Correlation between Effective Cooling Rate and Residual Stresses

Using XRD, the residual stresses are measured on the surface of the sample centers. The
residual stresses are shown in Figure 40a and b for IN718 and IN738LC respectively. All three
orientations of the witness and extracted samples are compared for each of the studied alloys.
The results parallel to build direction (indicated by the arrow) and perpendicular to the build
direction (indicated by the x) are shown. Positive values indicate tensile stresses, negative
values are compressive stresses. The standard deviation was calculated based on the three

measurements taken for each plane.

Due to the uncertainty of the measurement the residual stress results should be viewed as
trends rather than considering the absolute shown values.

When considering the residual stresses shown in Figure 40, it is noticeable that the IN718
samples show more tensile stresses compared to the IN738LC samples, which show mostly
compressive stresses. This can be attributed to the X-ray penetration depth of IN718 and
IN738LC. In general, for PBF-LB/M samples, tensile stresses are expected at the surface of
PBF-LB/M samples, while compressive stresses are expected within the volume of the sample
[198]. The penetration depth of IN718 is limited [198] compared to that of IN738LC [199], due
to the difference in chemical composition. The residual stress results in IN718 are from the

sample surface, whereas the IN738LC results are from the volume of the samples.

While the residual stresses in IN718 (see Figure 40a) are scattered, the IN738LC residual
stresses (see Figure 40b) of extracted samples are higher compared to withess samples. The
faster effective cooling rates experienced by the extracted samples does not allow for residual
stress dissolution. The residual stresses in extracted samples are thus higher and can even
reach the tensile regime. In comparison, the witness samples (90° and 45°) are exposed to an

in-situ heat treatment, which reduces residual stresses partially.

Note that the same standard heat treatments (e.g. AMS5663 for IN718) were carried out for
witness and extracted samples for the respective Ni superalloys. Since the process specific
effective cooling rates are still affecting the residual stress magnitudes, it can be concluded
that the as-built differences are not entirely eliminated by standard heat treatments — a PBF-

LB/M specific heat treatment is required to eliminate process specific differences.
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Figure 40 Residual stresses in a) IN718 and b) IN738LC witness samples and extracted samples parallel

and perpendicular to build direction
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5.2.1.1Correlation Evaluation

In order to assess the strength of correlation between numerically predicted cooling rates and
measured residual rates, the effective cooling rates are normalized using the value of the 0°

witness sample (Figure 41).

As can be seen in Figure 41a, if the IN718 sample shows a dominant residual stress within the
tensile regime (positive values, due to limited X-ray penetration depth) the normalized effective
cooling rates are above 0.55. Normalized effective cooling rates below 0.55 show dominant

compressive stresses.

For IN738LC (see Figure 41b), mostly compressive stresses are measured due to the X-ray
penetration depth reaching deeper within the sample volume. Normalized effective cooling
rates above 0.6 show average (of both planes) residual stresses above -1000 MPa.
Normalized effective cooling rates below 0.6 show average residual stresses below 1000 MPa.

A correlation evaluation is shown in Table 8. The correlation legend was presented in Chapter
3.

a)
1900 [ o 45° 90° 0 45° 907 12
1 1® 1® | 1® 18 1®
1400 + o 11y
i e
= 900 + an
o o —
= i - 0873
= | | 3
2 400 @ o
o : s
& B | \ . 1% | (e} 106F
= - + ' \ } I 1
s o T
2 i ! - 04T
2 -600 f l o I =
' £
-1100 + - 02 5
I =
1600 L Lo

20 mm

20 mm

56



b)
1900 T4s 1455 90° 0 45° 90° 1.2

12 | 1® 1® t®

1400 |
900 |
a00 | 2 )

[ |
100 | ' I |
600 [

0.6

AR RERER AR RARA NN

-1100 +

Normalized Effective Cooling Rate [-]

e O SRR

—

Residual Stress [MPa]
o

1600 1 0

2mm

20 mm

Figure 41 Correlation between residual stresses and normalized effective cooling rate: a) IN718; b)
IN738LC. The bars show the residual stresses and the points represent the normalized effective cooling
rates

Table 8 Correlation evaluation of residual stresses and normalized effective cooling rates

Factors Strength of Correlation

Normalized effective cooling rate and residual

stress magnitude

Normalized effective cooling rate and type of

residual stress (tensile or compressive)

5.2.2 Correlation between Effective Cooling Rate and Microstructures
5.2.2.1IN718 Microstructure

The microstructures of witness samples, the generic component and the SEC parallel and
perpendicular to the build direction are shown in Figure 42. The grains show no significant
differences. The microstructure in build direction (indicated by the arrow) shows oriented grains
parallel to Z-direction, while the microstructure perpendicular to the build direction shows

circular grain cross-sections.
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Figure 42 IN718 microstructure for witness samples (left), the generic component (middle) and SEC (right)
parallel (top) and perpendicular (bottom) to build direction

As mentioned in the introduction, the microstructure of IN718 consists mostly of the fcc matrix
y and the strengthening fcc phases y’ and y”. The decomposition of the metastable y”-phase
into the thermodynamically stable d-phase depends on the process parameters used and the

heat treatment applied.

Scheil-Gulliver CALPHAD calculations represent non-equilibrium solidification conditions
predicting phases in as-built condition (see Figure 43). Both Scheil-Gulliver and equilibrium
solidification curves are displayed for comparison. The &-phase is predicted for non-equilibrium
conditions as well as several detrimental TCP phases towards the end of the solidification

process.
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Figure 43 Scheil-Gulliver phase diagram for IN718 using TCNI8 database

To assess the effect of solidification conditions on phase formation beyond CALPHAD
predictions (see Figure 43), XRD measurements were undertaken for witness and extracted
samples. As can clearly be identified, the 90° and 45° witness samples show an additional
Mo peak. Mo is contained in the o-phase [200] as well as in carbides, which are both predicted
in the Scheil-Gulliver phase diagram (see Figure 43). The extracted samples and the 0°
witness sample (i.e. the samples, that experience a faster effective cooling rate) do not show
peaks for refractory metals. Since refractory metals have relatively large atomic radii, their
movement requires temperature and time. The in-situ heat treatment of the 90° and 45°
witness samples allows for refractory metal movement due to the comparable slow effective
cooling rate. Phase development therefore differs between witness and extracted samples. It
is assumed that the in-situ heat treatment leads to continuous phase evolution towards

equilibrium conditions in withness samples (90° and 45°).

59



Al

20 mm
1-10° 1-10° | Ni Fe(111)
50000 Ni, Fe, Cr i 50000 Ni, Fe (200) .
(111) Ni,Fe, Cr  Nj, Fe,Cr  Ni,Fe, Cr Ni, Fe i
(200) (220) (311) (2200 Ni(311)
I — AN Fe Cr(222) I | R
T T T T T T T T T T T T T T T T T T
20 40 60 80 100 120 140 20 40 60 80 100 120 140
26 [7] 20 [°]
. 5 . 5 i
=110 NG Fe, Cr —=1-10° { Ni,Fe, Cr(111)
& i (111) &
> Ni, Fe, Cr = R
£ 50000 | . k= ] Ni, Fe, Cr
2 Mo (110) (2'00) Ni,Fe, Cr (220) ; fe (311 g 30000 (200) Ni,Fe, Cr  Ni, Fe, Cr
g l Mo, Cr, Ti &221) Mo, Cr, Ti (220 2 1 (2200 (311)
£ Ny _ A__Ni,Fe (222) < 1 ) i A Ni Fe, Cr (222)
0 T T T T T T T T T 0 T T T T T T T T
20 a0 60 80 100 120 140 20 20 60 20 100 120 140
20 [°) 20 [°]
1-10° | 1-10°
Ni. Fe (111 Ni, Fe, Cr
i, Fe (111) (111)
50000 Ni, Fe (200) . 50000 Ni, Fe, Cr (200)
NI:/I:)E(Z(ZI?L?’ Ni, Fe (311) Ni,Fe,Cr  Ni, Fe, Cr
Mo (110) | Mo (220) (220) (311)
. Ni, Fe (222) \L I A Ni Fe, Cr (222)
MW‘J e
0 T T T T T T T T T T T T T T T T T T T T T

20

a0

60

80 100 120 140

80 100

120 140

26 [°] 207

Figure 44 XRD phase identification for IN718 witness and extracted samples in XZ-plane

Figure 45 shows representative microstructures of IN718. In Figure 45, the d-phase can be
identified due to its size and shape. It is embedded in the y-phase. The y”-phase forms at a

smaller scale (hanometers) and is thus not readily visible at the shown resolution.

As can be seen in Figure 45 for all build orientations, acquired at a resolution of 1 um, the
precipitated d-phase is finer and differently shaped in the extracted samples compared to the
witness samples. In the 0° withess sample, the d-phase is located as needle-like precipitates
along the grain boundaries. While the ©-phase forms a continuous film along the grain
boundaries in the witness samples (45° and 90°), the needle-like d-phase is homogeneously
distributed in the extracted samples (all build orientations). This is attributed to the faster
effective cooling rates predicted for the extracted samples (see Figure 39). The faster effective
cooling rates in the extracted samples do not allow sufficient time for the &-phase to coarsen
and diffuse towards grain boundaries. Even though all build orientations of the extracted
samples show these needle-shaped &-phase, the thickness of the needles decreases from 0°

to 45° to 90°, meaning that the 90° sample shows the thinnest needle-shaped &-phase.

The faster effective cooling rates in the extracted samples are also the reason for the difference
in average grain sizes, shown in Figure 46. The extracted samples show grain sizes, which

are up to one half of those found in witness samples.
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Considering the individual thermal histories of the respective build orientations (see Figure 37)
and the average grain sizes (shown in Figure 46), the 90° witness sample experiences the
slowest effective cooling rate. Therefore, the grain size measured is the largest compared to

all other samples.

Considering the extracted samples, the 90° and 45° samples show similar effective cooling
rates, which lead to similar grain sizes. The 0° samples (witness and extracted) showed the
fastest effective cooling rates, leading to the smallest grain sizes for the respective sample

conditions.

Figure 45 SEM images of the witness samples and extracted samples microstructre for all build
orientations (0°, 45°, 90°)
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Figure 46 IN718 grain sizes for witness samples and extracted samples in all build orientations (0°, 45°
and 90°)
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The difference in average grain sizes is also clearly visible when comparing the EBSD scans
for the witness and extracted samples (see Figure 47). Whereas the melt pool boundaries are
still clearly visible with no dominant grain orientation in the extracted samples, the grains in the
witness samples are pronounced and show a favorable grain orientation combination of [111]
and [101].

Oo

45°

90°

Figure 47 IN718 EBSD analysis (IPF-Z) of the witness samples and extracted samples microstructre for all
build orientations (0°, 45°, 90°)

Correlation Evaluation

It was seen that microstructural differences exist between witness and extracted samples, as
predicted based on the numerical results. The extracted samples show needle-like &-phase
evenly distributed within the microstructure, whereas the 45° and 90° witness samples show a
continuous &-phase film along the grain boundaries. The 0° witness sample showed a needle-
like d-phase shape concentrating at the grain boundaries. The faster effective cooling rates of
the 0° witness samples and all extracted samples therefore lead to the needle-like shape as
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compared to the continuous film seen in witness samples (45° and 90°) exposed to slower

effective cooling rates. This strong correlation is documented in Table 9.

Further, the correlation between average grain size and normalized effective cooling rate is
evaluated in Figure 48. As can be seen slower effective cooling rates lead to larger average
grain sizes. However, the 0° witness sample experienced the fastest effective cooling rate
among all samples (withess and extracted) but doesn’t show the smallest grain size. This
discrepancy requires further analysis. The effect of the subsequent heat treatment leading to
grain coarsening with a greater effect on the 0° build orientation than 45° and 90° witness
samples should be analyzed. The difference in phase formation between the witness samples
might lead to a different degree of grain coarsening. This identified correlation is documented
in Table 9.
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Figure 48 Correlation IN718 grain size and normalized effective cooling rate

Table 9 Correlation evaluation of IN718 microstructure and normalized effective cooling rates

Factors Strength of Correlation

Normalized effective cooling rate and phase
++

formation

Normalized effective cooling rate and grain size +
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5.2.2.2IN738LC Microstructure

The IN738LC microstructure of witness and extracted samples is shown in Figure 49. Similar
to IN718, grains oriented parallel to build direction can be seen. This is due to the layer wise
build-up of components during the PBF-LB/M process, causing grains to grow in the direction
of the thermal gradient [66]. Perpendicular to build direction, the grain cross-sections are
circular in shape. Twins can be seen parallel and perpendicular to build direction in both

witness and extracted samples.

Figure 49 IN738LC microstructural analysis for witness and extracted samples: Parallel to build direction
(top) and perpendicular to build direction (bottom)

The Scheil-Gulliver phase diagram for IN738LC is shown in Figure 50. The dashed curve
shows equilibrium solidification conditions for comparison. The solidification range under
equilibrium conditions is approximately 130 °C. Therefore, the equilibrium solidification range
is much smaller than that of non-equilibrium solidification. Towards the end of solidification,
phases such as o- and Laves-phases become visible under Scheil-Gulliver conditions. These
types of phases segregate to grain boundaries embrittling and pinning them down and thereby
increasing strength but reducing ductility by potentially acting as crack initiation sites. These
types of phases also have low melting temperatures increasing the risk of liquation cracking
(the definition of liquation cracking can be found in Appendix E).
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Figure 50 Scheil-Gulliver phase diagram for IN738LC using TCNi8 database

The phases formed during equilibrium and non-equilibrium solidification are compared in Table
10. Segregating phases such as oxides, Laves- and TCP phases, formed due to
inhomogeneously distributed alloying elements, are found under non-equilibrium (Scheil-
Gulliver) solidification conditions only. For equilibrium conditions, M23Cs carbides form with a

strong embirittling effect.

Table 10 Predicted phases for IN738LC Scheil-Gulliver and equilibrium solidification

Scheil-Gulliver Equilibrium
Liquid Liquid
FCC_AL MC
FCC AL #2 FCC
Corundum L., FCC
BCC_A2 M-Cs
SIGMA M23Ce
MB2_Cs2 MB:
ZrO,_MONO
NisTi
G-Phase
Laves Phase Cis

XRD measurements were taken to assess the effect of solidification conditions on phase
formation. Similar to IN718, the witness samples show an additional refractory metal peak. In
the case of IN738LC this peak corresponds to Nb. Similar to Mo (found in IN718), Nb is a
carbide former and is contained within the o-phase. Phase development therefore differs

between witness and extracted samples in both Ni superalloys.
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Figure 51 XRD phase identification for IN738LC witness and extracted samples in XZ-plane

Figure 52 shows representative microstructures of IN738LC and Figure 53 shows images at a
higher resolution of 1 um. As can be seen, the microstructures for all build orientations
significantly differ between witness and extracted samples. While the microstructure for
extracted samples is more refined compared to withness samples, the extracted samples do

not show any carbides.

On the other hand, witness samples show a significant amount of carbides accumulating at

grain boundaries.

The shape of the y’-phase also differs between extracted and withess samples. The shape of
the y’-phase dictates the strengthening effect and is usually controlled by heat treatment.
Figure 53 shows enlarged microstructural images for witness and extracted samples. Nano-
scale precipitates and TCP-phases (indicated by the red arrows) can be identified in the
extracted samples. Similar to the IN718 microstructure discussed above, the IN738LC thermal
histories (refer to Figure 37b and Figure 39b) can be used to explain the difference in
precipitation behavior. The faster effective cooling rate of the extracted samples does not allow
sufficient time for precipitates to form and concentrate at the grain boundaries as in the case
of witness samples. In the detailed microstructure images shown in Figure 53, nano-scale
precipitates are observed in the extracted samples. The small size is attributed to the limited

precipitation time available during SEC solidification.
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Figure 52 SEM images of IN738LC microstructure for witness and extracted samples for all build

orientations (0°, 45°, 90°) ‘
2 n me
7 . -
; 5

Figure 53 Detailed SEM images of IN738LC microstructure for witness and extracted samples for all build

45°

orientations (0°, 45°, 90°). The red arrows point at precipitations and TCP-phases
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Similar to IN718, the average grain sizes of IN738LC extracted samples are smaller compared
to withess samples (Figure 54). The difference in IN738LC grain size is up to 37.5%.

The standard deviation measured in the grain sizes for all IN738LC witness samples overlap,
meaning that the differences are not substantial, and that further testing is necessary. For the

extracted samples, the 45° and 90° thermal histories are similar leading to similar grain sizes.

Similar to IN718, the heat treatment does not eliminate process specific effects on

microstructure.
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Figure 54 IN738LC average grain sizes for extracted and witness samples in 0°, 45° and 90° build
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Correlation Evaluation

Different phases, phase shapes and sizes formed during solidification in IN738LC witness and
extracted samples. While witness samples show carbides at the grain boundaries, the
extracted samples do not show carbide formation, but nano-scale TCP-phases.

Carbide formation requires time for the carbon to diffuse towards grain boundaries. This
correlates well with the lower effective cooling rates of the 45° and 90° witness samples. The
0° witness sample does not show a continuous film of carbides along the grain boundaries. It
does however show limited carbide formation along grain boundaries. Nano-scale TCP-phases
form with fast cooling [201], which correlates well with the faster effective cooling rates of the

extracted samples. Even though the 0° witness samples show a faster normalized effective
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cooling rate, no TCP-phases can be identified. The strength of the correlation between

effective cooling rate and phase formation is shown in Table 11.

Similar to IN718, the correlation between average grain size and normalized effective cooling
rate is evaluated in Figure 55. Slower effective cooling rates lead to larger average grain sizes.
As is the case as IN718, the 0° withess sample experienced the fastest effective cooling rate
among all samples (witness and extracted) but doesn’'t show the smallest grain size. Again,

this discrepancy requires further analysis. This correlation is documented in Table 11.
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Figure 55 Correlation IN738LC grain size and normalized effective cooling rate

Table 11 Correlation evaluation of IN738LC microstructure and normalized effective cooling rates

Factors Strength of Correlation

Normalized effective cooling rate and phase

formation

Normalized effective cooling rate and grain size +
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5.2.3 Critical Assessment of Effective Cooling Rates

The numerical simulation is a simplified model neglecting several phenomena such as shield
gas flow, melt pool dynamics and preferential evaporation. The boundary conditions used in
this study were not confirmed or validated®; they were adopted from the validation study
reported by [134]. Also, the use of lumped layers to reduce the computational effort leads to a
reduction in resolution and an overall reduction of prediction accuracy. The goal is to obtain

guantitative thermal histories to complement experimental results.

Using residual stress measurements and microstructure characterization it has been shown
that the numerical results correlate with experimental findings. While there is still further
research required (i.e. average grain size 0° witness sample and the respective effective
cooling rate), the numerically predicted trends differentiate between manufactured samples
and components taking their geometric features, their connection to the substrate plate and

process parameters into account.

It can therefore be concluded that while the numerically predicted absolute values may not be
guantitatively accurate, they are still sufficient to capture the trends, to explain and to compare

different aspects of PBF-LB/M samples.

5.2.4 Analytical Analysis of Thermal Conditions

As seen in the chapters above, the PBF-LB/M thermal conditions significantly affect the
microstructure. In order to enable a quicker assessment of the solidification conditions, the
build average temperature seems to be a good metric that is worth further investigation. To
estimate the average build temperature without numerical models, the conduction equation
(Fourier’s law) is reformulated as shown below (see Equation 4). Taking the amount of energy
supplied by the laser (AQ), the build time (4 t), alloy thermal conductivity (1), the interface area
between the sample/component and the substrate plate (A), the sample/component height (H)
and the temperature difference between average build temperature and chamber temperature

(4T), the following equation can be obtained:

6 Refinement of the boundary conditions would have required detailed manufacturing details, which were
not readily available due to proprietary reasons.
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AQ AT
At A-4 H’
Using the volume energy density, sample volume and the

temperatures defining the temperature difference:

AQ _ E,V _
A At and AT = Tgype — Tchamber
Equation 4 Derivation of analytical
The equation can be solved for average build model using Fourier's Law
temperature:
E,-V — 1-4- Tave = Tchamber
At H

E, V-H
= Tape = A AA + Tchamber
The geometric values for withess samples, SEC as well as the IN718 and IN738LC properties
are listed in Table 12. The calculated average build temperatures for IN718 and IN738LC are

shown in Figure 56.

For IN718, the results of the analytical model predict that the 0° witness sample is exposed to
the lowest average build temperature. The 45° and 90° witness samples show higher average
build temperatures, where the 90° is exposed to the highest temperature. This correlates well
with thermal history curves, discussed in Chapter 5.2. The SEC, similar to the 0° witness
sample, also experiences relatively cold average build temperatures, but it still higher than the
0° witness sample due to its volume and the larger amount of energy and time required to

process the complete volume.

The average build temperature observations of extracted samples are challenging to verify,
since the analytical model does not consider the build history for each of the extracted samples
separately as in case of the numerical model. However, it can be generally said that the
extracted samples are exposed to colder average build temperatures, which would be in

agreement with observations discussed above.
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Table 12 Variables and input used for the analytical model based on Fourier’s Law to determine the
average build temperature for IN718 and IN738LC using Equation 4

Ni Witness sample
Variable Abbreviation  Unit SEC

superalloy 0° 45° 90°

6.90 6.90 6.90 6.90

E IN738LC E Imd
v v ™ E+10  E+10 E+10 E+10

7.60 7.90 6.59 1.60

Part height Both H
E-02 E-02 E-02 E-02

3.24 3.24 3.24 3.24

. 3
Build rate IN738LC m3/s £.09 E-09 E-09 E-09

1.19 3.15 5.79 4.34

Build time IN738LC t E+04 E+03 E+03 E+03

Solid thermal

conductivity* IN738LC A W/mK 19.6 196 196  19.6

Preheating

IN718 Tchamber K 293.15 293.15 293.15 293.15
temperature

*Average calculated using [70]; **Average calculated using [183]
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For IN738LC, lower average build temperatures compared to IN718 are calculated. Again, the
difference in thermal conductivity and the difference in preheating temperatures considered
explain this result. The analytically predicted IN738LC average build temperatures follow
similar trends as those for IN718. The 0° witness sample and SEC show low average build

temperatures, while the 45° and 90° witness samples show hotter average build temperatures.

While the exact temperatures cannot be extracted from the analytical model due to the
oversimplification of the complex PBF-LB/M processing conditions, the analytical results seem
to provide a quick means to explore thermal trends of the different parts considered.

The analytical model has not been tested for geometries or materials beyond this thesis, it is
therefore not verified to be a generally applicable tool. The results presented and the speed of
response are however intriguing and might be sufficient justification to explore this simple
model further with the goal of establishing a quick and reliable method to compare and assess
solidification conditions of different parts.
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5.3 Mechanical Properties

5.3.1 Vickers Hardness
The IN718 and IN738LC Vickers hardness values for all withess and extracted samples are
shown in Figure 57a and b respectively.

The average hardness of the IN718 SEC is 445 HV and that of the witness samples lies at
approximately 424 HV. This is equivalent to an average hardness difference between witness
and extracted samples of 5%. This result follows roughly the measured differences in average
grain sizes shown in Figure 46. The lower average build temperature and the faster effective
cooling rate experienced by the SEC (see Figure 37a) leads to grain refinement and an
increase in grain boundary area. Since grain boundaries hinder dislocation movement, the

hardness increases [202,203].
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Figure 57 Vickers hardness for a) IN718 and b) IN738LC witness and extracted sample in all build
orientations (0°, 45° and 90°)
Comparing the IN738LC witness and SEC samples, a similar behavior is observed, where the

hardness of withess samples is on average 5% lower than that of the extracted samples.

The behavior of 0° to 45° to 90° build orientations is also similar between both alloys. The 90°
witness samples show the slowest effective cooling rate, thus leading to the lowest hardness
values. In comparison to the 90° build orientation, the 0°and 45° samples show slower effective

cooling rates leading to smaller average grain sizes and therefore higher hardness.
5.3.1.1Correlation Evaluation

The correlation between Vickers hardness and normalized effective cooling rate is

characterized, as shown in Figure 58. As can be seen for both alloys, with slower effective
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cooling rates the hardness decreases. This can be correlated to the fact, that slower cooling

rates allow for grain coarsening, leading to larger grains and therefore lower hardness. On the

other hand, faster cooling rates, as in the case of the 0° withess sample and all extracted

samples, lead to smaller grains and therefore higher hardness. The same strong correlation is

shown in Figure 59 regarding Vickers hardness and average grain size. The correlation

evaluation is summarized in Table 13.
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Table 13 Correlation evaluation of Vickers hardness, normalized effective cooling rates and average grain

size

Factors Strength of Correlation

Normalized effective cooling rate and Vickers
++
hardness

Grain size and Vickers hardness ++

5.3.2 Tensile Properties
5.3.2.1IN718 Tensile Properties

Figure 60 shows the IN718 tensile behavior at 650 °C. Both witness and extracted samples
are studied for all three build orientations: 0°, 45° and 90°. As per DIN EN ISO 6892, the strain
rate is increased from 0.42 %/min to 8.4 %/min once the strain reaches 1.5%. The change in
strain rate causes the sudden increase in stresses observed in all curves [13]. While the tensile
tests were carried out according to the same norm and under the same conditions, the withess
samples were tested at the Technical University of Darmstadt, Institute for Materials and
Technology, whereas the extracted samples were tested at the University of Stuttgart,
Materials Testing Institute. It is assumed that the extent of the stress increase due to the

change in strain rate is caused by the different testing locations.

Based on literature [11,57], it is expected that the 90° build orientation shows the largest strain
but lower strengths compared to the 0° build direction. The 45° build orientation is expected to
lie within the bounds of 0° and 90° build orientations. The IN718 results shown in Figure 60

follow this expectation.
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Figure 60 IN718 hot tensile test at 650 °C for witness and extracted samples and all build orientations (0°,
45° and 90°)
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Comparing the tensile behavior of withess and extracted samples, a significant difference can
be observed: The extracted samples show higher tensile strengths compared to the witness
samples. At the same time, the fracture strain of the extracted samples is reduced compared

to those of the witness samples.

As seen in Figure 45, the extracted samples contain a significantly higher amount and more
evenly distributed d-phase. The d-phase has an embrittling effect, which explains the reduced

fracture strain seen.

Sanchez et al. [11] published an overview of PBF-LB/M IN718 tensile properties under different
testing conditions. Taking the tensile properties obtained under comparable testing conditions
as in this study and compiling all data points into one diagram (see Figure 61) allows the
evaluation of mechanical properties of witness samples across several research groups and

the extracted samples pursued here.

The comparison of reported UTS (see Figure 61a), reported Rpo» (see Figure 61b) and
reported tensile elongation (see Figure 61c) with those measured in this thesis for witness and
extracted samples shows that all withess samples have similar properties. The extracted
samples on the other hand have higher UTS, higher Rpo», and lower elongation values.
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Figure 61 IN718 tensile properties of withess and extracted samples in comparison to data reported in
literature: a) UTS; b) Rro.2; c) Elongation

Correlation Evaluation

The correlation between UTS and Rpo» and normalized effective cooling rate is characterized
in Figure 62. As can be seen with increased normalized effective cooling rate, the UTS and
Reo2 values increase. This can be correlated to the grain refinement caused by the faster
effective cooling rates (see Chapter 5.2) leading to increased strength according to the Hall-
Petch relation [202]. A normalized effective cooling rate threshold of 0.6 can be identified, when

an increase in UTS and Rpo2 can be seen.
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A similar correlation can be seen between UTS and Rpo.2 and average grain size in Figure 63.

This result is expected, since grain size and normalized effective cooling rate are dependent

on each other.
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Figure 62 Correlation between IN718 UTS and Rro.2 and normalized effective cooling rate
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The same correlation evaluation was carried out for elongation, normalized effective cooling
rate and average grain size (see Figure 64 and Figure 65). Based on literature [11,57], the 90°
build orientation should show the largest elongation values due to the larger average grain
sizes. The opposite behavior (i.e. 0° should show the shortest elongation due to smallest grain
size) is expected for the 0° build orientation. The 45° build orientation should lie inbetween.
While the differences in elongation between the build orientations do not completely agree with
the expectation, the differences are below 5% and are therefore considered negligible. The

same discrepancies seen in Figure 64 can be found in Figure 65.
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An analysis was carried out to identify the correlation between Rpo> and average grain size
(see Figure 66). Based on the data plotted and the Hall-Petch relation, a linear relationship for
the respective sample condition is expected. While a near linear relationship can be identified
for the withess samples, this is not the case for the extracted samples, meaning that the
microstructure (i.e. phase formation) plays a significant role in the tensile properties. As
discussed in Chapter 5.2.2.1, the microstructure between witness and extracted samples
differ. While the same phases form (y, y’, y’ and ), the shape and distribution differ. The
witness samples show a continuous film of &-phase along grain boundaries, whereas the
extracted samples showed needle-shaped 6-phase homogeneously distributed. Even though
all extracted samples show needle-shaped ©&-phase, the &-phase within the 90° build
orientation was the finest. These thin needle-like increase stress concentrations and cause
crack initiation; thinner needles more so than thicker needles. This would explain the 90°
discrepancy within the extracted samples. The continuous d-phase in the witness samples

form a weak spot, since they embrittle the grain boundaries in all withess samples.

A summary of the above discussed correlations is listed in Table 14.
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Figure 66 Correlation between IN718 Rro.2 and average grain size
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Table 14 Correlation evaluation of IN718 tensile properties, normalized effective cooling rates, average

grain size and phases

Factors Strength of Correlation
Normalized effective cooling rate and UTS/Rpo.2 ++
Normalized effective cooling rate and Elongation 0
Average grain size and UTS/Rro.2 ++
Average grain size and Elongation 0
Rro.2 and Yaverage grain size +
Phases and UTS/Rro.2 +
Phases and Elongation +

5.3.2.2IN738LC Tensile Properties

Figure 67 shows the hot tensile tests of IN738LC witness and extracted samples, carried out
at 850 °C. Similar to IN718, the IN738LC tensile results agree with the expected build
orientation behavior. Figure 67 shows that the 90° sample (extracted and witness) show the
largest tensile fracture strain compared to 0° and 45° build orientation. The tensile strains

(extracted and witness) increase from 0° to 45° to 90°.

In Figure 67, it can clearly be identified that extracted samples (dashed lines) show higher

strengths and lower failure strains compared to the witness samples.

The finer average grain size of the extracted samples inhibits dislocation mobility reducing
plasticity and thereby strain but increasing strength. However, the microstructural texture (see
Figure 52 and Figure 53) and phases formed (refer to Table 10) should also be considered.
The extracted samples contain TCP-phases (as seen in Table 10 and Figure 53), which further
reduce ductility.

While the UTS and Rpo for the extracted samples lie above those of the witness samples,
which can be attributed to the phases formed, the behavior of the build orientation relative to
one another differs compared to the tensile strain. The difference in UTS in witness samples
between 0° and 90° lies below 3% and is therefore considered negligible. The same applies

for the extracted samples.

Comparable yield and tensile stresses for IN738LC witness samples at 850 °C were reported
by Wang et al. [192]. In this study, the 90° samples show a higher ductility compared to 0° and
45°. The 0° and 45° samples show the same tensile ductility of 21.9%. Wang et al. [192]

achieved a ductility of ~14.4%. This difference might be caused by a difference in average
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grain size. The grain size reported by Wang et al. [192] is roughly half the grain size obtained

in this study, presumably due to differences in applied heat treatment.
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Figure 67 IN738LC hot tensile stress-strain curves for witness and extracted samples at 850 °C
Correlation Evaluation

The correlation between UTS and Rpo2 and normalized effective cooling rate is characterized
for IN738LC in Figure 69. Similar to IN718 discussed above, with increased normalized
effective cooling rate, the UTS and Rpo2 values increase. This can be correlated to the grain
refinement caused by the faster effective cooling rates (see Chapter 5.2) leading to increased
strength according to the Hall-Petch relation [202]. A normalized effective cooling rate
threshold of 0.65 can be identified, when an increase in UTS and Rpo.2 can be seen.

A similar correlation can be seen between UTS and Rpo.2 and average grain size in Figure 69.
This result is expected, since grain size and normalized effective cooling rate are dependent

on each other.
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The same correlation evaluation was carried out for the IN738LC elongation, normalized

effective cooling rate and average grain size (see Figure 70 and Figure 71). As can be seen,

with decreasing effective cooling rate, the elongation also decreases. This trend is identified
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for witness and extracted samples. Similarly, with increasing average grain size, the elongation

increases. This strong correlation is listed in Table 15.
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To determine the effect of the Hall-Petch relation, an analysis was carried out to identify the
correlation between Rpo 2 and average grain size (see Figure 72). A linear relationship for the
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respective sample condition is expected. For IN738LC, both the witness samples and the
extracted samples show a near-linear relationship, meaning that grain size is the root cause
for the documented difference in Rpo 2 values. The difference in phase formation in witness (y,
y’, carbide) and extracted samples (y, y’,, TCP) is the reason behind the gradient of the

correlation. The TCP-phases are also a partial reason for the reduced elongation in extracted
samples.

A summary of the above discussed correlations is listed in Table 15.
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Figure 72 Correlation between IN738LC Rro.2 and average grain size

Table 15 Correlation evaluation of IN738LC tensile properties, normalized effective cooling rates, average
grain size and phases

Factors Strength of Correlation

Normalized effective cooling rate and UTS/Rpo.2 ++
Normalized effective cooling rate and Elongation ++
Average grain size and UTS/Rpo.2 ++
Average grain size and Elongation ++

Rro.2 and Vaverage grain size ++

Phases and UTS/Rpo.2 0

Phases and Elongation 0

5.3.3 Mechanical Properties of IN718 versus those of IN738LC
IN718 and IN738LC show similar tensile behaviors. The extracted samples have higher UTS

and Rpo 2 values than witness samples and the tensile failure strains are smaller compared to

those of witness samples.

86



The y"’-phase is responsible for the increased strength of IN718, while the §-phase causes a
decrease in failure strain.

For IN738LC, the higher UTS and Rpo. are attributed to nano-scale TCP-phases.
Simultaneously, the TCP-phases are also the reason for the comparatively brittle behavior of
the extracted samples.

5.4 Response to Research Question 1

From the results presented above, it can be summarized that a direct transfer of properties
from witness samples to those of extracted samples is not possible. Witness samples do not
follow the same thermal history leading to differences in phase distribution, microstructure or

mechanical properties of voluminous PBF-LB/M components.

The root cause of these differences lies in the differences in geometry height, geometry volume
and interface area between sample/component and substrate plate, which acts as the main
heat sink in PBF-LB/M processes. The resulting differences in solidification behavior led to

identified differences between witness samples and (samples extracted from) components.

The following paragraph quotes DIN EN ISO/ASTM 52920:
“...The process qualification forms the basis for both the identification of reproducible material
properties as well as evaluation of the current process quality. This requires testing of

reference samples (i.e. withess samples), to a statistically significant extent, that includes all

gualified process steps defined by the manufacturing plan...The scope and frequency for
controlling the process quality shall be defined and documented in the manufacturing process
monitoring plan and records. Where required, co-built test artifacts (i.e. withess samples) serve

the guantitative determination of material characteristics, for comparison to the control chart,

as specified by the process qualification. Property specific tolerance bands, used for
acceptance, are based on the value and dispersion parameters of the material characteristics,
. [14).

Based on the results presented, it is therefore highly questionable whether withess samples
can be directly used to quantify component properties for qualification purposes as mentioned
in DIN EN ISO/ASTM 52920 [14]. However, witness samples might be used to qualitatively
ensure that the printing process is yielding similar quality across multiple build jobs. In order to
qualify a print job, the component and witness samples would have to be characterized and
correlated to one another beforehand. If withess samples of the new print job correspond to

those of the qualified job, one might postulate that the part fulfills qualification requirements.
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6 Results and Discussion for Research Question 2:
How do Build Orientation and Microstructure Affect Creep
Mechanisms?

The previous chapter on the transferability of withess samples to components irrevocably
showed a dependence of thermal history, microstructure and mechanical properties on build
orientation. Literature indicates a general knowledge gap of PBF-LB/M IN738LC creep
behavior, and its orientation dependent creep behavior in particular. This chapter is dedicated
to filling that gap using publicly available information about PBF-LB/M IN718 creep behavior
as a reference for Ni superalloys. As discussed in Chapter 2, creep mechanisms are complex
and affected by multiple factors. Conclusions regarding research question 2 therefore require
a systematic analysis of different influencing factors.

The effect of creep test temperature, applied stress and different build orientations on creep
behavior is studied. Creep deformation mechanisms are identified within research question 2.

The difference between witness and extracted samples is also characterized. The response to

research question 1 is accordingly extended with creep results.
6.1 Creep Behavior of PBF-LB/M Witness Samples

6.1.1 Creep Behavior in IN718
Sanchez et al. analyzed the IN718 creep behavior of 0°, 45° and 90° build orientations. The
creep curves are shown in Figure 73. The data was extracted from reference number [67].

Similar to the IN718 tensile results, the expected results are seen:

e 0° shows the least creep failure strain and time to rupture,
¢ 90° shows the highest creep failure strain and longest time to rupture,
e 45° lies within the bounds of 0° and 90° build orientation regarding both creep failure

strain and time to rupture.

The IN718 microstructure after creep for the samples shown in Figure 73 can be seen in Figure
74. Similar to the microstructures obtained in this study (see Figure 45), the 0° sample shows
the finer grain size compared to the 45° and 90° build orientations. Additionally, it can be seen,
that the d-phase precipitated along the grain boundaries, similar to the microstructure shown

for witness samples (see Figure 45).

Due to the faster effective cooling rate of the 0° withess samples (see Chapter 5.2), the
precipitation size compared to 45° and 90° witness samples is smaller. The applied heat
treatment (AMS5662, see Figure 28) leads to the (partial) dissolution of y” forming &-phase in

all build orientations.
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Figure 73 IN718 creep curves, data from Sanchez et al. [12]
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Figure 74 IN718 microstructures after creep (650 °C/600 MPa) for all build orientations, taken and adjusted
from [12]

6.1.2 Creep Behavior of IN738LC

The creep results of witness samples for 750 °C at 350 MPa and for 850 °C at 200 MPa are
shown in Figure 75a and Figure 75b respectively. For both temperatures, the creep failure
strains increase from build orientation angle 0° to 45° to 90°. At 750 °C, the longest time to
rupture is that of the 90° sample with 8,803 h and the creep failure strain lies at 3.48%. The 0°
sample has a significantly lower time to rupture of 3,076 h and a creep failure strain of 2.23%.
The 45° sample shows the lowest time to rupture after 2,808 h and a creep failure strain of
2.75%. An overview of the 750 °C/350 MPa results can be found in Figure 76a.
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The difference in tertiary stage should also be noted. Whereas the tertiary stage of the 90°
sample is extended, the 0° and 45° show significantly smaller tertiary stages. The difference

in tertiary stage between the build orientations was also found for IN718 by Sanchez et al. [67].

A similar behavior is shown at 850 °C. Creep failure strains of 8.61%, 1.72% and 3.37% and
times to rupture of 5,362 h, 912 h and 534 h are recorded for 90°, 0° and 45° build orientation

respectively. An overview of the 850 °C/200 MPa results can be found in Figure 76b.
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Even though, each creep loading parameter set was only tested once, the creep results show
that similar material trends are seen at different temperatures and at different load levels. It
can therefore be assumed that this creep behavior is representative. The 90° build orientation
achieves the largest creep failure strain, followed by the 45° and 0° build orientation
respectively. The creep rate is highest in the 45° build orientation compared to the other two
build orientations. Accordingly, the time to rupture of 45° build orientation is lowest compared

to the other two build orientations.

The creep behavior seen in Figure 75 is material specific, since the IN738LC 45° creep results
do not agree with the IN738LC tensile results (see Figure 67) or the IN718 creep behavior
(compare Figure 73). Based on the tensile results and the IN718 creep results reported in
literature, it is expected that the 45° build orientation lies within the bounds of the 0° and 90°
build orientation. While the creep failure strains do agree with the expectations (compare
Figure 76), the time to rupture of the 45° build orientation is significantly lower compared to the
other two build orientations. Accordingly, the creep rate of the 45° build orientation is
significantly higher compared to the 0° and 90° build orientation.

The IN738LC 45° time to rupture does not agree with those of IN718 as it does not lie between
those of 0° and 90° samples. Such a behavior was not observed in microstructure or in hot
tensile testing, as shown in Figure 67. The root cause of this anomaly must therefore be found
in the creep behavior itself.

6.2 Effect of Creep Test Temperature and Applied Stress on IN738LC
Microstructure

As seen in the chapter above (6.1.2), similar creep trends are seen at different creep test
temperatures. A difference in macroscopic fracture surfaces can be identified between the
build orientations. Macroscopic images of the fractured samples at 750 °C/350 MPa and
850 °C/200 MPa and 850 °C/240 MPa are shown in Figure 77. The 90° and 0° oriented
samples show planar fracture surfaces perpendicular to the maximum normal stress. The 45°
samples show shear failure oriented at a 45° angle. This fracture behavior holds true for both
temperatures 750 °C and 850 °C (both loads: 200 MPa and 240 MPa).

Also noticeable is the fracture location: All build orientations break in a similar region of the
samples for the respective creep test temperature. However, the failure locations of the
samples tested at 850 °C are located lower (on average 10 mm difference) compared to those

tested at 750 °C. The fracture location of the 750 °C samples occurred in the sample center.
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To explore the root causes for the IN738LC creep behavior and macroscopic fracture surfaces,
the microstructural changes due to temperature and stress exposure are investigated. The
IPF-poles for witness samples tested at 750 °C/350 MPa and 850 °C/200 MPa,
850 °C/240 MPa are shown in Figure 78. At 750 °C, a strong anisotropy in 0° build orientation
is seen with a mixture of dominant grain orientations mainly between [111] and [001]. The 90°
build orientation shows a dominant grain orientation of [001]. There is no dominant grain
orientation in 45°. At 850 °C/200 MPa and 850 °C/240 MPa, the grain orientation in the 0°
sample is a mixture of [111] and [101]. Similar to 750 °C, the 90° sample still shows a dominant

grain orientation of [001]. The 45° build orientation remains without dominant grain orientation.

While the grain orientation of 90° samples remains mostly oriented in [001] direction for both
creep testing temperatures, the dominant build orientation of the 0° samples differs from one
temperature to the other. At 750 °C the dominant grain orientation is shown to be [001] and
[111], whereas at 850 °C the dominant grain orientations of 0° samples are [001] and [101].
The change in grain orientation depending on creep test temperature indicates that the

temperature plays a significant role for grain rotation and final grain orientation.
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Figure 78 Inverse pole figures (IPF-Z) taken near the fracture surface in all build orientations (0°, 45°, 90°)
for 750 °C/350 MPa and 850 °C/200 MPa, 850 °C/240 MPa

The grain boundary angles for creep samples tested at 750 °C/350 MPa and 850 °C/200 MPa,
850 °C/240 MPa are shown in Figure 79. High Angle Grain Boundaries (>12°; HAGBSs) are
shown in red, while Low Angle Grain Boundaries (<12°; LAGBs) are shown in black. Both
creep test temperatures show similar trends: The 0° and 90° build orientations show a mixture
of high and low angle grain boundaries, with LAGBs being most dominant. In comparison, 45°
shows mostly HAGBS, identifiable by the dominant red lines and lack of black lines. Again, the
grain boundary angles of the 850 °C/200 MPa samples are similar to those seen in samples
tested at 850 °C/240 MPa.

As shown in Figure 79, the build orientations tested at 750 °C contain a larger amount of
LAGBSs, which can accommodate the stresses more evenly compared to HAGBs. The high
amount of HAGBs found in the build orientations tested at 850 °C cannot accommodate the
stresses as evenly as LAGBs, due to the lattice mismatch causing defect initiation. As
mentioned above, the sample failure locations differ between the creep test temperatures. The
dominant HAGB frequency in the 850 °C samples cause defect initiation leading to non-central
sample failure as compared to the 750 °C samples containing more LAGBs, which
accommodate the applied stress more evenly leading to central sample failure.

93



A reduction in LAGBs can be noticed in the 0° and 90° build orientations at 850 °C (200 MPa
and 240 MPa) compared to the 750 °C samples. The reduction in LAGBs combined with the

change in dominant grain orientation indicates that dynamic recrystallisation is occurring.

Representative TEM-images of creep samples at 750 °C and 850°C are shown in Figure 80.

Bulging grain boundaries are seen at 850 °C, while grain boundaries do not bulge at 750 °C.

The bulging grain boundaries are an indication of discontinuous dynamic recrystallization

(DDRX). Based on the TEM-images, it is assumed that while both continuous dynamic

recrystallization (CDRX) and DDRX are occurring, at higher temperatures (i.e. 850 °C in this

study) DDRX is more dominant. The bulging grain boundaries are the cause for the reduction

in LAGBs seen in Figure 79 and the change in dominant grain orientation.

750 °C/350 MPa

Creep Test Temperature
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Figure 79 Grain boundary angles for creep samples close to the fracture surface in all build orientations

(0°, 45°, 90°) for 750 °C/350 MPa and 850 °C/200 MPa, 850 °C/240 MPa
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Creep Test Temperature

Figure 80 Representative TEM-images of witness creep samples tested at 750 °C/350 MPa showing no
bulging grain boundaries (left) and 850 °C/200 MPa showing bulging grain boundaries (right)

From this chapter, it can be concluded that the PBF-LB/M IN738LC creep behavior at 850 °C
is similar at different loads. Both at 200 MPa and 240 MPa, similar dominant grain orientations,
grain boundary angles, macroscopic fracture surfaces and fracture locations were

documented.

With regards to creep temperature, differences are observed at 750 °C and 850 °C. The
dominant grain orientations in the build orientations and the grain boundary angles at 750 °C
differ compared to 850 °C affecting the recrystallisation during creep and fracture location.

6.3 Effect of Build Orientation on IN738LC Creep Deformation Mechanisms

Creep deformation mechanisms are complex and often occur simultaneously. It is therefore
important to identify the active deformation mechanisms to understand the resulting creep

properties.

As discussed in Chapter 6.1.2, the IN738LC creep failure strains follow the expected trend,
whereas the times to rupture and thus creep rates do not for the different build orientations.
This chapter discusses the different creep deformation mechanisms to explain the creep failure

strains and creep rates within the build orientations.

6.3.1 Creep Mechanisms affecting Creep Failure Strain

Grain rotation is a common mechanism during creep to accommodate the applied stress. In
order to identify how and to what extent grains rotated, Euler angles were determined using
EBSD-scans (see Figure 81). The cube wire frames drawn for each grain indicate how the

respective grain is oriented (see Figure 81a).

For the 90° build orientation, the dominant orientation prior to and after creep testing is [001],
which is parallel to the applied load. Comparing the Euler angles prior to and after creep, no
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significant change can be identified. Grain rotation is therefore limited in the 90° build

orientation.

The 0° build orientation shows a dominant orientation of [011] prior to creep. After creep, a
dominant orientation of [111] can be seen. The number of grains oriented parallel to load
direction in [001] does not change significantly after creep. The rotation in the 0° build
orientation focusses from [011] to [111] (see Figure 81b). The inferior creep behavior related

to [011] orientations has previously been reported [204].

For the 45° build orientation, grains oriented at [011]-angles rotated towards [001] and [111]-
angles rotated towards [011] (see Figure 81b). The rotation towards the [001] orientation, that
is parallel to the applied loading direction, allows for the accommodation of the applied stress.
By contrast the 0° sample shows a Euler angle combination of [111] and [011] and the 90°
oriented sample shows Euler angles mostly oriented in [001] (i.e., parallel to applied load
direction) after creep (see Figure 81c). The Euler angles thus provide a preliminary explanation

of the 45° behavior and its relation to 0° and 90° orientations.

As can be seen in Figure 81a, for all samples, grains become longer and thinner during creep,
confirming the simultaneous occurrence of CDRX and DDRX. The difference in average grain

size is visualized in Figure 82.
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6.3.2 Creep Mechanisms affecting Creep Rate
In a first step, the deformation mechanisms map (see Figure 83) is used to determine the
expected creep deformation mechanisms. Based on the creep deformation mechanisms map,

the expected dominant deformation mechanism at 850 °C/200 MPa are:

e Grain Boundary Sliding,
e Dislocation Climb and
e Micro-twinning.
The following chapters examine these three deformation mechanisms to determine the reason

behind the faster creep rate seen in the 45° build orientation.

A Associated with precipitation size

1000|
J APB Shearing
7-nAzw”“""'——n,,,,n N B g : G
‘o 800 Associated with stacking <\ . "ain BOU/;U
o fault energy ‘ Ofey s .
2 /OCet,b : \\ Id’"é’
0 600 1Ds |
n Co,_,_e/ e
= A d with stacking faul e, e
+ ssociated with stacking fault ror
» 400 energy and precipitation — “”f)/;,n
g Dislocation climb

200 N

Associated with precipitation size <

0 >
0 100 200 300 400 500 600 700 800 900 1000 1100
Temperature [°C]

Figure 83 Creep deformation mechanism map to determine expected creep deformation mechanisms at
850 °C and 200 MPa

IN738LC creep tests were carried out at multiple applied net stresses at 850 °C. Figure 84
shows the Norton plot at 850 °C for stresses ranging from 150 MPa — 240 MPa. For a detailed
description about the Norton plot refer to [205]. Norton’s law is inserted in Figure 84, where &
is the secondary creep rate, A is a material constant and a function of temperature, ¢ is the
stress and n is the stress exponent. The gradient of the dotted lines in Figure 84 is equivalent
to the stress exponent. As can be seen, all build orientations were described with Norton
exponents between 3 and 5, confirming dislocation creep as a possible creep deformation
mechanism [205].

It should be noted that the 45° build orientation shows the lowest value for the stress exponent,
indicating that grain boundary sliding is also a possible creep deformation mechanism

[206,207].
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Figure 84 Norton plot for 850 °C IN738LC witness samples for 150 — 240 MPa

6.3.2.1Grain Boundary Sliding

As a possible active deformation mechanism, grain boundary sliding should be discussed. The
difference in grain size was already shown above (see Figure 82). The 45° build orientation
shows a significant smaller grain size after creep compared to the other two build orientations.
The change in grain size not only indicates CDRX, but also increases the grain boundary area

allowing grain boundary sliding to occur.

Besides the grain size and grain orientation, grain boundary sliding is also affected by carbides
pinning the grain boundaries. Prior to creep testing all build orientations showed carbides
accumulating at grain boundaries (see witness samples in Figure 52). Representative SEM-
images of the microstructure after creep testing (at 850 °C/200 MPa) for 0°, 45° and 90°
witness samples are shown in Figure 85. Twins can be found in all build orientations. The y’
precipitates can be seen in the enlarged images in Figure 85b, d and f for all build orientations.
After creep, carbides can be identified primarily at the grain boundaries in Figure 85a and e for
the build orientations 90° and 0° respectively. The presence of carbides is further confirmed
with Cr-EDX mappings. Figure 86 shows that the 0° and 90° build orientations exhibit Cr along
the grain boundaries. Correlating the EDX maps to the SEM images in Figure 85, these
precipitates are Crx3Cs type carbides. These carbides pin the grain boundaries, thereby
reducing the creep rate. In comparison, no carbides can be identified at the grain boundaries
after creep for the 45° build orientation (see Figure 85c). The 45° build orientation does not
show Cr segregations either (refer to Figure 86). Therefore, a microstructural change occurred

during creep testing in the 45° build orientation.
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Figure 85 IN738LC SEM-images of withess samples after creep testing (850 °C/200 MPa): a) 90° sample in
XZ-plane; b) Detailed image of a; c) 0° sample in XZ-plane; d) Detailed image of c; e) 45° sample in XZ-
plane; f) Detailed image of e

0° 45° 90°

Figure 86 Cr elemental distribution in witness samples for 0°, 45° and 90° build orientation tested at
850 °C/200 MPa

100



In order to characterize the change in microstructure during creep testing in the 45° build
orientation further, the phases are investigated by means of EBSD (see Figure 87). The 0° and
90° build orientations show a combination of face center cubic (fcc) phases (i.e. y and y') and
carbides. The 45° sample shows a combination of fcc (i.e. y and y') phases and hexagonal

close packed (hcp) phases.

The hcp-phase in IN738LC includes the n-phase (NisTi or NisTa). The n-phase forms only when
exposed to temperatures between 850 °C to 950 °C. At that temperature range, Ti- and/or Ta-
carbides decompose thereby enriching the grain boundaries with Ti and Ta [20]. Since the
formation of the n-phase is dependent on the dissolution of carbides, this hcp-phase forms at
grain boundaries. The n-phase is known to increase strength and reduce ductility due to the
incoherency of the hcp crystal structure with the y-matrix [20,21]. The theoretical possibility to
form NisTi for the specific alloy composition was verified by the phase diagram shown in Figure
50. Since grain boundary pinning carbides (i.e., MC) dissolve for the formation of the n-phase,

grain boundary sliding can occur more readily.

The reason for the n-phase only forming in the 45° build orientation and not in the other two
build orientations can be found when considering the thermal distributions, discussed in
Chapter 5.2. The fast solidification of the 0° build orientation does not allow enough time for
the n-phase to form, since thermal exposure is required for the decomposition of carbides to
occur. The in-situ heat treatment of the 90° build orientation homogenizes elemental
distribution of Ti and Ta, hindering n-phase formation. The 45° sample retains temperatures of

roughly 1000 K (compare Figure 37b), allowing for optimal n-phase formation conditions.
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Figure 87 Phase identification in IN738LC witness samples for 0°, 45° and 90° build orientation

Grain boundary sliding is inhibited in 0° and 90° build orientation due to carbide formation at
grain boundaries. However, the 45° build orientation does not show carbides due to n-phase

formation, allowing for grain boundary sliding.
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6.3.2.2Dislocation Climb

Dislocation climb is a possible creep deformation mechanism according to the creep
deformation mechanism map shown in Figure 83. Dislocation climb is based on dislocation

mobility, which preferably occurs at high temperatures.

The deformation was analysed using EBSD, as shown in Figure 88. As can be seen, for the
0° build orientation deformation occurs mostly around grain boundaries. This can be correlated
to the found M23Cs carbides, which characteristically resolve stresses around them. While the
90° build orientation also shows deformation peaks at grain boundaries (also due to M23Cs

carbides), deformation occurred more homogeneously within this build orientation.

The 45° build orientation on the other hand does not show deformation peaks at grain
boundaries, but rather at triple points where multiple grains meet. This can be attributed to the
lack of M23Cs carbides as well as the dominance of HAGBS (refer to Figure 79).

¥ Applied Load
)
¥
0 £ 5

Creep Test Temperature
850 °C

Figure 88 EBSD Deformation maps for witness samples tested at 850 °C/200 MPa

Since the 45° build orientation contains mostly HAGBSs, a dislocation pile-up can be expected
because these grain boundary types hinder dislocation mobility. The dislocation pile up was
confirmed for the 45° build orientation with TEM-analysis, as shown in Figure 89. No dislocation
pile-up was found for the 0° or 90° build orientation. TEM-analysis was also used to determine
dislocation density within the different build orientations. The difference in dislocation density
can clearly be identified in Figure 90. As can be seen, the 45° build orientation shows a
significant increase (factor 1000) in dislocation density compared to the other two build
orientations. These dislocation pile-ups and increased dislocation density indicate that
dislocation mobility is inhibited within the 45° build orientation. Dislocation climb is therefore
not a dominant creep deformation mechanism within the 45° build orientation compared to the

0° and 90° build orientation.
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Figure 89 Representative TEM-image of the 45° build orientation showing a dislocation pile-up near
HAGBs
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Figure 90 Dislocation density after creep testing at 850 °C and 200 MPa in 0°, 45° and 90° build orientation

6.3.2.3Micro-Twinning

Micro-twinning is the third expected creep deformation mechanism according to the

deformation mechanism map, shown in Figure 83.

Twinning is visible in all build orientations for samples tested at 850 °C/200 MPa (as shown in
Figure 91). The twin density increases from 90° to 0° to 45° build orientation, as shown in
Figure 92a. As mentioned in Chapter 2, twins can either be mechanical or annealing twins. To
determine which twin type formed in this study, the twin density was determined prior to creep
testing and after creep testing. As can be seen in Figure 92a, the twin density for the 90° build
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orientation is similar prior to and after creep testing, meaning that in the 90° sample, mostly
annealing twins formed during the post-processing of the sample prior to creep testing. This
result is also in agreement with the results of Sanchez-Mata et al. [144]. The twin density in
the 0° build orientation is higher after creep testing compared to that prior to creep testing,
meaning there is a mixture of annealing and mechanical twins. The mechanical twins formed
during creep testing due to the applied mechanical load. The 45° build orientation shows a
significant increase in twin density after creep testing compared to prior to creep testing. This
result indicates that while there is a mixture of annealing and mechanical twins, similar to 0°
build orientation, the mechanical twins dominate in the 45° build orientation. Mechanical twins
are typically found in hcp-phases [150], such as the n-phase, which was found in the 45° build

orientation.

Figure 92b shows a clear correlation between twin density and creep rate: With increasing twin
density, the creep rate increases.

Figure 91 SEM-images of creep samples (witness) tested at 850°C/200 MPa to show the difference in twin

density
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Figure 92 a) Twin density depending on build orientation prior to and after creep testing (850 °C/200 MPa);
b) Twin density after creep and creep rate depending on build orientation (850 °C/200 MPa)

Twin dimensions are affected by elemental distribution. As previously shown, Cr distribution
was different between the build orientations. Therefore, the distribution of alloying elements
was further characterized using EDX (see Figure 93). As can be seen, Nb is homogenously
distributed in the 0° and 90° build orientation, while Nb segregations can be found in the 45°
build orientation. According to Egan et al., Nb was found to reduce the twin thickness [208,209].
The twin thickness for all build orientations was measured prior to and after creep testing. The
results are shown in Figure 94. As can be seen, the twins in the 45° build orientation are thinner

compared to 0° and 90° oriented samples.
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Figure 93 Elemental distribution in witness samples for 0°, 45° and 90° build orientation tested at
850 °C/200 MPa: a) Mo, Al, Fe, Ti, Zr; b) Nb
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Figure 94 Twin thickness for all build orientations (0°, 45°, 90°) prior to and after creep testing

(850 °C/200 MPa)

As mentioned in the introduction, Nb atmospheres increase the formation of micro-twins. The
45° build orientation, which contains Nb clusters, shows significantly thinner twins compared
to the other two build orientations, thereby raising the assumption that micro-twins could have
formed. Besides Nb reducing twin thickness and increasing the formation of micro-twins, Nb
segregations also lead to increased Stacking Faults Energies (SFE) [172,174], which
correlates well with the assumption of micro-twin formation. Since higher SFE inhibit
dislocation mobility, twinning is energetically favorized compared to slip, which explains the
significantly higher twin density in the 45° build orientation. A change in SFE is also suspected
due to the local difference in chemical composition found. Clusters of refractory metals, such
as Cr and Nb, have also been found to be an indication of increased stacking faults and their
respective energies [172,174]. According to Gallagher [210] SFE is heavily dependent on
alloying elements and temperature. Small changes in alloying elements even on the atomic
scale significantly affect the SFE. lkeda et al. confirmed that the SFE depends on local
concentrations of Cr, Co and Ni [211]. The SFE was found to increase significantly when Cr is
either depleted or occupies the crystal structure (almost) completely [211], just as is the case
in M23Cs carbides. Since in this study, chemical composition varies locally, the SFE of the 45°

build orientation is assumed to be higher compared to the other two build orientations.
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Since the Nb clusters reduce twin thickness and thereby the possible operating slip systems
[209], the Euler angles discussed above were used to obtain Schmid factor frequency maps

for three different slip systems (see Figure 95):

e {111} < 110 > - fcc slip system

e {111} < 211 > - slip system when Superlattice Intrinsic Stacking Faults (SISF) are
present and/or micro-twins are present

e {111} < 211> - slip system when Superlattice Extrinsic Stacking Faults (SESF)

and/or micro-twins are present

The Schmid factor frequency maps identify how frequent a slip system was active. As seen in
Figure 95a, the 90° sample shows a uniform activation of the {111} < 110 > slip system.
Contrary to the 90° build orientation, the 0° and 45° build orientation show a non-uniform and

lower frequency of the {111} < 110 > slip system.

Figure 95b shows the results for the slip system {111} < 211 >. As can be seen in the 0°
sample, no significant change to Figure 95a is identified. For the 90° sample a homogenously
activated slip system can still be seen. The 45° sample shows a more homogeneous frequency
compared to the slip system shown in Figure 95a. The grains, in which a sudden change
occurred for the {111} < 110 > slip system, show an activated Schmid factor for the slip
system {111} < 211 >. This indicates that it is likely that SISFs are present, as the slip system
{111} < 211 > is closely linked to SISFs.

Figure 95c shows the results for the slip system {111} < 211 >, which is closely linked to
SESFs. The results for 0° and 90° build orientations remain similar to those seen in Figure
95b. In the 45° sample, the grains in which low Schmid Factors are seen in Figure 95a and b,
are replaced by a higher Schmid factor frequency in Figure 95c. This indicates the presence
of SISF (as seen in Figure 95b) and SESF (as seen in Figure 95c).

As discussed in Chapter 2.3.1, the presence of SISF and SESF increase the SFE and increase
the formation of micro-twins during creep. The increased SFE inhibits dislocation mobility. The
energy required for dislocation slip in the 45° build orientation is therefore higher compared to

twinning.
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Figure 95 Schmid factor maps for different slip systems in witness samples tested at 850 °C/200 MPa:
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a) {111} < 110 >; b) {111} < 211 >; ¢) {111} < 211 >

The dislocation mobility is inhibited in the 45° sample by Nb segregations, a reduced number
of slip systems and an increased amount of HAGBs. Once grain boundaries (mostly HAGBSs,
refer to Figure 79) are met by dislocations, the resulting dislocation pile up will lead to the
reduced time to rupture. The dislocation pile up was shown in Figure 89.

Based on the results above and the assumption of micro-twin formation as a possible
mechanism to increase the 45° creep rate, the twins present were investigated more closely
(see Figure 96). Figure 96 shows representative image of the twins for the respective build
orientations. On the right-hand side, the images are labelled for simplified visualization.
Whereas the twins in the 0° and 90° build orientations do not show a structure, the 45° twins,
do show a structure for the entire length of the twin.
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Figure 96 Twin structure for 0°, 45° and 90° build orientation tested at 850 °C/200 MPa. The images on the
right are identical to the left images with added visualization aids

The clusters of refractory metals, the expected increased SFE, the Schmid factor frequency
maps and the structure within twins are all indicators for micro-twinning within the 45° build
orientation. The fracture surface of the 45° build orientation shown in Figure 77, is similar to
that reported by Barba et al. for samples containing micro-twins [166]. TEM analysis was
carried out to confirm these suspicions. Micro-twins were found for the 45°in the y/ y'structure
(see Figure 97). Close to the micro-twins, a dislocation pile-up can be seen in Figure 97
confirming the reduced number of slip systems. Micro-twins were not found for the other two
build orientations, 0° and 90°. This is the first time micro-twins are confirmed in additively
manufactured samples [212].
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Figure 97 Micro-twins found in 45° build orientation in witness samples tested at 850 °C/200 MPa

Therefore, whereas dislocation creep is the primary creep deformation mechanism in 0° and
90° build orientation, the following creep deformation mechanisms are active in the 45° build

orientation;

e Grain boundary sliding

e Micro-twinning
6.4 IN718 vs. IN738LC Creep Behavior

Unlike the reported similar mechanical behavior (hardness and tensile properties) of IN718
and IN738LC (Chapter 5.3), the creep behavior is found to be very different. Whereas for IN718
the 45° orientation lies within the bounds of 0° and 90° regarding creep failure strain and time
to rupture, the IN738LC 45° build orientation has the shortest time to rupture and the highest
creep rate.

The difference in creep behavior is attributed to phase evolution differences (i.e. n-phase)
between both Ni superalloys. In the case of IN718, the phases formed are similar for all build
orientations, only the distribution and shape varied. In the case of the IN738LC 45° sample, n-
phase formed due to the particular thermal behavior of this build orientation leading to carbide
dissolution, increasing creep rate and affecting micro-twin formation. In comparison, the grain
boundary strengthening phase in IN718 is the &-phase (NisNb). Since the &-phase already
occupies the grain boundaries, the hcp n-phase does not readily form in IN718.
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6.5 Response to Research Question 2

It can be generally summarized that creep behavior varies significantly depending on alloy
composition. Hence the response to research question 2 is not the same for the alloys
considered IN718 and IN738LC.

IN718 creep behavior is not sensitive to build orientation.

The IN738LC composition however responds differently to the different thermal conditions
identified for the different build orientations during PBF-LB/M processing. Whereas the 0° and
90° behave similar to IN718, the creep rate of the IN738LC 45° build orientation is faster
compared to the other two build orientations. The differences found in elemental distribution
and phase formation lead to multiple active creep deformation mechanisms within the 45° build

orientation.
6.6 IN738LC Creep Properties of Witness and Extracted Samples

To examine differences in creep behavior between IN738LC witness and extracted samples,
creep tests at 850 °C and 240 MPa were carried out for both sample types. Figure 98 shows
the creep results for extracted and witness samples. As can be seen, the witness and extracted
samples follow the same trend. For withess samples, the longest time to rupture for the 90°
sample is 1,342 h and the creep failure strain is 5.27%. The 0° sample has a lower time to
rupture of 335 h and a creep failure strain of 2.42%. The 45° sample shows the lowest time to
rupture after 194 h and a creep failure strain of 2.78%. A similar behavior is seen for extracted
samples. Creep failure strains of 3.97%, 1.65% and 2.38% and times to rupture of 2.348 h,
309 h and 171 h are recorded for 90°, 0° and 45° build orientation respectively.

Similar to the IN738LC creep results observed for witness samples at 750 /350 MPa and
850 °C/200 MPa, the creep rate of the 45° specimens is higher compared to the other two build

orientations, also the difference in the tertiary stage is similar to that seen in Figure 75.

Figure 99 summarizes these creep characteristics of extracted and withess samples and their
respective build orientations. In general, the extracted samples follow the same trend as the
witness samples (discussed above): The 0° samples show the lowest creep failure strains,
whereas the 90° samples show the largest creep failure strain (see Figure 99a). The 45°
samples show creep failure strains inbetween those of 0° and 90° samples. The time to rupture
of the 45° samples shows the lowest values compared to the 0° and 90° samples (see Figure
99b). The creep rates of the 45° build orientation are accordingly highest compared to 0° and

90° build orientations.
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Figure 98 Creep curves of IN738LC at 850 °C at 240 MPa for extracted and witness samples
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Figure 99 a) Overview of creep failure strain and minimum creep rate for IN738LC for witness and

extracted samples tested at 850 °C/240 MPa; b) Overview of time to rupture and minimum creep rate for
IN738LC for witness and extracted samples tested at 850 °C/240 MPa

The witness and extracted samples are analyzed using EBSD. IPF-Z poles for the creep tested
witness and extracted samples (tested at 850 °C and 240 MPa) are shown in Figure 100.
Oriented grains parallel to build direction can clearly be identified for 90° witness and extracted
samples. The grain size difference discussed in Chapter 5.2.2 can also be clearly identified in
Figure 100. The extracted samples show finer grain sizes compared to witness samples.
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For witness samples, the dominant grain orientation in the 90° orientation can be identified as
a combination of [111] and [001], whereas in the 90° extracted sample the dominant grain
orientation is [001]. The 45° build orientation for both withess and extracted samples do not
show a dominant grain orientation. The 0° build orientation for withess samples shows a
dominant grain orientation combination of [111] and [101], whereas for the extracted sample,

similar to the 45° build orientation, no dominant grain orientation can be identified.

The grain orientation of the extracted 0° sample can be explained by considering the
solidification conditions (see Figure 37b and Figure 39b). The 0° sample experiences the faster
effective cooling rates (see Chapter 5.2.4). This not only leads to a refined grain size but also,
the favorable grain orientations along the vertical thermal gradient do not have a chance to

overgrow non-favorable grain orientations.
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Figure 100 IPF-Z poles (parallel to build direction) after creep for witness and extracted samples tested at
850 °C and 240 MPa
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Similar to the witness samples discussed above, the distinct twinning in all samples in Figure
100 is noteworthy. The twin density and twin thickness is presented in Figure 101. While twin
density is highest for the 45° build orientation for both extracted and witness samples, the
general twin density of extracted samples is lower compared to those of withess samples. The
opposite trend can be seen for the twin thickness. The 45° build orientation (withess and

extracted) shows the smallest twin thickness compared to 0° and 90°.

The lower twin density in extracted samples is attributed to the smaller grain sizes (see Figure
54 in Chapter 5.2.2) due to higher effective cooling rates (see Figure 39 in Chapter 5.2). The
energy necessary for twin formation is higher in fine grained materials. Instead, dislocation slip

is energetically more favorable.
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Figure 101 Twin thickness (bars) and twin thickness (plots) after creep for witness and extracted samples
tested at 850 °C and 240 MPa

When considering the microstructure further, grain orientation after creep should be
considered. For this purpose, Euler angles after creep were determined for withness and

extracted samples.

Figure 102 shows the frequency of Euler angles after creep for witness and extracted samples
and the respective build orientations. Similar to the witness samples discussed in the chapters

above, the frequency of Euler angles after creep provides an explanation for the creep failure
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strains documented in Figure 98. Grain orientations parallel to the load direction accommodate
the applied load more evenly than grain orientations perpendicular to build direction. Therefore,
a dominant grain orientation of [001] leads to increased creep failure strains. As can be seen
from Figure 98, the 0° build orientations (withess and extracted) show the lowest creep failure
strains. Accordingly, the 0° build orientations show the lowest accumulation of [001] grain
orientations. The extracted 45° sample shows a minimal lower creep failure strain compared
to the witness sample (the difference is negligible). Even so, the extracted 45° sample shows

less [001] grain orientations compared to the withess sample.
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Figure 102 Frequency of Euler angles after creep for witness and extracted samples tested at 850 °C and
240 MPa
The respective Euler angles are shown as Inverse Pole Figures (IPF measured in Z-direction)
in Figure 103. Again, the cube wire frames drawn in Figure 103 for each grain indicate how the
respective grain is oriented. The grain orientation with regard to the respective neighboring
grains differs significantly, as verified by the grain boundary angles (see Figure 104). In
general, the 45° build orientation shows mostly High Angle Grain Boundaries (HAGBs >12°;
shown in red), while the 0° and 90° build orientations show a combination of HAGBs (more
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dominant) and Low Angle Grain Boundaries (LAGBs <12°; shown in black). The HAGBs are
at least partially caused by twin boundaries. The reorientation associated with twins causes an
increase in the surrounding grain boundary angles [150].The misorientation caused by HAGBs
within the lattice also introduces a strain, which increases strength [150]. The misalignment

within the lattice due to the HAGBs hinder dislocation movement reducing ductility [150].
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Figure 103 Euler angles after creep for witness and extracted samples tested at 850 °C and 240 MPa
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Figure 104 Grain boundary angles after creep for witness and extracted samples tested at 850 °C and

240 MPa

For research question 1, it was concluded that withess samples do not fully represent (samples
extracted from) components microstructurally and in turn in mechanical properties (Vickers

hardness and tensile properties).

The creep results discussed showed that while witness and extracted samples do show similar
trends, the creep results (e.g. times to rupture) differ, indicating that the smaller grain sizes in
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extracted samples lead to generally shorter creep life. Therefore, the response to research

guestion 1 does not need to be amended.

It should be noted that further creep results should be performed to verify the similar trends
between witness and extracted samples. Creep results in due course of this thesis are ongoing
and yield promising results confirming the conclusions to research question 1. A summary of
the documented comparison between witness and extracted samples is presented in Figure
105.
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In-situ heat treatment PBF-LB/M
Large grain size Process
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Post-Processing
Differences in phases not mitigated Post-
Processing
Hardness
Lower hardness due to larger grain size
Hall-Petch relation bl
Tensile Testing
= Hall-Petch relation Tensile
Testing

= Effect of &-phase

Creep

= Longer times to rupture due to larger
grains

Extracted Samples
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Higher hardness due to finer grain size
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Figure 105 Comparative representation of results for witness and extracted samples
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7 Conclusion and Outlook

The aim of this thesis was to identify correlations between the PBF-LB/M microstructure and
(long-term) mechanical properties of IN718 and IN738LC for the reliable use in high
temperature applications. In order to fulfill this aim, two research questions were studied based
on the knowledge gaps identified in the literature review:

1. To what extent are microstructural and mechanical properties of withess samples
representative of large-scale components?

2. How do build orientation and microstructure affect creep mechanisms?

In this study, a Sample Extraction Component (SEC) was developed that allows sample
extraction in three orientations: 0°, 45° and 90°. Witness samples in the same build orientations
were manufactured for comparison. The investigated materials were IN718 and IN738LC. The
solidification conditions and microstructure for extracted and witness samples as well as for
the three build orientations were characterized to determine the effect on mechanical
properties. Based on the results of this study, the following conclusions can be drawn with

regards to the studied research questions:

1. To what extent are microstructural and mechanical properties of witness

samples representative of large-scale components?

From the results of this study, the microstructure and mechanical properties of withess samples
are not directly transferrable to components due to the following reasons:

e The SEC and witness samples experience different solidification conditions. The witness
samples (90° and 45°) experience an in-situ heat treatment, while the SEC and 0° witness
sample cool significantly faster in comparison. The different solidification conditions cause
differences in grain size, phase formation and segregation behavior. For a faster estimation
of the solidification conditions, an analytical model was proposed, which agrees with the
results of the numerical model and experimental microstructures but requires further
validation.

e Based on CALPHAD calculations, a difference in phases formed is predicted. This
difference was verified with XRD and SEM analysis.

e The smallest grain size was found for extracted samples from the SEC. Witness samples
(45° and 90°) were found to show larger grain sizes. Since grain sizes differ, mechanical
properties are also affected. Due to the small grain size, the hardness of extracted samples
exceeds the hardness of withess samples. Extracted samples show higher UTS and Rpo.2
and lower elongations compared to witness samples in this study, but also compared to

studies found in literature.
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e [IN738LC creep behavior of witness and extracted samples show similar trends with
generally lower creep lives of extracted samples, which is correlated to the reduced

average grain sizes. This result should however be verified with further test parameters.

Further studies regarding research question 1 that are worth deeper analysis include (but are

not limited to):

e The microstructural difference between witness and extracted samples was not
mitigated with the applied heat treatments. Adaptations of post-processing (e.qg.
including a quenching step) should be considered to achieve a microstructural similarity
between witness and extracted samples.

e The use of different support structures for components and witness samples should be
studied, to analyze the effect on thermal history and whether the documented
differences in solidification conditions could be mitigated by using different support
structures for the different build orientations.

e The analytical model, presented in Chapter 5.2.4, must be validated using different
geometries to be used universally. The applicability of different materials should also
be investigated.

e This thesis studied round samples and voluminous components. The effect of thermal

conditions on thin-walled structures and fine features should be investigated.

The qualification standard (DIN EN ISO/ASTM 52920) states that withess samples should be
printed alongside the component to be used in application. The witness samples should be
analyzed according to the qualification properties (e.g. relative density, static or dynamic
properties) depending on the application to qualify the component for qualification. While
witness samples can be used to assess the repeatability of the build quality, the results of this
thesis show that the microstructure and mechanical properties of withess samples cannot be

readily transferred to samples extracted from voluminous components.

Depending on the application, PBF-LB/M components should be qualified by using
microstructural and mechanical results of extracted samples rather than witness samples. In
order to assess component quality reliably, witness samples should have comparable volumes
and solidifications conditions. Corresponding considerations for PBF-LB/M component

gualification requires further work and research.
2. How do build orientation and microstructure affect creep mechanisms

Based on the results of this study, the effect of build orientation on creep properties is strongly

dependent on alloy composition and PBF-LB/M thermal history:

e The creep behavior of IN718 and IN738LC build orientations does not follow the same

trend. While the creep behavior of IN718 is as expected (45° lies within the bounds of 0°
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and 90° build orientation) and agrees with the tensile behavior, the creep behavior of
IN738LC is not as expected since the 45° build orientation shows the highest creep rate.
This unexpected IN738LC result, was confirmed at different temperatures and applied
stresses. The cause behind this 45° behavior is explained by the phases formed and the
microstructure leading to different creep mechanisms taking place in comparison to 0° and
90° build orientation.

e The solidification conditions of the 45° orientation and the long-term exposure to high
temperatures causes the formation of different phases dependent on alloy composition. In
IN738LC, n-phase is formed due to the increased exposure of the 45° build orientation to
temperatures ranging between 850 °C — 950 °C during PBF-LB/M processing leading to
the dissolution of grain boundary pinning carbides.

e The solidification conditions in 45° samples lead to energetically favorable twinning rather
than dislocation slip, causing the twin density in the 45° build orientation to be significantly
higher compared to the other two build orientations. Due to the different solidification
conditions, elemental distribution (i.e. Nb segregations) results in reduced twin thickness
in the 45° build orientation. Micro-twins were found in the 45° build orientations but not in
0° or 90°.

o Multiple slip systems are active in 45° samples. Based on the type of active slip systems,
SISFs and SESFs are suspected, which would raise the SFE. The presence of these

stacking faults will need to be investigated in future work.

Further studies regarding research question 2 that are worth deeper analysis include (but are

not limited to):

e The preliminary creep results of the extracted samples should be validated with more
creep tests at different temperatures with different applied stresses.

In a second step, the creep deformation mechanisms of (samples extracted from)
components should be analyzed and identified.

e The formation of the n-phase should be studied in other Ni-superalloys with a similar
chemical composition as IN738LC.

e The results of this thesis highlight the importance of creep databases for different
materials and processing routes. Based on an established database, categorizing
alloys based on their chemical composition and on their susceptibility of n-formation
might be considered for simplified identification whether additional build orientations

are required for creep characterization.

In summary, the build orientation does have a significant influence on creep behavior. It is
however dependent on the specific alloy composition dictating the phases formed during

solidification, heat treatment and testing at elevated temperatures.
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The identified correlations and results clearly show that further research is required in the
gualification of PBF-LB/M components for reliable use in high temperature applications.
Thermal conditions during the PBF-LB/M process for the samples should be numerically
simulated prior to manufacturing to ensure that solidification conditions are comparable. This

could also speed up the qualification process.

In terms of build orientation, the 45° build orientation is worth characterizing to describe the
creep behavior. The creep deformation mechanisms are heavily dependent on the phase
formation and microstructure, which undergoes changes during creep leading to different

creep mechanisms for the different build orientations.
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8 Appendix

8.1 Appendix A: Role of Alloying Elements

Table 16 Nominal material compositions of IN18 and IN738LC and role of alloying elements [4,8,32,36—39]

IN718 | IN738LC
Elemen Eff
ement | rwioe] | [wt.%] ect
Al 08 3.7 PreC|p|tat|on.strgngthehlng
Improves oxidation resistance
B 0.0015 0.012 Prevents grain boundary s.Il.dlng increasing strength
Increases crack susceptibility
c 0.08 0.13 Carbides prevent grain b-o.u.ndary sliding
Increases crack susceptibility
Reduction in precipitate size with increased Co
Co 1 9 Reduces the overall number of carbides
Affects carbide morphology
Provides corrosion resistance
Cr 21 16.3 .
Carbide former
Cu 0.3 0 Improves thermal conductivity
Fe 11.14 0.05 Solid solution strengthener
Provides corrosion resistance
Mn 0.35 0.02 : .
Acts as a solid solution strengthener
Mo 33 5 Provides corr-osmn rgsstance
Acts as a solid solution strengthener
Nb 5 0.9 Acts gs a solid solu.tl(.)n §trengthener
Contributes to precipitation
Ni 55 58.6 Base
Si 0.35 0.3 Segregation at grain boundaries - embrittlement
Ta 0.05 1.75 Encourages phase precipitation
Ti 115 3.7 Prow.des corrosion resistance
Carbide former
W - 2.8 Acts as a solid solution strengthener
7 ) 0.08 Improves strength through grain boundary pinning
' Increases crack susceptibility




8.2 Appendix B: PBF-LB/M Feedstock

The feedstock of the PBF-LB/M process is metal powder. The build quality of PBF-LB/M
components is strongly affected by the properties of the metal powder used [194,213-215].

Powders can be water-, gas- or plasma-atomized. Gas- and plasma-atomized powders
achieve a higher powder particle sphericity, which improves powder flowability [216] and

thereby improves the recoating process.

PBF-LB/M powder size distribution usually ranges from 15 pm to 63 um and is typically
characterized by a D10 to Dgo range. Dio and Dgo values indicate the percentiles (10%, 90%) of
the cumulative powder distribution (i.e. 10% of the cumulative powder distribution lie below the

Dio Value).

The large surface area to volume ratio of the powder particles increases the risk of oxygen
uptake from the atmosphere leading to defects during PBF-LB/M manufacturing. Increased
oxygen content can be found in recycled powders [217], which are economically
recommended. However, provided that proper handling is ensured such that oxidation and
entrainment of impurities are avoided, no consensus about the recycling effect on mechanical
properties has been drawn [194,218,219].




8.3

Appendix C: Weldability of Ni Superalloys

* IN100 * U700 * RR1000
* Max. temp.: 700 °C * Max. temp.: 700 °C * Max. temp.: 850 °C
cy/y:60% cyv/y:40% cv/yv:40%
* Mar-M247 * CM247LC * IN939
* Max. temp.: 900 °C * Max. temp.: 1000 °C * Max. temp.: 700 °C
cyv/y:60% sy /v:60% cv/yv:30%
* CMSX-4°® ¢ IN738/IN738LC * Waspaloy
* Max. temp.: 1100 °C * Max. temp.: 950 °C * Max. temp.: 650 °C
*y/y:60% *v/v:40% *v/v:30%
* René N5 * René 80 * René 41
* Max. temp.: 950 °C * Max. temp.: 900 °C * Max. temp.: 900 °C
4 y/yv:60% sv/y:50% sv/v:30%
10 - -
i IN100 & 7 _ < ||* Haynes 282
1 , s * Max. temp.: 950 °C
g ’ ’ . 189
. Mar-M247 7 Renégo U700 < v/vi18%
74 o’ * _- * Hastelloy-X
T omsxace ¥ st . . 800°
£ 64  RenénNs ¢ IN738¢ $RR1000 Max. temp.: 800 "C
2 P Lo NENENS 7 vazic e IN939 * Solid solution strengthened
- 542 5 g Waspaloy & _ /.
) @© < - - IN625
O- -5 /.e - L4 ’ .’ - - o
T 44 73, René 41 _ -~ * Max. temp.: 650 °C
z . --" e . 189
3-_ S - Haynes 282 . IN;Il/BV 18%
24 = IN718 .
N Py * Max. temp.: 650 °C
i Hastealloy-X )
191 7 PO *v/v:18%
A IN625 T s
0 1 2 4 5 6 7 8

0.28Cr + 0.43Co [wt.%]

Figure 106 Weldability assessment diagram of Ni superalloy, compiled using [8,61,220-235]




8.4 Appendix D: Overview of PBF-LB/M Process Parameters for IN718 and

IN738LC

Table 17 Overview of IN718 and IN738LC process parameters found in literature [11,236,237]

Range
Material Process Parameter
Min. Max. Ev[J/mm3]
|
Laser Power P W 100 250
Scan Speed Vscan mm/s 80 850
IN718 Hatch 50- 150
) h pm 50 160
Distance
Preheating Tore °C RT 200
Laser Power P w 180 280
Scan Speed Vscan mm/s 200 1100
IN738LC Hatch 50- 150
) h pHm 80 120
Distance
Preheating Tore °C RT 1000




8.5 Appendix E: Typical Cracking Mechanisms in Ni Superalloys
There are four typical cracking mechanisms in Ni superalloys [4,100,238-243]..
Solidification Cracking — Hot crack

During solidification the cooling material shrinks exerting a tensile stress on the melt pool. The
high solid fraction inhibits backfilling of interdendritic regions, which act as crack initiation point
[244,245]. The susceptibility to solidification cracking increases with an increased solidification
range (i.e. larger mushy zone) [246]. Ergbewande et al. [247] suggest, that solidification cracks
occur at high energy input and was able to reduce solidification cracks by reducing energy
input, leading to smaller melt pools and a larger fraction of low angle grain boundaries

Liquation Cracking — Hot crack

This type of cracking occurs during rapid heating of the solid material to a temperature below
the overall liquidus temperature. The grain boundary phases will melt first; these liquid films
act as crack initiation point [41,248]. Heat Affected Zones (HAZ) can also act as a crack
initiation site for liquation cracking [249].

Ductility Dip Cracking — Hot Crack

At intermediate temperatures, a reduction in material ductility occurs. This ductility reduction
coupled with thermal stresses introduced by material shrinkage could induce cracking within
the material. There is still a debate about the exact mechanism of ductility dip cracking (DDC).
Literature suggests that DDC is caused by stress concentration around grain-boundary
carbides, which act as crack initiation points. It has been reported that DDC tends to form at

grain boundary angles greater than 15° [245].

Hot cracks are generally found near grain boundaries due to segregations and shrinkage
[99,100]. The differentiation between hot crack types is often challenging [4]. Zhong et al. found
five different grain boundary/interface cracks, where three out of five crack mechanisms could
not be named [99].

Strain Age Cracking — Cold Crack

Repeated re-heating of the material leads to Strain Age Cracking (SAC). The residual stresses
already present within the part combined with the shrinkage due to volume changes and/or
heat treatment form cracks [240]. Heat treatment would be required for this cracking to occur
[41,250]. The x-axis of the weldability graph shown in Figure 106 is correlated to the
susceptibility to SAC. The higher the value on the x-axis, the higher the susceptibility to SAC.
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