
    

 

  

 
Understanding fundamental migration 

processes during battery cycling and material 

synthesis using advanced transmission electron 

microscopy methods 
  

  
  
  

 
 
 
 
 
 

Dissertation approved by 

 the Department of Materials- and Geosciences,  

Technical University of Darmstadt 

in fulfilment of the requirements for the degree of 

Doctor rerum naturalium  

(Dr. rer. nat.) 

 

by 

Kai Wang 

M.E. in Chemical Engineering 

Born on April 15, 1991 at Hengshui, Hebei, China 

Referee: Prof. Dr. rer. nat. Christian Kübel 

 Co-referee: Prof. Dr. rer. nat Helmut Ehrenberg 

Date of submission: 21.03.2022 

Date of oral exam: 02.06.2022 

 

 Darmstadt 2022  



    

 

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Wang, Kai: Understanding fundamental migration processes during battery cycling and material 
synthesis using advanced transmission electron microscopy methods  
Darmstadt, Technische Universität Darmstadt,  
Year thesis published in TUprints 2022  
Date of the viva voce 02.06.22  
 
Published under CC BY-SA 4.0 International  
https://creativecommons.org/licenses/ 



    

I 

 

 
Erklärung zur Dissertation 
Hiermit versichere ich, dass ich meine Dissertation selbständig und nur mit den angegebenen Quellen 
und Hilfsmitteln angefertigt habe. Die Arbeit wurde bisher keiner anderen Prüfungsbehörde vorgelegt 
und noch nicht veröffentlicht. 
 
Karlsruhe, 19.03.2022 
Kai Wang





    

III 

 

Abstract 

 To satisfy the increasing need for efficient energy storage systems resulting from the worldwide 

rapid development of renewable energy sources, rechargeable ion batteries are getting unprecedented 

attention. Anode materials, as essential components of rechargeable ion batteries, have been widely 

investigated to meet the increasing demands for higher energy density. Metal oxides (MOs) and 

transition-metal dichalcogenides (TMDs) are regarded as promising future anode materials with their 

potential to provide high capacity, cycling stability and volumetric energy density. However, these 

materials undergo complex reaction processes and generate large amounts of amorphous products, 

making their characterization difficult. Nevertheless, understanding the reaction mechanisms during 

synthesis and during electrochemical cycling is essential to guide the design of novel electrode materials. 

Transmission electron microscopy (TEM) is commonly considered to be a powerful technique for 

morphological characterization, structure determination, elemental mapping and valence state analysis, 

both for amorphous and crystalline materials. In this work, conventional TEM methods and a number of 

advanced TEM-characterization techniques, such as in-situ heating in defined gas environment, pair 

distribution function (PDF) analysis and 4D-STEM, have been carried out to understand the fundamental 

aspects of elemental migration, the local chemical environment and the structural evolution during 

material synthesis and battery cycling. Moreover, additional characterization techniques including X-ray 

diffraction (XRD), X-ray absorption spectroscopy (XAS), and electrochemical testing have been applied to 

obtain complementary bulk information about the battery systems.  

Due to their outstanding electrochemical performance high entropy oxides (HEOs) have attracted 

intensive attention for application in the area of energy storage. However, the fundamental 

understanding of the elemental processes during material synthesis and of the reactions during 

electrochemical cycling is still limited. This knowledge is essential to design and optimize materials, 

particularly for advanced materials based on the high entropy concept. First, the processes during HEO 

(Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O synthesis by calcination of the corresponding oxides have been studied, mainly 

by in-situ heating XRD and TEM techniques. The results of this work reveal the structural evolution and 

morphological from the separated raw metal oxides with increasing temperature to the final HEO. The 

interpretation of elemental diffusion parameters indicates that some intermediate oxide phases are 

formed prior to the HEO generation, thus implying that the formation of the HEO proceeds in multiple 

steps. The results further demonstrate that Co3O4 is an alternative to CoO as Co source for the HEO 

(Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O synthesis. 

Furthermore, the de/lithiation mechanism of the HEO (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O was studied by 

correlative TEM and XAS measurements at various battery states. The results indicate that during the 1st 
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discharge, Ni, Cu, Co and Zn are reduced. Ni, Cu and partially Co do not further participate in the 

electrochemical reactions in the following cycles as they form an inert alloy at grain boundaries and fine 

dispersed inside the grain. In the entire particle, the alloy builds up a 3D network that enables the fast 

electron transfer during the following electrochemical cycles. Zn, and partially Co provide the capacity of 

HEO through conversion and alloying reactions. As Mg cannot be reduced by Li during battery cycling it 

remains in a 2+ oxidation state during all cycling stages and forms a continuous oxide network that 

provides a 3D network for lithium ion transfer. In addition, MgO also stabilizes the overall structure of the 

material inducing an epitaxial relationship with the phases generated during battery cycling. Thus, this 

study revealed the synergy of the constituent cations critical for the excellent electrochemical 

performance of this HEO. These findings can be used in the quest of obtaining high performance anode 

materials. 

Molybdenum disulfide (MoS2) as another promising anode material for both, lithium ion batteries 

(LIBs) and sodium ion batteries (SIBs), has a high theoretical capacity based on a multi-electron conversion 

reaction. Although various novel sample designs have improved its electrochemical performance 

significantly, the reaction mechanism of MoS2 in sodium ion batteries is still equivocal due to the strongly 

reduced crystallinity upon deep sodiation. Using advanced TEM techniques effective for analyzing 

amorphous materials, in the present work the de-/sodiation reaction mechanism of MoS2-based materials 

was revisited. The results from the electron based PDF analysis and X-ray absorption spectroscopy show 

that the initially long range ordered MoS2 is breaking apart into Mo-Sx clusters during sodiation, rather 

than the originally expected fully conversion into metallic Mo and Na2S. It was further found that, although 

MoS2/carbon composites show a significant enhancement of the electrochemical performance compared 

to bare MoS2, the carbon in the MoS2/carbon composite does not directly influence the electrochemical 

reaction of MoS2. S(TEM) images and 4D-STEM analysis demonstrated that the carbon matrix prevents 

leaching of Mo-Sx clusters into electrolyte and is therefore beneficial during battery cycling. This work 

adds a new perspective to the understanding of the MoS2 reaction mechanism in SIBs.    
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1. Introduction 

1.1. Introduction 

Since the middle of the last century, accelerated population growth and rapid economic 

development have substantially increased the consumption of fossil-based energy. Establishing cleaner 

energy systems, such as solar energy[1,2], wind energy[3,4], and geothermal energy[5,6] has become of 

significant technological interest and, in the last two decades, major scientific and technological 

advancements in greener energy production have been made. However, varying energy output is a 

significant problem for these new energy sources due to the intermittent nature of sunlight and wind 

power. The intermitted energy output has increased the demand for a cheaper and more powerful large-

scale energy storage grid. Physical[7–12], electrochemical[13–18], supercapacitor[19–24] and 

superconducting[25–30] energy storage-based technologies are the current or promising approaches for 

solving this problem. Figure 1-1 present a comparison of different energy storage systems, in which 

electrochemical energy storage systems show a good balance between discharging time and power 

capacity.[1] The electrochemical energy storage systems also have the advantage of a high energy density 

and relatively low cost.[31–33] Moreover, the interest in advancing electrochemical energy storage 

technologies is also driven by the need of increasing the specific and volumetric capacity of batteries used 

in portable electronic products and electric vehicles (EV), asking for an ever-increasing energy density. 

Rechargeable ion batteries, such as lithium ion batteries (LIBs) and sodium ion batteries (SIBs) show the 

right characteristics for an extensive usage in both portable electronics and electric vehicles and also in 

the large-scale energy storage grids.  

 

Figure 1-1: Summary of the energy storage technologies based on their power capacity and discharge time, adopted 

from[1]. 
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Rechargeable ion batteries relay on the concept of ionic shuttling between cathode and anode 

through a solid or liquid electrolyte with the energy stored and released due to the different 

electrochemical potential between electrodes.[34] The anode, as one important component in 

rechargeable ion batteries, strongly affects the battery performance. Carbon based materials offer high 

specific capacity and cycling stability and are currently the most commonly used anodes in the 

rechargeable ion batteries. However, the need of higher energy density trigger intensive research of 

anode materials as there is still large room for improvement towards a higher weight and volume energy 

densities. Based on the reaction mechanism of the anodes, they can be grouped into three categories 

including intercalation reaction anodes, alloy reaction anodes and conversion reaction anodes. Among 

them, the conversion reaction anode materials exhibit a higher specific capacity (compared with 

intercalation reaction anodes) and higher cycling stability (compared with the alloy reaction anodes), thus 

obtained wide attention in recent years.[35] Understanding the reaction mechanism including the ion 

diffusion processes, electrochemical reaction products and the role of the constituting elements (in the 

multi-cations materials) is vital for the materials designing and optimization. However, characterization 

of the conversion reaction anodes after battery cycling is more complicated compared with intercalation 

and alloy reaction materials due to the large amount of amorphous products formed, which restricts the 

clarification of the reaction mechanism. The difficult characterization originates from the limitations of 

traditional characterization techniques. Conventional TEM measurements, such as SAED and HRTEM, and 

XRD are not capable to provide structural information on the amorphous products. Although many 

characterization techniques, such as X-ray absorption spectroscopy (XAS), nuclear magnetic 

resonance spectroscopy (NMR) and X-ray photoelectron spectroscopy (XPS), can provide bonding 

information directly or indirectly and are widely used for studying electrode materials, a characterization 

with sub-nanometer spatial resolution, such as grain boundaries and phase interfaces, cannot be provide 

by these bulk techniques. Modern transmission electron microscopes equipped with various imaging and 

analytical techniques are ideal characterization tools for the chemical composition, structural information 

and valence states with nanometer level resolution. Therefore, the aim of this thesis is to understand the 

fundamental ion migration processes in conversion reaction anodes during battery cycling using TEM 

techniques assisted by bulk information from measurements including XRD, XAS, electrochemical testing. 

Metal oxides (MOs) and transition-metal dichalcogenides (TMDs) as typical conversion reaction 

anodes for LIBs and SIBs were intensively studied in past two decades as alternative anodes for the next 

generation high energy density rechargeable ion batteries.[36–39] Two state-of-art MO and TMD type 

materials, high entropy oxide (HEO) (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O and MoS2/C composites, were selected to 

study the electrochemical cycling. Revealing the reaction mechanism is not only beneficial for better 

understanding the two materials, but it can be used for materials optimization and to design new 

materials. In this chapter, a brief history of rechargeable ion batteries, their basic concepts and working 
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principles will be introduced. This will be followed by a review of the different classes of cathode and 

anode materials, including the currently employed commercial ones and ongoing research in developing 

next generation high energy density batteries. A brief overview of the contribution of TEM measurements 

on elucidating battery reaction mechanisms and material properties is given at the end of the introduction 

chapter. The fundamental principles of the characterization techniques used in this thesis are presented 

in the second chapter. Following that the detailed research results are presented in three experimental 

chapters.  

1.2. Rechargeable batteries 

The idea of rechargeable ion batteries was first applied by Michel Armand in LIBs that use the 

migration of lithium ions between two intercalation electrodes operating at different potentials. As shown 

in Figure 1-2 a typical rechargeable liquid battery can be divided into five major components: current 

collectors, cathode electrode, separator, anode electrode and electrolyte. The separator and the liquid 

electrolyte are replaced by a solid electrolyte in all-solid-state batteries. For the electrodes, both cathode 

and anode, binder and conductive additives are necessary to be added in order to facilitate the contact 

with the current collectors and the electrical and ionic connection between electrochemically active 

particles. During cycling, redox reactions are taking place at cathode and anode with Li+ ions transferred 

between the two counter electrodes through the electrolyte/separator. At the same time, the electrons 

shuttle through the external circuit. Based on the concept summarized above, various kinds of alkali metal 

batteries including LIBs[40–44], SIBs[45–49] and potassium ion batteries (PIBs)[50–54] and some more 

exotic system, such as aluminum ion batteries (AIBs)[55–58] and magnesium ion batteries (MIBs)[59–63], 

have been developed in the past several decades. Among them, LIBs have become the battery used in 

virtually all important applications due to their strong advantages compared with other ion batteries. 

These advantages include a high discharge voltage, stable long term cycling, and high energy density. 

Since the first commercialized LIBs using LiCoO2 and graphite as cathode and anode materials were 

launched by Sony in the 90s, LIBs have rapidly developed and nowadays are an indispensable technology 

for our modern way of life. The principle reaction is schematically shown in Figure 1-2: 

Cathode: LiCoO2 ⇌ Li1-nCoO2 + nLi+ + ne-                                        1-1 

Anode: C6 + nLi+ + ne- ⇌ LinC6                                                         1-2 

Cell reaction: LiCoO2 + C6 ⇌ LinC6 + Li1-nCoO2                                                           1-3 
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Figure 1-2: components of a rechargeable Li-ion battery. In this schematic, LiCoO2 and graphite are used as cathode 

and anode materials, respectively. An electronically insulated separator is mounted between the electrodes. During 

battery cycling, the lithium ion shuttle between cathode and anode through the electrolyte along with the transfer of 

electron in the external circuit, adopted from reference[64]. 

1.3.  Cathode materials 

The electrode materials employed in LIBs have been greatly diversified and include novel materials 

targeting higher energy density, steady cycling, low cost and environmentally friendly materials and 

technologies. After the successful commercialization of LiCoO2, olivine LiFePO4, layered LiNixCoyMn1-x-yO2 

(NMC), and spinel LiMn2O4 were commercialized in recent years. All of these commercial cathode 

materials have a high theoretical specific capacity, i.e., LiCoO2 (274 mAh/g), LiFePO4 (170 mAh/g), NMC 

(278 mAh/g, calculated for LiNi1/3Co1/3Mn1/3O2), and LiMn2O4 (148 mAh/g). However, their practical 

capacity varies between  100 to 180 mAh/g.[65] The excellent long cycling performance, low cost, and 

high safety levels are the main advantages of LiFePO4 based materials, which are widely used in EV 

technology. [66–69]  Using the redox reaction of Fe2+/Fe3+ during battery reaction, the cycle life of LiFePO4 

reaches beyond 2000 times at a current corresponding to 0.2C with a stable operating voltage of 3.0 to 

3.3 V. However, the rate performance is limited by the 1D lithium ion transport path in the olivine 

structure (Figure 1-3) and its inherent low electric conductivity. In addition, the poor tapped density (only 

about 1.3 g/cm3)[70] compared with the commercial LiCoO2 (about 3.9 g/cm3)[71] makes it difficult to be 

used in portable electronics. Ternary NMC materials, which are isostructural with the layered oxide LiCoO2 

(Figure 1-3), received much attention and reached a record high of 90% global market share of electric 

vehicle batteries in 2019.[72] Compared with LiCoO2 cathodes, NMC materials corresponding to a 

composition of LiNixCoyMn1-x-yO2 (0< x, y< 1)[73–76] show superior properties due to their competitive 
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electrochemical performance, lower cost and being more environmentally friendly due to the lower Co 

content. In NMCs, nickel, cobalt and manganese have their specific functions, e.g. nickel increases the 

specific capacity, the cobalt concentration is beneficial for the electric conductivity and manganese is 

important for the structural stability during battery cycling.[65] The nickel rich NMC materials are believed 

to be the future LIB cathode materials, as with an increasing nickel concertation higher specific capacities 

can be achieved and a lower amount of the expensive and toxic cobalt would need to be used.[77] 

However, due to the similar ionic radius of lithium and nickel atoms, a significant Li/Ni mixing occurs 

during synthesis and is enhanced during cycling which increases at higher nickel concentrations. Spinel 

type LiMn2O4 is another commercialized SIB cathode material with fast ion diffusion due to its 3D ion 

transport paths (Figure 1-3) and high operation voltage.[78,79] However, it suffers from a low cycle 

stability due to the well-known Jahn-Teller effect of manganese.[65] Lithium rich materials have also been 

regarded as promising next generation LIB cathode materials due to their practical capacity exceeding 250 

mAh/g.[80–83] However, the unsolved problem of fast capacity fading caused by the microstructural 

degeneration during cycling still needs to be solved before it can be used commercially. 

 

Figure 1-3: Crystal structure of the three lithium-insertion compounds in which the Li ions are mobile through the 1-

D (olivine), 2-D (layered) and 3-D (spinel) frameworks, modified from reference[84]. 

Although LIBs can be regarded as a revolutionary invention, an ever increasing energy storage 

demand has led to a rise of production costs. Moreover, lithium reserves are unevenly distributed around 

the globe and the resources are very limited compared with other elements that could be used in 

rechargeable batteries. Sodium is a member of the same period and has similar chemical and physical 

properties as lithium, e.g. charge and electrical potential. Therefore, the development of SIBs seems to 

be a fairly straightforward idea because of the lower cost and higher availability of sodium and its 

acceptable electrochemical properties. Similar to LIBs, layered oxides[85–89] and prussian blue and its 
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analogs (PBAs)[90–92], are the most commonly used cathode materials in SIBs.  Both types of materials 

have been considered for commercial application.[93] P2 type, O3 type and some multiphase P/O 

composite materials, e.g. P2/O3, P2/P3 and P2/O3/O1, have been intensively investigated due to the high 

theoretical specific capacity and low cost, where P (prismatic) and O (octahedral) represent the sodium 

sites in the layers and the number reflects the number of layers in one unit cell. The structure of some 

typical layered oxide SIB cathode materials are shown in Figure 1-4a. Both P and O type layered oxide 

materials undergo complicated phase transitions during cycling, which results in capacity fading.[93] 

Although the cycling stability can be enhanced to some extent using special strategies, such as doping the 

layered oxide materials with electrochemically inactive transition metals[94–97] and designing 

multiphase composite materials[98,99], the limited cycle life is still the main barrier for their commercial 

application. PBAs formulated as (AxM[M‘(CN)6](1−y)·□ y·nH2O; with A alkali metal, M N-coordinated 

transition metal ion, M′C-coordinated transition metal ion, and □ vacancy occupied by coordinating 

water; 0 ≤ x ≤  2, 0 ≤ y < 1),  show high cycling stability and stable operation voltage. Amperex 

Technology Co. Limited announced that they will introduce the first generation commercial SIBs, where 

Prussian white (a high sodium content PBA) will be used as cathode material. However, the water content 

present in the PBA materials is the biggest problem for their large scale application. Water exists in three 

kinds of forms within the PBA framework, adsorbed water on the surface, zeolitic water on the interstitial 

sites and coordinated water bonded to metal ions, which not only reduce the specific capacity but also 

block the sodium diffusion path. Coarsening of the particles, dehydration of the PBA samples, and 

introduction of more alkaline ions into the framework are commonly used to reduce the aforementioned 

water.[100]  
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Figure 1-4: a) crystal structure schematics of layered NaxMO2: b) PB (Fe4[Fe(CN)6]3·nH2O) and typical PBAs 

(NaxMnFe(CN)6), modified from reference[93]. 

1.4. Anode materials 

As mentioned above, the anode is one of the most important parts in a battery system, which affects 

the capacity, the energy density and the rate performance of batteries together with the cathode and the 

electrolyte. Carbon based materials are still the mainstream anode materials for LIBs. However, to meet 

the rapidly increasing needs for high energy density, novel anode materials are designed with promising 

prospects for next generation LIBs and SIBs. Depending on their de/lithiation (sodiation/desodiation) 

reaction mechanism, anode electrode materials are typically classified as intercalation type [101–104], 

alloying type [105–108] or conversion type anodes [109–112].  

Carbons can be roughly grouped into three categories, graphitic carbon (soft carbon), disordered 

carbon (hard carbon) and nanostructured carbon. Graphitic carbons are the typical intercalation anode 

materials used currently in commercial LIBs, in which the Li+ can be de/intercalated repeatedly between 

the graphitic layers.[113–116] In graphite, the sp2 hybridized graphene layers are linked by van der Waals 

forces and 𝜋-𝜋 bonds in the sequence ABAB or ABCABC forming the hexagonal and rhombohedral 

structure (Figure 1-5a). During lithiation, at the potential range of 0.1 to 0.2 V the AA packing lithium-

intercalated graphitic compounds (Figure 1-5b) form and offer a theory capacity of 372 mAh/g, calculated 
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using the formation of LiC6. Although the practical capacity has already approach the theoretical capacity, 

compared to other newly proposed anodes it is still low. Much higher capacities have already been 

obtained using disordered or nanostructured carbon materials. Matsumura et al. suggested that not only 

the space between and the edges of the graphitic layers, but also the exposed crystallite surfaces can be 

used to store Li species.[117] It has also been speculated that all interstitial sites in carbon nanotubes, e.g. 

the inter-sheet van der Waals spaces, inter-tube channels and inner cores are accessible for lithium 

intercalation, as single walled carbon nanotubes have been proven to exhibit a capacity of more than 

1000 mAh/g as LIBs anode.[118] Different from LIBs, graphitic carbon cannot be used as anode material 

in SIBs due to the larger ionic radius of sodium.[119] However, disordered and nanostructured carbon 

materials exhibit reasonable capabilities and have been intensively studied in SIBs.[120–122] Li et al. 

reported that porous nitrogen doped carbon spheres can deliver about 200 mAh/g capacity after 600 

cycles using a current of 200 mA/g and show excellent rate performance, so that a capacity of 155 mAh/g 

was obtained at an ultra-high current of 1 A/g.[120]   

 

Figure 1-5: a) schematic representation of the stacking sequence in graphitic carbons, modified from reference[123]; 

b) schematic of AA stacking of graphite after lithiation, adopted from reference[124]. 

In addition to carbon based anodes, some other intercalation materials show promising prospects 

as anodes, e.g. MoO2[125,126] and TiO2[127,128].  TiO2 as a near-zero strain material has been widely 

reported as intercalation host for lithium/sodium ions.[127,128] Wu et al. reported that N-doped carbon 

coated TiO2 exhibited a remarkably high capacity of 462 mAh/g after 300 cycles in LIBs using  a current of 

0.5 A/g.[128] The capacity is not substantially higher than that of graphite anodes in LIBs, but the high 

tapped density (4.23 g/cm³) compared with graphite (0.97 g/cm3) is a major advantage considering the 

volumetric energy density, which is another important performance indicator, especially for batteries for 

portable electronics. Although the aforementioned single-wall carbon nanotubes can deliver more than 

1000 mAh/g capacity, nanostructuring the active material is sacrificing tapped density. Wu et al. also 

explored the electrochemical performance of TiO2 in SIBs. The N-doped carbon coated TiO2 showed a 

capacity of 140 mAh/g after 400 cycles at a current density of 1 A/g.[128]    
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Compared with intercalation materials, alloying and conversion reactions result in a higher capacity 

due to multi-electron transfer. For instance, an ultrahigh theoretical capacity of 4200 mAh/g (Li22Si5) and 

2600 mAh/g (Na3P) can be obtained for silicon and phosphorus anodes in LIBs and SIBs. However, the high 

capacity means that large amounts of lithium/sodium ions are transferred into the anode, which results 

in an extensive volume expansion, e.g. the volume expansion can reach 400% in Si anodes in LIBs.[129] 

The volume expansion during cycling will destroy the connections between active particles and thus leads 

to the formation of dead volume within the anode resulting in capacity fading. Furthermore, breaking of 

silicon particles lead to SEI generation at the new surface, resulting in low columbic efficiency and further 

volume expansion. In addition, the low electric and ionic conductivity limits the rate performance of 

silicon anodes. Designing Si/C composites is one strategy to tackle the above problem. Here, silicon acts 

as active material to provide capacity and the carbon is used to buffer the huge volume expansion of Si. 

Meanwhile, the high electric and ionic conductivity can improve the rate performance. Encapsulated 

structures such as core-shell or yolk-shell structures and embedded structures (nano-size silicon 

embedded in a continuous carbon matrix) are two commonly used structures for Si/C composites.[130] 

Figure 1-6 shows a comparison of the reaction mechanism of silicon particles, Si/C core-shell particles and 

Si/C yolk-shell particles. Compared with bare silicon, the core-shell structure (Figure 1-6b) can mitigate 

the cracking and crushing of silicon and improve the conductivity. The yolk-shell structure is inspired by 

the core-shell structure, but a void space exist between the silicon core and carbon shell (Figure 1-6c). 

After careful design and accommodation, state-of-art Si@C yolk-shell composite can exhibit an ultrahigh 

initial capacity of about 2800 mAh/g at 0.1 C and a 76% capacity retention after 1000 cycles.[131] The low 

cost of the raw materials and the excellent performance makes these Si/C composite excellent candidates 

for LIB anodes. Increasing the amount of carbon and/or of voids results in a more stable cycling behavior, 

but also results in a lower capacity and tapped density. Nanostructures that are designed to compensate 

for the above presented drawbacks can be very beneficial for the electrochemical performance, but also 

increases the cost of production. 
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Figure 1-6: Reaction mechanism comparison of three types of Si and Si/C composites. a) Si particles; b) Si/C core-

shell structure; c) Si/C yolk-shell structure, modified from reference[130]. 

Metal oxides used as conversion materials are regarded as another promising candidate for next 

generation anode materials because of their high theoretical capacity, stable battery cycling performance 

and high tapped density. However, the low electrical conductivity is one of the main obstacles for their 

commercial application.[35,132–134] Various metal oxides were explored as anode materials, such as 

CoO, NiO and ZnO, and show high specific capacity and stable cycling behavior. K. Bindumadhavan et al. 

reported on CoO/reduced graphene oxide hybrids with ultrafine CoO nanoparticles of 4–6 nm 

homogenously loaded on a reduced graphene oxide network.[135] The composite exhibited an ultra-high 

capacity of 900 mAh/g at 150 mA/g after 60 cycles. The egg shell-yolk NiO/C porous composite was also 

proven to deliver outstanding performance in LIBs where about 600 mAh/g capacity could be retained 

after 100 cycles at a current density of 100 mA/g.[136] However, the nanostructuring approach reduces 

the tapped density of materials and increase the production cost. Recently, the concept of high entropy 

was applied to metal oxides used as anode materials for lithium ion batteries, and they showed excellent 

battery performance.[137–140] As another type of conversion material, transition-metal dichalcogenides 

(TMDs) have been widely investigated. Their composition can be described as MX2, where M represents 

a transition metal from group 4 to 6 (Ti, V,and Mo, etc.) and X is a chalcogen (S, Se and Te). These materials 

exhibit promising prospects for the application in LIBs and SIBs with high capacity and fast ion conduction 

compared with carbon-based materials.[141–143] An MoS2/WS2 nitrogen doped graphene composite 

exhibited about 1200 mAh/g capacity at 100 mA/g in LIBs and showed a good cycling stability with 99.8% 

retention after 100 cycles.[144] A reversible capacity of 590 mAh/g using a current of 50 mA/g has been 

also achieved for MoS2 in SIBs.[145]  
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Unlike the intercalation and alloying anode materials where the reaction mechanisms are relative 

straightforward, understanding the mechanisms of conversion reactions is more difficult due to the 

multitude of disordered products typically obtained after cycling.  HEOs exhibit interesting prospects, but 

the reaction mechanisms are still unclear. Moreover, although MoS2 was applied in lithium and sodium 

storage for more than 20 years, a clear understanding for sodiation/desodiation mechanism is still lacking. 

As this thesis is aiming to clarify the reaction mechanisms in HEO and MoS2, among others, the detailed 

background of this two type materials will be given in following sections. 

1.4.1. High entropy oxides 

The high entropy concept for material design received increasing attention after the discovery of 

high entropy alloys (HEA) by Yeh at al. in 2004.[146] The introduction of HEOs (also named entropy 

stabilized oxides) in analogy to HEAs, has created a strong excitement in the materials community.[147] 

The Gibbs free energy (ΔG) of a system,ΔG=ΔH-TΔS, is determined by the enthalpy (ΔH) and the 

entropy (ΔS), and a single phase reaction is thermodynamically only feasible when ΔG of the reaction is 

negative. In contrast to low entropy materials, where ΔG is mainly affected by enthalpy, in high entropy 

materials the large configurational entropy plays an important role and drives the structure to form a 

single solid solution at sufficiently high temperatures. Synthesizing entropy stabilized oxides is possible by 

a simple calcination of a mixture of different elements at high temperature (T), where the entropy 

becomes the dominant term determining the total Gibbs free energy.[148,149] The configurational 

entropy reaches a maximum when metal atoms randomly occupy the lattice sites with equal ratio. To 

maintain the structure requires quenching of the sample at high temperatures to prevent phase 

separation as the positive enthalpy becomes the main factor again at low temperature. This is shown in 

Figure 1-7a for the synthesis of single phase (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O, which can only be obtained by 

quenching, otherwise phase separation will occur during slow cooling. The homogeneous elemental 

distribution in HEO materials synthetized by fast quenching has been proven experimentally. For instance, 

STEM-EDX elemental mapping revealed that in the perovskite type 

(Gd0.2La0.2Nd0.2Sm0.2Y0.2)(Co0.2Cr0.2Fe0.2Mn0.2Ni0.2)O3 HEO, the rare earth elements (Gd, La, Nd, Sm and Y) 

are distributed homogeneously on the A sites and the transition metals (Co, Cr, Fe, Mn, Ni) on the B sites 

(Figure 1-7b to 3d).[150] In such a highly disordered but homogeneous crystalline single phase, the large 

configurational entropy caused by the disordered cation mixing is considered to result in new 

relationships between composition, phase stability, and reactivity, potentially in combination with further 

synergistic effects between different cations, making it possible to develop special functional 

properties.[151–153]  
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Figure 1-7: a) schematic representation of the heat treatment temperature and cooling conditions influence on the 

HEO phase formation, adopted from reference [148]; b) to d) atomic resolution STEM-EDX and elemental mapping 

of perovskite type (Gd0.2La0.2Nd0.2Sm0.2Y0.2)(Co0.2Cr0.2Fe0.2Mn0.2Ni0.2)O3. The color mixed map (c)) shows in green 

the A sites (upper row in d)) and in red the B sites (lower row in d)), adopted from reference [150]. 

In the energy storage field, high entropy oxides (HEOs)[137,138,140,154–159] and high entropy 

oxyfluorides (HEFs)[160–163] that can be used both as anodes and cathodes depending on the metal ions 

incorporated, showed promising results indicating that entropy and synergistic effects could play a key 

role to stabilize materials during battery cycling. For example, a high lithium ion conductivity of 
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(Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O, exceeding 10-3 S cm-1 at room temperature, was revealed by D. Berardan et 

al.[157] Together with the known high capacity of metal oxides, this high lithium ion conductivity implies 

the material could be a promising candidate for application in energy storage systems acting as anode 

materials. This was confirmed by S. Abhishek at al. who successfully used (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O in 

LIBs and achieved excellent electrochemical performance as shown in Figure 1-8a and 8b.[159] At a 

current of 200 mA/g, the HEO could deliver about 500 mAh/g capacity and showed almost no capacity 

fading after 300 cycles. A quasi-conversion reaction of the metal oxide/metal and lithium oxide was 

proposed as the reaction mechanism. The excellent battery performance of (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O 

was also demonstrated in a full-battery system using NCM111 as cathode (as shown in Figure 1-8c).[140] 

A spinel structure (Mg0.2Ti0.2Zn0.2Cu0.2Fe0.2)3O4 anode material was also successfully synthesized using 

high-energy ball milling.[137] Acting as anode material in a LIB, it could deliver more 250 mAh/g capacity 

at an ultra-high current density of 2000 mA/g with almost no capacity fading after 800 cycles (Figure 1-

8d). The superior cycling stability and fast reaction kinetics of HEOs were attributed to the high entropy 

effect that could stabilize the structure and provide a single solid solution phase enabling the ion 

transportation.[160,164] However, as we introduced previously (see Figure 1-7) the HEOs need to be 

synthesized at high temperature to overcome the enthalpy of mixing but the batteries are cycled at room 

temperature. This suggests that reestablishing the initial HEO structure could be impossible during battery 

cycling at room temperature. Therefore, the entropy effect is not enough to explain the excellent battery 

performance. The ‘cocktail effect’ or ‘synergetic effect’ among different metal elements was mentioned 

in various studies of the HEO materials, and was proposed to be responsible for the excellent battery 

performance. [164–167] The primary benefit of multi-cations metal oxides consists of higher electric 

conductivity than the binary metal oxides due to the lower activation energy for electron transfer 

between cations.[168–170] In addition, the ‘cocktail effect’ was frequently observed in the multi-cations 

metal oxides. For instance, different metal elements have diverse expansion coefficients while reacting 

with Li ions. The lower expansion coefficient and stabilizing inactive elements provide a mechanical buffer 

to relieve the volume changing during battery reaction.[171–173] More significantly, in a complex 

elemental environment there are more possibilities of improving battery performance. The reaction 

mechanism of Ni0.9Zn0.1O was verified to be different from that of individual NiO/ZnO and that of their 

mixture, with the Ni0.9Zn0.1 alloy phase partially contributing to the system capacity.[174] Moreover, the 

self-built up NiO and Sn matrix during battery cycling was demonstrated to be responsible for excellent 

battery performance of NiSnO3 anode in LIBs.[175] HEOs combine the properties of diverse cations and 

provide more possibilities for improving battery performance in the complex elemental environment, i.e. 

the ‘cocktail effect’. However, a clear understanding of ‘cocktail effect’ is still missing in the previous 

studies and further investigations are required. Clarifying the contribution to the ‘cocktail effect’ among 

different metal elements would be helpful for the designing of multi-cations battery electrode materials.   
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Figure 1-8: the battery performance of HEOs as LIBs anode materials. a) the long-term cycling performance of HEO 

(Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O at 200mA/g, adopted from[159]; b) the rate performance of HEO 

(Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O, adopted from [159];  c) the cycling performance of the full-battery using  HEO 

(Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O as anode, adopted from[140]; d) cycling performance of (Mg0.2Ti0.2Zn0.2Cu0.2Fe0.2)3O4 

at 2000 mA/g, adopted from[139].  

1.4.2. Molybdenum disulfide 

MoS2, as a member of transition-metal dichalcogenides (TMDs), exhibits promising properties for 

application in both lithium and sodium ion batteries.[141–143] Compared with common anode materials 

like carbon-based structures and transition metal oxides, MoS2 has the advantage of high electrochemical 

capacity and rate performance.[176–179] It has been reported that a composite of MoS2 with graphene 

nanosheets can deliver a capacity as high as 1290 mAh/g, as shown in Figure 1-9a.[180] A capacity of 1040 

mAh/g can still be retained even at a high current density of 1000 mA/g. Moreover, MoS2 exhibits the 

same remarkable properties when used in SIBs. MoS2 nanosheets/reduced graphene oxide/hollow carbon 

spheres (MoS2-rGO/HCS) delivers about 1000 mAh/g and 750 mAh/g capacity at a current density of 100 

mA/g and 2000 mA/g with a stable cycling performance as shown in Figure 1-9.[181] 
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Figure 1-9: lithium and sodium battery performance of MoS2 based composites. a) cycling behavior of MoS2/GNS at 

various current densities, adopted from[180]; b) cycling performance comparison of MoS2-rGO/HCS, MoS2/HCS, 

MoS2/rGO and bare MoS2 materials; c) long-term cycle performance of MoS2-rGO/HCS at the current 2000 mA/g. 

The b) and c) are adopted from[181].  

Similar to other TMDs materials, MoS2 exist in many different polymorphs, such as 2H, 1T, 3R, 1T’, 

1T’’.[141,182–184] With a trigonal prismatic coordination MoS6 units, the layers show ABAB and ABCABC 

stacking in the 2H and 3R structures.[141,185] In the 1T structure, the MoS6 units change the coordination 

symmetry to octahedral and show an AAA stacking pattern. [186] Although the stacking patterns and 

MoS6 unit symmetry are different in the above three MoS2 polymorphs, the direct Mo-S and Mo-S-Mo/S-

Mo-S bonds show constant distance in all structure. Except for those three structures, some distorted 1T 

structures were also found and termed as 1T’, 1T’’, 1T’’’ etc.[141,143] In these distorted T type structures, 

the Mo-S bond changes its length and leads to inhomogeneous Mo-S-Mo and S-Mo-S distances. Figure 1-

10 shows the atomic arrangement for three of these polymorphs. Among them, the 2H MoS2 has the best 

thermodynamic stability and is found in nature as the mineral molybdenite.[187,188] The T type MoS2 

was proven to be quite challenging to synthesize as pure bulk phase because of its inherent instability[143]. 

However, multiple studies have reported that the 2H structure could change to a 1T phase during lithiation 

and sodiation using various research methods including XRD, Raman spectroscopy and TEM.[145,189–
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191] The phase transition between 2H and 1T was also demonstrated to be reversible during battery 

cycling.[142,192,193]The MoS6 slabs shift and change the symmetry during the de/intercalation of alkali 

metal ions, which could lead to changes of the electric field between the MoS6 slabs affecting the electric 

conductivity. However, the structural transition induced during the lithiation/sodiation processes is 

seldom reported because the products generated at the fully discharged state always show an amorphous 

structure.[143,182,186] 

 

Figure 1-10: structural unit representation for the 2H (a)), 1T (b)) and 1T’ (c)) polymorphs of MoS2.  

A few recent studies using HR(S)TEM measurements have identified the storage mechanism of MoS2 

in LIBs as conversion reaction type.[194,195] This was also verified by XAS results, in which the 

disappearance and reappearance of Mo-S shells can be clearly observed during the delithiation and 

lithiation processes.[196] Considering the similarities between LIBs and SIBs, MoS2 was always thought of 

as a conversion material when used in sodium batteries. This speculation has been mainly supported by 

Raman measurements and some measurements of the crystalline structure by XRD and TEM. Raman data 

interpretation was based on the disappearance of specific peaks (𝐸2𝑔
1  and 𝐴2𝑔 at about 380 and 400 cm-

1) of MoS2 during the discharge process followed by its reemergence in the charge process indicating 

fracture and regeneration of the Mo-S bond, which was regarded as an indicator of the expected 

conversion reaction between MoS2 and metallic Mo plus Na2S.[193,197] In addition, HRTEM exhibiting a 

single type of lattice plane was also used as indicator for a conversion reaction. However, this 

interpretation is not necessarily the only explanation of the observations and thus the conversion model 

unambiguously confirmed.  In general, characterization of the amorphous products in the MoS2 battery 

system is not straightforward due to lack of long-range order, making the conventional imaging and 

diffraction analysis less reliable. Overall, the understanding of the reaction mechanism of MoS2 in SIBs is 

still not clear. This would be highly beneficial for the overall understanding of these materials and for 

developing of novel strategies in material optimization and design. 

1.5. Materials characterization in battery studies 

A deeper understanding of the active materials, their transformations and interactions can be 

achieved by following their structural and chemical properties both in the bulk and locally at interfaces. 
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Due to their different inherent properties, materials face different problems when employed in batteries 

as active materials. For instance, oxygen release is one major concern for the safety of the NMC materials 

in LIBs and it’s accompanied by structural degradation when the layered oxide structure is transformed 

to a rock salt phase.[198,199] This phenomena is also responsible for the capacity fading during battery 

cycling. Another example is the irreversible phase transition between the P type and O type structures, 

resulting in a reduced cycling stability of P and O type layer oxide cathodes in SIBs.[95,200] For most anode 

materials, their initial morphology is a crucial factor controlling their performance during battery cycling, 

as it has been shown that a properly designed morphology is e.g. beneficial for increasing reaction sites, 

decreasing ion and electron diffusion path length and avoiding severe volume expansion during 

lithiation/sodiation.[136,201] In addition, the characterization of electrode products forming during the 

conversion reactions is always difficult but very important for revealing the involved mechanisms. To 

study the different aspects in different materials, various characterization are needed. And the different 

techniques always need to be combined to interpret the scientific questions in battery reaction. Generally, 

we can classify the active material characterization into several categories, i.e. morphology studies, 

structure determination, phase distribution and valence state/bonding analysis. 

1.5.1.  Morphological characterization 

For the active materials in a battery, the evolution of secondary and primary particle morphology, 

e.g. as described by their porosity and their contact surface, is a very important factor that affects the 

diffusion path length of ions and electrons in the electrochemical system. Moreover, morphological 

changes could be a first indicator for structural or compositional degradation during battery cycling. SEM 

and TEM are most commonly used to image the particle morphology of battery materials. As mentioned 

before, the particle morphology is an important parameter that can affect ion and electron transfer length 

and volumetric expansion during cycling. Nanostructuring the active material is a widely recognized 

method to shorten the ion and electron transfer length and avoid large volume expansion. Figure 1-11a 

shows a SEM image of bare Co3O4, which exhibits fast capacity fading during electrochemical testing with 

only about 200 mAh/g capacity retained after 100 cycles in a LIB.[201] However, after nanostructuring to 

produce a Co3O4/graphene composite, the material exhibits about 1200 mAh/g capacity after 100 cycles. 

Figure 1-11b displays the morphology of the Co3O4/graphene composite revealing a higher reaction 

surface and shorter reaction distances than the bare Co3O4. The formation of dead volume is regarded as 

another important reason leading to capacity fading in many conversion and alloy reaction anodes. 

Morphological observations are convenient and efficient way to follow this. Fig. 1-11c – left image shows 

the pristine state of an ordered mesoporous nickel oxide, in which 8–10 nm diameter nanorods are clearly 

visible. However, after 7 cycles (Figure 1-11c – right) a substantial SEI layer is coating the surface of cracked 

particles resulting in a loss of electric connectivity of the cracked particles on the material surface in the 

electrode. This phenomena could be one explanation the capacity fading in the conversion and alloy 
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reaction electrode materials. In addition, morphology observations are an effective method to 

characterize the reaction progression in in-situ experiments. E. R. Adkins et al. used in-situ TEM to study 

the lithiation and delithiation process in silicon oxide coated silicon nanowires.[202] A time series of the 

lithiation process is shown in Fig. 1-11d, where the volume expansion of the Si nanowires during lithiation 

can be clearly observed and proved that the mechanically robust silicon oxide shell could limit the extent 

of volume expansion caused by lithiation.  

 

Figure 1-11: morphological and structural characterization of the battery materials by SEM and TEM. a) SEM image 

of ZnO@C nanoflower, modified from reference[203]; b) SnS nanoflowers, adopted from reference[204]; c) TEM 

imaging of OMNiO (ordered mesoporous nickel oxide) before cycling (left) and after 7 cycles, adopted from reference 

[205]; d) time-lapse  of in-situ TEM imaging showing the lithiation process of the silicon oxide coated silicon 

nanowires, adopted from reference [202]. 

1.5.2. Structural characterization 

Determining the crystal structure of pristine active materials and their evolution throughout the 

battery cycling is an important tool for understanding and improving the performance of batteries.  One 

example are the  bi- or  multi-phase layered oxide cathode materials in SIBs that show superior battery 

performance compared with their single phase counterparts.[98,206] Z. Yan et al. reported a P2@P3 

biphasic material giving a better rate and cycling performance than the pure P2 and P3 materials.[207] 

Although XRD measurements (Figure 1-12a) undoubtedly confirmed the different phases in 

Na0.78Cu0.27Zn0.06Mn0.67O2, the bulk information obtained from XRD could not describe the spatial 

distribution of the two phases, and more importantly characterize their interface. S/TEM high resolution 

imaging was used to fill this gap. Fig. 1-12b presents the scanning transmission electron microscopy-high 

angle annular dark-field image (STEM-HAADF) (left) and bright field (BF) image (right) of the material, 
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which clearly identifies the interfaces along the [003] direction. Another example are the complex 

reversible or irreversible phase transitions that layered oxide cathodes in LIBs and SIBs experience during 

the intercalation reactions, which can lead to drastic capacity fading. In-situ and ex-situ XRD 

measurements are widely used to study these phase transitions with the same drawbacks of bulk 

information averaging.  Figure 1-12c presents one example of an in-situ XRD study for an O3 type 

NaNi2/3Sb1/3O2 SIBs cathode material, which shows that the sample undergoes a series of phase transition 

from the O3 phase to a P3 phase and further to a O1 phase during the desodiation process. In the following 

sodiation process, the O1 phase obtained at the maximum desodiated state experiences a reverse phase 

transition and transforms to the O3 phase at the fully sodiated state. Although the global phase transition 

can be clearly described by these measurement, XRD lacks the ability to spatially resolve the phase 

distribution. TEM can not only characterize the structural evolution with high resolution, but can also 

provide information on the ion migration behavior with similar resolving power. Y. Nomura et al. recorded 

an orientation map (Figure 1-12d-left) in a LiNi0.8Co0.15Al0.05O2 LIBs cathode material using 4D-STEM at an 

intermediate point during battery cycling. Combing these results with the lithium elemental map obtained 

from EELS data (Figure 1-12d-left) they proved that the lithium diffusion in the polycrystalline secondary 

cathode particles is limited by the grain boundaries along the c-axis.[208]  

 

Figure 1-12: a) Rietveld refinement of synchrotron XRD pattern of P2@P3 Na0.78Cu0.27Zn0.06Mn0.67O2, b) STEM-

HAADF (left) and STEM-BF (right) images of the phase interface, adopted from reference [207]; c) in-situ 

electrochemical XRD analyzes of NaNi2/3Sb1/3O2 sample during the initial cycle stacked against the voltage profile, 

adopted from reference[209]; d) STEM-ADF image (left) and Li elemental map (right) of the LiNi0.8Co0.15Al0.05O2, 

the white dash line in STEM-ADF image is to mark different orientations based on 4D-STEM date, the scale bar is 

500nm, adopted from reference[208]. 

The structural characterization of non-crystalline composites is also very important for 

understanding reaction mechanism in batteries, as many battery materials can lose their long range order 
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during cycling.  However, many of the traditional structural characterization methods, such as X-ray and 

electron diffraction or HRTEM, are limited in studying non-crystalline phases.  For instance, Z. Li at al. 

successfully applied MoS2/C composites in MIBs, but the amorphous products formed during cycling 

increased the difficulty of understanding the structural evolution. However, the authors employed a pair 

distribution function (PDF) analysis derived from SAED to understand the products formed during the 

battery cycling and reported a solvated magnesium-ion intercalation mechanism for their system. The 

experimental and simulated PDFs are shown in Figure 1-13. Although the simulated PDFs from 2H and 1T 

structures look quite similar, some relevant different features appears such as the peak at about 4.5 Å 

observed only for the 2H phase and the different ratio of the peaks at about 6.3 Å and 6.7 Å. The results 

show that the pristine MoS2 has a 2H structure that changes to 1T structure at discharge and returns to 

2H structure after charging. In addition, the evolution of the peak located at 1.9 Å attributed to the Mg-O 

bonds was correlate with the discharge and charge mechanism indicating the magnesium could shuttle 

between electrodes in the form of an organic molecular cluster instead of the expected Mg2+. 

  

Figure 1-13: PDF analysis for as-prepared and cycled materials of the MoS2 in MIBs at 30 cycles, adopted from[210]. 

1.5.3. Elemental distribution observed by S/TEM 

Imaging and diffraction analysis provide morphological and structural information. However, the 

exact chemical composition cannot be directly extracted from these data. Analytical S/TEM techniques 

such as EDX, EELS and energy filter TEM (EFTEM) are wildly employed in battery research for elemental 

analysis including qualitative and quantitative measurements.[211–215] EDX chemical mapping is 

frequently used to monitor elemental diffusion and to reveal phase separation. One example is shown in 

Figure 1-14a where STEM-EDX mapping of Li4Ti5O12 nano-particles was used to follow the sodiation and 

desodiation evolution during discharging and charging of the anode.[216] The uneven distribution of 
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sodium (yellow map in Figure 1-14a) in the discharged state implies a phase separation after sodiation. 

Figure1-14b is another example for application of STEM-EDX in the battery field, where the poor 

infiltration efficiency of microporous carbon by sulfur during the high temperature synthesis is clearly 

shown in a cryo-TEM experiment.[217] It can be observed that a majority of sulfur has not infiltrated the 

carbon, and remained external to the carbon particles. Although EDX is a relatively simple technique and 

powerful for detecting most elements, the low energy resolution and absorption problems caused by the 

detector window and the specimen itself, make it difficult to be used for monitoring light elements. The 

possible to map Lithium is one of the advantages EELS is offering. J. Yoshida et al. investigated the 

relationship between particle size and the battery performance of a spinel type LiMnPO4 LIBs cathode 

material.[218] The results show that a significant amount of lithium ions are trapped inside the secondary 

particles (Figure 1-14c) in the fully delithiated state, indicating that the large particle size lengthens the 

lithium transition path and is harmful for the battery performance. 

 

Figure 1-14: a) elemental map of  Li4Ti5O12 anode nano-particles in SIBs at discharged and charged statues after 5 

cycles, adopted from reference[216]; b) investigation of carbon and sulfur distribution in sulfur battery cathode 

acquired by cryo-scanning transmission electron microscope, adopted from reference[217]; c) STEM image of the 

LiMnPO4 secondary particle at delithiated states. Insets show the Li-EELS maps measured in the part enclosed with 

the square, adopted from reference[218]. 

1.5.4. Oxidation state analysis  

For battery electrode materials, the elements in the host structure change their valence state to 

compensate the charge imbalance caused by the de/lithiation (de/sodiation) processes during cycling. 

Therefore, determination of the oxidation state is important to understand the reaction mechanism, 

especially in complicated multi element systems. An interesting example shown here is the investigation 

of the capacity fading of a NMC8111 (LiNi0.8Mn0.1Co0.1O2) cathode material in a LIB. X. Li et al. examined 
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the valence state changes of the transition metal elements during the delithiation and lithiation 

process.[219] The in-situ XAS spectrum is shown in Figure 1-15a. The near edge spectrum of Mn slightly 

shifts to higher energy during the charge and following discharge process indicating the local environment 

of Mn changes. The difference in the Mn XAS spectrum between ‘before charge’ and ‘after discharging’ 

(shown in the insert in Figure 1-15a) implies some irreversibility and explains the capacity fading to some 

extent. However, the XAS measurements here can only give average bulk information without spatial 

resolution. EELS mapping (Figure 1-15b) was carried out to study the local distribution of different Mn 

states. The EELS spectra were acquired at different areas from the bulk to the particle surface showing a 

clear evolution of the O K-edge and the Mn L-edge. The L3/L2 ratio of Mn L-edge constantly increases 

from the bulk to the surface, a change that is attributed to a reduction of the Mn oxidation state at the 

particle surface. The finding extracted from the L3/L2 ratio is backed up by the evolution of the O K-edge 

pre-peak, which shows a decreased intensity from the bulk towards the surface. Combined with the 

structural study in this work, the authors come to the conclusion that the surface of the particle in bare 

NMC111 material undergoes a structural evolution from a layered oxide to a rock salt structure, which is 

responsible for the capacity fading. In the NMC materials, all transition metals can contribute to the 

battery capacity at different voltage windows. Revealing the reaction sequence of the transition metal is 

critical for understanding the de/lithiation mechanism and tuning the electrochemical performance by 

changing the stoichiometry of the transition metals. H. Liu et al. studied the transition metal state during 

delithiation and lithiation by ex-situ high resolution EELS.[220] As shown in Figure 1-15c, the L3 edge shape 

and position of Ni is shifting during cycling (no clear changes can be observed in the spectra of Mn and Co) 

indicating that Ni primarily contributes to the capacity for this LiNi1/3Mn1/3Co1/3O2 in the voltage window 

of 2.5-4.5 V. The valence region of EELS spectra can also be used in battery studies, as this region will give 

information on the band gap and can help to identify different phases in cycled electrodes. For an 

electrode with known components, valence EELS can be carried out to map the phase distribution. Figure 

1-15d shows valence EELS spectra of different electrodes, in which we can see that valence EELS can be 

used as a finger-print technique to identify these phases.[221] Clear differences can be seen in relatively 

similar compounds, such as LiCo0.9Ni0.1O2/LiCoO2 and LiFePO4/FePO4.  
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Figure 1-15: EELS characterizations for battery materials. a) operando XANES spectra of Mn of bare NMC811 

cathode, b) STEM-HAADF image and corresponding EELS spectra acquired from the regions in cycled NMC811 

material, scale bars in b 5 nm,  a) and b) are modified from reference[219]; c) voltage profile and the normalized 

EELS spectra of Mn, Co and Ni, adopted from reference[220]; d) valence EELS spectra of several lithium ion battery 

materials, adopted from reference[221]. 

1.6. Motivation and outline of this PhD work 

As mentioned in Section 1.1, the anode is an important component of the rechargeable batteries but 

requires significant improvements in order to meet the continuously increasing demand for high energy 

density. MOs and TMDs are receiving increasing attention as conversion reaction anodes due to the high 

theoretical capacity, tap density and cycling stability. Due to their outstanding battery performance as 

well as the incomplete available model for their reaction mechanism, the HEO (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O 

and MoS2 were selected as two representative materials for MOs and TMDs to be studied in this thesis.  

Although significant progress has been made recently in understanding the mechanisms controlling 

the electrochemical properties of HEO, a clear understanding of the role played by entropy-stabilization 

and other additional effects is still missing. The high entropy effect can stabilize multi-cations into a single 

solid solution phase, which is favorable for ion migration. Nevertheless, the entropy effect is insufficient 

to explain the excellent battery performance of the HEO in the conversion reaction as the initial HEO 

structure cannot be reestablished during delithiation at room temperature due to the positive enthalpy 

of mixing. A ‘cocktail effect’ is regarded as another possible reason for the good battery performance, 
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which was mentioned frequently in previous studies,[164–167,222] The complex chemical composition in 

HEOs provides lots of possibilities for synergetic effect of different elements. However, a ‘cocktail effect’ 

in multi-cation HEOs has not been understood so far. The (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O was used in this thesis 

to study the ‘cocktail effect’ during battery reaction in this HEO. Understanding the reaction mechanism 

of this typical HEO (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O can be used to guide material optimization and design of 

analog high entropy systems.  

The failure of graphite anodes implementation in SIBs accelerates the research for non-graphitic 

carbon materials, such as TMDs. As one typical TMD, MoS2-based electrodes show good prospects and 

have high theoretical capacity of about 660 mAh/g in both LIBs and SIBs, even larger than that of the 

commercial graphite in LIBs. However, understand the reaction mechanism of MoS2-based electrodes in 

SIBs is still limited. Figuring out the reaction mechanism could be helpful for further materials optimization. 

In addition, as mentioned before, the MoS2/C composites always show superior battery performance 

compared to the bare MoS2 without carbon. Uncovering the role of carbon in MoS2/C composites will help 

to design TMDs/C composites for rechargeable battery anodes. To study the reaction mechanism of MoS2 

and the carbon function, two samples, MoS2-C@C and bare MoS2 were prepared in this thesis and 

characterized comprehensively at different batteries states. 

To answer the above highlighted questions, many techniques can contribute to the characterization 

of the morphology, structure, composition, valence state. Among them, modern TEMs integrating 

different analysis options can provide valuable information about all the above mentioned functions with 

sub-nanometer resolution. However, the fairly localized characterization potentially yields not statistically 

relevant data. To compensate for this, the results were supplemented by bulk characterization techniques 

including XRD, XAS and electrochemical testing.  

The basic principles of TEM including the image formation, spectroscopic techniques and PDF are 

introduced in Chapter 2.  Moreover, a brief presentation of the equipment, such as XRD, XAS and 

electrochemical testing methods, and their setups used throughout this thesis is also provided.  

As introduced above, many questions about the HEO phase formation during the synthesis process 

are unclear. For instance, the detailed microstructural evolution along with the elemental diffusion during 

annealing is missing in the previous reports. Clarifying that is beneficial for understanding the reaction 

sequence of individual MOs and for optimizing the synthesis conditions. In addition, unraveling the 

reaction sequence of different raw metal oxides, could be helpful to design other HEOs. In Chapter 3, we 

try to answer some of these questions including the microstructure evolution, elemental diffusion 

sequence and possible prior phase formation before HEO generation. This is achieved by studding the 

calcination of HEO (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2) using a combination of in-situ TEM and in-situ XRD 

measurements as the main characterization techniques.  
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The de/lithiation mechanism of the HEO (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O was investigated in Chapter 4. In 

this chapter, many complementary TEM methods, such as PDF, STEM-EELS, HRTEM, electron tomography 

and 4D-STEM, were used to characterize as-prepared and cycled HEO samples. The behavior and the 

electrochemical contribution or inertia of each of the five transition metals in the material are explained. 

The synergetic effects between different elements are explained based on the results presented in this 

chapter. They are considered to be the reason of the outstanding electrochemical performance of HEO in 

LIBs. 

Taking the advantage of the methodology employed in the previous chapter with a focus on the 

characterization of amorphous products in the conversion anodes, the de/sodiation mechanism of MoS2 

was studied and the findings presented in Chapter 5. The results obtained in this chapter provide a new 

insights into the MoS2 sodiation mechanism. After cycling, the MoS2 structure losses the long range order 

and fragments into MoSx clusters, which act as active components in the following de/sodiation cycles. 

The carbon was demonstrated to be independent of the reaction mechanism of MoS2, but prevents 

leaching of MoSx clusters into the electrolyte during battery cycling.
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2. Methods and characterization techniques 

As seen in the previous chapters, a deeper understanding of the reactions and transformations of 

the active material requires information on their structure and chemical properties, both in the bulk and 

at interfaces, at different states or ideally in-situ/operando. This thesis aims to understand the ion 

migration and microstructural evolution of battery materials during materials synthesis and during battery 

cycling. TEM is a powerful tool that can provide structural information down to the atomic level. 

Combining the imaging and diffraction capabilities of electron microscopy with analytical tools such as 

Electron Energy Loss Spectroscopy (EELS) and Energy-dispersive X-ray spectroscopy (EDX) allows a 

chemical characterization of materials with sub-nanometer resolution. However, the information 

provided by TEM is always limited to some local areas in the material. Compared with TEM, other 

techniques, such as X-ray diffraction (XRD), X-ray absorption spectroscopy (XAS), provide an average bulk 

characterization including structural and bonding properties and information on the chemical state, but 

with limited spatial resolution. 

TEM measurements complemented by bulk techniques including XRD and XAS were used in this 

thesis to answer multiple questions regarding the reactions during battery cycling and materials synthesis. 

Electrochemical measures, e.g. galvanostatic charge-discharge tests and electrochemical impedance 

spectroscopy (EIS), are used to prepare the sample at the targeted states and reveal the electrochemical 

performance. Different sample preparation method including focus ion beam (FIB) and ultramicrotome 

were used to prepare the specimens suitable for TEM measurements. The setups and the equipment used 

for the characterization and sample preparation are introduced in this chapter together with a 

background on the techniques.  

2.1. Equipment used in this thesis  

2.1.1. Galvanostatic charge-discharge test 

Galvanostatic measurements were performed using an Arbin battery test system (BT-2000) at 25°C. 

The measurements were performed with a voltage window of 0.01 to 3.0 V with a current of 0.1 C. 1 C 

corresponds to 500 mA/g for the HEO batteries in Chapter 5 and 600 mA/g for the MoS2 batteries in 

Chapter 6.  

The theoretical capacity was calculated using the following equation: 

𝑄 =
𝑛𝐹

3.6𝑀𝑤
                                                          2-1 

where Q is the theoretical capacity, n is the number of transferred electrons during the electrochemical 

reaction, F present the Faraday constant (96500 C/mol), and Mw is the equivalent molecular weight. 
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2.1.2. Electrochemical impedance spectroscopy measurements 

EIS measurements were performed using a BioLogic VSP-300 potentiostat. The impedance data was 

acquired by applying 10 mV AC perturbation signal over a frequency range of 1 MHz to 1 Hz (6 

points/decade).  

2.1.3. Power diffraction 

In-situ high-temperature XRD was performed using a STOE/STADIP diffractometer (Mo Kα, λ= 

0.7093 Å) equipped with a Dectris Mythen detector and Ge (111) monochromator calibrated with a LaB6 

standard. In-situ diffraction patterns were collected while keeping the samples at the target temperature 

during acquisition. Temperature corrections were made based on the thermal expansion of NaCl using a 

NiCr thermocouple. The XRD patterns were recorded from 5 to 40 ° (2 theta) using a step size of 0.015 °. 

The collection speed is 1 ° per min.  

The ex-situ XRD characterization employed in chapters 4 and 5 was conducted using a Bruker D8 

diffractometer with Bragg-Brentano geometry using Cu Kα, λ = 1.54 Å) radiation. The XRD patterns were 

collected from 10˚ to 80˚ using a step size of 0.2˚. The collection speed was set to 0.6 ° per min. 

The XRD patterns in chapter 6 were recorded using an STOE Stadi P diffractometer, equipped with a 

Ga-jet X-ray source (Ga-Kβ radiation, λ = 1.2078 Å). Cycled samples were prepared in a glove box to avoid 

exposure to air and protected by a kapton film. 

2.1.4. X-ray photoelectron spectroscopy 

The XAS data were recorded at the Mo K-edge (20,000 eV), Co K-edge (7709 eV), Ni K-edge (8333 

eV), Cu K-edge (8979) and Zn K-edge (9659). X-ray absorption near edge spectra (XANES) of the XAS 

spectrum were obtained by subtracting the pre-edge background from the overall absorption and 

normalizing with a spline fit using the ATHENA software package. The k2-weighted extended X-ray 

absorption fine structure (EXAFS) was Fourier transformed over the limited range of k from 3 to 10 Å−1 

with a hanning window (dK =1 Å-1). The XAS measurements in chapter 5 were performed at the XAS 

beamline of the synchrotron radiation source at Karlsruhe Institute of Technology (KIT), beamline P64 and 

P65 at PETRA III (Hamburg). XAS measurements in chapter 6 were performed at the P64 beamline at 

PETRA III Extension of DESY (Hamburg).  

2.1.5. Transmission electron microscopy 

A Titan 80-300 and a Themis Z were used in this thesis. The image corrected Titan 80-300 was 

equipped with an EDAX s-UTW EDX detector and a Gatan UltraScan CCD camera. The microscope was 

operated at 300 kV. The image and probe corrected Themis Z is equipped with a Super-X EDX detector, a 

Gatan OneView CMOS camera and a Gatan imaging filter with a Continuum and K3 IS camera. The Themis 
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Z was also operated at 300 kV. The detailed parameters for EDX and EELS acquisition are described in each 

chapter as different setups were used. The design of the special TEM holders used in this work will be 

displayed in the corresponding experimental chapters. The data analysis was performed using TEM 

Imaging & Analysis (TIA), DigitalMicrograph, and Velox software. 

2.1.6. Scanning electron microscopy 

The scanning electron microscope (SEM) and focus ion beam (FIB) system used in this thesis was a 

FEI Strata 400 S equipped with a (Schottky) field emission gun as electron source and a Gallium liquid 

metal ion source. The detectors included a through-the-lens detector (TLD), an Everhart-Thornley 

detector (ETD), a back scatter electron detector (BSD), a continuous dynode electron multiplier (CDEM) 

and a scanning transmission electron microscopy (STEM) detector. The Gas Injection System (GIS) includes 

Pt, C and W. The high tension used for SEM imaging was 5 kV and the range for FIB was between 2 kV - 30 

kV.       

2.1.7. Ultramicrotome 

The dismounted electrodes were embedded in a polyethylene BEEM® capsule using a cold mounting 

epoxy resin (STRUERS SpeciFix-20) and cured for one week. The four faces and the front face of the 

hardened resin/sample block were trimmed with a Diatome 45° diamond trimming knife to sharpen the 

tip and to reach the sample. A Leica ultramicrotome (Ultracut UCT) was used for the final slicing a with a 

Diatome low angle diamond knife type “MT Ultra 35°”, a cutting velocity of 2 mm/s, and distilled water as 

trough liquid at room temperature. Slices with a nominal thickness of 70 nm were cut. The microtomed 

slices were picked up with the aid of a “Perfect Loop” tool and transferred to TEM Cu grids. 

2.1.8. In-situ gas heating system 

The in-situ gas heating experiment conducted in Chapter 3 was performed with the help of a 

Protochips™ Atmosphere 210 system with integrated gas mixing capabilities. A gas composition of 21% 

oxygen in an argon flow was used to simulate similar oxygen levels as in air. The experiment was run at a 

pressure of 740 Torr with a gas flow rate of 0.1 sccm. The temperature was increased from 300˚C up to 

850˚C with a heating rate of 2˚C s-1. Each time the temperature was increased in steps of 50˚C and at each 

temperature a full morphological, structural and chemical (EDX-based) analysis was performed.  
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Figure 2-1: presentation of the Atmosphere 210 gas manifold and the gas heating holder. a) diagram of the Atmosphere 

210 gas manifold; b) visual presentation of the gas holder tip main components and assembling order: 1- lid screws, 

2 - lid, 3 - small/large chip pair, 4 - gasket, 5 - flex-circuit, adapted from reference [223]. 

2.1.9. STM holder 

In-situ TEM electrical measurements applied in Chapter 5 were carried out in order to test the 

electrical conductivity with the help of a double tilt in-situ TEM-STM holder (TE02-DT).[224] A schematic 

of the STM holder is shown in Figure 2-2. The holder has a fixed slot for a sharp nanoscale gold tip opposite 

to a second slot for a TEM half grid. The tip can move in x, y and z direction with sub-nanometer precision 

using a piezo based device. The two positions are connected with an integrated circuit inside the ceramic 

head of the holder. For the experiment, the sample was dropped on a TEM half grid coated by a carbon 

membrane. Under STEM imaging control, the gold tip was brought in contact with a selected sample on 

the TEM grid. After fixing the contact position, an external voltage was applied. In this experiment, the 

selected voltage scan was ranged from -15 V to 15 V. 
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Figure 2-2: schematic of STM holder and the working principle of electric conductivity testing. 

2.1.10. Electron tomography 

The electron tomographic analysis was carried out by Xiaohui Huang, a PhD candidate in our group. 

It was performed using a Fischione 2020 tomography holder on a probe-corrected ThermoFisher Scientific 

Themis 300 microscope operated at 300 kV in STEM mode. STEM-HAADF tilt series were recorded over a 

range of ±72º with a tilt step of 2º. Projections were then aligned in IMOD using 6.5 nm Au colloidal 

particles as fiducial markers with a mean residual alignment error of 0.45 voxels. The aligned tilt series 

were reconstructed using the simultaneous iterative reconstruction technique (SIRT) within Inspect3D 4.4 

(ThermoFischer Scientific). 3D visualization was performed in Avizo (ThermoFisher Scientific). 

2.1.11. Ball mill 

The ball milling used in Chapter 3 was done using a Chishun Tech ball mill machine. The raw materials, 

CoO, CuO, MgO, NiO and ZnO, were ground for 2 hours at 300 rpm/min using ethanol as dispersant. 

2.2. Electron-matter interaction 

According to the particle–wave duality in quantum mechanics, electrons can be regarded as waves 

and particles. When they interact with matter the resulting scattering events produce a wide variety of 

signals as illustrated in Figure 2-3. The scattered electrons carry specific structural and chemical 

information due to the interaction with the specimen and these signals can be used in different imaging, 

diffraction and analytical techniques.  
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Figure 2-3: interaction of electron with a specimen and the generated signals, adopted from reference[225]. 

The interaction between the incident beam and the electrons/nucleus of the atoms in the specimen, 

can cause a loss of energy and change in momentum of the incident electrons. Depending on the 

transferred energy during scattering, the events can be classified into two categories: elastic scattering, 

involving no energy loss and inelastic scattering, when incident electrons lose energy. In both cases, the 

interaction of the incident electron with the atoms results in a change of direction as summarized in Figure 

2-4. The direct transmitted beam refers to the electrons that pass the sample without any detectable 

interaction with the atoms, and thus experience no change in direction and energy. Elastic scattering can 

occur when the incident electrons are scattered either by the interaction with the electron cloud (low 

angle scattering) or by Rutherford scattering at the atomic nucleus (high angle scattering). In some cases, 

the scattering angle can be larger than 90 °, an event named backscattering, when the incident electron 

is directly hitting the nucleus.[226] The dominating scattering angle is in the range of 10-100 mrad for an 

incident beam energy of 100 keV.[227] Considering the wave-like nature of the electrons, the electrons 

scattered coherently by a crystalline structure lead to constructive and destructive interfere, which gives 

rise to a diffraction pattern. It should be mentioned that the energy transferred from the electron beam 

to the atomic nuclei can be negligible only for low angle scattering. In the extreme case of a head-on 

collision, the energy transition could be higher than 1 eV (for 100 keV beam energy). Such an energy may 

exceed the required energy for displacing the atom from its lattice site and results in displacement 

damage.[228]   
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Figure 2-4: schematic of electrons-matter interaction, from up to down the arrows present the back scattering, inelastic 

scattering (the incident electron interacts with the out shell bond electron), transition electron, and the elastic scattering 

(low angle and high angle scattering), adopted from[226]. 

When a fast incident electron interacts with a bound electron the incident electron can lose a non-

negligible amount of energy and change its momentum resulting in a characteristic scattering angle and 

give rise to a wide series of signals as shown in Figure 2-3. When the energy transferred from the incident 

electron to a bound electron is similar or greater than the energy difference between an unoccupied 

orbital and its current orbit, the bound electron can be excited to a higher energy level and leave behind 

a ‘core hole’. If the electron is weakly bound (in the valence or conduction band) it will gain enough energy 

from its interaction with the incident electron so that it can escape to the vacuum. These electrons are 

called secondary electrons and are widely used in SEM imaging. After the excitation process, the excited 

(ionized) atom will loss the excess energy through the transition of an electron from a higher energy level 

to the core hole. Figure 2-5a presents a schematic of excitation and de-excitation process of the bound 

electron, in which one electron in the K inner-shell is excited to a state above the Fermi level. Afterwards, 

an electron from a higher energy level moves into the core hole in the K shell, accompanied by release of 

the excess energy, e.g. through emission of a photon (characteristic X-rays, cathodoluminescence) or by 

emission of an auger electron. The X-ray energy emitted during the de-excitation process is characteristic 

for every atom and can be used for elemental identification. The correlation between the atomic shell 

structure and the characteristic X-ray energy emitted can be seen in Figure 2-5b obeying the electronic 

dipole transitions rules with Δn (principal quantum number)≠0, Δl (azimuthal quantum number)=±1 

and Δm (magnetic quantum number)=0, ±1. 
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Figure 2-5: a)  schematic of the inelastic scattering process of an incoming electron and an inner-shell electron of an 

atom and the process of characteristic X-ray emission, adopt from[225]; b) a range of possible electron transitions that 

give rise to K, L, and M characteristic X-rays, adopted from reference[225] 

As the total energy is conserved during the interaction, the energy loss of the incident electron is 

equal to the energy transferred to the bound electron. Therefore, the energy loss of the inelastic scattered 

electron is characteristic and can be used to identify the composition, the structure and the bonding of 

the specimen, a technique known as electron energy loss spectroscopy (EELS). The energy loss process 

described in Figure 2-5a, i.e. an electron transition from the inner-shell to an unoccupied state, which is 

widely used for chemical composition and oxidation state determination. In addition to this excitation, 

the energy loss caused by an interband transition across the energy gap of a valence electron in an 

insulator/semiconductor or the transition of an electron from the conduction band to a higher state in a 

metal, contains information about the optical properties, the band gap, the chemical environment and 

bonding information of the specimen, a spectroscopic region known as valence EELS. This technique can 

be used to map different phases with a higher electron dose efficiency compared with other techniques, 

i.e. core-loss EELS and EDX.[229] Moreover, when the incident electron interacts with the electrons in the 

valence or conduction band this results in collective oscillations of the electrons known as plasmon 

resonance. The plasmon signal dominates in materials with significant free-electrons, e.g. in metals. 

However, plasmon-like transitions occur to some extend in all types of materials, even if in insulators.  

2.3. X-ray-matter interaction 

 Similar to the electron-matter interactions, the X-rays-matter interactions can be classified as elastic 

and inelastic scattering. The main distinction appears in the strength of these interactions as X-ray 

scattering is much weaker than electron scattering. Therefore, X-rays can be used to study thicker 

materials than possible using electron microscopy techniques. During the inelastic scattering of X-rays 

with bound electrons in atoms, the energy of the incident photon can be partially absorbed and the 
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electron can be knocked-out into the continuum or to a higher unoccupied state. The X-ray loses the same 

amount of energy and is deflected from its original direction to one opposing the direction of the knocked-

out electron in order to conserve momentum. This phenomenon is known as Compton scattering. 

Moreover, the interaction between an incident photon and electrons from an inner shell electron can lead 

to the absorption of the entire photon energy. An electron ejected by the initial photon absorption is 

known as a photoelectron. Analogous to EELS spectroscopy, the X-ray absorption energies can be related 

to the elemental composition and valence state of each element and thus be used to analyze the 

composition and the oxidation state of materials and even quantitatively determine the chemical 

composition. Coherent scattering by a periodic lattice is the basis for diffraction, which can be used to 

analyze crystal structures.   

2.3.1. X-ray absorption spectroscopy 

In XAS the energy dependent X-ray intensity is measured before and after the X-rays penetrate a 

sample. It is a widely used technique to analyze the chemical composition, valence state and for structural 

characterization of bulk specimens. Figure 2-6 shows a XAS spectrum, in which the y-axis represents the 

absorbance and the x-axis the energy. One can observe that the XAS spectrum is composed of two distinct 

regions: one where the absorption coefficient changes suddenly and a second region where it is gradually 

decreasing. When the incident x-ray has an energy equal to the binding energy of a core-level electron, 

resonant scattering strongly enhances the scattering cross-section and results in a sharp absorption rise. 

After the absorption edge, the absorption coefficient decreases drastically with increasing energy due to 

the relationship between the absorption probability (μ) and energy in a given specimen, which can be 

expressed by the following equation: 

𝜇 =
𝜌𝑍4

𝐴𝐸3  2-2 

where ρ is the sample density, Z is the atomic number, A is atomic mass and E is the x-ray energy. 
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Figure 2-6: example XAS spectrum presenting the Pb absorption characteristics, adopted from reference [230]. 

At higher energy resolution, one can see that the absorption spectrum near the absorption edge 

does not decrease monotonously but oscillates. This oscillation originates from the scattering of 

photoelectrons excited by the X-rays in the surrounding coordinated atoms, causing the intensity of the 

X-ray absorption to change. The energy range up to 50 eV from pre-edge is called X-ray absorption near 

edge structure (XANES), which normally includes the pre-edge and the rising edge. In XANES, a pre-edge 

can be detected in some cases, which is caused by a photoelectron emitted from core state 1s to the 

unoccupied state nd, as shown in Figure 2-7. This can reflect the symmetry of atomic coordination that 

can be further used as a fingerprint for electronic structure determination. In a XAS spectrum the sudden 

vertical appearance at the binding energy regime of a core shell electron is so-called rising edge (Figure 

2-7). The absorption edge will be shifted to a higher energy with increasing oxidation state of the atoms, 

which can be simply explained by considering that it is increasingly difficult to remove an electron from 

an atom that bears a higher positive charge. After the rising edge, the strong oscillation in XANES 

corresponds to low-energy photoelectrons scattered by coordination atoms, which interfere with the 

outgoing inelastically scattered electrons leading to strong oscillations. XANES can be used to quickly 

identify the elements and is sensitive to chemical information such as valence state, unoccupied electron 

orbitals and charge transfer.  Moreover, XANES is also suitable for time-resolved and temperature-

resolved in-situ experiments due to the short spectrum acquisition time and the weak temperature 

dependence peculiarity.  
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Figure 2-7: two distinct regions forming the XAS spectra and their basic characteristics, adopted from reference [230]. 

The energy range of 50 eV - 1000 eV above the absorption edge is called EXAFS and can be described 

by high-energy photoelectrons undergoing single scattering events by the coordination atoms around the 

absorbing atom, returning to the absorbing atom and interfering with the outgoing wave. The reason why 

EXAFS originate from single scattering of photons and XANES from multiple scattering is that photons with 

higher kinetic energy are less affected by the surrounding environment/neighbor coordination atoms, and 

are generally only single-scattered by neighbor coordination atoms. The characteristic shape of the EXAFS 

is given by a reduced amplitude, like a sinusoidal wave, that contains the information about the atomic 

surrounding. Standard data processing for EXAFS-PDF includes normalization of the absorption coefficient, 

conversing the oscillation from energy space to wave vector space and Fourier transformation. The PDF 

data thus obtained represents the coordination around a specific element.  

2.3.2. X-ray diffraction 

In 1912, M. Laue et al. have experimentally proven that X-rays undergo diffraction when passing a 

crystalline structure, proving the theoretical predication of the electromagnetic wave nature of X-

rays.[231] X-ray diffraction has since proven to be a highly valuable technique in materials research that 

can offer precise information on the crystal structure of materials. Modern XRD setups can be divided into 

three main components including the X-ray source, the sample stage and the detector. The X-ray radiation 

in XRD equipment is generated by impacting a target metal, such as Cu, Mo and Ag, with an accelerated 

electron beam of 30-60kV in an X-ray tube. Using a monochromator, the polychromatic radiation emitted 

is filtered and directed towards the specimen. The working principle of a monochromator crystal is based 

on the selection of a specific photon energy by coherent diffraction satisfying the Bragg condition 

(Equation 2-3) for specific lattice planes. The Bragg-Brentano geometry was applied in the diffractometers 

used in this thesis with the detector is mounted in a position that is mirror-symmetrical to the X-ray source 
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(as shown in Figure 2-8a). The angle θ between detector and sample stage is the same as the angle 

between source and sample stage. During measurements, the X-ray source and the detector move 

symmetrically in order to illuminate and collect the deflected X-rays.   

  

Figure 2-8: a) schematic presentation of the working principle of the X-ray diffraction, adopted from reference[232]; 

b) schematic representation of the Bragg equation, adopted from reference[233]. 

As shown in Figure 2-8b, the path length difference of the two waves diffracted by adjacent lattice 

planes is equal to 2𝑑𝑠𝑖𝑛𝜃. When the path length difference is a multiple of the wave length, constructive 

interference occurs, which is described by the Bragg equation: 

𝑛𝜆 = 2𝑑𝑠𝑖𝑛𝜃  2-3 

where n is an integer, 𝜆 the wavelength of the incident X-ray, d the lattice distance, and θ the scattering 

angle. By continuously scanning the incident angle θ a typical XRD spectrum including the continuous 

background and a series of discrete reflections is obtained.  

2.4. Electron microscopy (EM) 

Electron microscopes (EM) use signals formed by the interaction of an electron beam with the 

specimen in order to obtain information on structure, morphology, and composition. The basic optical 

setup is similar to that in transmission light microscopy. However, the achievable resolution is significantly 

higher due to the short wavelength of the electrons. Using the Rayleigh criterion, the diffraction limited 

resolution can be estimated according to 

𝛿 =
0.61 𝜆

𝜇 𝑠𝑖𝑛 𝛽
  2-4 
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where 𝜆 is the wavelength of the radiation, μ the refractive index of the medium between the object 

and the objective lens and β the collection semi-angle. The term 𝜇 sin 𝛽 is called numerical aperture. 

Form the equation 2-4, it easy to understand that decreasing 𝜆 and increasing 𝜇 or β can improve the 

resolution. In a modern EM, the acceleration voltage can be as high as 300 kV corresponding to an electron 

wavelength of 1.97x10-2 Å, which, in principle, allows sub-Ångstrom resolution imaging. However, the 

optical aberrations of the electromagnetic lenses and their stability are limiting the achievable resolution, 

as will be discussed in more detail later. 

An electron source, electromagnetic lenses, vacuum system and detectors are the main components 

of an EM. Electrons are emitted from an electron source on top of the EM. Two different types of electron 

sources, thermionic source and filed-emission source (FEGs), are typically used in EM.  In thermionic 

sources the electrons are generated by heating an emitter material that has high thermal stability and 

possess a low work function. Typical thermionic emitter materials used in EM are tungsten and LaB6. In a 

FEG, electrons are generated by applying a high voltage to a very fine needle-like tip that extracts free 

electrons located near the Fermi level through tunneling. Schottky sources, which are adopted in the SEM 

(Strata) and TEMs (Titan, Themis 300 and Themis Z) used in this thesis, make use of both heating the 

source materials and applying the field emission in order to generate an electron beam with higher 

brightness, greater coherence and lower energy spread compared with a thermionic source. Moreover, it 

offers higher stability and is less sensitive to contamination compared with cold FEGs sources. The 

extracted electrons are accelerated to 0.2 - 30 kV (in Strata SEM) and to 60kV to 300kV in the TEMs. In 

EMs the electron magnetic lens are used to either demagnify the source image on the specimen (in SEM 

and STEM) or magnify the image or diffraction pattern and project them on the viewing screen (in TEM). 

An inhomogeneous rotationally symmetric magnetic field is created by a magnetic electron lens, in which 

the magnetic field is weak in the center and becomes stronger further away from optical axis. Therefore, 

electrons entering the lens are focused along the axis by the magnetic field. The focal length of the 

electromagnetic lens is controlled by varying the current through the electromagnetic coil in the lens. In 

EMs, a high vacuum environment is necessary to avoid scattering of electrons by gas molecules. Different 

detectors are mounted on EMs to detect various signals and provide corresponding images or spectra. 

2.4.1. Scanning electron microscopy 

SEMs use a finely focused electron beam with a narrow energy range scanned across the sample. All 

modern SEMs are equipped with a secondary electron detector and most of them with additional 

detectors for backscattered electrons and X-rays, making the SEM able to study the sample topography 

and composition. Figure 2-9 shows a schematic of a typical SEM layout, in which the accelerated electron 

beam is focused by the condenser and objective lenses to form an electron probe with a defined energy, 

intensity and size that scans the surface of the sample controlled by scanning coils. The generated 
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secondary electrons contain topographic information of the sample surface. SEM microscopes do not 

require imaging lenses, but form the image by detecting the selected signal point by point along the 

scanned beam. 

 

Figure 2-9: schematic diagram of the core components of an SEM microscope. The electrons are emitted from the 

electron source and accelerated by the anode. After being focused by the condenser and objective lens, the electron 

beam is scanned across the sample. Three typical detectors types including a secondary electron detector, X-ray 

detector and backscattered electron detector are displayed, adopted from reference [234].  

The spatial resolution of state-of-art scanning electron microscope can reach below 1 nm. The 

magnification has a wide range and the field of view for observation can be adjusted from the nm to mm 

range depending on the requirements. The secondary electron detection helps creating an image showing 

the 3D morphology of samples that is dominated by the surface roughness. This is because the detected 

secondary electrons come from a thin region below the specimen surface. Another imaging mechanism 

based on the detection of backscattered electrons is more sensitive to the chemical composition of 

specimens due to the fact that heavier atoms scatter electrons stronger than light atoms.  

2.4.2. Focus ion beam 

A FIB instrument is similar to a SEM, but uses an ion beam (typically Ga+) and electrostatic lenses in 

addition to the electromagnetic lenses. In a standard FIB, a liquid metal is used as ion source. The heated 
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liquid metal wets a tungsten needle and when a strong electric field is applied, this results in the formation 

of a Taylor cone and emission of positively charged ions from the cone.[235] The focused ion beam can 

directly modify the specimen surface by sputtering due to the high mass of Ga+ ions. By carefully 

controlling the energy and intensity of the ion beam, one can perform precise nanomachining that can be 

used to remove unwanted material or more often to fabricate special microsized structures. In addition, 

if supplemented by chemical vapor deposition, ion beams can be used to deposit various materials with 

a precision close to FIB milling. When a small amount of a selected precursor gas is injected close to the 

specimen surface and exposed to the electron or ion beam, the gas is decomposed by the beam and the 

non-volatile products will be deposited on the surface of the specimen while the volatile products will be 

extracted by the vacuum system, as illustrated in Figure 2-10. 

 

Figure 2-10: schematic process of FIB deposition, adopt from[236] 

In a dual beam system, an electron and ion beam intersect at the coincidence point at the sample 

surface at an angle of 52°, and a high-resolution SEM image of the FIB milled surface can thus be formed. 

These systems combine the advantages of SEM and FIB, i.e. the complementary functions for imaging and 

nanofabrication. Figure 2-11 presents the typical process of preparing and lifting out a FIB lamella from a 

selected specimen area. First, the area of interest is identified by SEM. Then, Pt is deposited as protective 

layer on the sample surface. A TEM lamella can be obtained by milling two trenches on both sides of the 

sample and afterwards an initial relatively thick lamella is cut off from the bulk sample. The lift out is 

performed using a pieozo controlled nanomanipulator and the thick lamella is mounted on a TEM grid 

with a special finger design.  Further thinning is necessary to obtain a TEM suitable lamella, which is done 

by using a low current ion beam in order to avoid surface damage. Finally, a cleaning step at low 

acceleration voltage is added in order to minimize the thickness of the embedded Ga ion and damage 

layer on both sides of the specimen surface. 
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Figure 2-11: step by step procedures of TEM lamella lifting out: the desired particle was found in the SEM mode 

(shown in the top left image); Pt was deposited on the sample surface to protect the sample (top center image); two 

trenches were milled to remove the connection between the particle and the substrate (top right image); An Omniprobe 

was used to lifted out a thick lamella (bottom left image); the lamella was mounted on a TEM grid (bottom center 

image); the ion beam was used to thin the lamella (bottom right image) 

2.4.3. TEM components and lens system 

Figure 2-12 shows the overall optical setup of a TEM with the different components including an 

electron gun, condenser lenses, objective lens and projection lens system. An electron beam is emitted 

from the electron source and roughly shaped by the electron gun lens. The gun produces an image of the 

source emitting the electrons from the surface. In modern TEMs, the condenser system consisting of three 

electromagnetic lenses and apertures is used to tune the beam characteristics such as desirable intensity 

and convergence angle. The spot size is controlled by the strength of the C1 lens and its aperture. By 

strengthening the C1 lens an increasing part of electron beam will be blocked by the aperture and only 

the central more coherent part passes. Thus, a smaller probe will be obtained. The desired convergence 

angle is obtained by the combination of the C2 and C3 lens and their apertures. A mini condenser lens 

positioned below the C3 lens and above the objective lens is used for rapid switching between TEM and 

STEM mode. The objective lens is split into two parts, the upper and lower objective lens. In STEM mode, 

a convergent beam and, in TEM mode a parallel beam is formed by the upper objective lens to illuminate 

the specimen. An objective aperture positioned above the lower objective lens can be used to block 

certain parts of the transmitted beam to create contrast for bright field TEM imaging. The image formed 

in the image plane or the diffraction pattern formed in the back focal plane of the lower objective 
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lens are further magnified by the intermediate and the projection lenses to be projected on the camera 

as explained below.   

 

Figure 2-12: a) schematic representation of a TEM microscope including the main lens systems and apertures, adopted 

from[237]; b) schematic of the beam path diagram in a conventional bright-field TEM mode, adopted from[238]. 

2.5. Operating modes in TEM  

In TEM imaging mode, the upper objective lens form a parallel beam illuminating the area of interest 

of the sample. As shown in the Figure 2-13, after exiting the specimen the scattered rays with the same 

propagation direction are focused at the same point in the back focal plane of the objective lens creating 

a diffraction pattern of the illuminated region. All rays emanating from one point in the specimen plane 

are brought to a point in the image plane of the objective lens, thereby forming a conjugate image of the 

illuminated area using the electrons passing the objective aperture. The objective aperture located in the 

back focal plane of the objective lens is used to enhance the image contrast by excluding high-angle 

scattered electrons. Following, the image is magnified and projected on the view screen by the projection 

system. The progress is shown in Figure 2-13-left. Diffraction mode can be activated by changing the 

strength of the intermediate lens. In diffraction mode, the focal length of the intermediate lens will be 

adjusted so to image the back focal plane of the objective lens onto the image plane of the projection lens 

and this will be further magnified and projected on the viewing screen by the projection lens system. In 

diffraction mode, a selected area aperture, which is placed in the image plane of the objective lens is used 

for selecting a specific region on the specimen. As the image plane is conjugated with the specimen plane, 

the insertion of the selected area aperture only allows the passage of electrons originating from the region 

of interest.  
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Figure 2-13: two basic operations modes of a TEM: image mode and diffraction mode, adopted from[239]. 

2.5.1. Bright field and dark field TEM  

In imaging mode, both bright-field (BF) images as well as dark-field (DF) images can be acquired. The 

BF image originates from mass-thickness contrast and diffraction contrast. Mass-thickness contrast is a 

type of the amplitude contrast and usually dominates at low and intermediate magnification imaging of 

non-crystalline samples. Due to the characteristic of the electron-matter integration, higher Z or thicker 

areas scatter electrons more strongly. Therefore, the direct beam intensity will be reduced and those 

areas appear darker in a BF image. As shown in Figure 2-14a, in BF-TEM, the direct beam selected by the 

objective aperture is used to form the image that will be projected on the viewing screen after 

magnification by a series of projector lenses. Therefore, in the BF image the areas with lower Z elements 

and thinner thickness will show higher brightness as the objective aperture blocks the higher angle 

scattered electrons. Diffraction contrast is another type of amplitude contrast, which typically dominates 

the image contrast in crystalline materials. When a crystalline sample is irradiated by an electron beam 

and some crystal planes in the sample fulfill the Bragg condition, diffraction will occur and thus reduce 

the intensity of the primary beam. When the transmitted beam is imaged (the objective lens aperture is 

used to cover the transmission beam in the back focal plane of the objective lens to block all diffraction 

beam as shown in Figure 2-12a), the intensity of the areas containing crystal planes that fulfilled the Bragg 
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condition is reduced on the viewing screen. In DF mode, the primary beam is tilted so that one diffracted 

beam is centered in the objective aperture as shown in Figure 2-14b. A DF image is formed and projected 

on the view screen after the intermediate lens system. In a DF image, only the parts of crystals where the 

chosen diffracted beams are excited will show a high intensity. 

 

Figure 2-14: ray diagrams of the objective lens and objective aperture: a) BF image forming; b) DF imaging forming, 

adopted from[225].  

2.6. HRTEM imaging 

In HRTEM mode, the incident beam exiting the specimen will interfere with the different diffracted 

beams to form an interference pattern containing structural information of the specimen. The resolvable 

details of the image depend on the phase change caused by the incident wave scattered by the sample, 

the spherical aberration of the objective lens and the selection of additional phase difference caused by 

the defocus.[225] When a uniform incident beam passes through the specimen, a modulation of the 

incident wave is caused by the interaction with the potential of the specimen. The outgoing wave at the 

exit plane of the specimen can be described using following equation:  

𝜓(𝑟) = 𝐴(𝑟)𝑒𝑖𝜎𝑉𝑝(𝑟)𝑡 2-5 

where 𝐴(𝑟) is the amplitude, σ is an interaction parameter, 𝑉𝑝 is the projected potential, and t is the 

thickness of the sample. For very thin specimens an approximation is that no absorption occurs, 𝐴(𝑟) is 

constant, which is called as ‘phase object approximation’. With this the wave function can be rewritten 

as: 

𝜓(𝑟) = 𝑒𝑖𝜎𝑉𝑝(𝑟)𝑡  2-6 
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If the thickness of the specimen is limited and the interaction parameter small enough, the 

exponential term is much smaller than 1. Equation 2-6 can then be approximated using only the first order 

term of the Tayler expansion of the exponential function:  

𝜓(𝑟) = 𝑒𝑖𝜎𝑉𝑝(𝑟)𝑡 ≈ 1 − 𝑖𝜎𝑉𝑝(𝑟)𝑡  2-7 

Equation 2-7 is called the ‘week-phase object approximation’.  

To understand how this exit wave is imaged by the microscope, the transfer by the optical system 

has to be considered. The lenses introduce aberrations, which modify the phase and can be described 

using a convolution of the exit wave with the transfer function describing the lens aberrations in real 

space , as shown in equation 2-8. 

𝜓𝑖𝑚𝑎𝑔𝑒(𝑟) = 𝜓(𝑟) ⊗ 𝑇(𝑟)  2-8 

where T(r) is an aberration function of the general form 𝑒−𝑖𝜒(𝑟), ignoring the aperture function. 

Combining equation 2-7 with 2-8, the wave function in the image plane can be calculated: 

𝜓𝑖𝑚𝑎𝑔𝑒(𝑟) = [1 − 𝑖𝜎𝑉𝑝(𝑟)𝑡 ] ⊗ 𝑒−𝑖𝜒(𝑟) = [1 − 𝑖𝜎𝑉𝑝(𝑟)𝑡 ] ⊗ [𝑐𝑜𝑠𝜒(𝑟) − 𝑖𝑠𝑖𝑛𝜒(𝑟)]  2-9 

The image intensity is the wave function multiplied by its complex conjugate and can be expressed as: 

𝐼(𝑟) = 𝜓𝑖𝑚𝑎𝑔𝑒(𝑟) ∗ 𝜓𝑖𝑚𝑎𝑔𝑒
∗ (𝑟) = 1 + 2𝜎𝑉𝑝(𝑟)𝑡 ⊗ 𝑠𝑖𝑛𝜒(𝑟) + |2𝜎𝑉𝑝(𝑟)𝑡 ⊗ 𝑒−𝑖𝜒(𝑟)|2  2-10 

In the weak-phase object approximation, 𝜎𝑉𝑝(𝑟)𝑡 is much smaller than 1 and thus the squared term in 

equation 2-10 is much smaller than the linear term. The leads to the linear imaging approximation, where 

the squared term is neglected.  

𝐼(𝑟) = 𝜓𝑖𝑚𝑎𝑔𝑒(𝑟) ∗ 𝜓𝑖𝑚𝑎𝑔𝑒
∗ (𝑟) = 1 + 2𝜎𝑉𝑝(𝑟)𝑡 ⊗ 𝑠𝑖𝑛𝜒(𝑟)  2-11 

In Fourier space, equation 2-11 can be represented as: 

𝐼(𝑔) = 𝛿(𝑔) + 2𝜎𝑉𝑝(𝑔)𝑡 ∗ 𝑠𝑖𝑛𝜒(𝑔)  2-12 

Where 𝑉𝑝(𝑔) is Fourier transform of 𝑉𝑝(𝑟), 𝜒(𝑔) is description of the aberrations in Fourier space. If 

only the spherical aberration Cs and defocus Δf are considered, 𝜒(𝑔) can be described using following 

equation: 

𝜒(𝑔) = 𝜋𝐶𝑠𝜆3 𝑔4

2
+ 𝜋𝜆𝛥𝑓𝑔2  2-13 

In equation 2-13, the first term presents the effect of the spherical aberration caused by the 

inhomogeneous magnetic field of a round electromagnetic lens. The electrons passing through the center 

of the lens and those passing further away from the optical axis are focused into a disk of a finite size 



    

47 

 

instead of a point. The second term in equation 2-13 describes the effect of defocus, which is leading to 

the formation of a disk in the image plane.  

From the equation 2-12 and 2-13, we know that the image intensity represents the exit wave 

modulated by the phase shift 𝑠𝑖𝑛𝜒(𝑔)  due to spherical aberration and defocus (𝛥𝑓). The term 𝑠𝑖𝑛𝜒(𝑔) 

is referred to as contrast transfer function (Figure 2-15a). In a TEM the Cs of a classical lens is fixed, but 

the focus can be change and thus the frequency of the CTF. Figure 2-15b shows two CTF curves at different 

focus for a Tecnai F30 (high tension 300 kV, Cs 0.6 mm), together with the lattice distances for gold. The 

CTF has different signs at the (111) and (200) at different focus meaning that these planes will appear 

bright or dark in the final image at these two focus setting. The oscillation (negative or positive) in the CTF 

results in difficulties in interpreting HRTEM images. To avoid this ambiguity, the CTF should be constant 

or at least have the same sign over a wide range of spatial frequencies, which can be achieved with a 

particular defocus value, known as ‘Scherzer focus’ (𝛥𝑓𝑠𝑐ℎ). 

𝛥𝑓𝑠𝑐ℎ = −1.2(𝐶𝑠𝜆)1/2  2-14 

At the ‘Scherzer focus’, the point resolution (marked in Figure 2-15a) is defined as the first zero 

transition of the CTF. The information in the HRTEM images can be directly interpretable until the point 

resolution.   

In addition, the oscillations of the contrast transfer function are damped by the coherence of the 

electrons and various instabilities, as shown in Figure 2-15a. The limited temporal coherence (Et) is due to 

the energy spread of the electrons. Electrons with different energy will be focused at different heights 

resulting in a focus spread in the image plane. The limited spatial coherence (Es) is caused by the size and 

angular spread of the electron source that leads to a slight phase shift of the illuminating wave. 

Mathematically, both act as a envelop function to the CTF, dampening the oscillation at high spatial 

frequency region, where the CTF varies rapidly. The so called ‘information limit’ refers to the envelope 

function falling off to 1/e2 (~13.5%), resulting in an image contrast considered too weak to transfer 

significant image information.  
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Figure 2-15: a) CTF of a microscope at Scherzer defocus with coherence envelop functions, adopted from 

reference[240]; b) contains two CFT at different focus of Tecnai F30 under the situation high tension of 300 kV and 

Cs of 0.6 mm, the red lines present the planes of fcc Au crystal, adopted from reference[241]. 

2.7. Scanning transmission electron microscopy 

In addition to the conventional BF/DF and HRTEM imaging modes in TEM, most modern microscopes 

also allow imaging in STEM. The two operation modes, TEM and STEM, can be differentiated by the way 

the image is generated. In TEM mode a stationary almost parallel electron beam continuously illuminates 

the viewing area, whereas in STEM a (typically highly convergent) beam with a small probe size is scanned 

across the viewing area. A schematic of the beam convergence differences is show in Figure 2-16. In STEM 

the beam position is controlled by the scanning coils, which allows for a pixel-by-pixel scanning of the area 

of interest, illuminating the specimen at each scan point and collecting the scattered beam with the help 

of various (conventionally annular) detectors.   
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Figure 2-16: a) ray diagram of the beam path of CTEM mode; b) ray diagram of the beam path of STEM mode, 

adopted from[242]. 

In TEM mode, the resolution is limited by the objective lens aberrations as we discussed in the last 

section. In STEM mode, the resolution is controlled by the size of the scanning probe, which is determined 

by the aberrations of the probe forming system and the convergence angle (tuned by the combination of 

the condenser and upper objective lenses). In addition, a defocus directly leads to a beam not perfectly 

focused on the sample and generates a disk instead of a point, which can be tuned by looking at the 

sharpness of the image or the Ronchigramm, which will be explained later. For a hypothetical aberration 

free lens, the probe size is diffraction limited as described by Rayleigh criterion (equation 2-15).  

𝑑 = 0.61𝜆/ 𝑠𝑖𝑛 𝛼  2-15 

where d is the probe size, 𝜆 is wavelength, and 𝛼 presents the convergence angle. However, in a real lens, 

spherical aberration has to be considered, which dramatically increases the probe size with a relationship 

proportional to the third power of convergence angle, as well as higher order aberrations. In addition, a 

large convergence angle will also increase chromatic aberration effects for the probe. Therefore, in an 

uncorrected STEM microscopes a trade-off between the convergence angle and the spherical aberration 

has to be made by selecting the right probe forming aperture. This is illustrated in Figure 2-17, which 

presents the influence of the size of condenser aperture and thus of the convergence angle, on the size 

and the intensity profile of the STEM probe. In practice, only considering the effect of Cs and convergence 

angle the best resolution can be achieved using following equation: 

𝛼𝑜𝑝𝑡 = 1.41(𝜆/𝐶𝑠)1/4  2-16 

where 𝛼𝑜𝑝𝑡 is the convergence angle for a given spherical aberration. By combing equation 2-15 and 2-16 

the resolution in STEM can be determined: 

𝑑 = 0.43𝜆3/4𝐶𝑠1/4  2-17 

Ignoring higher order aberrations, equation 2-17 means that the optimum resolution (d) is limited by the 

spherical aberration (Cs) for a given wavelength. 
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Figure 2-17: influence of convergence angle to the probe shape and brightness, adopted from reference[243]. 

In STEM mode, bright field (BF) and annular dark field (ADF) detectors, are most commonly used for 

imaging, and are mounted underneath the specimen to collect the electrons at different scattering angles. 

Figure 2-18 schematically presents the position of the three most commonly used integrating detectors 

in STEM mode. STEM-BF images formed by the BF detector are similar to BF-TEM images. At higher 

collection angles, the electrons collected by ADF detectors are dominated by electron diffraction, resulting 

in similarly complex contrast mechanism for STEM-ADF images as in DF-TEM. A high angle annular dark 

field (HAADF) detector is used to collect signals at even higher scattering angles (θ>50 mrads) (Figure 2-

18), which is dominated by Rutherford and thermally diffuse scattering. The HAADF signal is considered 

to be incoherent for sufficiently large inner collection angles (about 3 times the convergence angle). The 

ADF image intensity can be approximated as[244]:  

𝐼𝐴𝐷𝐹(𝑅𝑜) = |𝑃(𝑅𝑜)|2 ⊗ 𝑂(𝑅𝑜)  2-18 

where 𝑅𝑜 is the probe position, 𝑃(𝑅𝑜) is the probe function and 𝑂(𝑅𝑜) is the object function. Equation 2-

18 means the ADF image intensity (I𝐴𝐷𝐹(𝑅𝑜)) is the object function (𝑂(𝑅𝑜)) convoluted by the intensity 

of the illuminating probe (|𝑃(𝑅𝑜)|2), which describes incoherent imaging.  

During the electron-matter interaction, high Z elements are more likely to scatter the incident 

electrons to larger angles. The differential cross section for high-angle scattering can be expressed by 

equation 2-19.  

 𝛿𝑅(𝜃) =
𝑒4𝑍2

16(4𝜋𝜀0𝐸0)2

𝑑𝛺

𝑠𝑖𝑛4𝜃

2

 2-19 

where e is the charge of an electron, Z presents the element number, E0 is the incident beam energy, ε0 is 

the vacuum permittivity, Ω is the total solid angle of scattering and θ is the angle of scattering. In reality, 

the nucleus is partially shielded by the electrons leading to a scattering probability proportional to Z1.6 - 

Z2.[245] Therefore, the images generated using a HAADF detector show higher intensity for high Z 
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elements. The intensity in STEM-HAADF is also affected by the thickness of the specimen as the total 

scattering probability increases with increasing specimen thickness.  

 

Figure 2-18: diagram of the angular arrangement of the three most used detectors in STEM, adopted from[246]. 

In addition to imaging, the combination of STEM with analytical techniques such as EDX and EELS 

provides analytical information about the specimen with high spatial resolution. More recently, 4D-STEM, 

where the complete 2D diffraction pattern is recorded for every pixel in a 2D real space map, was 

developed and is now widely used to obtain virtual STEM images and to study crystal orientations, phase 

and strain in large areas of a given specimen.[247] Pixelated direct electron detectors with 

complementary metal oxide semiconductor (CMOS) technology, which have a very high frame rate, are 

commonly used for collecting the diffraction patterns. By applying different processing of the 4D data set, 

virtual STEM images with customized detection angles can be generated at any time post-acquisition[246]. 

Therefore, this virtual STEM imaging is not limited by the shape and the number of the detectors, which 

are fixed during conventional STEM imaging. When 4D-STEM is used to study the crystallographic 

orientation or phase information, orientation or phase maps are produced by indexing the diffraction 

patterns of each scanned point. An almost parallel beam, that forms much smaller diffraction spots 

compared with a highly convergent beam, is selected for obtaining better resolution in the reciprocal 

space. However, this will generate a larger probe size and thus sacrifice the resolution in real space. 

Therefore, in 4D-STEM data acquisition a compromise needs to be achieved between the spatial 

resolution and the diffraction resolution.   

2.8. High order aberrations and aberration correction in (S)TEM 

Form the last two sections, we can see that spherical aberration and defocus significantly affect the 

resolution in both TEM and STEM mode. However, other aberrations introduce additional phase shifts 

and thus affect the experimental resolution. Two-fold astigmatism and coma are the two most important 

aberrations. Astigmatism is caused by an inhomogeneous magnetic field of the lens resulting in a different 
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focal strength in different directions. The two-folder astigmatism can be easily corrected by stigmators 

that can induce fields to counter these inhomogeneity. Coma as one aberration appears when the 

electron beam is tilted away from the optic axis of the objective lens. It results in an additional inverse 

phase shift for +g to –g reflections. It can be corrected by tilting the beam to be parallel to the optical axis 

of the objective lens.[248] 

In addition, high order aberrations with higher rotational symmetry, such as higher order spherical 

aberrations, astigmatism and coma as well as star aberration, need to be considered for sub-Angstrom 

resolution in modern TEMs as they induce a phase shift at high spatial frequencies. Following the common 

notation, ordering the aberrations in terms of scattering angle ω=𝜆g and its complex conjugate ω, the 

aberration wave function 𝛘(g) can written as[249]: 

𝜒(𝜔) = 𝑅𝑒{
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According to the nomenclature introduced by CEOS, 𝐶1, 𝐴1, 𝐵2, 𝐴2, 𝐶3, 𝑆3, 𝐴3, 𝐵4, 𝐷4, 𝐴4, 𝐶5 and 𝐴5 

present the residual aberration coefficients due to defocus, two-fold astigmatism, axial coma, three-fold 

astigmatism, spherical aberration, star aberration, four-fold astigmatism, fourth-order axial coma, three 

lobe aberration, five-fold astigmatism, five-order spherical aberration, six-fold astigmatism. The effect of 

the aberrations can be understood by representing the phase changes introduced by them as phase plates 

(Figure 2-19).  

 

Figure 2-19: table of axial aberrations visualized as phase plates, modified from reference[250]. 

When high resolution in real space images is desired, the information contained at high scattering 

angles needs to be transferred. Considering equation 2-20, with increasing power of ω, the higher order 

aberrations become increasingly dominant for the phase shift introduced by the aberrations. To achieve 
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the sub-angstrom resolution, aberration correctors are used to compensate both low- and high-order 

aberrations using a complex combination of non-round lenses. The corrector consists of non-round optics 

such as hexapoles and/or octupoles, to induce negative spherical aberration to compensate the positive 

aberrations of the round objective lens (for TEM) or the probe forming lenses (for STEM). In practice, the 

correction is implemented using a Zemlin Tableau that makes use of a series of diffractograms at different 

beam tilts. During tilting, the apparent astigmatism and defocus changes, from which the different 

aberrations can be calculated. Correctors can dramatically improve the point resolution of TEMs and allow 

the CTF to exhibit the same sign over a wide range of spatial frequencies (Figure 2-20a). Thus, Cs corrected 

microscopes help in the more intuitive analysis of the HRTEM image contrast. For STEM, figure 2-20b 

shows that the probe size and the intensity profile of the probe are significantly improved using probe 

aberration correctors, meaning that much higher resolution and probe current can be obtained.   

 

Figure 2-20: a) CFTs and the envelop functions from the Cs corrected and uncorrected TEM, red dot and green solid 

line present the envelop function and CTF of corrected system, the pink dash line and blue dot-dash line are the 

envelop function and CTF with Cs aberration, adopted from reference[251]; b) comparison of the probe size and 

intensity between the uncorrected and corrected STEM, adopted from reference[241]. 

2.9. Spectroscopic techniques  

As presented in section 2.2., the interaction of the primary electrons with matter gives rise to a 

multitude of signals that can be used for imaging and analytical TEM techniques. The following section 

will deal with the fundamentals and some practical aspects of the two most important analytical 

techniques in TEM, e.g. energy-dispersive X-ray spectroscopy and electron energy loss spectroscopy.  

2.9.1. Energy-dispersive X-ray spectroscopy 

Figure 2-21 schematically shows the classical geometry of an EDX detector in a TEM column. The 

detector is mounted between the upper and lower objective pole pieces to collect the X-ray signal with a 

solid angle Ω, which is related to the active area of the detector and the distance of the detector to the 

emitting surface.[252] After the interaction of the primary electrons with the specimen, X-rays will be 
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emitted in all directions. Compared with the full solid angle of characteristic X-ray generation, the desired 

solid angle of Ω of the detector is only covering a small fraction. By increasing the number of detectors, 

shortening the detector-specimen distance and optimizing the geometry of detector system, the 

efficiency of EDX detectors in modern TEMs has been enhanced dramatically, but there is still room for 

improvement.[253]  

 

Figure 2-21: schematic representation of a conventional geometry of a single X-ray detector positioning in the TEM 

column, adopted from[225]. 

The most common X-ray detectors are based on lithium drifted silicon (Si(Li)) technology, and more 

recently an improved technology based on silicon drift detectors (SDD) have been implemented. Figure 

2-22 shows a cross section of a Si(Li) detector. When a X-ray hits the detector, many electron-hole pairs 

will be generated in the silicon crystal of the detector. An electrical bias applied across the detector will 

separate the electron-hole pairs: the electrons are attracted in one direction and the holes moved in the 

opposite direction, which will generate an electrical pulse. The charge pulse is converged to a voltage 

pulse and amplified by a field-effect transistor. Higher X-ray energies gives rise to more electron-hole pairs 

and thus result in a stronger signal. This signal is converted to the X-ray energy and plotted as EDX 

spectrum with the energy as one axis and the number of counts on the other axis. In EDX spectra, each 

element gives rise to specific peaks while a continuum background is due to the Bremsstrahlung. EDX 

detectors require cooling to reduce the thermal excitation that leads to high background noise. Moreover, 

the lower temperatures will also reduce the diffusion of lithium inside the Si crystal that occurs when the 

voltage is applied.  
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Figure 2-22: cross section of a Si(Li) detector, adopted from reference[225]. 

In practice, artifacts are present in the spectra, which can be divided into signal-detection artifacts 

and signal-processing artifacts. The ‘internal fluorescence peak’ and ‘escape peak’ are two types of signal-

detection artifacts, which appear in the spectra due to the interaction between the incoming X-rays and 

the detector itself. The ‘internal fluorescence peak’ is a characteristic peak from Si (in Si containing EDX 

detectors). The ‘escape peak’ is the counterpart occurring when high-energy x-ray photons are exciting 

the Si-K X-rays. The associated energy loss results in a new peak in the X-ray spectrum with an energy 

equal to the elemental characteristic X-ray minus Si-K edge energy. Fortunately, they are efficiently 

reduced in the modern SDD detectors. One typical signal-processing artifact is ‘sum peak’, which is caused 

by more than one X-ray hitting the detector within the processing time and are thus counted as a single 

signal. In addition, characteristic X-ray signals can be generated from the objective lens pole pieces, 

sample grid and the specimen holder itself as well, because of interactions with secondary electrons and 

X-rays. A collimator is assembled in front of the detector to shield it against the entry of undesired 

parasitic X-rays as shown in Figure 2-21. When the EDX is used for a qualitative analysis, these artifacts 

need to be considered.  

Besides qualitative elemental identification, EDX can also be used as a quantitative technique after 

the continuum Bremsstrahlung background in the spectra has been properly subtracted. This is because 

the intensity of each of the characteristic lines of an element is proportional to the elemental 

concentration in the illuminated volume. However, the detector efficiency for the detection at different 

energies, the elemental characteristics, and the density and thickness of the specimen need to be consider. 

To quantify an EDX spectrum, so called K factors are used as correction parameters, which depend on the 

atomic number, absorption and fluorescence of X-rays within the specimen and the detector 
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characteristics. The K factors can be determined by measuring the intensity ratio in a standard sample 

with known elemental ratio. In practice, the K factor calculation is embedded in the processing software 

used for EDX quantitation. Based on the Cliff-Lorimer equation, for two given elements (A and B) the 

concentration ratio (CA/CB) can be measured based on the intensity ratio (IA/IB) in the spectrum. It can be 

expressed as C𝐴/𝐶𝐵 = 𝐾𝐴𝐵 ∗ I𝐴/𝐼𝐵 , where KAB are the K factor (or Cliff-Lorimer factor) between the 

elements A and B.  

2.9.2. Electron energy loss spectroscopy 

As previously described, the energy lost by the primary electron beam during inelastic interaction 

with the sample, can be used in electron energy loss spectroscopy to characterize the chemistry of 

materials complementing EDX analysis. EELS is especially powerful for identifying low Z elements and has 

a much higher energy resolution. In addition to the chemical composition, the higher energy resolution in 

EELS enables to get additional information on the specimen, such as bonding/valence state, nearest-

neighbor atomic structure, dielectric response, free-electron density, band gap and specimen thickness.   

Figure 2-23 shows a schematic of a Gatan Image Filter (GIF) spectrometer. The transmitted electron 

beam, including the inelastically and elastically scattered electrons and the direct beam is selected by an 

entrance aperture. Due to the different energy of the scattered electrons, they are dispersed to different 

positions in the dispersion plane after the magnetic prism. With increasing energy loss, the electrons will 

be deflected more strongly due to the Lorentz force of the magnetic prism. In spectrum mode, the specific 

energy loss spectra from the illuminated area of the specimen will be shown, which integrates the signals 

with different energy loss perpendicular to the energy plane. The spectrometer is also equipped with an 

energy slit after the magnetic prism, selecting the electrons with desired energy loss. The electrons 

passing through the energy slit and a complex lens system can be used to form an energy filtered TEM 

(EFTEM) image.  
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Figure 2-23: schematic image of the Gatan image filter (GIF). This spectrometer is mounted at the bottom of the 

microscope column, beneath the views screen, adopted from reference[254]. 

The collection angle β is the most important parameter for EELS, which affects the collection 

efficiency, the signal to noise ratio and the elemental quantification.[225] Larger collection angles enable 

gathering of more scattered electrons, but with a trade-off in energy resolution of the spectra. In practice, 

it is recommended that the EELS collection angle should be set to 3 times of characteristic scattering angle 

(θE) for an optimal signal to background ratio.[255] θE can be calculated by: 

𝜃𝐸 =
𝐸𝑒𝑑𝑔𝑒

2𝐸0
  2-21 

where the Eedge and E0 are the energy loss at the specific edge and the primary beam energy. As shown in 

the Figure 2-24a, in diffraction mode, the size of the entrance aperture is the final element controlling the 

collection angle, with larger apertures resulting in larger collection angles. However, in TEM image mode, 

a magnified image of the specimen is present at the GIF entrance plane, and the angular distribution of 

the electrons is controlled by the objective aperture in the back-focal plane of the objective lens. 

Therefore, the spectrometer aperture does not limit the collection angle, which can be calculated by the 

specific value of the maximum radius (r0) of the DP in the back focal plane and the camera length L as 

shown in Figure 2-24b.  
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Figure 2-24: diagrams illustrating the factors influencing the collection angle (β) in EELS. a) S/TEM diffraction mode 

where, for a fixed camera length β is given by the spectrometer entrance aperture; b) TEM mode where β is 

independent of the entrance aperture and controlled by the objective lens, adopted from[225]. 

After the dispersion of the electron beam by the magnetic prism based on the energy loss, an EELS 

spectrum is obtained where the energy is plotted along the x-axis (energy loss axis) and the intensity is 

plotted on the y-axis (Figure 2-25). Based on the different processes leading to the energy loss, EELS 

spectra can be divided into a low energy loss and a high energy loss region. The low loss region that 

generally extends up to 50 eV contains the zero loss peak (elastically scattered electrons), the valence loss 

and plasmon peaks. As can be seen in Figure 2-25, the intensity of the high energy loss region generated 

by the core losses, is much lower than in the low energy loss region, meaning that the vast majority of the 

electron-matter interaction is represented by phenomena represented in the low energy loss region. 

A simple but important practical application of the low energy loss region is thickness determination, 

which can be done using:  

𝑡 = 𝜆 𝑙𝑛
𝐼𝑡

𝐼0
  2-22 

where t the specimen thickness, It is total EELS intensity, I0 is intensity of zero loss, 𝜆 is average inelastic 

mean free path of the primary electrons. Based on many experimental measurements, Malis et al. have 

given an empirical equation for the mean inelastic mean free path[256]: 

𝜆 =
106𝐹(𝐸0/𝐸𝑚)

𝑙𝑛 (2𝛽𝐸0/𝐸𝑚)
  2-23 

where 𝜆 is in nm, F a relativistic correction factor that is described in equation 2-24, E0 is the incident 

electron energy in keV, Em is the average energy loss in eV and equal to 7.6Z0.36, β is collection semi-angle 
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in mrad. Form equation 2-23, we see that the mean free path 𝜆 increases with incident electron energy 

and decreasing average atomic number.  However, orientation and channeling effects are not considered 

in equation 2-23, which affect the mean free path and thus the thickness calculation as well. The simplest 

way to avoid it is to operate under kinematical conditions and stay away from the Bragg condition. 

𝐹 =
1+𝐸0/1022

(1+𝐸0/511)2
  2-24 

The high loss region is the result of the excitations of electrons in a core shell of an atom to an 

unoccupied states or to the continuum. When the incident electron interacts with a core shell electron 

and excites it to an unfilled empty state, a specific energy Eedge, the difference between the two states, 

will be transferred to the bound electron. It is also possible to ionize an atom by transferring a higher 

energy than Eedge. However, the ionization cross section decreases with increasing energy above Eedge. As 

a result, the core loss electrons have an energy distribution that ideally shows a sharp rise to a maximum 

at Eedge followed by a slow decrease in intensity toward the background. However, some oscillations occur 

after the ionization edge in an EELS spectrum. The oscillations occurring within about 30-50 eV after Eedge 

is termed as energy-loss near edge structure (ELNES ) and the weaker oscillations extending out of several 

hundred eV after ELNES is termed as extended energy-loss fine structure (EXELFS), which present the 

bonding information and the nearest atom coordination information as discussed previously for X-rays in 

section X.XX. 

 

Figure 2-25: typical EELS spectrum of a NiO thin specimen. The energy loss range is from -15 eV to 1000 eV and 

the intensity is multiplied by 100 times after 200eV, adopted from reference[227]. 

Based on Fermi's golden rule for the electric dipole transition probability and the density of states, 

the probability of an electron to be excited to an empty state is not uniform.[257] The oscillations in the 

ELNES reflect the density of available states (modulated by the dipole selection rules) of an element above 

the Fermi level. The density of states is highly sensitive to the type of bonding as well as the charge state. 
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Therefore, details in ELNES can offer information on chemical bonding and oxidation state of the elements. 

For most transition metals, the intense near-edge structure of the L-edges (named white lines) 

corresponding to an electron transition from 2p to 3d can be clearly observed.[258] The L3/L2 peak ratio 

or their energy loss position reflect the state of the outer-shell electrons and are very useful for valence 

analysis. If a much higher energy than Eedge is transferred to an electron in the filled states, the electron 

will escape and act like a free electron. The excess energy can be regarded as an electron wave, which can 

be diffracted by the atoms in the structure around the original ionization site, thus contains structural 

information. This type of weak oscillations in EELS spectra is studied by EXELFS. 

In addition to the above mentioned information, EELS is a powerful tool for elemental quantification. 

After background removal and plural scattering deconvolution, the edge intensity above the background 

Iedge can be obtained from the integration of the spectrum over a certain energy range. By assuming that 

the electrons contributing to the edge have only undergone a single ionization event, the number of the 

atoms in per unit area in a specimen can be calculated by: 

𝑁 =
𝐼𝑒𝑑𝑔𝑒(𝛽,𝛥)

𝜎𝑒𝑑𝑔𝑒(𝛽,𝛥)𝐼𝑡
  2-25 

where 𝐼𝑒𝑑𝑔𝑒(𝛽, 𝛥) is the integral edge intensity without plural scattering over an energy window Δ 

with an effective collection angle β, 𝜎𝑒𝑑𝑔𝑒(𝛽, 𝛥) is the partial inelastic scattering cross-section meaning 

the probability for an individual ionization process that can be obtained by either theoretical calculations 

or comparing experimental spectra with known standards. Two computer programs, SIGMAK and SIGMAL, 

are embedded in Gatan software to theoretically model the K and L shell partial cross sections[225,227] 

𝐼𝑡 is the total transmitted intensity. The ratio between different atoms (A and B) can be calculated by 

equation 2-26. 

𝑁𝐴

𝑁𝐵
=

𝐼𝐴(𝛽,𝛥)𝜎𝐵(𝛽,𝛥)

𝐼𝐵(𝛽,𝛥)𝜎𝐴(𝛽,𝛥)
  2-26 

Compared with EDX, EELS has higher signal collection efficiency. In EELS the collection angle is 

normally larger than the characteristic scattering angle, while the EDX detectors can only obtain the X-ray 

from a limited solid angle of the full spherical space. However, EELS has a lower signal to background ratio 

due to the higher plural scattering and has a strict requirement for the sample thickness. The accuracy of 

EELS quantification depends on the background removal, peak shape and plural scattering deconvolution. 

In practice, the two techniques should be chosen based on the specimen condition, such as the type of 

elements contained, their concentration, specimen thickness and the scientific question that need to be 

answered.  
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2.10. Pair distribution function 

Electron diffraction is a common and important approach to study the crystalline structure of 

specimens. By indexing the peaks in a diffraction pattern, considering distances and angles between 

different planes, the crystal structure of specimen can be identified. Amorphous materials are missing 

long-range order making their structural characterization compared to crystalline samples. However, the 

short range order in amorphous materials is characterized by specific bonding distances and bonding 

angles. This short range order information is embedded in electron diffraction patterns and can be used 

for structural analysis. This can be achieved using pair distribution function (PDF) analysis that resolves 

the distribution of distances between pairs of atoms contained within a given volume and is an effective 

way to describe the short range order in a material. An example for a PDF is shown in Figure 2-26a where 

the x-axis represents the atomic distances and the y-axis represents the number of pairs with a specific 

distance. Assuming that the distributions of atomic pairs is isotropic when averaged for a sufficiently large 

volume, the PDF can be represented using a delta function: 

𝑃(𝑟) =  ∑ ∑ 𝛿(𝑟 − 𝑟𝑚𝑛)𝑁
𝑚≠𝑛

𝑁
𝑚    2-27 

where the 𝑟𝑚𝑛 represents the distance between atom m and n and N presents the total number of atoms 

in the illuminated volume. Equation 2-27 describes the PDF, which is counting the cumulative number of 

atomic distances in the sample. With increasing pair distance, the probability of finding atoms increases 

due to the increasing surface, which is causing a continuously increasing background in the PDF (Figure 2-

26b). The intensity of the PDF will fluctuate around this background. After removing the background, the 

resulting function is called reduced PDF. This PDF represents the boding distances and is used characterize 

amorphous materials. The distribution is then defined as [259,260]: 

𝐺(𝑟) =
1

4𝜋𝑟
 [

1

2𝑁
𝑃(𝑟) − 4𝜋𝑟2𝜌] =

1

4𝜋𝑟
 [

1

2𝑁
∑ ∑ 𝛿(𝑟 − 𝑟𝑚𝑛) − 4𝜋𝑟2𝜌]𝑁

𝑚≠𝑛
𝑁
𝑚   2-28 

where ρ is average atomic density in the material and r is set of all possible rmn.  
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Figure 2-26: a) a simple example of PDF in two (up) and three (down) atoms systems; b) PDF (P(r)) and reduced 

PDF (𝐺(𝑟)) in an amorphous structure, modified from reference[261]. 

Experimentally, the PDF can be derived from various of types of measurements including XRD[261], 

SAED[262], XAS[263] and EELS fine structure[225]. Electron diffraction based PDF was used in this thesis. 

Here we explain the process of extracting the PDF from TEM diffraction data. According to the Debye 

formula[264], the diffraction intensity 𝐼(𝑠) can be described as: 

𝐼(𝑠) =  ∑ 𝑓𝑚
𝑁
𝑚 (𝑠)2 + ∑ ∑ 𝑓𝑚

𝑁
𝑚≠𝑛 (𝑠)𝑓𝑛(𝑠)

𝑠𝑖𝑛 (2𝜋𝑠𝑟𝑚𝑛)

2𝜋𝑠𝑟𝑚𝑛

𝑁
𝑚   2-29 

where m and n present all atoms, 𝑠 = 2𝜃/𝜆, θ is scattering semi-angle and 𝜆 the wavelength, 𝑓𝑚(𝑠) 

represent the single atomic scattering intensity of element m, 𝑟𝑚𝑛 is the pair distance between atom n 

and m. The first term in equation 2-29 is called single atomic scattering factor, which gives rise to a steadily 

decreasing background in the SAED profile. The second term represents the scattering contribution of the 

atomic pairs with the corresponding phase factor. This contains the information about the atomic 

distances and produces the oscillations around the background in the SAED profile. Following the 

procedure in reference[264,265], a diffraction profile can be normalized to: 

𝜑(𝑠) =
𝐼(𝑠)−𝑁𝑓(𝑠)2

𝑁𝑓(𝑠)2
𝑠  2-30 

where N is the number of atoms irradiated by the electron beam, f(s) is the average atomic scattering 

factor of all elements contributing to the diffraction pattern. 𝜑(𝑠) is referred to as the structure factor, 

describing the structural information in reciprocal space, which is the inverse sine transform of the PDF. 

Figure 2-27 displays the processes to obtain a PDF from a diffraction pattern. A 1D profile can be acquired 

in radial direction of a 2D diffraction pattern by azimuthal averaging of the intensity. The profile is fitted 

at high diffraction angles to extract the single atomic scattering background using equation 2-30. Multiple 

scattering also needs to be considered as it contributes to the diffraction background without introducing 

additional structural information. It causes oscillations with low spatial frequency. These artifacts 

introduced by multiple scattering can be effectively suppressed by applying a polynomial function 

correction to the structure factor.[266] Finally, the reduced PDF can be obtained by a simple reversed 

Fourier sine transform of the structure factor.   
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Figure 2-27: schematic of the step by step procedure of t extracting the PDF data from a 2D electron diffraction pattern, 

adopted from reference[261]. 
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3. Chemical and microstructural evolution during synthesis of a high 

entropy oxide observed by in-situ gas heating transmission 

electron microscopy 

3.1.  Introduction  

High entropy materials (HEO) are exhibiting promising application prospect in various fields. Among 

this new class of materials, (Mg0.2Co0.2Ni0.2Cu0.2Zn0.2)O HEO has shown outstanding battery performance. 

The synthesis of (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O was first reported by C. Rost et al.[267] In their study, a 

mixture of metal oxides (CoO, CuO, MgO, NiO and ZnO) was demonstrated to transform into a single high 

entropy phase (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O at high temperatures due to the entropy-stabilization of this 

phase, after a transition of ZnO (wurtzite) to ZnO (rocksalt) and CuO (tenorite) to CuO (rocksalt). However, 

the detailed picture of the structural evolution from the constituent oxides to the high entropy phase is 

missing, in particular the reaction sequence of the metal oxides and the presence of any potential 

intermediate phases during high temperature heating in air prior to HEO generation. Moreover, diffusion 

of the different elements leading towards the homogenous phase has not been observed directly to the 

best of knowledge. Understanding the fundamental reaction steps and the microstructural evolution is 

not only helpful for optimizing the synthesis conditions, but also for designing and tuning analogous 

materials. XRD measurements are a powerful and straightforward tool to study the structural evolution. 

However, its lack in spatial resolution is limiting the information, especially in revealing processes due to 

elemental diffusion at the micro- and nano-scale. This chapter investigates the mechanism active during 

HEO formation during heat treatment in air with the help of an in-situ TEM gas heating setup. Moreover, 

in-situ and ex-situ XRD were performed in order to follow the structural evolution. The information 

revealed in this chapter, with a focus on the structural transformation and diffusion of the elements can 

be beneficial for understanding the HEO formation mechanisms and synthesis of analogous materials. 

Meanwhile, the successful application of the environmental TEM method could open new perspectives 

to investigate the microstructural evolution of other important battery materials, such as lithium and 

sodium layered oxide materials. 

3.2. Experimental 

3.2.1. Sample preparation 

CoO, CuO, MgO, NiO and ZnO were mixed in stoichiometric amounts using a planetary ball mill. The 

mixed sample was dried for 1 hour at 120 °C and then used for in-situ heating XRD, calcined in an oven at 

different temperatures for ex-situ XRD and TEM characterization. The dried mixture was press into 2 mm 

thick pellets with a diameter of 10 mm at 1 GPa pressure for 5 minutes. The pressed pellet was transferred 
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into the FIB and TEM suitable thin lamellas were fabricated. The lamellas were transferred to a heating 

MEMS chip adapted for gas experiments inside a closed gas cell (Figure 3-1) and exposed to a gas 

composition of 21% oxygen / 79% argon, resembling the ex-situ synthesizing process of HEOs in air. The 

setups of TEM and XRD used in this chapter have been described in Chapter 2. 

 

Figure 3-1: Low magnification image of a FIB prepared lamella of mixed oxides attached to the heating MEMS chip.  

The sample was cut from a pressed pellet of mixed oxides and the lamella was fixed on the MEMS chip with the help 

of Pt deposition on the sample edges. 

3.3. Results 

The as-prepared FIB lamella was initially analyzed to confirm its composition, structure and the 

presence of all oxide phases. The STEM-EDX map (Figure 3-2a) of the raw mixed materials was acquired 

at 300˚C in order to avoid carbon contamination building up. It reveals that the sample is composed of 

particles with different sizes and morphology tightly pressed together. The initial morphology of each 

oxide can be identified. Zn and Mg oxides have small particle sizes that seem to form a percolated 

continuous network, while CoO consists of a relatively uniform distribution with 1-2 µm sized particles. 

NiO and CuO have a larger particle size that can reach a few micron. It is worth to mention the limited 

statistical relevance of the thinned area as the number of particles is small. Nevertheless, the composite 

map clearly shows a good mixture of the oxides, as all five oxide phases are distributed in an area of 

around 100µm2. The corresponding integrated EDX spectrum from the entire thinned area, in which all 

the K edge peaks of Mg, Co, Ni, Cu and Zn can be clearly observed, is shown in Figure 3-2b. The EDX 

quantification gives an elemental ratio of 15: 17: 33: 12: 21 (Mg: Co: Ni: Cu: Zn) for an assumed thickness 

of 120 nm of the TEM lamella. Thus, the EDX quantification shows that all transition metals are present in 

significant amounts. Although they are not exactly stoichiometric, especially Ni and Cu are deviating from 
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the others, the FIB lamella contains a large amount of fairly homogenous material in the thick areas, which 

can also contribute the HEO generation at high temperature through elemental migration. The XRD 

pattern of the mixed sample before calcination is shown in Figure 3-2c together with the standard rock 

salt MgO, CoO, NiO, monoclinic CuO and hexagonal ZnO structure. The experimental XRD pattern 

corresponds to the mixed oxide phases and shows that the structure of the metal oxides was not altered 

during physical mixing. 

 

  

Figure 3-2: Compositional and structural characterization of mixed raw material at 300 ˚C. a) EDX map of the as-

prepared sample on a Protochip MEMS substrate of the gas holder; b) EDX spectrum from the entire area in a); c) 

XRD pattern of as-prepared sample. 

In-situ heating XRD was carried out to monitor the structural evolution during heating. As shown in 

Figure 3-3a, below 600 ˚C, the positions of the reflections at different temperatures are highly consistent. 

The peaks in the raw material shift slightly and continuously to the left as the temperature is increased, 

due to the increasing lattice parameters with temperature. A distinct structural change happens beyond 

600 ˚C. A set of new reflections appears in the XRD pattern at 650 ˚C when compared with that at 600 ˚C, 

e.g. the reflections at 14.1, 16.7 and 20.0 ˚, which can be indexed by the spinel structure (shown as pink 

lines between the XRD patterns at 600 and 650 ˚C in Figure 3-3a). Simultaneously, the reflection at 19.1 ˚ 

corresponding to the {002} reflection of rock salt CoO decreased dramatically indicating that CoO was 

involved in the spinel phase formation. To display the structural evolution of the metal oxides during 
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calcination more clearly, the in-situ XRD patterns are plotted as contour plot (Figure 3-3b), in which the 

emerging reflections of spinel phase and the decreasing intensity of the reflection at 19.1 ˚ can be 

observed more clearly. With continuing heating, above around 700 ˚C, the intensity of all the reflections 

of the individual metal oxides become weaker. At the same time, the reflections of the HEO {111} at about 

16.5 and {002} at about 19.1 ˚ appear, indicating the generation of the rock salt HEO structure. These 

observations indicate that all oxides took part in the phase incorporation in a narrow temperature range. 

The reflections of all oxides decrease further with increasing temperature and most of them completely 

disappear at about 800 ˚C. However, some reflections at about 16.1, 16.9, 17.5 and 19.2 ˚can be still 

observed in the pattern at 750 ˚C and correspond to CuO and NiO phases. The presentence of these 

reflections indicates that the phase transition of CuO and NiO need a longer time/higher temperatures 

than others to complete, which could be caused by the larger particle size of CuO and NiO in the mixture. 

One should also mention, that the two peaks that appear at about 12.0 and 22.2 ˚, which are highlighted 

by stars can be indexed as hexagonal SiO2 (space group P6222), which is due to the glass capillary 

crystallizing at high temperature.  

 

Figure 3-3: In-situ heating XRD results using MgO, CoO, NiO, CuO and ZnO as metal sources, which are plotted in 

normal mode (a)) and contour mode (b)). The reflections marked by stars in a) are from high temperature SiO2 that 

could be introduced by glass capillary. 

As the glass capillary used in the in-situ heating XRD, only give very limited space for the analyzed 

materials, the small amount of material and the short acquisition time gives a low signal to noise ratio for 
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the in-situ XRD patterns. However, the structural evolution extracted by these measurements were also 

confirmed by ex-situ XRD experiments (Figure 3-4a and 4b). It shows that the individual oxide patterns 

are present with few changes up to 700˚C followed by an abrupt decrease at 800˚C. At 850˚C the HEO 

structure seems to be fully formed. The temperature of HEO generation detected in ex-situ XRD roughly 

agrees with that observed during the in-situ XRD experiment. Consistently, the Cu seems to need longer 

times or higher temperature to be fully incorporated into the HEO structure than the other oxides, i.e. 

distinct reflections corresponding to CuO can be detected at 850 ˚C in the ex-situ XRD experiment. The 

sluggish disappearance of the CuO reflections agrees with previous reports[268,269]. One potential 

explanation for the sluggish reaction of CuO could be related to the different enthalpy of mixing among 

the metal oxides. Based on the simulation results reported by G. Anand et al.[270], removing CuO from 

the complete HEO will result in a reduction of the positive enthalpy of mixing, indicating that the 

introduction of CuO increases the enthalpy of mixing and is thus unfavorable for the reaction. They also 

reported that removing ZnO would decrease the enthalpy of mixing as well. However, a slow fading of the 

ZnO reflections cannot be detected. That implies that the enthalpy of mixing cannot be the only 

explanation for the sluggish phenomenon. Aside from the larger particle size of the initial precursor, it 

may also be caused by the larger driving force needed to incorporate Cu ions. The extra energy required 

is due to the large lattice distortions the Cu incorporation creates. In the work of J. Sushil et al., simulations 

showed that removal of from the HEO reduces the standard deviation of the cation-oxygen and cation-

cation distances to reach a minimum value.[270] Different from the in-situ XRD data, the spinel structure 

started to appear at lower temperature (at about 400 ˚C) in the ex-situ experiments. This could be caused 

by the longer sintering time and a better exposure of powder sample to air, but also because of a better 

data quality of the ex-situ experiments. However, the correlations between the emerged spinel phase and 

rock salt CoO is consistent in both in-situ and ex-situ XRD experiments, with the reflections of CoO (at 

about 16.2 and 19.1 ˚ in Figure 3-4a) disappearing at the same time as the formation of the spinel phase. 

The results from both in-situ and ex-situ XRD indicate that the spinel phase should be dominantly a Co3O4 

phase, which is due to the rock salt CoO oxidizing at high temperature in the presence of oxygen. 
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Figure 3-4: structural evolution during calcination observed by ex-situ XRD. a) ex-situ XRD from room temperature 

to 700 ̊ C; b) ex-situ XRD from 750 ̊ C to 950 ̊ C. The ex-situ XRD patterns were acquired in a diffractometer equipped 

with a Cu target (λ = 1.540598 Å). For easier comparison with the in-situ data shown in Figure 3-3, the XRD patterns 

here have been plotted after conversion to λ = 0.7093187 Å for a Mo target. 

The formation of a Co3O4 spinel phase was confirmed by TEM analysis of the ex-situ calcined material. 

The mixed raw materials ware calcined at 400˚C in air for 2 hours followed by quenching in air. Figure 3-

5a shows a HAADF image of the calcined sample, in which separated particles can be clearly observed. 

Figure 3-5b shows the summed EDX spectrum of the area marked in Figure 3-5a (by yellow dash rectangle). 

The spectrum indicates that the particle marked by the dash yellow box only contains Co, O and C 

(contamination or supporting carbon) implying that the particle is a pure Co oxide compound. A SAED 

pattern (Figure 3-5c) was acquired from the same particle (marked with the green circle in Figure 3-5a), 

which can be indexed as the spinel structure. These results directly demonstrate that the spinel phase 

formed during calcination is Co3O4. 
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Figure 3-5: structure and composition characterization of the spinel phase. a) STEM-HAADF image of the sample 

heated to 400 ˚C for 2 hours; b) summed spectrum from the yellow dash rectangle marked area in a); c) SAED pattern 

acquired from the green circle marked area in a). 

The structural transition from the initial rock salt CoO phase to the intermediate Co3O4 spinel and 

finally to the rock salt HEO was demonstrated by the above results. This means that spinel phase Co3O4 

can be used instead of the rock salt CoO as one of the raw materials to synthesize the 

(Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O HEO, providing more synthesis routes for HEO preparation. To confirm that, 

the Co3O4 was used to synthesize the HEO in this work. Except for replacing CoO by Co3O4 in the mixing 

process, all other treatment and measurement conditions were identical to the previous synthesis. The 

in-situ XRD patterns of this synthesis are plotted in Figure 3-6. Compared with the XRD patterns shown in 

Figure 3-3, the small intensity peaks at about 8.8˚ and 14.3˚ in Figure 3-6a prove that the spinel structure 

of Co3O4 is present from room temperature. The contour mode XRD patter shows the peak evolution more 

clearly and proves that the HEO phase formation follows the same path as in the case of rock salt CoO 

containing mixture. The spinel associated reflection at 14.3˚ follow the same evolution as the other oxides 

reflections and can be observed until 750˚C. After 700 ˚C, all structures are starting to change to a single 

rock salt structure indicating the formation of the (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O HEO. The reflections 

corresponding to the HEO appear at about 700 ˚C, the same temperature as in the case of CoO as Co 

source. In addition, the total disappearance of CuO reflections is delayed here as well due to the higher 

temperature needed for its incorporation. The perfect matching of the phase transformation in the two 

experiments that use CoO and Co3O4 as Co source implies that the HEO generation is independent of the 

selected Co source. One should mention that the Co3O4 spinel structure can transfer to the rock salt CoO 

by releasing O2, which has been widely reported in the literatures.[271–273] N.A. Mayer et al. reported 

the reaction from Co3O4 to CoO to happen between 800 ˚C and 900 ˚C as the pure Co3O4 and CoO phases 

can be found at 800 ˚C to 900 ˚C.[272] In our experiments, the reflections of spinel Co3O4 decrease has 

been observed between 750 ̊ C and 800 ̊ C (shown in Figure 3-4b) indicating that Co was incorporated into 

the HEO structure from the spinel Co3O4 phase. However, the small temperature difference between our 

experiment (the decomposing of spinel Co3O4 happened around 750 ̊ C and 800 ̊ C) and the literature (800 
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˚C to 900 ˚C) could be the results of different experiment conditions. In addition, the reflections of rock 

salt CoO have close positions with the generated HEO, which introduces the problem that it is difficult to 

observe if some rock salt CoO phase appears at high temperature (800 ˚C in the Figure 3-4b). Therefore, 

if Co was incorporated into the HEO from either Co3O4 or CoO cannot be fully established in this work.    

 

Figure 3-6: structural evolution during HEO synthesizing when using Co3O4 as a precursor together with MgO, NiO, 

CuO and ZnO. a) normal mode of in-situ XRD; b) contour mode of in-situ XRD. 

The above in-situ and ex-situ XRD results indicate that the structural change from the oxide phases 

to the HEO starts in a narrow temperature range for all oxides at around 700˚C. In-situ gas and heating 

TEM was used to track the elemental diffusion progress. EDX maps of the transition metals at 650 ˚C are 

shown in Figure 3-7. Compared to the elemental maps acquired at 300 ˚C (Figure 3-2a), no obvious 

differences can be observed in the two sets of elemental maps indicating that there is no significant 

diffusion detected below 650 ˚C. Despite the fact that no elemental diffusion is observed in the EDX maps 

below 650 ˚C, the in-situ gas STEM-HAADF analysis offers information on the spinel phase formation. This 

comes from the observation of morphological changes occurring in the oxide phase with increasing 

temperature. Figure 3-8a presents the overall morphology of the oxide mixture in the TEM lamella at 100 

˚C and 650 ˚C, overlapped with an EDX map of the Co (oxide) distribution. When comparing the STEM-

HAADF images at the two temperatures, one can observed that with the exception of Co particles no other 

oxides exhibit visible morphological changes. Two Co oxide particles are highlighted and their evolution is 

presented separately in Figure 3-8b and 8c. The main characteristic that changes during the temperature 

increase is the porosity of the Co oxide particles. As shown in Figure 3-8b and 8c, pores that range from a 

few tens of nm to a few hundred of nm are not changing below 350 ˚C. At this temperature, the smaller 

pores are starting to fade, followed by the disappearing of larger pores as the temperature is increased 

further. Pores smaller than a few hundred nanometers are completely removed at 450 ˚C, while larger 

pores persist even after 500 ˚C (yellow arrow in Figure 3-8a). Although very small, these morphological 

changes observed in the STEM-HAADF images imply incorporation of oxygen along with the structural 
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changes of CoO during calcination in an O2 containing atmosphere (21% O2 and 79% Ar). The starting point 

of this process observed in the TEM at about 350 - 400 ˚C is consistent with the result of ex-situ XRD 

experiment, where the spinel phase was starting to appear at 400 ˚C.  

  

Figure 3-7: elemental distribution maps extracted from STEM EDX data during in-situ gas heating at 650 ˚C. 
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Figure 3-8: morphology changes of CoO particles during calcination. a) STEM-HAADF images of the TEM lamella 

at 100 ˚C (top) and 650 ˚C (middle) and the overlapped image of STEM-HAADF and Co elemental map at 650 ˚C 

(down); b) enlarged images of the red rectangle marked area of a); c) enlarged images from the yellow rectangle 

marked area of a). 

STEM-HAADF images and EDX maps of the transition metals from 700 ˚C to 850 ˚C are shown in the 

Figure 3-9. Whereas no diffusion has been observed below 650 ˚C, the boundaries of the particle are 

starting to become blurry at 750 ˚C and further shape changes were observed at higher temperatures. 

Clear particle evolution characterized by elemental diffusion is observed after 750 ˚C that seems to 

accelerate after 800 ˚C. The elemental distribution maps up to 750 ˚C show minimal variations compared 

to the oxides distribution in the pristine material (please refer to Figure 3-2a). At 800 ˚C all oxides show 

extensive redistribution towards a homogenous phase. One can easily observe that smaller particles are 

more easily redispersed and integrated into the HEO phase, whereas the large CuO and NiO particles are 

still showing an unreacted core. This fits the observation of the XRD results that the reflections from CuO 

and NiO disappear at higher temperatures than those of the other oxides. A fully homogenous HEO phase 

appears at 850 ˚C with all regions now exhibiting a fairly uniform elemental distribution. As seen from the 

FIB prepared lamella, one can consider the initial oxide mixture as an inhomogeneous phase at the 

nanometer or even micrometer scale. Despite this, the atomic diffusion reaches all parts of the TEM 

lamella resulting in a uniform distribution of all elements. Notably, the in-situ gas and heating TEM show 

a slightly different starting point of the HEO generation (750 ˚C) with that observed in XRD experiments 
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(700 ˚C). This could be due to the 2D morphology of the in-situ heating TEM sample, which might limited 

the diffusion pathways. In the bulk 3D oxide mixture, the distances between oxide particles are reduced 

and one can expect that diffusion leading to an even elemental dispersion is facilitated. In a 3D oxide 

mixture, surface diffusion effects can be another factor to decrease starting temperature of the reaction, 

which was demonstrated to be not negligible in micro powders and provide lower activation energies 

compared to volume diffusion.[274] 

  

Figure 3-9: morphology and elemental distribution mapping extracted from STEM EDX data during in-situ gas 

heating from 700 ˚C to 850 ˚C.  

To more intuitively understand the reaction sequence of the oxides, cross correlation of the 

elemental maps of different metal elements at different temperatures were carried out and plotted in 

Figure 3-10. As shown, the cross correlation values between different elements are negative and only 

show small changes up to 750 ˚C. This indicates that the distribution of the oxides is strongly anti-

correlated and with very limited overlap in projection prior to the reaction starting above 750 ̊ C. Although 
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the EDX maps (in Figure 3-9) show that all the elements start to diffuse at 800 ̊ C, the calculated correlation 

values between different elements show significant variations. Several elemental combination, Co-Mg, 

Zn-Mg, Cu-Co, Zn-Co, Cu-Ni, Cu-Mg, Ni-Co, Zn-Cu, Ni-Mg and Zn-Ni show significant changes compared 

with those at 750 ˚C, which is an indicator of some phases forming prior to the HEO generation. Among 

them, Zn-Mg gives the highest positive cross correlation value indicating that Zn and Mg are easily reacting 

with each other. However, there is no significant correlation changes for Ni-Mg between 750 ˚C and 800 

˚C meaning that they did not react with each other. At 850 ˚C, except for the Zn-Mg, all the correlations 

show a significant increase demonstrating that all elements diffuse towards a homogenous distribution. 

The decreasing of the Zn-Mg correlation could be explained by an initial formation of a preferential Mg-

Zn-O phase at 800 ˚C prior to the HEO generation. During the HEO generation at higher temperature, the 

Zn-Mg correlation decrease due to further diffusion of the Zn and Mg from the Mg-Zn-O phase to the HEO 

phase. The earlier formed phases before HEO generation could be related to the different enthalpy of 

mixing between individual oxides. However, detailed mixing enthalpy values are not available. In addition, 

the observed reactions are possibly also related to the particle size and particle distribution. For instance, 

the Mg-Zn shows the highest correlation at 750 ˚C, which could be caused by the small particle size of 

MgO and ZnO and their fairly uniform distribution in the observed area. Nevertheless, the formation of a 

Zn-Mg-O phase prior to the HEO formation and a complete lack of a Ni-Mg-O formation at low 

temperatures clearly indicates that individual oxide formation mixture has to be considered for the HEO 

formation, at least during the early stages of the reaction. 

 

Figure 3-10: cross correlation results between different elemental maps. 

3.4. Summary and discussion 

In this chapter, we used in-situ and ex-situ XRD techniques to investigate the structural evolution 

during the (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O HEO synthesis starting from the individual oxides. The 
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morphological changes and elemental distribution at different temperatures at relevant atmosphere 

conditions (21% O2) were further characterized by in-situ gas TEM using a windowed gas holder. Although 

the two techniques work at different length scales, the results obtained here correlate reasonably well 

and offered a unique view of the HEO formation mechanism. The main findings are summarized below:  

i. An intermediate phase transformation from the rock salt to a spinel structure by oxygen 

incorporation of CoO was seen in XRD and confirm by the TEM measurements during the 

calcination. By showing that a similar phase transformation pathway towards the HEO phase 

is obtained when starting the synthesis with a spinel Co3O4 phase, we provide an alternative 

Co source for the HEO synthesis.  

ii. In-/ex-situ results demonstrate that the HEO started forming above 700 ˚C and is fully 

generated above 850 ˚C. However, the in-situ gas and heating TEM results indicate no 

elemental diffusion below 750 ˚C and the elemental maps show anti-correlations at 750 ˚C. 

The difference between the XRD and TEM results could be caused by the special 2D geometry 

of the FIB lamella as only limited connecting boundaries are available and the diffusion is 

significantly limited by the 2D geometry.  

iii. In addition, the cross correlation results imply a multistep reaction for the HEO generation. It 

shows various changes of the correlation between different elements before the HEO 

formation. This indicates that some preferential phases are formed prior to the HEO 

generation. The homogeneous distribution in the elemental maps and the positive 

correlations of all the metal elements indicate that the HEO is almost completely formed at 

850 ˚C.  

One should mention, that in a random distribution like the one meet in the pristine powder mixture, 

the possibility of all elements connecting with each other is quite low. The reaction would most probably 

happen first at some boundaries, where the elements present in the connected oxides have a lower 

enthalpy of mixing. After this initial mixing, the generated multi-cation oxide is expected to react with 

other individual oxides in its vicinity and act as a reaction nucleus. The cross correlation results also 

indicate that some phases could be formed before the HEO generation. The reaction preference could be 

affected by the particle size and their distribution. It could be also affected by inherent energetic 

differences. As another open question, the transformation of Co3O4 to CoO at high temperature needs 

further clarification, which would help to understand the Co incorporation mechanism more clearly and 

be beneficial for designing similar HEO phases.
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4. Self-assembled electric conductive network in multi-cation metal 

oxides used in lithium ion batteries 

4.1. Introduction 

The high entropy concept was applied successfully in the energy storage field and exploited as a 

novel way for designing battery electrode materials. A first example has been the multi-cation HEO 

Mg0.2Co0.2Ni0.2Cu0.2Zn0.2O where a competitive electrochemical performance in lithium ion batteries was 

achieved with micron-sized particles.[159] In addition, it was demonstrated that the HEO can show better 

battery performance than the corresponding medium entropy oxides (oxides with only four transition 

metals present in equal stoichiometric ratio). The superior performance of the HEO was attributed to the 

high entropy effect as the entropy drives a stable single solid solution phase that is favorable for ion 

mobility.[160] It was demonstrated that the disordered arrangement of metal elements in rock salt 

structure is beneficial for the Li percolation compared with the rock salt oxides with short range 

ordering.[275] However, the high entropy effect is not enough to explain the excellent stability during 

electrochemical cycling. The HEO formation is thermodynamically favorable at high temperatures, 

whereas slow quenching during synthesis results in an oxide mixture. In contrast, the battery cycling is 

performed at room temperature. Therefore, it is unlikely to reestablish the initial HEO structure after the 

battery cycling and the high entropy effect cannot be used to explain the stable battery cycling observed. 

To explain the outstanding performance of HEOs, a ‘cocktail effect’ has to be considered as discussed in 

some reports,[164–167,222] implying synergetic effects of the different cations. However, the effects 

are not fully understood. In this chapter, the reaction mechanisms of the HEO Mg0.2Co0.2Ni0.2Cu0.2Zn0.2O 

during battery cycling are studied, based on an analysis of the oxidation states of the different elements 

together with their elemental and phase distribution.  

4.2. Experimental  

4.2.1. Materials synthesis 

The initial HEO (Mg0.2Co0.2Ni0.2Cu0.2Zn0.2O) was prepared using Nebulized Spray Pyrolysis (NSP), which 

has been performed by Mr. Junbo Wang at the Institute of Nanotechnology, Karlsruhe Institute of 

Technology. Stoichiometric amounts of ((Co(NO3)2·6H2O (Sigma Aldrich, 99.9%), Cu(NO3)2·2.5H2O (Sigma 

Aldrich, 99.9%), Mg(NO3)2·6H2O (Sigma Aldrich, 99.9%), Ni(NO3)2·6H2O (Sigma Aldrich, 99.9%), and 

Zn(NO3)2·6H2O (Alfa Aesar, 99.9%)) were dissolved in deionized water. Then, the solution was sprayed as 

a mist and transported by means of a carrier gas into the hot zone of a tubular furnace as described in 

reference[159]. HEO particles formed from the nebulized phase at 1150 ˚C. 
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4.2.2. Electrochemical measurements 

The HEO was mixed with Super C65 carbon black and polyvinylidene fluoride (PVDF) with a ratio of 

7: 2: 1 and dispersed in N-methyl-2-pyrrolidone (NMP). A high-energy dispersion machine 

(ThinkymixerARE-250, 3min, 2000 rpm) was used to make a uniform slurry. After coating a copper film 

current collector with the resulting slurry, the electrode was dried in a vacuum oven at 80 °C overnight. 

The battery was set up in a glove box, where the residual water and oxygen partial pressure was 

maintained below 0.5 ppm, using glass microfiber filter paper (GF/C, Whatman) and Li metal foil (Gelon 

LIB Co., Ltd) as separator and counter electrode. The electrolyte was 1 M LiPF6 with a 3: 7 weight mixture 

of ethylene carbonate/ethyl methyl carbonate (Selectilyte LP57, BASF SE). The mass loading of the 

electrodes for TEM measurements is about 0.6 mg/cm2 to obtain comparable conditions with previous 

studies.[159] 10 mg/cm2 of the mass loading is used in the batteries for XAS testing to have sufficient 

signal for the X-ray analysis. Galvanostatic measurements were performed on an Arbin battery test system 

(BT-2000) at 25°C. The batteries initially underwent a discharging process (lithiation) and were then 

recharged (delithiation) during cycling. 

4.2.3. Characterization 

The equipment and setups used for EIS, XAS, and TEM characterizations are described in section 2.1. 

SAED in this chapter was performed using a FEI Titan 80–300 microscope operated at 300 kV. For EELS 

mapping, 4D-STEM and the HRTEM a probe corrected Thermo Fisher Themis Z was operated at 300 kV. 

The EELS maps in this chapter were acquired by a K3 IS camera using 7 Å pixel size and 0.01 s exposure 

time. The 4D-STEM data was acquired by an almost parallel beam (convergence angle 0.85 mrad) in STEM 

mode using an ADF detector and an OneView camera to acquire the diffraction data. The data was 

imported into the Automated Crystal Orientation Mapping (ACOM) indexing software to analyze the 

crystal orientation and phases present.   

4.3. Morphology, structure and valence study of HEO during electrochemical 
cycling 

4.3.1. Morphology and structure characterization 

The structure of the as-prepared HEO was measured by XRD and SAED, which indicated that the HEO 

has a pure rock salt structure with lattice parameters similar to NiO (Figure. 4-1a and 1b). Figure. 4-1c 

shows a TEM image illustrating the micron-sized hollow particles of the as-prepared HEO. This morphology 

presumably plays a role in eliminating the effect of volume expansion during the lithiation process and 

thus benefit the stability during battery cycling. 
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Figure 4-1: morphology and structural characterization of the as-prepared HEO. a) XRD pattern comparing with rock 

salt structure NiO; b) SAED pattern; c) TEM image, the scale bar in b) is 5 1/nm, the scale bar in c) is 200nm. 

The morphology and structural changes during cycling were studied by TEM. Figure 4-2a/c shows 

TEM images of samples in the 1st discharged and 1st charged state confirming that the hollow sphere 

particles are maintained and no obvious dissolution of material into the electrolyte occurred during the 

electrochemical reaction. However, the limited crystallinity during cycling makes it difficult to index the 

diffraction patterns in the dis-/charged samples accurately. The SAED of the sample in the 1st discharged 

state (Figure 4-2b) only exhibits few defined diffraction rings and mostly diffuse scattering is observed. 

Nevertheless, the Li2O (111) diffraction ring demonstrates that Li reacted with the oxygen from the HEO 

during the lithiation process. Ambiguity arises for the major diffraction ring at 2.1 Å, which can be indexed 

either as the (002) plane of a residual HEO structure or metallic Ni/Co/Cu (111) plane. In the SAED of the 

1st recharged state, no clear diffraction planes corresponding to Li2O are observed. The diffraction ring 

corresponding to a lattice space of 3.3 Å can be indexed as the (002) reflection of carbon from the 

conductive carbon. The diffraction ring at 2.1 Å fits to both characteristic MO and M planes and therefore 

does not allow for an easy interpretation of the structural changes during charging. Therefore, an ePDF 

analysis was carried out to follow the structural evolution during battery cycling. The ePDF analysis of the 

as-prepared sample is consistent with a simulated PDF of the rock salt structure in NiO, which is in line 

with the XRD and SAED results. During discharging, the M-O and M-M peaks in the ePDF at about 2.1 Å 

and 3.0 Å of HEO structure disappear, meaning that the rock salt HEO decomposes during lithiation. A 

new peak at about 2.5 Å appeared in the discharged sample, which can be attributed to the nearest M-M 

distance in an fcc metallic structure. The M-O peak at about 2.1 Å in the as-prepared sample shifts to 
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lower r values during the lithiation, which can probably be assigned to a mixture of Mg-O and Li-O bonds 

as Mg is electrochemically inactive in the given voltage range of 0.01 V to 3.0 V. Unexpectedly, neither 

the M-O peak at 2.1 Å nor the MO M-M peak at about 3.0 Å increases significantly during the recharging 

process. In addition, the intense M-M peak at about 2.5 Å remains in the recharged sample indicating that 

a large amount metallic phases are still present after the delithiation process.  

 

Figure 4-2: structural changes during of cycling. a) TEM image of 1st discharged sample; b) SAED pattern of the 1st 

discharged sample; c) TEM image of the 1st recharged sample; d) SAED pattern of the 1st recharged sample; e) ePDFs 

of the as-prepared and cycled samples with simulated NiO and Ni PDFs for comparison with the experimental data. 

The scale bar in a) and c) is 200 nm, the scale bar in b) and d) is 5 1/nm. 

4.3.2. Valence state analysis 

The global structural information derived from the ePDF analysis shows that a large amount metallic 

phases is present in the cycled samples. To understand the behavior of each element, XAS was applied to 

study the valence state and element specific nearest neighbor distance evolution during cycling.  As shown 

in Figure 4-3, the onset position in the XANES of all metals (Co, Ni, Cu and Zn) in the as-prepared sample 

is in good agreement with the corresponding standard oxide samples meaning that the four elements 

exhibit a +2 valence state prior to cycling. Only the near edge spectra of Cu in the as-prepared sample 

differs from the CuO reference. This is presumably an effect of the different structure/environment in the 

CuO tenorite used as reference compared to the rock salt environment in the HEO[263]. As expected, the 

Co, Ni, Cu and Zn spectra in the discharged sample fit to a reduced metallic state, particularly manifested 

by the spectrum onset position matching the corresponding standard metal or alloy samples. However, 

the transition metals show a different behavior during the following recharging process. The reduction of 
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the Co XANES pre-edge (solid red line in Figure 4-3a) demonstrates that some of the Co is reoxidized, but 

the residue pre-edge clearly indicates that a noticeable amount of Co still is still in a metallic state in the 

recharged sample. Ni and Cu in recharged sample show almost the same XANES features as in the 

discharged sample, indicating that they did not take part in the conversion reaction and stayed in a 

metallic state during delithiation. On the contrary, Zn shows a distinct shift towards the oxidized state, 

meaning that most of the Zn has been reoxidized back to +2 during the delithiation process. 

   

Figure 4-3: XAS state characterization of as-prepared and cycled samples a), b), c) and d) the normalized XAS 

spectrum of cobalt, nickel, copper and zinc. 

4.3.3. Analysis of the short range order 

The Fourier transform of the extended X-ray absorption fine structure (EXAFS-FT) provides an 

element specific PDF, which contains information on the nearest neighbor environment of that element. 

This was used to confirm and extend the XANES analysis. As shown in Figure 4-4, the characteristic metal-

oxygen (M-O) and metal-oxygen-metal (M-O-M) distances for the HEO are present in the as-prepared 

state. Due to the difference in crystal symmetry of the HEO (rock salt, as CoO and NiO) and the ZnO 

reference (wurtzite), the M-O and M-O-M shells of Zn appear at different distances in the ZnO reference. 

Nevertheless, as the distance of Zn-O-Zn shell is the same as the distance of the other elements (Figure 4-

5) all elements are present in a single rock salt phase in agreement with the XRD and SAED analysis. The 
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increased intensity of the M-O-M shell of Cu in the HEO compared with the reference tenorite can also be 

ascribe to the structural differences. While the closest Cu-O-Cu distance in tenorite is 2.9 Å equal to the 

M-O-M distance in the HEO rock salt structure, there is another Cu-Cu distance (3.1 Å) in the tenorite CuO 

structure. These two Cu-Cu distances make the Cu-O-Cu shell in the CuO reference to be broad and weak. 

Schematic structures of NiO (to represent HEO), tenorite CuO and wurtzite ZnO are shown in Figure 4-6. 

After the first discharging process, the EXAFS-FTs reveal that the M-O distances of all four elements 

disappeared and metal-metal (M-M) distances appeared, in agreement with all four elements being 

reduced to the metallic state during the lithiation process. The M-M distances of Co, Ni and Cu (Figure 4-

4a to 4c) appear at the same positions as the corresponding metallic references indicating that the 

metallic Co, Ni and Cu in the discharged state is fcc cubic. However, the M-M shell of Zn (Figure 4-4d) does 

not fit to the hexagonal (P63/ mmc) Zn metal structure and is consistent with the metal-metal distances 

of Co, Ni and Cu. The difference between the experimental data and the hexagonal (P63/ mmc) Zn metal 

structure could be explained by Zn alloying with Li generating an fcc ZnLi structure, which has been 

reported in previous studies.[276–278] Another possibility is that Zn forms an fcc alloy with some reduced 

transition metal elements, Co, Ni and Cu, at the discharged state. However, as shown in Figure 4-5b, Zn 

shows a weaker and broader shell shape compared with the other three elements. This implies t Zn to be 

in a different elemental environment than the others, which does not fit to Zn forming an alloy with the 

other transition metal elements. 

After the delithiation during recharging, Co, Ni, Cu and Zn show different behavior echoing the XANES 

valence state analysis. The Co-O distances (Figure 4-4a) appear in the charged state, which means that 

some Co has been reoxidized during delithiation. However, the residual M-M shell confirms the XANES 

result that a noticeable amount of Co is still in the metallic state after recharging. No clear M-O shell is 

observed in the charged state for Ni and Cu (Figure 4-4b and Figure 4-4c), which means that Ni and Cu do 

not take part in the conversion reaction and are still in a metallic state in recharged state. As shown in 

Figure 4-4d, the M-O shell of Zn appears whereas the M-M shell disappears during the recharging process 

meaning that the +2 state Zn is dominant in charged state. However, the M-O-M shell at 2.X Å was not 

recovered, indicating a ZnO has low crystallinity and somewhat different short range order compare to 

ZnO in the wurzite structure. 
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Figure 4-4: EXAFS-FT spectra of a) cobalt, b) nickel, c) copper and d) zinc of as-prepared and cycled samples. 

 

Figure 4-5: a) superposition of the EXAFS-FTs of Co, Ni, Cu and Zn in the as-prepared state; b) superposition of the 

EXAFS-FTs of Co, Ni, Cu and Zn in the 1st discharged state. 
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Figure 4-6: schematic structures of a) NiO, b) CuO and c) ZnO.   

4.4. Elemental distribution 

The ePDF and XAS results reveal that a significant amount of metallic compounds remain in the 

recharged sample and that the elements exhibit different behavior during cycling. To further analyze the 

distribution of the transition metals, the elemental distribution was characterized by a series of STEM 

related techniques. STEM-EDX analysis was conducted to study the elemental distribution in the bulk 1st 

recharged sample. From the result shown in Figure 4-7, all elements show a homogeneous distribution 

except for some agglomeration of Cu and Ni in some areas. However, the result here do not deliver 

accurate elemental distribution information due to serious overlap of the thick particle in projection.   

 

Figure 4-7: STEM-EDX map of the 1st recharged sample. 
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To avoid the effect of overlap in projection, a focus ion beam (FIB) system was used to prepare thin 

samples for TEM analysis. Figure 4-8a-c are STEM-HAADF images of the as-prepared, 1st discharged and 

1st recharged state. Different from the image of the as-prepared sample that show homogeneous contrast, 

the cycled samples, both in the discharged and the recharged state, exhibit some dendritic features. The 

contrast in STEM-HAADF imaging is related to the average atomic weight as the strong scattering from 

heavier elements results in stronger scattering to the HAADF detector as discussed in Chapter 2. Therefore, 

these features in the cycled samples could be an indicator that different phases separate in the cycled 

samples. Considering that the particles consist of metal and metal oxide, the higher contrast should be 

from the metal phase as the oxygen reduces the average atomic number in the oxide phase. To exclude 

effects due to FIB sample preparation that could possibly damage the sample, the sample was also 

prepared by ultramicrotomy (Figure 4-8d). Both sample preparation methods revealed the same basic 

morphology excluding possible artifacts by the FIB sample preparation. 

 

Figure 4-8: STEM-HAADF images of a) as-prepared, b) 1st discharged and c) 1st charged samples prepared by FIB; 

d) STEM-HAADF image of 1st discharged sample prepared by ultramicrotomy. 

STEM-EELS maps confirm the conclusions drawn from the STEM-HAADF images. Figure 4-9a shows 

an STEM-ADF image of the 1st discharged sample. Figure 4-9b shows that Cu and Ni are enriched at the 

high intensity areas (the dendrites and bright dots) in the STEM-ADF image. At these areas O, Mg and Zn 
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have low concentration. Mg and O exhibit a high correlation confirming that Mg cannot be reduced by 

the lithium ions in the given voltage range (0.01V to 3.0V).  Zn is enriched at the low intensity areas and 

show a distribution different from Co, Ni and Cu, which excludes the possibility that Zn is alloying into the 

fcc structure with other transition metals. The Co distribution is relatively homogeneous indicating that 

Co is present in both the metal and the oxide phase in the discharged state. Figure 4-9d to 9f show the 

corresponding information for the 1st recharged state. Similar to the discharged state, Cu and Ni are 

enriched at the high intensity features in the STEM-ADF image. (e.g. the marked areas in Figure 4-9d and 

9f). Although the Co map is different from those of Cu and Ni, some overlap at the dendrites means that 

some metallic Co is with Cu and Ni. The distribution of Co, Ni and Cu indicates that Cu, Ni and partially Co 

cannot be oxidized after the charging process, which is consistent with the ePDF and the XAS results. At 

the lower intensity areas, Co is present together with Mg, Zn and O, which indicates the oxidized Co and 

Zn are incorporated into the MgO structure.  

 

Figure 4-9: EELS characterization of 1st discharged (a) to c)) and 1st charged (d) to f)) samples; a) and d) STEM-ADF 

images; b) and e) elements maps; c) and f) overlapped images of O and Cu. 

The Cu L edge in EELS is very sensitive to the bonding state and can be used to analyze the oxidation 

state fast and efficiently. The white lines (L3 and L2 edges) in Cu are present in the oxidized state due to 

an electronic transition from the 2p to the incompletely occupied 3d orbital. However, the 3d orbital is 

completely occupied in metallic Cu leading to an absence of the L3 and L2 peaks. The Cu-L edge EELS 

spectra of the as-prepared and cycled sample is shown in Figure 4-10. The Cu-L edges of the as-prepared 

and cycled samples show distinct difference in terms of the L3 and L2 edges presented in the as-prepared 

sample indicating that the oxidized state present in the as prepared state cannot be found in the cycled 

samples. This confirms the XAS results that showed Cu in a metallic state in both discharged and recharged 

samples. 
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Figure 4-10: Cu-L edge EELS spectra of as-prepared and cycled samples. 

4.5. Structure of the metal and metal oxide phases 

From the EELS maps it is clear that the metal and metal oxide phases are both present and tightly 

intermixed in the cycled sample, but no structural information can be extracted from the elemental 

distribution. Therefore, HRTEM measurement of the 1st recharged sample were preformed (Figure 4-11). 

The darker dendritic features can be observed easily, corresponding to the Cu, Ni and partially Co enriched 

area visible in the STEM-HAADF image inset. In the magnified HRTEM image of the area marked in Figure 

4-11a the well-defined lattice planes can be clearly observed, which give rise to the features in the 

corresponding fast Fourier transforms (FFT). The FFT from the dendrite can be indexed as a [101] oriented 

fcc metal structure. Combined with XAS and EELS analysis, it can be concluded that the dendrites in the 

cycled samples consist of a CuNiCo alloy phase. The fcc structure has a lattice parameter of 3.6 Å, which 

is close to fcc Cu (3.62 Å), Ni (3.53 Å) and Co (3.55 Å) single elemental metals. In Figure 4-11d, two sets of 

diffraction patterns can be identified corresponding to an fcc metal structure (outer diffraction pattern) 

and a rock salt metal oxide structure (inner diffraction pattern). The pattern from the metal phase is 

consistent with the CuNiCo alloy phase mentioned above. Notably, the metal phase and metal oxide phase 

in Figure 4-11d have the same orientation. In addition, all the planes in this zone axis for the two structures 

have the exactly same directions, i.e. the (1
_

1
_

1), (1
_

11) and (020) of metal phase corresponds exactly with 

the (1
_

1
_

1), (1
_

11) and (020) of the metal oxide phase. This indicates that the metallic (excluding the dendrite 

at the grain boundary) and the oxide phase have an epitaxial relationship inside the grain. The large 

difference (16.7%) of the unit cell parameters between the metal (3.6 Å) and the oxide (4.2 Å) in the 

epitaxial structure observed in this work induces a very large strain energy. However, even larger lattice 

mismatch has been reported in literature and the maximal allowed lattice mismatch varies for different 

materials. For instance, a maximum lattice mismatch of 15.7% has been observed in the epitaxial structure 

of FePt (3.87 Å) and Zr0.70Ti0.30N(4.47 Å).[279] In the epitaxial structure of TiN (4.24 Å) and Si (5.43 Å) with 

a lattice difference of 28.1% was experimentally demonstrated.[280] However, the large lattice mismatch 
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between the metal and metal oxide structures does not allow for the two phases to form a defined 

interface over a long distance. Therefore, the sizes of metallic phase and oxide phase are in the range of 

several nanometer, which agrees with the size of the bright domains (metallic phase) and the dim domains 

(oxide phase) inside the grain observed in the STEM-ADF images (Figure 4-8 and Figure 4-9). 

Figure 4-12e is an enlarged image of the grain boundary (indicated by the white dash box in Figure 

4-12b) showing that the (1
_

11) metal planes and the (020) MO planes are more or less continuous across 

the boundary. That means the dendrite at the grain boundary has a different crystallographic orientation. 

As shown in Figure 4-11f (the FFT of Figure 4-11e), the direction of (1
_

11) of the M dendrite (2.1 Å) is 

roughly aligned with the (020) direction of the MO (2.1 Å) inside the grain and only tilted by about 7 °. 

However, the lattice mismatch in the other directions is presumably responsible for the slight 

disorientation between the dendrite and the grain seen in the HRTEM image (Figure 4-12e) where the 

dendrite is well aligned along the [101] orientation but grain interior in the vicinity is slightly misaligned 

from the zone axis. 

 

Figure 4-11: Structure characterization of the 1st charged sample. a) HRTEM image, inset is the STEM-HAADF 

image at the same area; b) enlarged image of the marked area in a); c) FFTs of the blue dash box marked areas in b); 

d) FFTs of the yellow dash box marked areas in b); e) enlarged image of the marked area by white dash box in b); f) 

FFT of e). The scale bar in a) is 20 nm, in b) is 5 nm, in e) is 1 nm. The M-GB and M-G in f) present the metal phase 

at grain boundary and inside the grain, respectively. 
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A similar epitaxial structure between M and MO has been observed in the discharged state as well. 

Figure 4-12a and 12b are a HRTEM and the corresponding STEM-HAADF image. The dendritic feature can 

be clearly recognized in the STEM-HAADF image is rather diffuse in the HRTEM image, due to the low 

crystallinity of the discharged sample. This low crystallinity is directly noticeable by the FFT shown in the 

insert in Figure 4-12a, which exhibits only streaky diffraction spots. Nevertheless, two sets diffraction 

patterns for M and MO with the same orientation can be seen in the FFT, meaning that inside the grain 

of the discharged sample the epitaxial structural relationship between the M and MO phases has already 

developed during the lithiation process. However, a clear interface at the grain boundary cannot be 

directly observed here due to the low crystallinity. 

  

Figure 4-12: Structure characterization of the 1st discharged sample. a) HRTEM image of 1st discharged sample, insert 

is FFT from the marked area; b) STEM-HAADF image at the same area with a). The scale bar is in a) is 10 nm. 

4.6. Orientation and phase distribution 

4D-STEM with an almost parallel beam was used to confirm the phase and orientation information 

over a larger area. Figure 4-13a displays the STEM image corresponding to the 4D-STEM data set at the 

1st discharged state, where some dendrites can be easily observed. Figure 4-13b is the corresponding 

orientation map obtained by indexing the zone axis of each local diffraction pattern in the 4D-STEM data. 

Fcc Cu and rock salt MgO were used as representative structures for M and MO to index the diffraction 

patterns of the 4D-STEM data set as their lattice parameters are very similar to the experimental data 

(obtained in HRTEM). It is clear that the particle has a polycrystalline structure with a grain size of a few 

hundred nanometer. Comparing the STEM-HAADF image and the orientation map, it is clear that the 

dendrites preferentially develop at the grain boundary, e.g. the areas indicated by arrows in Figure 4-13a 
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and 13b. This means that Cu, Ni and some Co diffuse from the rock salt structure to the grain boundary 

and form an alloy, which could provide a fast electron transfer path during the following cycles. 

 

Figure 4-13: a) STEM-HAADF image of the 4D STEM data acquiring area of the 1st discharged sample, the scale bar 

is 50 nm; b) orientation map of the corresponding area in a). 

Figure 4-14a is the phase map acquired by analyzing the 4D -STEM data that shows the M 

(green) and MO (red) mixed homogenously at the nanometer level within the grain, while the dendrites 

dominated by the metal structure are present at the grain boundaries. Figure 4-14c/d are the summed 

diffraction patterns from the yellow and blue areas in Figure 4-14b. Although the M and MO structure 

contribute more to one diffraction pattern than to the other in Figure 4-14c/d, both sets of diffraction 

spots can be found in each pattern, indicating a significant mixture of both structures in projection. The 

colors shown in the phase map are assigned based on the phase which dominates the diffraction pattern, 

but the overall reliability of this ACOM analysis is low because of the serious overlapping of the metal and 

oxide phases. In addition, the fcc ZnLi alloy was also found in the diffraction pattern in Figure 4-14e, which 

shows the integrated signal from the area marked by the yellow dash box in Figure 4-14a. Figure 4-14f 

and 14g are line profiles along the arrows at the green and blue rectangle areas in Figure 4-14e, in which 

three sets diffraction patterns can be indexed including fcc M, rock salt MO and ZnLi alloy. Considering 

that Mg2+ cannot be reduced during the lithiation in the given voltage range and the metallic state of all 

the other four elements has been confirmed by XAS, the MO here should be MgO. Although a large 

amount Li2O should be present at the discharged state, it was not detected in the TEM measurements, 

which could be caused by the beam sensitivity of Li2O or due to an incorporation with the other oxides. 

The lattice spacing of the {004} and {022} planes in ZnLi are very close to the d-values of {022} and {002} 

in MgO. In the ACOM analysis, this cannot be properly separated and with the thus enhanced MO signal 

(red) viewed along the [001] direction this results in Figure 4-14a showing more intense red color this 

grain in the left-top corner. The shift of the (002) peaks of M and MO (MgO) and (022) of ZnLi in the 

reciprocal space are aligned suggesting a defined orientation relationship among the three compounds.  
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Figure 4-14: a) phase map processed from the 4D-STEM data in Figure 4-13; b) local phase map at the area marked 

in a by white rectangle in a); c) and d) summed diffraction of the yellow and blue rectangle areas in b); e) summed 

diffraction at the yellow rectangle marked area in a); f) and g) line scan profiles of the green and blue rectangle areas 

in e) along the arrows directions. The scale bar in a) is 50 nm, in b) is 5nm, in c) and d) is 5 1/nm, in e) is 5 1/nm. 

Based on the results from the HRTEM and 4D-STEM, the complex structure relationships of the 

different phases in cycled materials, at the discharged and recharged state, could be drawn. The initial 

HEO has a polycrystalline rock salt structure. During the lithiation process, during discharging, except for 

Mg all metal elements are reduced to a metallic state from the oxide. Some amount of Co, Ni and Cu 

separated out of the grain and alloyed into an fcc structure at the grain boundary as confirmed by the 

EELS, HRTEM and 4D-STEM data. Co, Ni and Cu still presented within the grain form an fcc alloy inside the 

grain. A schematic of the structure is shown in Figure 4-15a. In the discharged sample, a rock salt oxide 

phase was confirmed by both HRTEM and 4D-STEM data. As the XAS data confirms except for Mg that all 

metal elements are in a metallic state and Mg should be the only elements from the initial HEO in the 

oxide phase. During the discharging, the other metal elements were driven out of the HEO structure and 

the vacancies left by the transition metal elements (Co, Ni Cu and Zn) could be filled by Li+ and form a 

continuous rock salt structure Mg-Li-O network. The large grain size (hundreds nm) visible in Figure 4-13b 

could be an indicator for this speculation: if Li+ did not occupy a large amount of vacancies left by the 

transition metals (80% of metal sites in the initial HEO) the orientation of oxide phase would be expected 

to vary locally. A schematic of the structure of the Mg-Li-O phase is shown in Figure 4-15b. The 4D-STEM 

data in Figure 4-14 indicates that the alloy and oxide phases have an epitaxial relationship as the planes 
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in the two structures have exactly the same orientation in both [101] (Figure4-14c and 14d) and [100] 

(Figure 4-14e) direction in one grain. The ZnLi alloy formation was confirmed to be another phase in the 

discharged sample.  XAS data of Zn in the discharged state showed that Zn has an fcc metallic environment. 

The EELS maps exclude the possibility of Zn alloying with other transition metals as they show different 

distributions. Various literature references confirm that Zn can alloy with Li forming an fcc alloy during 

lithiation process[276–278], which is a consistent conclusion from our work about the Zn environment in 

the discharged state. Besides the CoNiCu alloy and Mg-Li-O, a third phase detected in the 4D-STEM data 

can be indexed using the ZnLi structure. A schematic of the ZnLi alloy is shown in Figure 3-15c. The 4D-

STEM data indicates the ZnLi showing an epitaxial structure relationship with the Mg-Li-O phase as the 

(004) and (022) planes of ZnLi have the same orientation with the (022) and (002) planes of the Mg-Li-O 

phase. These planes have similar d-space values as well. The assumed schematic of the epitaxial structure 

between ZnLi and Mg-Li-O is shown in Figure 4-15-right. An overall structure relationship inside the grain 

can be concluded based on the above discussion that all the phases formed, CoNiCu alloy, ZnLi alloy and 

Mg-Li-O, have an epitaxial relationships and randomly distribute inside the grain with small domain sizes 

of several nm. Unfortunately, the structure relationship of the CoNiCu alloy and Mg-Li-O was not been 

directly observed in the discharged state due to the low crystallinity (as shown in the Figure 4-12). 

However, we assume the structure relationship between the CoNiCu alloy and Mg-Li-O is consistent with 

that at the recharged state because the CoNiCu alloy was already formed (demonstrated by the HRTEM 

and 4D-STEM data) and it can be clearly observed in the dendrites located at the grain boundary in the 

lithiated sample. HRTEM in the delithiated state (Figure 4-11e) shows that the (111) reflection of the 

formed fcc alloy and the (002) of the oxide phase are continuous across the grain boundary indicating that 

the two structure could intergrown along this direction. However, in another direction the lattice distance 

of the two phase, (022) of metal phase (1.3 Å) and (022) of oxide phase (1.5 Å), cannot match with each 

other. Therefore, a titled angle could be need between the two phases to compensate part of the 

mismatch. A basis for this speculation is that the dendrite is well aligned along the [101] orientation but 

the grain interior in the vicinity is slightly misaligned from the zone axis as shown in the HRTEM in Figure 

4-11e. A possible schematic of the structure relationship of CoNiCu alloy and Mg-Li-O at the grain 

boundary is shown in Figure 4-15d (left).  The overall relationship among the different phases at the 

lithiated state is shown by the diagram in Figure 4-15e based on the experimental results and 

uncertainties mentioned above. During the following delithiation process, the Zn and partial Co can be 

reoxidized back to 2+. They could be incorporated into the Mg-Li-O phase and replace some Li+ as the EELS 

maps show quite similar distribution for Mg, Co, Zn and O (Figure 4-9e). The released Li+ was transferred 

towards to the counter electrode. The CoNiCu alloy formed at the grain boundary and inside the grain 

cannot be reoxidized and kept the structural relationship with the oxide phase that at the lithiated state. 
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Figure 4-15: diagram of structures and epitaxial phase relationship. Sketches of the phase structure of a) M phase, b) 

MO phase and c) ZnLi phase; d) relationship of the dendrite and the oxide phase (left) at the grain boundary as well 

as of the oxide phase and ZnLi (right) in the grain; e) an exemplary overview structure schematic in the discharged 

state.  

4.7. Study of the 3D electric conductive network 

4D-STEM data revealed the presence of metal alloy dendrites at the grain boundaries. However, no 

3D information on the connectivity of these conductive paths is available from the 4D-STEM data. 

Therefore, STEM based electron tomography at the discharged state was performed to analyze the 3D 

structure. Figure 4-16a shows a volume rendering of a part of the complete reconstructed particle, in 

which denser, thin layers can be observed. After segmentation, surface rendering of the alloy at the grain 

boundary was conducted (inset Figure 4-16a), which reveals that the alloy forms a connected 2D sheet-

like morphology. Figure 4-16b to 16f show different cross sections of the selected volume revealing the 

interconnected high intensity alloy present throughout the thickness. Combining the 4D-STEM and the 3D 

tomography information of the discharged sample, the reduced Cu, Ni and Co alloy generate this highly 

interconnected sheet-like alloy network at the grain boundaries of the particles. This 3D alloy network 

provides a fast electron transfer path in the otherwise insulating oxide particles and thus eliminates the 

particle/aggregate size effects in MOs serving as electrode material. Inside the grain, the metal phase 

intermixed with the oxide phase at the nanometer level provides a short electron transfer path further 
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enhancing the electronic conductivity of the grain. These observation lead to the conclusion that the 

electric conductivity of the cycled sample should be enhanced dramatically compared with the initial HEO.   

 

Figure 4-16: a)  visualization of 3D tomographic reconstruction of the sample at 1st discharge state, the insertion is a 

surface rendering of the alloy phase at the grain boundary in the white box marked area; b) to f) slices of the 

reconstruction along the view direction in the depth denoted at the bottom right corner in the images. 

To experimentally confirm the improved conductivity, a STEM-STM holder was used to measure the 

electrical conductivity of the as-prepared and 1st recharged sample. As shown in Figure 4-17a, the 

recharged sample shows a dramatically enhanced electric conductivity compared with the as-prepared 

sample. The as-prepared sample behaves as an insulator where almost no current could be detected in 

the voltage range of -15 to 15 V. However, the current intensity of the cycled sample reached 0.1 µA at 

15 V. The fact that almost no current was measured in the range from -5 to 5 V can be assigned to the 

contact resistance between the W tip and analyzed particle.  

Electrochemical impedance spectroscopy (EIS) was conducted to separate the effect of ion transfer 

on the conductivity and to obtain a statistically relevant analysis at the macroscopic level to study charge 
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transfer and mass transfer resistance in the entire battery system. The EIS spectra from as-prepared (black) 

and recharged (red) samples are shown in Figure 4-17b. In the EIS spectrum, the x axis and y axis present 

the real part (Z’) and imaginary part (Z’’) of the impedance. The frequency decreases with an increasing 

real part (Z’) of the impedance. As shown in Figure 4-17b, the EIS of the as-prepare sample consists of a 

semicircle at high and medium frequency and a straight line in the low frequency region, which are 

dominated by the charge transfer and mass transfer.[281,282] In the spectrum of the 1st charged sample, 

two flattened semicircles (as marked by the arrows in Figure 4-17b) are observed in the high and middle 

frequency region. The appearance of the first high-frequency semicircle is caused by the solid electrolyte 

interface (SEI) formation at the cathode surface during the lithiation process, which is a common 

phenomenon that can be observed in cycled batteries[283–286]. The second semicircle in the medium 

frequency region is caused by the charge transfer resistance of the anode/electrolyte interface. As 

expected, the charge transfer resistance (Rct, the diameter of the second semicircle at medium frequency) 

of the 1st recharged sample is much smaller than the diameter of the semicircle in the as-prepared sample 

indicating that the  the electronic resistance was reduced after cycling. The results shown here confirm 

the hypothesis presented above and prove that the 3D alloy network at the grain boundaries and inside 

the grain can reduce the electron resistance of the cycled samples. 

 

Figure 4-17: a) current-voltage curve of the as-prepared and 1st charged samples, the insets at the top-left and bottom-

right show the situation of the as-prepared and the 1st charged sample respectively, the scale bars are 500 nm; b) 

electrochemical impedance spectroscopy (EIS) of the as-prepared and 1st charged samples. 

4.8.  Summary and discussion 

4.8.1. Summary 

In this chapter, we investigated the reaction mechanisms of the HEO (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O used 

as anode in lithium batteries. Samples in the as-prepared, delithiated and delithiated states have been 

characterized by various techniques in order to understand the electrochemical reactions. The results 
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show that the initial HEO consists of micro-size hollow particles exhibiting a pure rock salt structure. In 

the lithiated state Co, Ni, Cu and Zn were reduced to a metallic state with Zn further forming an fcc ZnLi 

phase. The reduced Co, Ni and Cu formed an fcc alloy at the grain boundary and inside the grain. Mg 

cannot be reduced by Li in the given voltage window due to its higher reducibility compared with Li. This 

was confirmed by EELS maps where the Mg distribution showed a high correlation with O. HRTEM and 

4D-STEM results also confirm a continuous rock salt structure in the lithiated sample even though all the 

Co, Ni, Cu and Zn were demonstrated by XAS to be in a metallic state in the lithiated sample. During the 

lithiation the Co, Ni, Cu and Zn are extracted from the rock salt structure of the initial HEO, which leaves 

a large amount of vacancies. The vacancies might be filled by the Li+ transferred from the electrolyte and 

an Mg-Li-O frame is supposedly produced in the lithiated sample. Evidence for this speculation is the 

continuous rock salt oxide network present in the lithiated sample although 80% of metal elements in the 

HEO have been removed from the metal sites of the initial structure. The Mg-Li-O frame probably plays a 

critical role in stabilizing the material by forming an epitaxial structure with the metallic phase (CoNiCu 

alloy inside the grain) and the ZnLi alloy during battery cycling. A large lattice mismatch is present between 

the CoNiCu alloy (3.6 Å) and Mg-Li-O (4.2 Å) and the strain energy is partially released by forming misfit 

dislocation. This is consistent with the small domain size of the metal and oxide phases observed by STEM-

HAADF imaging. Moreover, the CoNiCu alloy at the grain boundaries leads to the formation of a 3D 

electrically conductive network, which has been confirmed by both the 4D-STEM and 3D tomography 

results. During the following delithiation process, after dealloying of ZnLi, Zn and partially Co were 

reoxidized back to 2+. Due to the strong correlation of the Mg, Co, Zn and O elemental distribution maps 

at the delithiated state, we speculate that the reoxidized Co and Zn is incorporated into the oxide phase 

and forms a Mg-Co-Zn-Li-O network in the delithiated sample. The CoNiCu alloy network is not reoxidized 

during recharging and is still present in the delithiated sample. This could be due to the strong oxidation 

potential of Cu that cannot be oxidized in the given voltage window.[287] The 3D alloy distribution 

provides a good electron transport path and is of great advantage for metal oxides that are intrinsically 

electronically insulating. During battery cycling, the 3D alloy network can thus provide a fast electron 

transfer path through the grain boundaries. The nanoscale CoNiCu alloy intermixed with Mg-Li-O/ Mg-Co-

Zn-Li-O result in short electron transport paths within the grain. At the same time, the Mg-Li-O/ Mg-Co-

Zn-Li-O frame could be a good conductor for Li ions and one can speculate that the Li ions can migrate 

using the Li sites in the Mg-Li-O/ Mg-Co-Zn-Li-O network. M. Mozdzierz et al. reported that in a series of 

rock salt (Co,Cu,Mg,Ni,Zn)1-xLixO oxides (x < 0.30) the ionic conductivity of the material increases with 

increasing Li amount.[288] In addition, the Mg-Li-O/ Mg-Co-Zn-Li-O network seems to stabilize the 

structure and avoids strong volume changes and crushing of the initial particles (the hollow morphology 

of initial HEO was intact after the 1st cycle) and thus prevents dead volume generation and leads to a 

stable battery cycling. 
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In this work, the self-assembled 3D electron and ion conductive networks were revealed in the HEO 

(Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O during battery cycling. The results shade light on the mechanism allowing HEO 

to avoid the ‘size effect’ when serving as anode in LIBs. This could open new perspective in the designing 

of metal oxides used for anode materials and the possibility of employing large particle size multi-cations 

metal oxides as next generation lithium ion electrode materials. Compared with the nanoscale metal 

oxides, the micro-size HEO could provide higher volumetric energy density and avoid the higher industrial 

production cost of the nanoscale manufacturing.  

4.8.2. Discussion 

The cyclic voltammetry (CV) curve of the HEO (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O during first five cycles is 

shown in Figure 4-18. In the first cathodic process, a broad peak appeared at about 0.5 V due to the 

reduction of the metal oxides, Co, Ni, Cu, Zn and  ZnLi generation[111]. In addition, a SEI formation process 

is presumably also incorporated in this broad peak as the Li ions can react with a small amount of polar 

aprotic solvent in the electrolyte and form an organic solid electrolyte film on the particle surface.[289] 

In the following anodic scan, two weak, broad peaks can be observed. The first peak has a maximum at 

about 0.7 V and can be attributed to the dealloying of ZnLi.[111] The second peak has a maximum at about 

1.8 V and corresponds to the oxidization of the metal elements. The wide voltage window, from about 

1.3 V to 2.5 V, in principle includes the oxidization range for Co, Ni and Zn. However, the XAS results in 

this work show Ni not to be reoxidized during the delithiation process. Therefore, the second peak at 

about 1.8 V in the delithiation process corresponds only to the oxidization of Zn and Co. The overlapping 

of the reduction peaks of Co, Ni, Cu, Zn and the oxidization peaks of Co and Zn in the cathodic and anodic 

processes could be caused by the closed reaction potentials of the active metal elements in the HEO. 

Another explanation is that the electrochemical reaction of the HEO during lithiation and delithiation is a 

solid solution process where different metal elements (Co, Ni, Cu and Zn in first lithiation process, Co and 

Zn in delithiation process) react simultaneously. The simultaneous reaction of different metal elements 

during the lithiation and delithiation processes could be beneficial for the fast CoNiCu alloy formation and 

the incorporation of the Co and Zn into the Mg-Co-Zn-Li-O network. In addition, the solid solution reaction 

would provide a smooth voltage-capacity curve that can be easily incorporated in battery management 

systems. However, to confirm the solid solution reaction and the detailed sequence of the active metal 

elements transformation, more in-situ experiments, such as in-situ XAS, would be needed. During the 

following cycles, the cathodic peak shifts to higher energy compared to the first cycle, which could be 

caused by a suppressed SEI formation. The intensity of all the cathodic and anodic peaks decrease with 

increasing number of electrochemical cycles showing a capacity fading of the battery during cycling. 
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Figure 4-18: CV curve of HEO during the first five cycles in the voltage window between 0.01 and 3 V. 

This work shows that the capacity of HEO (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O is given by the contribution of 

Zn and the partial contribution of Co. During the 1st lithiation process, Co, Ni, Cu and Zn were reduced to 

the metallic state using the electrons transferred from the external circuit. Zn further alloys with Li forming 

ZnLi. During the following delithiation process, the dealloying of ZnLi at about 0.7 V could provide about 

70 mAh/g capacity. Then, Zn and partially Co were oxidized back to 2+. During the oxidization of Zn, the 

state change from Zn to Zn2+ after the dealloying reaction could provide about 153 mAh/g capacity. If we 

assume all the Co can be reoxidized back to 2+ (which it actually cannot), it would also provide a capacity 

of 153 mAh/g. Therefore, following the electrochemical reactions identified in this work, the HEO could 

only exhibit a total capacity of about 376 mAh/g (the summed value of the above mentioned processes). 

However, an experimental capacity of about 500 mAh/g was measured, much higher than the calculated 

capacity.[159] One explanation for this could be that the CuNiCo phase might also be able to alloy with 

lithium and thereby contribute to the capacity. The crystallinity changes in the discharged and charged 

material could be considered as evidence for the CuNiCo alloy to react during cycling, thereby adding to 

the capacity. As described in the results section, the discharged sample exhibits a lower crystallinity than 

the charged one, which could be caused by lithium insertion leading to the formation of a distorted 

structure in a CuNiCoLi alloy. Local EELS analysis of Li K-edge might in principle be able provide the answer. 

However, practically this was not possible for our samples due to the overlap of the very small metal and 

metal oxide phases in projection and the significant overlap of the Li-K edge and the M-edges of the 

transition metals, Co, Ni, Cu and Zn. In addition, the decomposition of SEI during delithiation and the 

pseudocapacitance could be other reasons for the higher experimental capacity. 
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This study has helped to reveal the behavior and the contribution of each of the five metal elements 

in the HEO during battery cycling. It has been shown that the function of each element cannot be 

considered isolated from each other, but they show synergetic effects in the battery. In a previous study 

it has been shown that the five metal element HEO exhibits better battery performance than any of the 

related four transition metal element MEOs (removal of single transition metal from the HEO).[159] The 

electrochemical performance comparison between the HEO and the MEOs (the pure phase MEO-Ni and 

MEO-Mg cannot be prepared experimentally) can be found in Figure 4-19. These results confirm that for 

achieving the high capacity and the stable cycling, the contribution of all metal elements in the HEO is 

indispensable for this synergic effect. The MEO without Co (MEO-Co) delivered a lower initial capacity 

compared with the HEO and completely lost the lithium storage ability after 11 cycles. This suggests that 

Co is a critical element in the HEO. During the battery cycling of HEO, the Co is present in both metallic 

and oxide phases. One possible reason for the inferior battery performance of MEO-Co could be that Co 

is essential for the formation of either CoNiCu alloy or Mg-Co-Zn-Li-O (at charged state) phases. However, 

we should mention that the success of HEO is based on the synergetic effect and not a simple summing 

of the behaviors of different elements. Therefore, only considering the function of each single element 

isolated from the other HEO cations might not be enough to illustrate the battery performance of the 

MEOs. Zn was demonstrated to be one of the main elements contributing actively to the capacity using 

the conversion reaction and alloy reaction. However, after removing Zn from the HEO, the MEO-Zn shows 

higher initial capacity than the HEO. In addition, while Cu and Zn have significant different roles in the 

HEO, the MEO-Cu and MEO-Zn show similar electrochemical performance. Although they have a higher 

initial capacity than the HEO, the capacity fades continuously after 20 cycles and reaches a lower capacity 

than the HEO after 30 cycles. The high initial capacity suggests that without Cu or Zn, more metal elements 

take part in the redox reactions meaning that fewer elements (or no metal elements at all) contribute to 

the alloy formation, which is a stable phase during the de/lithiation process (electrochemically inert like 

the CoNiCu alloy in HEO). The missing of the 3D network of CoNiCu alloy at the grain boundary and inside 

the grain could be one reason for the inferior battery cycling stability of MEO-Cu and MEO-Zn. Further 

experiments including ex-situ XAS and TEM measurements would need to be carried out for the MEOs at 

different cycling stages to better understand how the lack of the different transition metals affects their 

battery performance.  
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Figure 4-19: comparison of the battery performance among the HEO and MEOs using a current density of 50 mA/g, 

adopted from reference[159]. TM-HEO, TM-MEO(-Co), TM-MEO(-Cu) TM-MEO(-Zn)  present 

(Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O, (Cu0.25Mg0.25Ni0.25Zn0.25)O, (Co0.25Mg0.25Ni0.25Zn0.25)O and (Co0.25Cu0.25Mg0.25Ni0.25)O, 

respectively. The battery performance of TM-MEO(-Ni) and TM-MEO(-Mg) are not shown here due to the pure phase 

TM-MEO(-Ni) and TM-MEO(-Mg) cannot be obtained in the same preparing condition with HEO. 
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5. New insight of de-/sodiation mechanism of MoS2: sodium insertion 

in amorphous Mo-S clusters 

5.1. Introduction 

Beside metal oxides, molybdenum disulfide (MoS2) is also a promising anode material for LIBs and 

SIBs with the advantage of a high theoretical capacity and excellent rate performance.[45,86,290] These 

advantages are especially useful for SIBs, where the traditional commercial graphite anode in LIBs is 

thermodynamically not feasible.[119] In LIBs, the lithiation mechanism is considered to be an 

intercalation reaction following a conversion reaction, which has been demonstrated by TEM and XAS 

analysis.[194,195] Mo cluster formation was observed directly by TEM and STEM imaging in work 

reported by S. Yu et al. and Q. Su et al.[194,195] W. Choi et al. demonstrated a conversion reaction 

mechanism by the disappearance of a defined Mo-S shell in the fully discharged state using XAS 

measurements.[196] An intercalation reaction during de/sodiation along with a phase change of MoS2 

from 2H to 1T was further confirmed by TEM and Raman studies.[190,191,291] However, the next 

reaction following the initial intercalation during further sodiation is still unclear. Considering the 

similarities of the alkali metal ions, further sodiation after the initial intercalation reaction of MoS2 was 

believed to similar to that in LIBs. Therefore, it was expected that MoS2 converts to Mo and Na2S in the 

fully sodiated state.[191,291–293] This hypothesis was mainly supported by Raman analysis and (S)TEM 

studies. However, as discussed in chapter 1, both of them are not able to provide direct bond information 

of the amorphous structure in the complicated environment after the battery reaction. The ePDF and XAS 

measurements used in the previous chapter are powerful tools to identify bonding information including 

atomic distances, bound angles and valence state, and were applied in this chapter to study the 

de/sodiation mechanism of MoS2. A state-of-art MoS2/C composite (noted as MoS2-C@C in this thesis), in 

which carbon is inserted between the MoS2 layers and with carbon as additional conductive backbone, 

was chosen to study the reaction mechanism of MoS2 in SIBs. This material exhibited a high capacity and 

good cyclic stability in SIBs in a previous study. [145] To separate the effect of carbon on the reaction 

mechanism, bare MoS2 (without carbon) was also investigated and compared to MoS2-C@C. Moreover, 

the effect of the carbon support structures on battery cycling was investigated using S/TEM imaging and 

4D-STEM. 

5.2. Experimental 

5.2.1. Materials synthesis 

Hierarchically structured MoS2 (denoted as MoS2–C@C) and bare MoS2 were synthesized by Dr. 

Zhenyou Li in the group of Prof. Dr. Maximilian Fichtner using an interfacial engineering approach 

developed. A schematic of the synthesis is shown in Figure 5-1. α-MoO3 was dispersed in a 2 mg/mL 
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dopamine hydrochloride/ tris-aminomethane buffer solution (pH= 8.5) with a molar ratio of 1:3 of α-

MoO3:dopamine. During ripening for more than 12 h, a polydopamine (PDA)-MoO3 complex was 

generated and separated from the suspension. The PDA-MoO3 complex was cleaned by washing with H2O 

and ethanol 5 times. Afterwards, the complex was dispersed in an aqueous thiourea solution, with a molar 

ratio of 1:5 of Mo:S. The solution was transferred into a Teflon coated autoclave after stirring for 1 h. After 

heating for 24h to 200 ˚C, the product was obtained from the hydrothermal reaction. The final product 

was obtained by calcining the powder at 350 ˚C for 1 h an 800 ˚C for 3 h. Bare MoS2 (denoted as m-MoS2) 

was also synthesized for comparison following the same approach, but without the addition of dopamine. 

 

Figure 5-1: schematic of the synthesis strategies for the MoS2-C@C and m-MoS2 composites, modified from[145]. 

5.2.2. Electrochemical measurement 

A two-electrode Swagelok cell configuration was used for all electrochemical studies. The electrodes 

were made by coating a copper foil with a slurry containing 70% active material, 20% Super P and 10% 

carboxymethyl cellulose (CMC) in N-methyl-2-pyrrolidone (NMP), followed by drying in vacuum at 80 ˚C 

for 15 h. Except for the cells for in-situ XAS measurements, a typical mass loading of the active material 

of 1.0-1.5 mg cm-2 was used for all electrodes. The mass loading of the electrodes for XAS was about 5 mg 

cm-2. The cells were assembled in an Ar-filled glovebox (both H2O and O2 < 0.5 ppm) using 1 M NaClO4 in 

propylene carbonate (PC) with 5 wt. % fluoroethylene carbonate (FEC) as electrolyte. Na foil and glass 

fiber were selected as counter electrode and separator.  
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5.2.3. Characterization 

S/TEM imaging, SAED and EDX measurements were performed using an aberration (image) 

corrected FEI Titan 80–300 microscope operated at 300 kV. The STEM-EELS data was acquired using an 

image and probe double corrected ThermoFisher Themis Z operated at 300 kV. Cycled samples were 

transferred under inert gas condition from a glove box to the microscope using a Gatan 648 vacuum 

transfer holder to minimize air exposure. 4D-STEM data sets was acquired using a quasi-parallel beam in 

STEM mode in the Titan 80-300. A Medipix 4s detector was used to obtain the diffraction patterns.  

5.3. Morphological and structural characterization of as-prepared MoS2-C@C 

The morphology and structure of the as-prepared MoS2-C@C were examined by TEM and XRD 

(Figure 5-2). The as-prepared MoS2–C@C has a sheet-like morphology as shown in S/TEM images in Figure 

5-2a and 2b. The distance between the sheets is inherited from the (002) d-spacing of 0.62 nm in the MoS2 

crystalline structure, but increased varying between 0.79 nm to 1.14 nm, indicating that carbon was 

inserted between the MoS2 layers. XRD measurements were carried out to confirm the structure of the 

as-prepared MoS2-C@C (Figure 5-3c). However, only two peaks were observed in the XRD pattern due to 

the low crystallinity of the as prepared sample, which could be indexed to the (1
_

20) and (010) planes of 

MoS2 (JCPDS #37-1492). The inserted picture in Figure 5-3c shows the SAED pattern. Consistently, there 

are two crystal plans visible in the SAED pattern corresponding to the (1
_

20) and (010) planes. Between 

them, a broad halo is observed, which suggests that the MoS2–C@C material has low crystallinity due to 

the carbon insertion between the MoS2 layers. An ePDF was calculated based on the SAED pattern. Figure 

5-2d shows a comparison of the experimentally determined MoS2–C@C PDF and simulated PDFs for the 

2H and 1T type MoS2 and graphene. All of the peaks in the experimental PDF can be explained by the 

crystalline 2H MoS2 and graphene structures meaning that the short- and medium-range order of the 

MoS2–C@C is the same as in the crystalline material. The simulated partial PDFs of 2H and 1T type MoS2 

are shown in Figure 5-3, which clearly illustrate that the first peak (2.38 Å) and second peak (3.12 Å) in 

the PDFs of the 2H and the 1T type MoS2 can be attributed to the Mo-S and Mo-Mo/S-S distance. The two 

peaks correspond to the second and third peak in the experimental ePDF of the as-prepared MoS2–C@C 

in Figure 5-2d. The first peak in the experimental PDF corresponds to the C–C bond distance in graphene. 
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Figure 5-2: a) TEM (left) and STEM-HAADF (right) images of as-prepared MoS2-C@C; b) HRTEM image of as-

prepared MoS2-C@C; c) XRD pattern of as-prepared MoS2-C@C, inset is the SAED; d) PDF of as-prepared MoS2-

C@C and simulated PDFs of 2H MoS2, 1T MoS2 and graphene. 

 

Figure 5-3: partial PDF simulated of 2H (a)) and 1T (b)) type MoS2. 
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5.4. Structural changes during cycling of MoS2-C@C 

To reveal the de/sodiation mechanisms of MoS2-C@C, XRD and ePDF analysis were performed for 

samples at different charging states. As shown in Figure 5-4a, batteries were stopped at the various states 

marked by the red points on the voltage-capacity curve of the first cycle and the electrode materials 

recovered. Figure 5-4b shows XRD patterns of the samples at the different states where the intensity of 

the (1
_

20) and (010) reflections at about 26 and 46 ° gradually decreases and totally disappears at the fully 

discharged state. The presence of the two reflections from as-prepared to the ‘discharge 3’ state means 

that in this discharging interval the crystal structure is still (partially) present during sodiation, which can 

be explained an initial intercalation of sodium ions in between the MoS2/C layers.[191,294] Significant 

structural alterations are starting to happen between the ‘discharge 3’ point and the fully discharged state, 

where the crystalline reflections disappear. In addition, two new reflections at about 30 and 43 ° appear 

in the ‘discharge 1’ sample and are present throughout the discharge cycle, which can be indexed as (002) 

and (022) planes in NaF. The formation of NaF could be the result of a decomposition of electrolyte along 

with the generation of an SEI layer during discharging. SAED patterns were also acquired at the fully 

recharged state for comparison with the XRD results (Figure 5-5). Compared to the SAED of the as-

prepared sample, the two diffraction rings corresponding to the (1
_

20) and (010) planes disappeared and 

only broad amorphous halos were observed for the cycled samples, confirming the loss of long-range 

order in the cycled samples. After integrating the diffraction signal in radial direction and removing the 

background corresponding to single atom scattering, the structure factor of the samples was calculated 

(Figure 5-5b). The structure factors of cycled sample are quite similar, whereas, they are clearly different 

from the as-prepared sample. It means that the as-prepared sample undergoes a structure/phase 

evolution during sodiation, and the structural evolution is irreversible in the following desodiation process. 
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Figure 5-4: a) voltage-capacity curve of first discharge and charge process of MoS2-C@C, the marked points present 

the state of ex-situ XRD and PDF samples; b) ex-situ XRD of MoS2-C@C during 1st cycle. 

 

Figure 5-5: a) SAED of as-prepared and cycled MoS2-C@C; b) structure factors of as-prepared and cycled MoS2-

C@C samples, the scale bar in a) is 5 1/nm. 

For a more intuitive interpretation of the amorphous structure using atomic distances and bond 

information in real space, ePDFs were calculated based on the structure factors (Figure 5-6a). In the ePDF 

of the as-prepared sample, several pronounced peaks can be observed fitting to the structure of MoS2 

and graphene. As previously explained, the second peak at about 2.4 Å and the third peak at about 3.1Å 

in the PDF of the as-prepared sample correspond to the Mo-S and Mo-Mo/S-S distances. For a conversion 

reaction, it would be expected that the 2nd peak at 2.4 Å corresponding to the Mo–S bonds disappears 

during the discharging process. However, a strong peak at 2.4 Å can be clearly observed in the fully 

discharged sample as the dominate peak. This indicates that a large fraction of the Mo-S bonds persist 

throughout the sodiation process. In the contrast, the Mo-Mo/S-S peak at 3.1 Å disappears revealing that 

most Mo-Mo/S-S nearest correlations are lost, which is in line with a loss in crystallinity during discharging. 

This indicates that the MoS2 sheets break up into Mo-Sx polyhedral clusters during the discharge process 

and the Mo-Sx clusters randomly arrange without any long-range order. The result reported here is  

different from previous reports about the conversion reaction mechanism of MoS2 in sodium ion batteries, 

where MoS2 was believed to be converted into metallic Mo and Na2S.[191,291–293] To further confirm 

the reaction mechanism, simulated PDFs of Na2S and Mo are shown in Figure 5-6a. The Na–S bond length 

in Na2S is at about 2.8 Å, and the Mo–Mo bond length in metallic Mo is about 2.7 Å.  Neither Na2S nor Mo 

signatures can be observed in the ePDF of the discharged sample, meaning that Na2S and Mo are not the 
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main products during sodiation. Furthermore, the ePDF of the recharged sample is mostly identical to the 

discharged state where the Mo-Mo/S-S distances at about 3.1 Å remain weak. A comparison of the ePDFs 

in the discharged and charged state illustrates that the majority of the MoS2 structure does not recover 

after the desodiation process.  

To obtain bulk information on the whole electrode, XAS analysis was carried out to get valence state 

and short range order information to follow the evolution of MoS2-C@C. As shown in Figure 5-6b, the Mo 

XANES of the as-prepared and the cycled samples show identical onset positions, which are different from 

metallic Mo. This XANES result is in agreement with the previous PDF analysis, that Mo cannot be reduced 

to a metallic state during sodiation and desodiation. Notably, a clear pre-edge appears in the XANES of 

the discharged sample, which cannot be observed in the as-prepared and charged samples. The pre-edge 

of XANES is related to the atomic environment and affected by the coordination symmetry. The change 

in symmetry could be caused by a large amount of sodium in the electrodes in the discharged sample.  For 

instance, a similar pre-edge appears in monoclinic MoO3 (shown in Figure 5-6b), which is due to a distorted 

coordination of the Mo atoms.[295] However, the onset positions in the discharged sample and MoO3 are 

obviously different, which exclude the possibility that the spectrum of the discharged sample is due to 

MoO3. EXAFS-FT (Figure 5-6c) shows element specific PDFs bringing information on the atomic nearest 

neighbors. It confirms the structure of the as-prepared sample with the two characteristic distances 

corresponding to Mo–S and Mo-Mo distances in a single layer of MoS2 (2H and 1T type). As expect, the 

EXAFS-FT is consistent with the ePDF data. In the discharged sample, the Mo-Mo distances are not 

observed any more. In addition, the Mo-Mo distance does not reappear after the recharging process, 

which means that the Mo-Sx clusters replace the initial MoS2 to store sodium ions in following cycles. 

Furthermore, the shape of Mo-S peak in the discharged and recharged EXAFS-FT are slightly different, 

which indicates a different coordination symmetry of the MoSx polyhedral clusters caused by the sodiation 

and desodiation. EELS spectra of the S-K edge in the discharged and charged state are shown in Figure 5-

6d. The spectra were obtained by averaging the signal acquired from different locations to get more 

statistics and a better signal to noise ratio. It is clear that S in the sodiated sample shows a reduced pre-

edge compared with the desodiated sample, which could be caused by Na-S bonding. The formation of 

Na-S bounds would explain the change in symmetry of the Mo-S clusters in the discharged state.  
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Figure 5-6: a) PDFs of as-prepared, discharged and charged samples with the simulated PDFs of MoS2 (solid line and 

dash line presents the 2H type and 1 T type MoS2, respectively), Na2S and metal Mo; b) and c) XANES and FT-

EXAFS characterization of as-prepared and cycled samples; d) EELS spectrum of S K-edge at discharged and charged 

states. 

Based on the consistent observations of ePDF and XAS analysis, the following scenario has been 

identified: during insertion of sodium ions into the MoS2-C@C composite, the initial crystalline MoS2 is 

reacting to form Mo-Sx clusters in the fully discharged state. The Mo-Sx clusters show different symmetry 

compared to the initial MoS2 structure, because of bonding to the surrounding sodium ions. After removal 

of the sodium ions from the Mo-Sx clusters and the carbon composite, the symmetry of the Mo-Sx clusters 

in recharged state is recovered (fitting to the symmetry in the as-prepared sample). However, the long-

range order of the crystalline MoS2 cannot be recovered during the desodiation process. 

For a better understanding the cycled products, STEM-EELS (Figure 5-7) was used to analyze the fully 

discharged sample. It should be noted that S and Mo show the same distribution at the nanoscale (the 

pixel size is 1.5 nm). There are no agglomerated Mo areas observed in the STEM-EELS map, which is 

consistent with the previous structural analysis that Mo cannot be reduced to the metallic state in the 

fully discharged state. However, sodium shows a different distribution from Mo/S with more sodium 
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appearing in the thick region. This can be due to the higher amount of active materials and carbon matrix 

locate at the thick area that could store more sodium and generate more SEI.  

 

Figure 5-7: a) STEM-HAADF image; b) enlarged image of the area marked in a); c) sum spectrum from the whole 

EELS data cube; d) to f) elemental maps (integrated single) of S, Mo and Na. 

5.5. De/sodiation mechanism of bare MoS2 

To understand if the carbon in the MoS2-C@C composite affects the de/sodiation mechanism, the 

reaction mechanism of bare MoS2 (without carbon) was studied. Figure 5-8a and 8b show the morphology 

and HRTEM images of bare MoS2. The bare MoS2 shows a sheet-like morphology, which is similar to that 

of the MoS2-C@C composite. However, the bare MoS2 exhibits much higher crystallinity than the MoS2-

C@C composite. In the insert in Figure 5-8b, it is clear that the (002) planes exhibit good crystallinity with 

the regular 0.65 nm lattice spacing. In the inserted SAED on the right side of Figure 5-8, the as-prepared 

MoS2 show strong diffraction rings that can be indexed as 2H MoS2. Similar to the MoS2-C@C composite, 

the cycled bare MoS2 exhibits a low crystallinity without any clear diffraction rings in the SAED pattern. 

ePDF analysis (Figure 5-8c) demonstrates that the Mo-S bonding in the bare MoS2 does not disappear 

during the first discharging cycle, similar to the MoS2-C@C composite. In addition, the initial structure of 

MoS2 cannot be fully recovered after the recharging process analogous to the MoS2-C@C composite. The 

consistent results for the bare MoS2 and MoS2-C@C indicates that the de/sodiation mechanism of MoS2 

is independent of the carbon composite.  
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Figure 5-8: a) TEM image of as-prepared bare MoS2; b) HRTEM image of as-prepared bare MoS2; c) the PDFs of as-

prepared, discharged and charged bare MoS2 samples, the right inserted pictures are SAED patterns, the scale bars in 

the SAED patterns are 5 1/nm. 

5.6. The role of carbon in MoS2-C@C.  

In the above sections, it was already demonstrated that the presence of carbon does not change the 

reaction mechanism of MoS2 in SIBs. However, MoS2 with carbon always show a much better battery 

performance than the bare MoS2.[39,181,296–298] This implies that carbon has a vital role during 

battery cycling of this material. Figure 5-9 shows STEM and TEM images of the as-prepared (a, d), 

discharged (b, e) and recharged samples (c, f). Both STEM and TEM images show a better crystallinity of 

the as-prepared sample than the cycled ones. The STEM images demonstrates that the discharged and 

charged samples still have a sheet-like morphology similar to the pristine sample. However, almost no 

crystalline lattice could be observed in HRTEM except for a few short (002) planes marked in the images. 

The fact that the morphology is maintained while the crystallinity is lost during cycling indicates the crucial 

role of the carbon outside the MoS2–C@C: carbon helps to maintain the overall morphology and thus the 

integrity of the sample during cycling. 
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Figure 5-9: STEM (a), b) and c)) and TEM (d), e), f)) images of as-prepared (a) and d)), 1st discharged (b) and e)) 

and 1st charged (c) and f)) MoS2-C@C samples. 

4D-STEM PDF mapping was used to obtain local structure/phase information in the recharged 

sample of the MoS2–C@C composite (Figure 5-10). Manual analysis of the ePDF array revealed three 

different characteristic ePDFs. The three PDFs are displayed in Figure 5-9b with simulated PDFs for the 

corresponding references. The blue curve includes characteristic C-C and Mo-S peaks, which can be 

ascribed to the MoSx-C@C composite. The green PDF contains almost no C-C bonding, which is assigned 

to detached MoSx clusters. The red curve shows characteristic graphitic distances and is considered to be 

carbon. In the SAED profile in Figure 5-11, a clear peak appears at about 0.3 1/Å corresponding to the 

characteristic interlayer distance in graphite; the carbon observed here, probably comes from the 

conductive carbon used in the battery. Using the diffraction profiles shown in Figure 5-11 as reference in 

multiple linear least squares (MLLS) fitting, maps of the three components were obtained (Figure 5-10a). 

An overlay of the three compound maps clearly reveals that detached MoSx clusters are mainly locate on 

the surface of MoS2–C composite, which is presumably the first step in leaching into the electrolyte. 

Leaching of MoSx clusters is presumably responsible for the capacity fading during the following cycles. 

However, the MoSx clusters, which are still embedded in the carbon composite (blue area), will contribute 

to a stable cycling. It should be mentioned here, that most particles in the cycled MoS2-C@C composite 

only show very limited amount of leached MoSx clusters on the surface. The extreme example (shown in 

Figure 5-10) is chosen to explain the function of carbon in the MoS2-C@C composite. 
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Figure 5-10: a) STEM-PDF map of the 1st charged MoS2–C@C composite, the scale bar is 100 nm; b) PDF curves 

from different areas and simulated PDFs of reference compounds, the pixel size in a) is 2.4 nm. 
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Figure 5-11: Diffraction profile used for the multiple linear least squares (MLLS) fitting in Figure 5-10. 

5.7. Conclusion 

A thorough investigation of the de-/sodiation mechanism of MoS2–based materials has been 

conducted using electron diffraction and XAS based PDF analysis together with comprehensive (S)TEM 

characterization. The PDF data from both electron diffraction and x-ray absorption reveals a loss of long-

range order of the MoS2 during the first discharge process. However, well-preserved Mo-S bonding is 

maintained throughout the battery cycling. EELS elemental mapping is in agreement with the PDF analysis 

as Mo and S exhibit a similar spatial distribution. As a result, we propose that even in the highly sodiated 

state, MoS2 does not react during the conversion to metallic Mo and Na2S. Instead, MoS2 nano-/crystals 

fragment into disordered Mo-Sx clusters, which serve as new active species for the following recharging 

and discharging processes. The long-range order of MoS2 has been demonstrated to be irreversibly lost 

during cycling. In addition, the 4D-STEM analysis used in this work reveals a confinement effect of carbon 

in the MoS2/C composite. Although carbon is not participating in the de/sodiation, it can alleviate diffusion 

of Mo-Sx cluster from the electrode into the electrolyte. Thereby, the carbon matrix enhances the stability 

and thus the battery performance significantly. In this scenario (shown in Figure 5-12), the structural and 

morphological engineering of the MoS2/C composite could be an effective strategy towards fast-charging 

and long-term stability. This work not only provides an atomic scale understanding of the sodium storage 

mechanism in MoS2–based materials, but could be also helpful as a methodological reference for studying 
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the reaction mechanism in similar types of transition-metal dichalcogenides materials used in lithium or 

sodium battery systems.  

 

Figure 5-12: schematic of the proposed de-/sodiation mechanism of the MoS2–C@C composite. 
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6. Summary and outlook 

6.1.    Summary 

Revealing the reaction processes accompanying the structural, morphological and chemical 

evolution during electrochemical cycling, is a key point in investigating battery materials as it allows to 

develop a fundamental understanding of the reaction mechanisms and material properties. A deeper 

understanding of these mechanism is critical for a targeted optimization and development of new battery 

materials. Conversion reaction anodes with high theoretical capacity, energy density and excellent battery 

cycling stability are regarded as promising candidates for the next generation of electrode materials. 

MOs[38,203] and TMDs[299,300] are two classes of conversion materials that have been intensely 

investigated over last two decades. However, complex reaction mechanisms combined with a 

complicated mixture of amorphous products after battery cycling limits the full understanding and further 

development of these materials. In this thesis, a series of TEM related techniques including S/TEM imaging, 

electron diffraction, EDX, EELS, ePDF and 4D-STEM were applied to characterize the morphology, 

structure and chemical compositions of battery materials at different charging states. XAS, XRD, and 

electrochemical testing have been carried out to complement the TEM based investigations, connecting 

structural and electrochemical features. This thesis focuses on the investigation of a HEO and 

MoS2/carbon composites as the representative examples for MOs and TMDs materials.  The reaction 

mechanisms have been investigated in great detail when used in LIBs (HEO) and SIBs systems 

(MoS2/carbon composite). In addition, the synthesis process of the HEO during calcination has been 

studied. The main achievements and insights are summarized below. 

6.1.1. Methodology used in this thesis for studying the reaction mechanism during 

calcination and battery reaction 

Although in-situ heating experiments in a TEM in a defined gas atmosphere is a well establish 

approach[301,302], its application to study the processes during synthesis of multi-cation oxides has been 

rarely reported. For multi-cation oxides that require more than one raw material as precursor, forming a 

stable and connected sample is problematic in traditional in-situ heating experiments in a TEM. In this 

thesis, we used a FIB preparation method starting from a highly compressed mixture of the raw oxides for 

the HEO formation. The FIB lamella was transferred to a MEMS based heating chip of an atmosphere 

holder for in-situ heating experiments inside the TEM. Furthermore, bulk information on the structural 

evolution was obtained by in-situ and ex-situ XRD measurements. The combination of these approaches 

including FIB preparation, in-situ heating in the TEM and XRD measurements allowed to investigate the 

structural evolution and elemental diffusion during HEO formation, both locally with nanometer spatial 

resolution as well as in the bulk.  
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 Conversion reactions produce a complex array of amorphous products during electrochemical 

cycling. Studying the reaction mechanisms and reaction products after conversion is therefore 

experimentally challenging.  In this thesis, we used ePDF and 4D STEM techniques, which offer significant 

advantages compared to the more common characterization methods, i.e. XRD, SAED and Raman. The 

advantages arise from the high spatial resolution and the information that can be obtained on the local 

chemical bounding both for low crystallinity and amorphous materials. Combined with bulk 

characterization methods, such as XAS and electrochemical testing, this methodology shows excellent 

prospects for studying reaction mechanisms of conversion materials. 

6.1.2. Scientific questions answered in this thesis 

In chapter 3 of this thesis, in-situ heating experiments in a TEM in an air-like atmosphere have been 

conducted and revealed information on the elemental diffusion processes during synthesis of the HEO 

(Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O. Combined with in-situ and ex-situ XRD measurements, the structural evolution 

corresponding to the elemental migration has been clarified to a certain level. The starting temperature 

for the HEO formation has been determined to be around 700 ˚C and the pure rock salt phase HEO 

(Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O has been confirmed at about 900 ˚C. The results presented here can be used 

to guide for the industrial HEO production. In addition, the temperature difference between the starting 

point of the HEO generation and the full HEO transformation implies multi-step phase evolution towards 

the final HEO. This is further supported by cross-correlation data derived from STEM-EDX mapping during 

HEO formation showing significant changes in the correlation of selected elements, which is an indication 

for the formation of intermediate oxide phases prior to the final HEO generation, whereas, in particular, 

Ni-Mg are not forming any binary oxides during the HEO synthesis. Furthermore, the transient observation 

of the transformation of CoO to Co3O4 prior to the final HEO formation, shows that the generation of the 

single phase HEO is not directly related to the structure and the valence state of the transition metal in 

raw material. 

In chapter 4, the reaction mechanism of the HEO (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O in LIBs has been 

investigated in detail. XAS and TEM results consistently supported the hypothesis of beneficial synergistic 

effects of the different cations in the HEO. It was found that as Mg2+ cannot be reduced by Li and persists 

in an oxide phase at all cycled states, this helps to maintain a stable structure with all other phases formed 

during cycling, which are growing epitaxially on the HEO/MgO. A Mg-Li-O and a Mg-Co-Zn-Li-O network 

were identified in the lithiated and delithiated state. They provide a good lithium ion diffusion pathway 

inside the grains in the cycled anode. Moreover, this study showed that the capacity of the system during 

cycling is dominated partial by Co oxidation/reduction and Zn contributing both by conversion and 

alloying reactions (generation of ZnLi alloy in the discharged state). During the first discharge, some 

amount of Cu, Ni and Co segregate to the grain boundary and form an alloy resulting in a metallic 3D 
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network for electron transfer. Furthermore, Cu, Ni and Co that did not segregate to the grain boundary 

form a nanoscale alloy phase inside the grain, which inherits its orientation from the initial HEO and shows 

an epitaxial orientation relationship with the oxide phase. The combination of mixed metal and oxide 

phases result in good ion and electron diffusion paths in the grain.   

Electron conductivity is well known to limit the application of oxides with large particle sizes and has 

been a long standing topic of discussion in battery research. To avoid these limitations, typically nanoscale 

metal oxides have to be combined with a specially designed conductive network. However, these 

approaches decrease the tap density (volumetric energy density) and increase the production cost. The 

findings presented in Chapter 4 provide a new idea for designing optimized materials that spontaneously 

self-assemble to form a 3D electron and ion conducting network during battery cycling. The 3D electron 

conductive network allows materials with large particle sizes to contribute to the electrochemical 

performance in a similar way to those with small particle sizes as the electrons can be transferred fast 

along the metallic grain boundaries during battery cycling as well as inside the grain with the finely 

dispersed metal phase. 

While the reaction mechanism of MoS2 in LIBs is well studied in literature, the de/sodiation process 

was still not fully understood due to the limitations of traditional structural characterization methods for 

amorphous materials. In Chapter 5 we therefore investigated the de/sodiation mechanism of MoS2 based 

on the ePDF and XAS analysis approaches established in Chapter 4. It was shown that Mo-Sx clusters are 

the main product after complete sodiation, rather than the originally expected metallic Mo and Na2S 

phases. The long range ordering MoS2 is irreversible after battery cycling. Moreover, this reaction 

mechanism was demonstrated to be independent of the presence of carbon in the MoS2-C composite. 

However, the carbon is beneficial by limiting leaching of MoSx clusters into the electrolyte.  

6.2. Outlook 

The microstructural evolution and elemental diffusion during HEO synthesis have been studied in 

Chapter 3. However, some aspects presented in this chapter are still not been fully understood and are 

worth a deeper investigation. Although the analysis of the EDX elemental distribution maps by cross-

correlation indicates the formation of intermediate phases formed prior to the HEO formation, the factors 

influencing the formation of the intermediate oxide structures (enthalpy of mixing, particle connection or 

particle size) are still unclear. This could be clarified in combination with theoretical calculations of the 

enthalpy of mixing of the different metal oxides and reference experiments with different oxide 

distributions with similar particle size in the as-prepared FIB lamella. Understanding the influence of the 

different parameters might help to optimize the synthesis conditions of further high entropy oxides. In 

addition, more details about the phase transformation of Co3O4 prior to HEO generation can be obtained 

by reference experiments, e.g. calcining pure Co3O4 to check if it decomposes into CoO at the temperature 
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range of HEO generation, which would be helpful to understand if Co can be incorporated in the HEO from 

a spinel structure as well.  

 In chapter 4, the reaction mechanism of the HEO (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O in LIBs was clarified 

and revealed that the outstanding battery performance can be attributed to the synergy among the 

cations instead of the configuration entropy in the initial HEO. One can imagine that a stoichiometric ratio 

of the cations is not essential for multi-cation metal oxides to be used as battery anodes. Therefore, the 

ratio of the transition metals can be further optimized, e.g. increasing the Co and Zn ratio to obtain higher 

capacity. However, any limitation for the elemental ratio in the multi-cation oxide has not been 

determined. In addition, not reported in this thesis, we saw that the HEO (Co0.2Cu0.2Mg0.2Ni0.2Zn0.2)O only 

delivers a very limited capacity when used in SIBs. Investigation of the reaction mechanism of this HEO in 

SIBs could result in a more clear understanding of the material properties and give further guidance for 

designing anode materials for SIBs. Based on the understanding developed in the current thesis, the Mg 

containing oxide phase plays an important role in stabilizing the overall structure. In SIBs, it is expected 

that Mg2+ is reduced by Na resulting in a loss of this stabilizing network. This could be one of the reasons 

for the failure of this HEO in SIBs. The more reductive Ca could replace Mg in the HEO and would 

presumably stay in an oxidized state throughout the electrochemical cycling and might thus stabilize a 

HEO in SIBs. Although the idea of a Ca containing HEO was already introduced, theoretical calculation 

showed that the synthesis would require a very high temperature to form a uniform single phase.[270] 

However, W. Li et al. successfully prepared this HEO using reactive flash sintering method.[303]  

All of these findings will help us to unravel the fundamental processes and the structural evolution 

during synthesis and battery cycling more clearly. They could provide guidance for further materials 

design and optimization. The methodology used in this thesis for studying the reaction mechanism during 

battery cycling could also shine light on reaction mechanisms of other conversion reaction materials in 

LIBs and SIBs.      
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