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1. Abstract
Dislocations are attracting increasing attention for their potential to tune a whole range of functional
properties in ceramics. As one-dimensional line defects, they influence their environment by both their
elastic strain field as well as their charged core with compensating space charge. This can be a competing
approach to point defect doping. Their geometric versatility and localized impact simultaneously allow
new design dimensions and pose new layers of complexity. Dislocations also severely impact mechanical
properties, which demands an interrelated understanding of both their mechanics and their impact on
each functional property, severely complicating research efforts.
In particular, the detailed mechanisms by which dislocations impact functional properties, such as
electrical and thermal conductivity, and the respective design parameters are not fully explored.
Furthermore, ways to introduce dislocations into polycrystalline samples need to be developed. And
lastly, the role of dislocations on the fracture toughness of ceramics needs to be revisited. Literature on
all of these three questions is abundantly available. However, it is scattered over decades and a range of
different materials, which impedes overview and quick identification of critical questions to be
addressed.
In this work, key potential is identified by first presenting a simple perspective on dislocation mechanics
in ceramics. This leads to a longer discussion on room temperature plasticity and fracture toughness:
Dislocations are mobile at ambient temperature in a broad range of ceramics. While these single crystals
are ductile, their respective polycrystals not ductile and both behave brittle despite their ductility. A
coherent explanation for this seemingly contradicting mechanical behavior is attempted while suggesting
that dislocations can unexpectedly enhance the fracture toughness of ceramics substantially.
Furthermore, dislocation structures are introduced into polycrystals in compression tests at elevated
temperatures. This allows the rationalization of the high-temperature deformability and designing
dislocation structures in polycrystals. Lastly, a conceptual framework is developed to simplify pointed
discussions on the impact of dislocations on functional properties such as conductivity.
In each of the three topics discussed, 1) room temperature plasticity and fracture toughness, 2) high
temperature plasticity, and 3) conductivity, attempts will be made to fully embrace the mechanistic
complexity. Simpler perspectives will be derived allowing easier and more accurate judgement of the
potential in each of the three fields.
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2. Introduction
Dislocations are one dimensional line defects in crystalline solids well known for their key role in
mechanical properties of metals. By their motion through the crystal, they allow metals to deform
plastically at macroscopic level but also locally at crack tips. This provides metals with desirable
mechanical properties making them the engineering material of choice for countless applications. In
ceramics in contrast, their motion is much restricted rendering them often irrelevant for mechanical
properties. Nevertheless, many ceramics, in particular single crystals can be well deformed by
dislocations. Some ceramic single crystals are even deformable at room temperature. Additionally,
dislocations impact a series of functional properties making them a highly versatile tool for the design
of functional ceramics. However, their geometrical complexity and the mechanical component involved
in their control add layers of sophistication.
Tuning the conductivity and other functional properties of ceramics with dislocations is a newly
blooming field. Simultaneously, there is a wealth of knowledge available already, often decades old.
This is demonstrated by a recent review on the impact of dislocations on the conductivity in SrTiO3 and
TiO2 [1]. While many specific questions have been addressed in great detail already, surprisingly, a
review on “charged dislocations in ionic crystals” [2], which covers alkali halides instead of oxides, is
not cited therein. Equally, two articles by Adepalli et al. [3, 4] demonstrate groundbreaking work while
simultaneously avoiding detailed mechanical description in the context of available knowledge of
dislocation mechanics of the investigated materials. This illustrates the high complexity of the topic of
dislocation-tuned functionality and the difficulty to keep an overview of the relevant aspects. In
particular, a full complement of influence factors is not available yet. The initially envisaged goal for this
Ph.D. thesis was to optimize and better understand the effect of dislocations by more carefully controlling
the necessary mechanical steps to introduce dislocations. Instead, we have realized at the current stage
that a proper perspective and a good overview has much more value than addressing an individual point.
In response, one part of this thesis is dedicated to developing a conceptual framework for dislocationtuned conductivity, which includes mechanical aspects and detailed defect chemical descriptions.
Different sets of aspects will be discerned from each other, allowing to split a comprehensive discussion
into smaller sections to simplify the thought process and help keep the overview. The geometric
arrangement, the mesoscopic structure, is discussed separately from the core structure and the space charge
zone, see Figure 1, whereas the overall impact of dislocations results from the combination of these three
aspects.
For experimental illustration, dislocations in iron doped single crystalline SrTiO3 are aligned so that a
preferred line vector is attained by selecting compression axes and boundary conditions. This includes
both the room-temperature mobile <110>{110} slip system as well as the <100>{100} slip system
which requires thermal activation. The effect of different dislocation structures is investigated by a range
of characterization methods including temperature dependent impedance spectroscopy.
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Figure 1: Conceptual framework of dislocation-tuned conductivity separating effects of mesoscopic structure from core structure and
space charge zone. Reprinted with permission from [5]. Copyright American Chemical Society.

The arrangement (or mesoscopic structure) is determined to be a central and often underestimated
tuning parameter that needs to be carefully controlled. Illustrating the usefulness of the conceptual
framework, careful control of the arrangement was simultaneously achieved in a collaborative project
of Qaisar Khushi Muhammad, Till Frömling (Mr. Muhammad’s Ph.D. advisor), and Lukas Porz. This
project is, however, not part of this thesis.
As a final application of dislocations requires a method to introduce them into polycrystals, the second
part of this thesis is dedicated to the introduction of dislocations via plastic deformation at elevated
temperatures. Interestingly, dislocation mechanics in ionic crystals was heavily studied from a geology
perspective, but, after a strong effort in the 1960s and 70s, interest from a materials science perspective
had receded. As a result, no reliable estimate exists which ceramic can be deformed by dislocations to
what extent and what conditions should be used to do so.
With the model perovskite ceramic SrTiO3, we identify a parameter range suitable to extensively deform
SrTiO3 and introduce dislocations into the polycrystal, in particular stress and temperature as illustrated
in Figure 2. Compression of single crystals and polycrystals is done at elevated temperature where strain
rates are recorded for different temperatures and stresses which allows quantifying activation
parameters. Additionally, ultra-high voltage electron microscopy images document the induced
dislocations. The specified activation parameters can also be used to extrapolate achievable strain rates.
The dominating deformation mechanism is identified in the course, and a detailed understanding of the
rate limitations is provided. In the following, the characterization approach and perspective are used to
explore other crystal structures' deformability. For example, garnet Li6.5La3Zr1.5Ta0.5O12, a promising solid
electrolyte with potential application in battery membranes, in form of polycrystals and single crystals is
investigated in an independent collaboration with Daniel Rettenwander from TU Graz. Furthermore, this
approach is used to characterize polycrystalline TiO2, which will be part of Michael Scherer’s Ph.D. thesis
and not discussed here.
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Figure 2: Deformation of polycrystalline SrTiO3 by stress and temperature documented for well-characterized stress, temperature, and
strain rate regimes providing activation parameters and with evidence for introduced dislocations from ultra-high voltage electron
microscopy.

The third part of this thesis deals with the dislocation mechanics of ceramics at room temperature. A
surprising number of single-crystalline ceramics, including SrTiO3, are ductile at room temperature and
yet very brittle. In contrast, ductile metals are also tough. While parts of this contradiction are explained
in older literature, we found some puzzle pieces were still missing.
In order to solve the puzzle on why ceramics can be both ductile and brittle simultaneously and how this
relates to polycrystals, a series of investigations, including synchrotron-based dark-field x-ray
microscopy, were made. Furthermore, a thorough overview over partly decade-old literature on other
crystal structures such as LiF [6] and MgO [7] was acquired. As a result, we suggest that there is
unexpected potential in enhancing the toughness of ceramics with dislocations previously ignored [8,
9]. In the following, simple experimentation provides evidence for the suggested concept but also
highlights the challenges to be solved where Figure 3 illustrates the key steps towards the development
of dislocation-toughened ceramics. In the ceramics, in which dislocations are mobile at room
temperature (Figure 3a), nucleation is the central limitation for local plasticity (Figure 3b). When local
plasticity is enabled, e.g., with a suitable dislocation structure with high dislocation density, initiation of
cracks will be suppressed and crack tip fracture toughness enhanced (Figure 3c). Application in
polycrystals requires additional understanding as the geometrical complexity needs to be understood
(Figure 3d).

Figure 3: Road to toughening ceramics with dislocations: In suitable crystal structures, local plasticity needs to be enabled by inserting
dislocations to transition from nucleation to mobility-controlled behavior, which can be tested by indentation. Simple indentation
techniques can indicate the success of toughening, which can be quantified with more advanced techniques. Lastly, polycrystals'
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geometric complexity needs to be better understood while we provide evidence that dislocation-toughening should also be attainable
in polycrystalline ceramics. Reprint form [32] via CC BY 3.0.

The following three questions were identified as most pressing and will be addressed in separate
sections.
1. If dislocations are mobile at room temperature, can dislocations be used to tune plastic
deformability and fracture toughness?
2. Can dislocations be introduced into polycrystals by compression at high temperature?
3. How do dislocations impact conductivity and what role does their arrangement play?
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3. Perspective on mechanics of dislocations in ceramics
Atypically, this thesis starts in this section with a perspective type review of dislocation mechanics which
presents the perspective after the completion of the research project. In section 4, 5 and 6 a conventional
literature review follows with more details for the three independent topics addressed in this thesis. This
sequence is chosen because key literature for this research project is scattered across decades, disciplines and
materials impeding a straightforward literature review without setting a perspective first.
While dislocations are well known for their central importance for metals' mechanical properties, they
receive much less attention in the context of ceramics' mechanical properties. Instead, dislocations in
ceramics are frequently discussed concerning the multitude of functional properties they can impact.
A dislocation is a one-dimensional line defect, depicted in blue in Figure 4a, which represents the end of
an inserted half-plane (depicted in red) in a crystal. Driven by appropriate mechanical shear stress, it
can move on the slip plane displayed in grey. Its motion effectively shears the upper half of the crystal
versus the lower half, leading to permanent plastic deformation. A slip system is described by a slip
plane, denoted with (), and slip direction, denoted with [], where there may be several identical slip
planes with several slip directions, each forming a set of slip systems. The set of slip directions is denoted
with <> (lying within a slip plane), and the slip planes are denoted with {}, e.g., <110>{110}.
With dislocation lines typically amounting to a summed-up length of 105 km per cubic centimeter in
metals (which equals a density of =1014 m-2 [10]), dislocations easily carry large amounts of plastic
deformation, which makes metals ductile. Their central role in plasticity and toughness in metals has
been investigated in excruciating detail over the last century [11-13]. Much less but still substantial
knowledge about the impact of dislocations on the mechanics of ceramics exists, though it often dates
back to the 1960s [6]. Simultaneously, it is much more difficult to identify the relation between the
pieces of information for ceramics as pieces of knowledge were acquired using a whole range of materials
and crystal structures. There is no model ceramic crystal structure for which all basics have been covered
like for, e.g., bcc/fcc iron or aluminum as prototype metals. In consequence, instead of focusing on the
properties of one specific ceramic, a variety of materials are discussed. In the following, the focus is
always laid on principles and mechanisms.

Figure 4: Sketch of a dislocation. a) Sketch of two planes shearing versus each other, which is facilitated by dislocations. The dislocation
line (blue) is the end of an inserted half-plane (red), which can move on the slip plane (grey). In sketches, dislocations are typically denoted
by a T-shaped symbol (red). The movement of dislocations leads to a shear of all planes above the slip plane versus the ones below. The
Burgers circuit (dotted green) reveals the Burgers vector (solid green). b) Sketch of a slip plane oriented favorably (shear stress
maximized) towards an applied uniaxial stress. The angle is drawn as 45° maximizes the Schmid factor, which is an expression for how
favorable the Burgers vector and slip plane are oriented towards the applied stress [13]. c) Sketch of dislocations in ceramics containing
a core charge. This core charge is compensated by a space charge zone where, for example, the concentration of point defects, such as
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electrons or oxygen vacancies, is changed. Furthermore, an elastic stress field can be found around a dislocation, which is tensile on one
side and compressive on the other. These features allow dislocations to alter a whole range of functional properties.1

Additional to the elastic strain field, dislocations in ceramics can have a charged core, which also leads
to a compensating space charge zone depicted in Figure 4c. This does not occur in metals due to their
bond type and delocalized electrons. These features can impact a multitude of functional properties such
as thermal conductivity [14-18], ionic and electronic conductivity [1, 3-5, 19, 20], space charges
(including Schottky barriers) [21, 22], and optical properties [23]. This also includes the performance
of cathode materials in batteries [24] and lithium metal plating behavior on solid electrolytes [25]. After
much fundamental work has been done in the 1960s to 80s [2, 6, 21], the extraordinary potential to
tune functional properties of ceramics with dislocations is attracting increasing attention.
In metals, all atoms are positively charged while the electrons move freely. In contrast, in ceramics, ionic
or covalent bonds can be found. For ionic bonds, positively and negatively charged atoms alternate.
Shearing the planes by one atom spacing at a time, as typical for metals, would result in a positive atom
positioned on a lattice site for negative atoms, which is impossible. Instead, the distance by which a
dislocation displaces the lattice planes, referred to as the Burgers vector, is typically larger in ceramics,
which then requires more stress to move a dislocation. Additionally, the number of planes on which
dislocations can move is substantially lower in ceramics. And lastly, initial dislocation density is typically
very low while simultaneously generating new dislocations without pre-existing ones is difficult. The
low dislocation density, the larger Burgers vector, and the limited number of slip planes, as well as
further factors, are hugely consequential to the dislocation motion in ceramics.
The ionic lattice's impact is so severe that the mechanical behavior of ceramics is fundamentally different
from the mechanical behavior of metals. When applying tensile stress, metals typically deform plastically
due to dislocation motion. Instead, ceramics typically fracture without dislocationscontributing to plastic
deformation. Consequently, dislocations are often altogether excluded from the main scientific
discussion about the mechanical behavior of ceramics [8, 26, 27]. However, a series of ceramic singlecrystals can be deformed at room temperature and below (e.g., for LiF [6], MgO [7], SrTiO3 [28], ZnO
[29], and ZrB2 [30], mostly tested in compression). Additionally, dislocations were recently shown to
contribute to polycrystalline ceramic deformation at 1100°C beyond 25 % [31] and, furthermore, it was
demonstrated that dislocations could even increase the toughness of ceramics [32-34].
In the following, a perspective on dislocation mechanics in ceramics, which allows to easily identify the
potential and the limitations of dislocation-based plasticity in ceramics will be presented. Most
importantly, dislocation motion is discussed as five separate steps which will be discussed independently.
This separation into five steps allows to focus the discussion of one step temporarily reducing complexity
while simultaneously allowing to be aware of a large variety of complexly interrelated possibilities. After
briefly introducing the five steps, each of them will be discussed separately in more detail.
First, in contrast to metals, the movement of dislocations is mostly, but not always, impeded even at
appreciable stresses (e.g., below 1 GPa). Usually, substantial thermal activation (e.g., 1000 °C) is needed
to facilitate plastic deformation. The limited mobility is often used as a premature argument to ignore
dislocations for toughness and plasticity. However, there is, for example, a series of ceramics that show
metal-like dislocation mobility even at room temperature (e.g., for LiF [6], MgO [7], SrTiO3 [28] ZnO
[29], and ZrB2 [30]). Furthermore, some ceramics can be deformed even as polycrystals despite low
dislocation mobility with the aid of thermal activation [31, 35-37].

1

Figure 4c was originally drawn by Jurij Koruza and Marion Höfling for a proposal.
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At low temperatures, a noteworthy amount of stress is required for the mobility of dislocations itself.
The amount of stress and the temperature range required to move a dislocation heavily depend on the
material and the slip system. In particular, it depends on the Peierls barrier . It will be elaborated in
more detail later and is typically much higher in ceramics than metals. Figure 5 schematically depicts
the stress required for deformation plotted as function of temperature. The regime, in which deformation
is limited by the mobility, is displayed in blue. In special cases for ceramics with high and low melting
point, it may be impossible to activate dislocation motion sufficiently before the material simply melts
thermally.

Figure 5: Sketch of stress required for deformation as function of temperature for different materials (or different slip systems within
one material) representing a perspective developed in this thesis. At low temperatures, the stress needed for deformation is majorly
determined by mobility, which increases with temperature. At intermediate temperatures, where dislocation mobility is sufficient, the
stress required is majorly determined by obstacles. At high temperatures, these obstacles can be overcome more easily due to, e.g.,
thermally activated climb processes of dislocations. Note that required stresses change with strain rate in the mobility and creep-limited
regime but not in the obstacle limited regime.

Second, dislocations need to overcome obstacles in their way, such as other dislocations or point defects.
The regime where this is the central limitation to dislocation movement is depicted in black. Thermal
activation available for sufficient amounts of time can allow to overcome these obstacles at a lower stress
(creep-limited), shown in red. Note that for metals, the blue, black, and red regime are clearly separated,
while for ceramics, they can be surprisingly narrow or even overlap. In particular, activation of mobility
and overcoming of obstacles can require similar temperatures. In consequence, the regime where
obstacles control the deformation can be small, e.g., in TiO2 [38] or YSZ [12], or overlapping regions of
dislocation mobility limitation and creep behavior can be observed. In some cases, the mobility is still
low at the melting point, which puts a theoretical limit to achievable strain rates [39].
While the two above steps describe the fundamental deformability, three further steps need to be
considered for a full perspective:
Third, a dislocation needs to exist before deformation because otherwise, a dislocation would need to
be nucleated. This is too difficult, and hence other mechanisms, such as fracture, prevail. As typical
dislocation densities are very low, it can sometimes be the deformation limiting step. This is particularly
the case for highly localized deformation. Conventional sintering, however, typically renders very low
dislocation densities, as the temperature allows to “anneal out” dislocations and grain growth dilutes the
number of dislocations per grain.
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Fourth, the motion of dislocations is imperfect. In particular, features such as kinks, jogs, dipoles, loops,
vacancies, and others are frequently formed instead of dislocations always propagating as a straight line.
These features are often a starting point for a whole multitude of mechanisms and consequences.
Particularly, dislocation multiplication is a central process initiated by imperfect motion and it links back
to the third step by supplying new dislocations.
Lastly, dislocation motion needs to dominate over competing mechanisms. Unfortunately, fracture is the
common competing mechanism in ceramics due to their typically low fracture toughness. Additionally,
thermal activation is often needed for dislocation motion and overcoming of obstacles, as described
above. This also means that thermal activation is simultaneously available for other competing
mechanisms, such as diffusion or grain boundary sliding. In some cases, deformation caused by these
different mechanisms may dominate over dislocation-based deformation. When oversimplifying, a
simple competition between melting point and Peierls barrier arises: Diffusion and grain boundary
sliding accelerate with relative temperature when approaching the melting point. However, the Peierls
barrier and, hence, dislocation mobility is not linked to the melting point but to the crystal structure and
absolute temperature. Cases may then occur where dislocations cannot become sufficiently mobile below
the melting point, while other deformation mechanisms are thermally activated enough [39].
Dislocations need to be mobile
Shear is mediated by a dislocation that moves through the crystal, shearing the planes unit cell by unit
cell. The entire lattice shearing at once would require much higher stresses. It can be regarded as the
termination line (blue) of an inserted half-plane (red) moving on a slip plane (grey) sketched in Figure
4. When a dislocation moves, it travels over a periodic energy landscape where the Burgers vector
spatially separates energy minima. When moving from one minimum to the next, the Peierls barrier
needs to be overcome (Figure 6a) [40]. The maximum slope in the diagram of energy versus distance
characterizes the Peierls-Nabarro-stress
[13] which needs to be exceeded to move a dislocation
forward. This stress can be below 100 MPa for FCC metals and below 1 GPa for BCC metals [41]. For
ceramics, in contrast, it can easily be beyond 10 GPa [42, 43]. Obviously, such high stresses will rarely
be reached without cracking.
The dislocation velocity
directly links to the macroscopically observed strain rate via the Orowan
equation (Equation ( 1 )) [12, 13, 44]. Here,
is the Schmid factor, the Burgers vector and the
dislocation density expressed as intersection points per m2 or length per m3.
=

(1)

Besides the engineerable dislocation density [45], the dislocation velocity is a curtail parameter. In
metals, dislocations can propagate with a substantial portion of the speed of sound as long as they are
not impeded by an obstacle. However, obstacles can often be overcome by additional stress so that high
dislocation velocities are still possible. In ceramics, the dislocation velocity (even in the absence of
obstacles) can be as low as nm/s or µm/s, even at temperatures beyond 1000 °C [31, 46, 47].
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Figure 6: Dislocations need to be mobile. a) Peierls barrier between two energy minima on the path of a dislocation where the lower
orange part of the energy barrier is overcome by external stress ∗ multiplied with the activation volume ∗ while the upper red part
needs to be overcome by thermal activation. b) Schematic illustration of the kink pair mechanism. c-e) Comparison of a full dislocation
with a glide dissociated (d) and climb dissociated (e) dislocation. The stacking fault is drawn in green while other coloring adheres to
Figure 4a.

Thermal activation is a crucial parameter in overcoming the Peierls barrier. As depicted in Figure 6a
and b, thermal activation can assist with kink formation. Kinks (or double kinks) are small sections that
have advanced to the next energy minimum. These kinks can then expand sideways easily and advance
the entire dislocation by one Burgers vector as a consequence. This kink formation and sideways
expansion are the fundamental movement mechanisms of dislocations and are referred to as kink-pair
mechanism (see Figure 6b). Mobility of dislocations then depends on the Peierls barrier and the kink
formation energy, which are hardly engineerable [42].
Activation energies in the range of 1-10 eV are typical [42] for ceramics. It is tempting to consider
applying additional stress to increase the velocity as this is a successful strategy for deformation of
metals. As depicted in Figure 6a, an applied stress multiplied with the volume of the process (the
activation volume) results in an effective reduction of the barrier height that needs to be thermally
overcome. The effect of the additional stress applied can be described by the empirical law presented in
equation ( 2 ) [12] where the activation volume and the activation enthalpy Δ together describe the
dependence of the kinetics of the process on temperature and applied stress. The strain rate is then
exponentially dependent on both stress and temperature which is very different from a typical metal at
room temperature. (Note that for detailed description Peierls barrier, kink formation and kink migration
energy and further details need to be more carefully discriminated [12, 41, 42]. For illustration reasons,
the description is limited to a macroscopic activation volume and activation enthalpy here.)
=

⋅ exp

⋅

=

⋅ exp

⋅

⋅

∗

(2)

However, the activation volume can be very small (e.g., 1 3 ≈1*10-28 m3 [12]) so that the product of
activation volume with a significant stress of, e.g., 100 MPa only yields a ≈0.1 eV. As the activation
enthalpy for fcc metals is typically below 0.5 eV, the Peierls barrier can be overcome entirely by stress.
For ceramics, in contrast, the activation enthalpy can be for example 6 eV for the <110>{110} slip
system of SrTiO3 at elevated temperatures [28]. Even a stress of 1 GPa would only reduce it to 5 eV. In
consequence, the dislocation velocity in ceramics and, hence, the achievable strain rate can only be
substantially accelerated by temperature but not by stress. Ceramics can therefore only be deformed at
a strongly temperature- but only mildly stress-dependent strain rate (in appreciable stress and
temperature ranges), which limits hot-forging [48] possibilities as strain rates cannot be sufficiently
increased by stress alone. In some cases, dislocation velocities can still be below 1 mm/s at the melting
point [39].
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This also impacts the kinetics of deformation. Many ceramic single crystals have a particularly low
starting dislocation density (e.g., 106 m-2) [49], and a low dislocation velocity (e.g., nm/s). This results
in delayed dislocation multiplication and hence delayed yield as the movement required for
multiplication requires long time spans [13, 50]. The delay can be in the range of hours and therefore
allow, for example, chemical degradation to prevail [39] when attempting to deform single crystals. At
the same time, polycrystals from the same material are well deformable – which is somewhat opposite
to the behavior of the slip systems mobile at room temperature [31].
Partial dislocations
Splitting a dislocation into two partial dislocations (Figure 6c vs. Figure 6d) can substantially reduce the
Peierls stress [51-53]. The impact is drastic because the Peierls stress is exponentially dependent on the
ratio of lattice spacing and Burgers vector, as shown in Equation ( 3 ) [12, 13, 54].
=

2
∗ exp
1 !"

2#$

(3)

Here, G is the shear modulus, ! is Poisson’s ratio, b the Burgers vector and $ = % for screw and $ =
%/ 1 !" for edge dislocations, where % is the interplanar spacing. When reducing the Burgers vector
by half, the estimate for
is reduced by almost two orders of magnitude from 4.6 GPa to 75 MPa for
SrTiO3. Again, modeling and simulation studies can provide more accurate numbers [42, 51, 55-63].
High dislocation mobility is only possible on a limited number of slip systems in ceramics.
Taylor suggested in 1938 that five independent slip systems need to be present for arbitrary polycrystal
deformation where the slip of each system is not a linear combination of the other four [64] (also called
Taylor criterion). However, in ceramics, there are typically less than five independent slip systems
available at low temperature, which then does not allow deformation of an arbitrary polycrystal [65].
Again, it is tempting to conclude that ceramic polycrystals cannot be deformed while a much more subtle
distinction needs to be made. Low dislocation density and hence the lack of local plasticity (impeded by
nucleation) can lead to failure even before the incompatibility of slip systems becomes relevant [32].
Furthermore, texturing can reduce the number of required slip systems [66]. Consequently, the Taylor
criterion [64] does not forbid local strain nor small amounts of macroscopic strain.
As depicted in Figure 5, metals show three distinct temperature regimes where one set of slip systems
fulfills the Taylor criterion as it contains five independent slip systems [64]. For ceramics, this is more
complicated: One set of slip systems typically does not have five independent slip systems [65]. The
particular complication can then arise where one set of slip systems is thermally activated but insufficient
to fulfill the Taylor criterion. In consequence, the thermal activation of a second set of slip systems at a
higher temperature controls the deformability. This can be further complicated by a thermal transition
from glide to climb dissociated partial dislocations [28, 67] (see Figure 6d vs. Figure 6e). Therefore,
paradoxically, the movement of dislocations can be impeded at a higher temperature while they are
mobile at lower temperature. These particularities add another layer of complexity to understanding
thermally activated dislocation motion as it becomes a two-stage process.
Obstacles need to be overcome
When a dislocation is mobile, even if it is slow, it will move in response to mild stresses already. For
desirable strength in engineering materials, deformation is not desired below certain stress. Dislocations
need to be stopped from progressing through the material to achieve this, which leads to pronounced
yield stress, making deformation impossible below a certain stress level. Dislocations can be pinned at
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an obstacle and only continue their motion with high velocity as soon as the obstacle is circumvented.
Overcoming these obstacles by stress only is referred to as yield, while when the process is assisted by
thermal activation, it is referred to as creep.
A large part of the art of metallurgy is about engineering obstacles to tune the yield stress. Countless
publications and patents exist in this area [11, 13]. Modifiable obstacles are, for example, other
dislocations, precipitates, inclusions, grain boundaries, secondary phases, alloying/doping atoms, etc. In
contrast to metals, there is little research so far on engineering obstacles to tune the yield stress of
ceramics. The yield stress of as-grown crystals is mostly investigated, while there have been little
attempts to engineer the yield strength purposefully [6, 12, 13]. Yttrium-Stabilized-Zirconium oxide is
a good example of an oxide material where the yield stress has been studied in detail [12, 13]. Here, the
high oxygen vacancy concentration substantially influences the dislocation motion [12]. Beyond the
possibilities known from metals, ceramics additionally offer a series of ways to modify deformability by
ambient fields, such as electric current [2], light [23], or partial pressures of gases (or other volatile
components) [68]. These can either directly influence the mobility, introduce additional obstacles, or
can potentially alter the degree of perfect motion.
A typical creep process is illustrated in Figure 7, where an obstacle stops slip of dislocations. Thermally
assisted point defect diffusion which allows dislocations to climb (moving perpendicular to the glide
direction) enables it to move to a parallel glide plane and continue the motion in slip direction. The
effective velocity is then limited by the stress and temperature dependent climb process. The strain rate
in the steady state creep regime is then often described using a power law expressed in equation ( 4 )
on the stress ' [40] where ( is a constant, ' the stress, ) the activation energy,
the Boltzmann
constant and the temperature. The sensitivity on the applied stress is expressed through the exponent
* where *≈3-5 is typical for dislocation creep and *=1 is typical for both diffusion processes and the
kink-pair mechanism [12]. Unfortunately, this makes discerning dislocation mobility from diffusion
difficult. Hence, it is best to also fit the data using activation volume and activation energy as explained
above and refer to tables for different mechanisms [12] to identify the rate limiting process.
Furthermore, grain size dependence should be investigated because it impacts dislocation velocity and
diffusion kinetics dissimilarly.
= (' + exp

)

(4)

Figure 7: Overcoming of obstacles. Schematic illustration of a creep process. Reprint with permission from Springer [40], copyright 2019.
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Dislocations need to exist where needed
The stress for dislocation nucleation (close to the theoretical shear strength [69], e.g., ≈17 GPa for SrTiO3
[70]) is typically orders of magnitude higher than the stress required to move a dislocation (e.g., 120
MPa for SrTiO3 [28]). Hence, dislocation motion requires much lower stresses when dislocations are
already present [32, 69, 70]. Unfortunately, typical dislocation densities are low in ceramics (e.g., 109
m-2 for SrTiO3 polycrystals [32]), and, in consequence, there are often no dislocations in the relevant
volumes (illustrated in Figure 8a and b).
In single crystals under uniform load, few pre-existing dislocations can generally move and multiply
into all volumes needed under uniaxial stress, see Figure 8. This is also the case when the dislocation
density is as low as 106 m-2 as can be found in high-quality crystals [49]. A cubic millimeter contains still
one dislocation at this density. In consequence, nucleation is not required [6]. An exception are
dislocations with an extremely low velocity, where this process occurs only with substantial delay time
[50].
In polycrystalline ceramics, in contrast, grain boundaries can impede the transmission of dislocations
from one grain to another [71]. This can lead to crack formation [72], see Figure 8c. Hence, it is
suggested that each grain needs to individually contain pre-existing dislocations or suitable dislocation
sources. This is often problematic because the dislocation density in ceramics is typically so low that
most grains are virtually dislocation-free [32]. Also, nucleation from grain boundaries is suggested to
require stresses close to the theoretical shear strength at room temperature [73]. The interaction of slip
bands with grain boundaries can then lead to crack nucleation [72, 74-77]. Consequently, even though
small degrees of deformation are achieved by dislocation mobility, this dislocation motion turns into a
crack nucleation source.
Inhomogeneous stress fields and stress concentrations require deformation to occur locally. If a local
volume is probed, e.g., by nano indentation [69], the volume is often too small to contain dislocations
[70] (Figure 8e). Nucleation is then facilitated close to the theoretical shear strength. These deviatoric
stress levels can also be reached with additional hydrostatic stresses to prevent cracking [78, 79].
Defects, however, can lower the required stress for dislocation nucleation substantially [30]. Indenting
with an appropriate tip size allows testing the local plasticity and determine whether nucleation is
necessary or not. Hence, it enables checking whether a sufficient number of defects, e.g., pre-existing
dislocations, are available in a volume of interest [32, 69, 70] (Figure 8f). In indentation, the choice of
tip radius allows for varying the probed volume over many orders of magnitude.
Dislocation motion around crack tips can shield the crack tip and enhance fracture toughness by forming
a plastic zone [80-90]. In metals, dislocations can typically be nucleated at crack tips [81], which ensures
the supply of dislocations. In ceramics, dislocation nucleation generally is not observed (see Figure 8c
vs. d), though it was documented, e.g., for low crack velocities [90]. The typically pre-existing dislocation
density is also often too low to find a dislocation close enough to the crack tip [32]. If dislocations are
present and their movement and multiplication dissipate energy, however, a second problem arises.
While a plastic zone was observed to form in MgO polycrystals, plasticity was limited to individual grains
because grain boundaries impeded the transmission of dislocations. The formed shear bands then lead
to nucleation of cracks at the grain boundary, limiting the impact of the plastic zone and leading to
microcracking [71, 91-96]. Only recently, it was suggested that instead of slip transmission, a preengineered supply of dislocations subdues slip band formation and crack formation at grain boundaries
[32].
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Metals, on the other hand, typically have natural dislocation densities, which are five orders of
magnitude higher [10]. Furthermore, having dislocations in some areas of a grain does not mean they
can move to the required positions indefinitely [32, 75]. Consequently, the low dislocation density in
ceramics makes nucleation necessary in many local volumes in order to have dislocations where needed.
This would require high stresses, and hence, often fracture simply prevails instead. In consequence,
enhancing pre-existing dislocation density is a key design parameter.

Figure 8: Dislocations need to exist where they are needed. a) In single crystals, few pre-existing dislocations can move and multiply to
supply dislocations to all volumes required. b) In polycrystals, grain boundaries can prohibit dislocations from moving and multiplying. c)
The interaction of slip bands with grain boundaries can lead to crack nucleation. d) In metals, it is mostly possible to nucleate dislocations
at crack tips which initiates the formation of a plastic zone and enhances toughness dramatically. In ceramics, however, thermal
activation is often insufficient to nucleate dislocations at the crack tip, which is a key limitation to the toughness of ceramics. e) For local
deformation, for example underneath a (nano) indenter, dislocations often need to be nucleated in a pop-in event as their density is too
low to find a dislocation where needed. f) If, in contrast, dislocations are pre-existing with sufficient density, nucleation is not required,
but movement and multiplication of dislocations can occur at much lower stresses.

Consequences of imperfect motion
Dislocations do not move perfectly smoothly. Instead, they leave behind defects (such as vacancies),
show features such as kinks and jogs along the dislocation line, and parts of a dislocation can be pinned.
These processes are perfect starting points for dislocation multiplication and the origin of highly complex
arrangements in plastically deformed materials.
In particular, when dislocations move fast, they frequently leave behind point defects or small loops
[97]. These can again impact dislocation multiplication [98] or impact competing mechanisms such as
twinning [97].
Dislocations can multiply by a multitude of mechanisms when moving [11-13]. Jogs, small loops (also
“coffee beans” – very small loops), kinks, or cross slip caused by imperfect motion are frequently the
starting points for these mechanisms. However, in contrast to metals, the typical pre-existing Frank-Read
source has a minor role. More prominent are Köhler sources (Frank-Read type sources generated by
multiple cross glide). Besides, there is a whole series of seemingly exotic mechanisms that lead to

22

dislocation multiplication in ceramics [98]. Some of these, however, received little attention for several
decades.
Depending on the material, the creation of more dislocations can lead to a strong increase in yield
strength because newly generated dislocations also form obstacles for the motion of other dislocations.
In consequence, the yield strength rises with the degree of deformation referred to as strain hardening.
Strain hardening can be highly pronounced in some materials, e.g., TiO2, where after a small degree of
deformation, the strain rate is limited by the rate at which recovery and creep can take place [99-106].
In other materials, such as for the <100>{100} slip system of SrTiO3 at high temperature [28], it is
hardly observed.
The final arrangement of dislocations is primarily a consequence of the kinetics of the dislocation motion
and the sequence of the occurring processes. In addition, thermal activation also allows climb of
dislocations, and hence phenomena such as recovery can also substantially impact the final arrangement
of dislocations. Control over these mechanisms allows designing dislocation structures and optimize the
impact on functional [5, 107] or mechanical [32] properties.

Figure 9: Consequences of imperfect dislocation motion. A series of features produced by dislocation motion is sketched. Some of these
features can lead to dislocation multiplication, such as dipoles [108, 109] and Köhler sources [98, 110]. These features are also
components of the mesoscopic dislocation structure controlling the functional properties [5, 107]. Substantially modified reprint with
permission from [5]. Copyright American Chemical Society.

Competing mechanisms
At all times, deformation can, in principle, be carried by non-dislocation-based deformation mechanisms.
For dislocation-based deformation to prevail, all of these processes need to be suppressed or at least be
slower than dislocation-based deformation. Typical examples are twinning [38, 111], ferroelastic
switching, fracture [9], diffusion [35, 36] and grain boundary sliding [36, 112, 113]. The latter three
common mechanisms are schematically illustrated in Figure 10. Unfortunately, diffusion through the
bulk (Nabarro-Herring creep) and along the grain boundary (Coble creep) as well as grain boundary
sliding often occur in a similar temperature range, which is required to thermally activate the mobility
of dislocations. This temperature can again coincide with the temperature range, e.g., for dislocation
creep. Furthermore, the brittleness of ceramics can be problematic.
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Figure 10: Competing deformation mechanisms not based on dislocations. a) Diffusion creep where under tensile stress, atoms move
either along grain boundaries or through the bulk of the grain. Atoms migrate from the compressively stressed regions towards highly
tensile strained regions resulting in a macroscopic strain. b) Grain boundary sliding can occur at high temperatures where strain is
accommodated by the relative motion of grains which is often facilitated by secondary phases. Unfortunately, this is easily accompanied
by crack formation, which then leads to sample failure. c) As ceramics are typically brittle, cracks can propagate easily and lead to
catastrophic failure.

The five individual discussions steps presented above can be used to identify the limiting step in each
case. After the limiting step is identified, it can be addressed pointedly. The steps to be discussed are:
1.
2.
3.
4.
5.

Dislocations need to be mobile
Obstacles need to be overcome
Dislocations need to exist where needed
Consequences of imperfect motion
Competing mechanisms

This discussion was done recently for two examples. For extended deformation of polycrystalline
perovskite SrTiO3 [31], grain boundary sliding was identified as a competing mechanism [112] and,
hence, no dislocation based deformation was observed. In response, the impact of secondary phases on
the grain boundaries was excluded by highly pure synthesis of the powders and green bodies [114-119]
which avoids secondary phases on the grain boundaries. This allowed dislocation-based deformation to
dominate and looking at the other steps.
In step 1, dislocation velocity was found to be limited by the kink-pair mechanism and, hence, strain rate
controlled deformation [48] was avoided. As a result, degrees of deformation beyond 25 % were
achievable. Furthermore, tuning dislocation density was shown to increase achievable strain rates as
expected [45]. No noteworthy yield strength was found for step 2 and dislocations were shown to readily
form in grains in step 3. In step 4 no strain hardening was found.
Similarly, a plastic zone in front of a crack tip which enhances the toughness (as readily observed in
metals) is typically not formed in ceramics. The lack of existence of dislocations can be identified as the
limiting step while mobility can be identified as good. In consequence, step 3 is instead of step 1 is the
limiting factor. However, the multiplication in consequence of imperfect motion is deemed insufficient
to produce high enough density. This means, step 4 cannot easily amend the problems from step 3 as it
is often the case in other situations. In response, enough dislocations or dislocation sources need to be
engineered into the material. Toughening of ceramics by dislocations was therefore enabled [32]. This
is surprising, as extended efforts were made on toughening ceramics with other mechanisms [9].
Furthermore, the engineering of dislocation structures in ceramics is highlighted as a key design
challenge.
In summary, the merit of dislocations in ceramics requires a complex consideration where a series of
possibilities have not been identified so far. Splitting the thought into the five steps above helps
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simplifying the discussion and allows to identify the key issues to be addressed. As often done in
undergraduate engineering lectures, viewing ceramics as brittle and undeformable materials is
unfortunately insufficiently accurate.
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4. Literature overview of room temperature plasticity in ceramics
4.1.

Fundamentals of dislocations

Dislocations are one-dimensional line defects occurring in crystalline materials known to be responsible
for the ductility and toughness of metals. They are characterized by their slip plane, slip direction
(Burgers vector), and the line vector and can be seen as the end of an inserted half-plane. They are often
symbolized in sketches with a T-shaped symbol visible in Figure 11a. For the edge dislocation, the
Burgers vector is perpendicular to the line vector, while for screw dislocations, the line vector is parallel
to the Burgers vector. For example, in Figure 11a for the edge dislocation, the Burgers vector lies in ydirection while the line vector lies in x-direction. In Figure 11b, both the line vector as well as the Burgers
vector of a screw dislocation lie in z-direction. The line vector can also be a mix form of screw or edge
dislocation.

Figure 11: Schematic illustration of dislocations. a) Edge dislocation and b) screw dislocation. Slightly modified reprint from [12] with
Permission Springer Nature.

The discontinuity imposed by the dislocation results in a stress and strain field around dislocations. This
strain field leads to many interactions: 1) Between two dislocations, 2) between a dislocation and a
surface, and 3) a dislocation and any other defect with a strain field such as domain walls in
ferroelectrics, point defects, or inclusions [11, 13]. It can be expressed analytically in the following form,
which is exemplified for a screw dislocation here [13]. This strain field can be detected and quantified
by advanced methods such as dark-field x-ray microscopy [120], which is part of this thesis.
,-
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The full set of formulas for both edge and screw dislocations, including descriptions for the stress field,
the resulting energy of a dislocation and the interaction force between two dislocations, are displayed
and explained in detail elsewhere [13].
Macroscopic deformation of crystals can be achieved by the movement of dislocations. This motion is
induced by shear stress and can be simplified into the following four steps. In Figure 12a, a perfect crystal
is depicted. In Figure 12b a step on the surface with the height b of the Burgers vector is created. This
gives a half-plane which travels through the crystal and produces another step on the opposite surface.
This process has effectively sheared the upper half of the crystal versus the lower one by one unit cell.
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Figure 12: Motion steps of a dislocation. a) Original crystal, b) a step created on the left gives a dislocation, c) this dislocation moves
through the crystal and d) leaves a step on the opposite surface. This has effectively sheared the entire crystal by one unit cell. Reprint
from [12] with permission from Springer Nature.

A selection of advanced fundamentals will be covered in the following chapters. For entry-level
dislocation knowledge, Gottstein’s fundamental book [54] is recommended. In particular, chapter 3.3
and 6.4 but also chapter 6, in general, are recommended to get first insights into dislocations. A further
preparation, which would be sufficient to easily comprehend all mechanical content of this thesis, would
be reading chapter 6 of “Mechanical Behavior of Engineering Materials” by Rösler, Harders, and Bäker
[40].
For advanced fundamentals, books from Hull and Bacon [13], Messerschmidt [12], and Anderson, Hirth,
and Lothe [11] are excellent guides. Please note that dislocations (in metals) are one of the most
advanced research fields in Material’s Science (with far beyond 100k publications), and hence a complete
overview is impossible to give. In the following, Messerschmidt’s book “Dislocation Dynamics During
Plastic Deformation” [12] will be promoted because it bundles a series of highly important aspects for
dislocations in ceramics. However, this is an advanced book and not easy to digest without substantial
prior knowledge, which will be sketched here.

4.2.

Fundamental dislocation motion

The stress required to overcome the energy maximum to move from one so-called Peierls valley to the
next at 0 K is referred to as the Peierls-Nabarro-stress
[13]. This energy landscape is periodic and its
analytical expression is given in Equation ( 3 ) on page 19 [12, 13].
Ceramics typically show a higher Peierls barrier than metals because the ionic nature requires atoms to
move, e.g., twice as far, to become located on a suitable lattice site again. When inserting the Burgers
vector of, e.g., SrTiO3 and the lattice spacing (discussed in more detail in 4.5), the Peierls Barrier is
estimated by this simple formula to = 4.57 GPa. This stress is so high that fracture would likely occur
before dislocation motion sets in. Hence, it would be tempting to conclude that dislocations are not
mobile in ceramics. However, this would be oversimplified.
This barrier can be overcome, for example, in three relevant ways:




When the stress exceeds the value of the Peierls barrier, e.g., by localization [121-128] or with
additional hydrostatic stress preventing cracking caused by high deviatoric stress [78, 129]
With additional thermal activation, see section 5
When dislocations split into partial dislocations [130], as discussed below
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Splitting a dislocation into two partials reduces the effective Burgers vector by a half. Because the Burgers
vector stands in the exponential term in Equation ( 3 ), the impact of the reduction of the Burgers vector
is far reaching. With half the Burgers vector inserted into the equation (partial dislocations), the Peierls
stress
reduces to 74.4 MPa which is much closer to the measured values and also readily achievable
in experiments. Javaid et al., for example, measured 89 MPa [131]. Note that a more accurate calculation
of Peierls barriers for a series of ceramics is readily available [42, 51, 62, 63, 132].
This means, e.g., by splitting dislocations into two partials, dislocations can be highly mobile at room
temperature, even in ceramics!
Much of the research on the plasticity of ceramic single crystals appears to have shifted out of focus,
which is surprising as quite a substantial amount of the fundamental dislocation research was done, e.g.,
on ceramic lithium fluoride single crystals as reviewed by Gilman and Johnston in 1962 [6]. To best
understand the room-temperature deformation behavior in SrTiO3 (or any ceramic) other crystal
structures are extensively looked at to gather available knowledge on the relevant mechanisms.
Well investigated examples of room temperature ductile ceramics are alkali halides [59, 133-140], with
fluorides [6, 98, 141, 142], chlorides [143], and bromides [144] as examples. Also, similar compositions
such as CaF2 [141, 145, 146] or AgCl [147, 148] have been of interest. A whole range of advanced ideas
has been discussed in the context of halides, such as decorating dislocations with foreign elements [148],
texturing to improve ductility and to circumvent the Taylor criterion [66], or impacting mechanical
deformation with electric current [149]. Furthermore, a series of dislocation sources and multiplication
mechanisms have been investigated [98, 110]. A good overview was provided for mechanical aspects by
Gilman and Johnson in 1962 [6] and for electrical properties by Whitworth in 1975 [2] as well as
semiconducting properties by Osipyan et al. in 1986 [21]. When discussing the novelty of a dislocationbased design approach for oxides, there is a high chance that similar ideas have been proposed and/or
pursued for alkali halides before. In consequence, it is extremely important to also review other materials
when attempting to pursue novel ideas, e.g., in perovskite oxides. A recent example where this was
helpful is the explanation for lithium metal penetration through lithium ion conducting solid electrolytes
where a similar mechanism was well documented for sodium ion conducting solid electrolytes decades
earlier [150].
Similar to alkali halides, a whole series of oxides is known to be plastically deformable at room
temperature. A prominent example is MgO, which was reviewed in 2018 [7]. For MgO, even a
dislocation-based plastic zone leading to the astonishing fracture toughness of 9.2 MPa√ was observed
in 1979 [90]. However, even though it was published in English, this result from East Germany found
no attention in large parts of the world as, for example, crack tip opening displacement was used to
determine toughness, which was claimed as new 18 years later [151]. Messerschmidt, one of the driving
forces in dislocation research from East Germany, summarized much of the understanding about the
“dislocation dynamics during plastic deformation” in a book in 2010 including many supplementary
videos [12] which provides a good literature overview as well.
Perovskite SrTiO3 was identified to be ductile at room temperature in 2001 [152]. Later KNbO3 followed
[153]. These publications are titled “surprising” and “unexpected”, which highlights how much
dislocations had disappeared from the focus of ceramic research. From today’s perspective, all
perovskites should be suspected to be potentially deformable at room temperature. Similarly, all
ceramics should be considered for potential dislocation mobility at room temperature as it is found in a
whole range of other materials as well, such as ZrB2 [30], ZnS [23, 154], and ZnO [29, 155].
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Nevertheless, there is certainly a number of ceramics without mobile dislocations at room temperature.
An extensive list or categorization is, however, not available.

4.3.

Typical dislocation features and mechanisms

When deforming ceramic single crystals, very typical dislocation structures and mechanisms are
observed. However, there is a whole range of interrelated underlying mechanisms which severely
complicate detailed understanding. A series of these will be introduced in the following.
Typical dislocation structures can be visualized when etching with, e.g., buffered HF, which results in
etch pits on (100) surfaces in SrTiO3. The size of the etch pits can be controlled by the etching time
between a few nm and many µm, allowing to choose between visibility and resolution demonstrated in
Figure 13. Furthermore, the motion of dislocations can be tracked when etching before and after a
mechanical loading, as etch pits form a flat bottom where a dislocation is no longer present or does not
extend further into the depth [98]. While hydrofluoric acid is highly poisonous and needs cautious
handling, etching is still the most convenient technique to visualize dislocations as it visualizes
dislocations permanently and on the entire sample surface at once. Note that etching is often catalyzed
by trace impurities, which makes reproducing etching recipes highly difficult. Nominally identical
solutions from different manufacturers can deliver completely different outcomes, and sometimes
dissolution of, e.g., iron atoms from the tweezers are necessary for successfully forming etch pits [6, 156,
157]. Hence, developing etching recipes for new materials can be cumbersome.

Figure 13: SEM image of etch pits in a <110>{110} type slip band in uniaxially deformed SrTiO3 etched for different durations.

A series of dislocation arrangement features observed in SrTiO3 can be explained by looking at the
literature from LiF. First of all, etching can be used to check surface polishing quality. In Figure 14, a
small steel ball was rolled over the surface of a LiF crystal, leaving indent-like dislocation features
whenever it rolled over a dust particle. This, on the one hand, shows how carefully the samples need to
be polished and handled but also shows potential to introduce high dislocation densities at the surface.
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Figure 14: Dislocations produced by a small steel ball rolling over the surface of a polished LiF crystal [6]. (No scale bar provided in the
original.) Reprint from [6] with permission from Elsevier.

Upon uniaxial compression, slip bands form, which means that dislocations occupy small strips while
the rest of the volume remains pristine. A homogeneous dislocation density is generated within the slip
band, while upon further deformation, the slip band extends in width [108, 158-162]. The density within
the band is influenced by temperature and impurity concentrations, as shown in Figure 15. For SrTiO3
it was found to be in the range of 2*1013 m-2, which corresponds to an average distance between two
dislocations of ≈220 nm. However, caution must be taken as in slip bands the distribution of dislocations
is not uniform. Instead, it varies from many 100 nm to a single digit number of unit cells. The
arrangement within is determined by the dislocation multiplication mechanisms involved in the
formation of the slip bands. Two of them are elaborated in Figure 17 and Figure 18.

Figure 15: Slip band in LiF first deformed at low temperatures and then further deformed at higher temperatures [13, 98]. Reprint from
[98] with permission from AIP Publishing.
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When deforming, some narrow slip bands will form traversing large distances. Initially there are large
undeformed volumes in between at first which are filled with dislocations upon higher deformation
degrees shown in Figure 16 [6]. The shape, spacing and detailed arrangement are consequences of a
multitude of parameters and processes [12, 13]. Depending on the number of initially mobile
dislocations, either many small slip bands or few large slip bands will form which can be influenced by
external parameters such as light or stoichiometry [23, 163]. The form of the slip bands depends on the
multiplication mechanisms at work which can be fundamentally different for various slip systems in the
same material.

Figure 16: Slip band structures in deformed LiF after a) 0.03%, b) 0.9% and c) 8% compression [6]. Reprint form [6] with permission form
Elsevier.

Within a slip band, a multitude of dislocation multiplication mechanisms can occur, which are again
highly sensitive to particular parameters. For example, when an immobile jog is formed [109], the result
is highly dependent on the jog's height. Visualized in Figure 17a, the formation of a small jog leads to
the formation of small loops or “coffee beans” while a large jog in b) leads to forming a double spiral
source. Furthermore, an intermediate jog height leads to a dipole formation dragged behind [6, 98, 164].
This dipole can again turn into a loop, which is essentially a new dislocation [108]. (Arne Klomp and
Lukas Porz suggest that the latter process is facilitated by the substantial stress field of other dislocation
passing by closely, unpublished data.)
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Figure 17: Multiplication mechanisms following the formation of an immobile jog: a) A small height resulting in the formation of small
dislocation loops (“coffee beans”), b) large height resulting in two spiral sources, and c) intermediate jog height resulting in dipole
formation. Reprint from [6] with permission from Elsevier.

This set of multiplication mechanisms stands in constant competition with the formation of Köhler
sources by (double) cross glide. In a Köhler source, a dislocation segment cross-slips and forms a FrankRead type source on both the original and new slip plane illustrated in Figure 18 [165]. Extensive studies
on the cross-slip distance are available, e.g., for NaCl [138, 166]. In 262 observed cross slip events a
maximum cross slip height of 0.6 µm was found while the vast majority of cross slip events showed a
height of less than 0.1 µm. Height and frequency were found to depend on the length of the cross-slipped
element and on the impurity concentrations as low as 32 ppm divalent foreign atoms in NaCl.
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Figure 18: Schematic illustration of a Köhler source. A dislocation segment cross-slips in a) and forms a Frank-Read-type source in b) and
c) [165]. Reprint from [165], with permission from Taylor&Francis (https://www.tandfonline.com/toc/tpha20/current).

In summary, the dislocation structure is determined by a whole range of interrelated, cooperating, and
competing mechanisms, which complicates a detailed understanding. Many of the mechanisms are
known, e.g., from metals or from alkali halides, in particular LiF, or other oxides, but have not yet been
analyzed in detail for SrTiO3. This complexity also makes modeling demanding. Sometimes jogs of only
a hand full of unit cells height can compete with a cross-slipped element, which can be several tens of
µm long. Covering all (potentially) relevant mechanisms makes it difficult to accurately capture all length
scales in one model.
The outcome of this set of multiplication mechanisms then is again interrelated with the availability of
a whole range of dislocation sources [110, 167] and the density and pinning of pre-existing mobile
dislocations [6].

4.4.

Role of dislocations in fracture and toughening

Ritchie writes in 2011: “In monolithic ceramics, such as silicon carbide, silicon nitride and alumina for
example, intrinsic toughening would require changing the bond strength — not a feasible undertaking"
[8]. It is tempting to then think this applies to all ceramics and dislocations should not be considered for
toughening. However, for example, Figure 19, demonstrates that MgO with a melting point of 2852 °C,
can well show dislocation toughening. While Ritchie may be right for a series of ceramics where no
dislocation mobility is observed at room temperature, there is a series of ceramics where dislocations are
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well mobile (reviewed in section 4.2 following page 27). For many ceramics, the dislocation mobility at
room temperature is unknown or the knowledge about it is not wide spread.
In consequence, ceramics which show dislocation mobility at room temperature require a completely
separate discussion on the role of dislocations in toughness as the ceramics where dislocations are
immobile at room temperature. While there have been contributions in the 1960s and 70s, this distinct
discussion has largely been absent in the recent decades. Here, an overview over the contribution to
dislocation-based toughness in ceramics which show dislocation mobility at room temperature is given.
Typically, toughness concerning dislocations is discussed in context with dislocations nucleated from
crack tips in metals [81], but also including materials such as silicon, MgO, or NaCl to a much smaller
extent [81-89, 168-170]. Appel et al. document in 1979 a plastic zone in a single crystalline MgO
depicted in Figure 19. They report a crack tip toughness of 9.2 MPa√ which is astonishingly high for
ceramics. Furthermore, dislocation densities, evolution over time and stress distributions around the
crack tip calculated from the bow-out radius of dislocations is reported. This shows that a plastic zone is
not impossible in ceramics. However, in most ceramics, nucleation of dislocations from crack tips does
not occur under relevant conditions.

Figure 19: Plastic zone observed at a crack tip inside a MgO single crystal with a crack tip toughness of 9.2 MPa√
[90] with permission from John Wiley and Sons.

[90]. Reprint from

When a dislocation source at a crack tip has emitted one dislocation, many more dislocations can follow
from the same source leading to a blunting. However, this first nucleation requires a specific temperature
to be sufficiently thermally activated. An explanation for such a sharp brittle to ductile transition, e.g.,
in silicon, is illustrated in Figure 20.
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Figure 20: Schematic illustration of two crack tip sources emitting dislocation half loops leading to blunting and cleavage steps [87].
Reprint from [87] with permission from IOP Publishing.

The emission of dislocations from the crack tip then leads to local steps, which can be later observed as
cleavage steps on the fracture surface [89] as shown in Figure 21. Matsunaga et al. reported this step
formation at atomic resolution in MgO single crystals [171]. While dislocations were also observed to
form in polycrystals, they were restricted to grains with direct contact to the crack [171].

Figure 21: Slip steps on a fracture surface of MgO in a) which can be correlated to etch pits in b). Reprint from [89] with permission from
Elsevier.

In fact, plastic zones have been demonstrated also in polycrystalline MgO in the 1960s and 70s and have
been related to fracture toughness [71, 91-93, 95, 96]. Dislocation motion in the surrounding of a crack
was shown to have an impact. Figure 22 illustrates the effect of slip on the stress fields around a notch
and a crack in polycrystalline MgO visualized with birefringence [96].
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Figure 22: Stress fields around a notch and a crack observed in polycrystalline MgO using birefringence. Reprint form [96] with permission
from Taylor&Francis.

Matsunaga et al. [171] observe (indirectly) a restriction of slip to individual grains. Similar observations
were also made by much earlier studies using etching methods as illustrated in Figure 23 [93] where
etch pits can be found in some grains but not their neighbors. This restriction of slip to individual grains
comes with a series of consequences as it limits the size of the plastic zone.

Figure 23: Restriction of dislocation activity to individual grains in MgO . Slip transmission is impeded which is visualized by etch pits
which are observed only in certain grains but not necessarily their neighbors. Reprint from [93] with permission from Springer Nature.

A particular consequence of the limitation of slip to individual grains is the pile-up of dislocations at
grain boundaries. Unfortunately, a slip band can easily nucleate cracks at a grain boundary, as
schematically explained by Stokes in Figure 24 [71].
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Figure 24: Crack initiation at grain boundaries. a) and b) Sketch of crack formation from slip bands intersecting a grain boundary [71]. c)
Independent evidence for slip localization onto shear bands in polycrystalline LiF [75]. Reprint from [71] and from [75] with permission
from John Wiley and Sons.

This crack formation at grain boundaries unfortunately negates the effect of a plastic zone by creating
the next crack. When dislocations in ceramics move in response to the stress field of a crack tip and
reduce the stress intensity as desired, they form a slip band, which then interacts with the grain boundary
[96]. As a consequence, a new crack is formed at the grain boundary instead of further reducing stress
intensity at the original crack. This leads to microcracking, which is a mild toughening mechanism. Aside
from residual stress, the micro-yield is a crucial factor allowing this mechanism. Without micro-yield,
micro-cracking is difficult to explain as follows from a quantitative analysis considering only purely
brittle behavior [172]. Nevertheless, micro-yield and microcracking can help dissipating energy, which
slows down crack motion [71, 91-93, 95, 96]. While not pursued in this thesis, an analysis which includes
careful energy considerations is highly recommended as a separate viewpoint on toughness in ceramics.
Slip band formation and nucleation of cracks at grain boundaries were also independently observed in
LiF in 1963, shown in Figure 24c. After Taylor suggested that five slip systems are necessary for the
deformation of arbitrary polycrystals [64], Groves and Kelly discussed the insufficient number of slip
systems for a large range of ceramic materials in 1964 [65]. A key conclusion is that extensive
macroscopic deformation is not possible at lower temperatures for most ceramics. It is tempting to
conclude that the slip band formation and nucleation of cracks at grain boundaries are an inherent and
insurmountable problem due to the Taylor criterion. This would also suggest that a plastic zone will
always be severely limited and microcracking is likely to undermine its functionality. The focus on small
angle grain boundaries in investigations on slip transfer are also not helpful for the scenarios in
polycrystals [173].
However, the nucleation stress for dislocations at grain boundaries is high in ceramics [73] where the
glide dissociation is suggested to complicate nucleation [81]. There is a good chance that slip transfer
through a grain boundary (or alternatively the continuation of deformation by other dislocations on the
other side of a grain boundary) and the compatibility of the slip systems are two distinctly separate
problems. The first one may be addressable by engineering dislocation density while the second one
would require texturing [66]. Note that among the models [174] for the Hall-Petch relation [175, 176],
there can be a pile-up of dislocations at grain boundaries (hindered slip transmission) in metals which,
nevertheless, fulfill the Taylor criterion. So, at least for discussions on metals, slip transmission is
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decoupled from the compatibility of slip systems. This demands decoupling of slip transmission (here,
including the possibility of crack formation) from the compatibility of slip systems in ceramics as well.
This difference in perspective is discussed in detail in section 8.1 following page 86 and allows a new
perspective on the feasibility of a plastic zone in ceramics.
Elastic interactions of dislocation and crack strain field
Dislocation sources or pre-existing dislocations which are not directly present at the crack tip are
sometimes discussed. However, their density is typically extremely low and hence not statistically
relevant. In particular, they were observed not to be relevant by Matsunaga et al. [171]. Nevertheless,
this type of source can have a contribution to toughness and should be designed to occur more often in
ceramics in order to toughen them.

Figure 25: Dislocation sources in the vicinity of crack tips [87]. Reprint from [87] with permission from IOP Publishing.

There is ample experimental evidence that the required nucleation does not occur readily enough for
ceramics, and hence they behave brittle [81]. If initial toughening could be attained, this would
potentially even allow further toughness enhancing mechanisms to occur, as initial toughening can allow
for otherwise impossible ways for dislocation nucleation at crack tips [168, 169].
According to Hirsch [80], the contribution of a dislocation, either adding to or subtracting from a stress
intensity factor, can be estimated by following equation where 89 is the difference in stress intensity
factor, : the shear modulus, is the Burgers vector, ! the Poisson’s ratio and 0 the distance from the
crack tip. ; <, 5" is an angle dependent function.
89 =
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Depending on the line vector, the dislocations will either have a shielding or anti shielding effect. The
stress will attract the ones lowering the stress intensity factor and push away those increasing it. This
rearrangement is crucial to attaining a toughening effect. A careful consideration is presented in section
8.1, starting on page 86.

4.5.

Room temperature plasticity in SrTiO3

Compared to the wealth of literature on the relevant dislocation mechanisms, the investigations on the
plasticity of SrTiO3 at room temperature are rather scarce. Room temperature plasticity of SrTiO3 was
brought to attention by Brunner et al. in 2001 [152]. This research group investigated the temperature
dependent deformation behavior in more detail in the following years [28, 177-180]. The temperature
dependent yield strengths were most notably recorded for the two major slip systems [28] depicted in
Figure 26. High mobility of the <110>{110} slip system was found below a ductile to brittle transition
at about 700 °C, and the yield strength was in the range of 120 MPa.
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Figure 26: Temperature dependence of SrTiO3 single crystals' yield strength displayed as critically resolved shear stress for different
sample orientations [28]. Reprint from [28] with permission from © Carl Hanser Verlag GmbH & Co.KG, München.

Castillo-Rodriguez et al. [130, 181, 182] investigated the dislocation motion at and below room
temperature from a theoretical perspective in the following. They explain the transition from kinkmigration to kink-nucleation limited mobility and hence a transition in the prominence of screw and
edge dislocations. Furthermore, Hirel et al. analyzed the splitting into two partial dislocations with
molecular dynamics simulation while also addressing the brittle to ductile transition, which was
suggested to be an effect of core reconstruction [52, 53, 67]. (Arne Klomp and Lukas Porz suggest that
also temperature dependence of dislocation arrangement and multiplication mechanisms should be
regarded in the context of the brittle to ductile transition [32]).
Yang et al. investigated dislocation structures around Vickers indents and after uniaxial compression by
TEM in detail [183, 184]. Most notably, edge dislocations were mostly found while small segments of
screw dislocations appeared to be much more mobile leaving behind long segments of edges that slowly
advance by the kink pair mechanism. These detailed studies also revealed individual kinks and the
splitting into partial dislocations in the slip structure of SrTiO3 [185] shown in Figure 27.
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Figure 27: Observation of individual kinks at dislocations in SrTiO3 by Yang et al. [185]. Reprint from [185] with permission. Copyright
(2011) The Japan Society of Applied Physics.

Additionally, the detailed TEM investigation by Jin et al. needs to be mentioned as they reveal line
vectors that are neither screw nor edge but another low index direction. Furthermore, they demonstrate
the possibility to introduce high dislocation densities at the surface by simple polishing [186].
Furthermore, Javaid et al. have recently investigated dislocation structures underneath indents in detail
at TU Darmstadt [131, 187, 188]. Also, the interaction of dislocations with a tilt grain boundary was
studied in detail via in-situ indentation in a TEM [173], and the yield strength was found to be dependent
on the Sr/Ti ratio [163]. And lastly, Patterson et al. showed that dislocation density could be controlled
and increased by uniaxial deformation to ranges of 1.4*1013 m-2 [189].
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5. Literature overview of thermally activated dislocation motion
For several reasons, such as a high Peierls barrier or obstacles in the way, dislocation motion can require
substantial thermal activation. Hence many processes, which are kinetically hindered at room
temperature, can occur at elevated temperatures. However, the multitude of competing and cooperative
processes complicates an overview. It then becomes even more challenging to identify the rate-limiting
mechanism in a particular experiment. A series of relevant examples will be reviewed in the following.

5.1.

Kink-pair mechanism

Instead of moving as a straight line, which would require large stresses and large amounts of energy,
dislocations advance in small sections that expand sideways. A kink is nucleated with a positive and
negative kink K+ and K- separated by the distance L. Suppose the applied stress leads to a greater force
than the attraction between the two kinks. In that case, the kinks will travel apart and thereby advancing
the dislocation by one Burgers vector (denoted as with the length h) as illustrated in Figure 28.

Figure 28: Kink pair formation in dislocation motion [12]. a) Kink length, kink height, positive and negative kink. b) Kink width and c)
propagation direction of the dislocation and propagation direction of the kinks. Reprint from [12] with permission from Springer Nature.

Note that the mechanism is sometimes inconsistently referred to across the literature. Names available
are Peierls mechanisms, kink-pair mechanism, and double-kink mechanism. Detailed descriptions
concerning the kink-pair mechanism are summarized by Messerschmidt in chapter 4.2 [12]. While oxides
and, in particular, perovskites attract increasing attention in the context of dislocations, it is, again,
essential to note what mechanisms are already well documented for other materials. Some relevant
examples summarized by Messerschmidt are [12]:
a. Analytical description of the kink formation energy, requiring line energies (partially used
by Castillo-Rodriguez for SrTiO3 [182]).
b. Analytical description of kink migration enthalpies.
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c. The description of kink motion as flux of kinks determined by a thermally controlled kink
nucleation rate (including entropic contributions) and a migration rate.
d. Analytical description for the interactive force between kinks.
e. Dependence of kink nucleation on applied stress.
f. Expression of dislocation velocity depending on the kink pair mechanism.
g. Hints to modification of kink nucleation rate by defects such as inclusions and point
defects.
h. Description of state of the art in how far these mechanisms are understood where accurate
description for ionic materials is substantially more difficult than for metals.

5.2.

Dislocation velocity limited by the kink-pair mechanism

As mentioned in section 4.2, the Peierls barrier can be in the range of GPa [42]. However, it is still
possible to move these types of dislocations with less than 10 MPa with sufficient thermal activation [28,
31]. However, this can only occur at a low strain rate because the rate at which kinks are nucleated with
the assistance of temperature is low compared to the rate at which they can be formed when the applied
stress simply exceeds the Peierls barrier which easily occurs in metals.
The dislocation velocity
[190] can be linked to the strain rate via the Orowan equation [44] when
both effective Schmid factor
and dislocation density are known.
=

(7)

The dislocation velocity can be expressed depending on the kink nucleation enthalpy Δ@AB which allows
describing the dislocation velocity in dependence on the stress, see equations ( 8 ), ( 9 ) and ( 10 ). Here,
is the Boltzmann constant, the temperature, ℎ the kink height, D the jump height during kink
migration, ∗ the locally acting stress available for this mechanism and !9 is the Debye frequency (1011
to 1012 s-1), which is a reasonable approximation for the attempt frequency. Δ@EB and Δ@AB are the
migration free enthalpy and the formation free enthalpy. Δ F ∗ " is the stress dependent activation
energy for kink nucleation which is expressed in more detail in equation ( 9 ). Depending on the
temperature, either of the latter two can dominate and cause a predominance of screw dislocations if
formation is easier than migration and edge dislocations when migration occurs faster than nucleation.
This transition was studied for dislocations in SrTiO3 below room temperature [181, 182] and shown to
be responsible for the prevalence of edge or screw dislocations.
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Furthermore, the dependence of the kink formation energy on applied stress can be inserted.
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The kink formation enthalpy can also be calculated based on the line energy Γ as.
Δ@AB =
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Inserting equation ( 10 ) into equation ( 9 ), then inserting the result into equation ( 8 ) and again
inserting the result into equation ( 7 ) leads to an analytic description of the strain rate based on the
Peierls barrier and temperature. The respective insertions and formulas are color-coded for simplicity.
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This analytical description describes the behavior when only one slip system is required (or one is
limiting).
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In principle, this would be sufficient to initially judge for every ceramic on whether it could or could not
be deformed at elevated temperatures. This would be enabled by estimating a strain rate limited by the
kink-pair mechanism. However, this is difficult for ionic or covalently bonded materials since the
reliability of the analytic descriptions for the line energy for these materials is uncertain for ionic and
covalent materials. Furthermore, data points for line energies from experiments or simulations are
extremely scarce. If line energies could be provided (or at least estimated) and the slip is dominated by
one slip system, it would be possible to describe the behavior analytically (taking into account the effect
of dislocation density [45] and temporal evolution of dislocation density, see section 5.6 on page 48).
This is, unfortunately, out of the scope of this thesis. Furthermore, it illustrates the difficulty bridging
the gap between the state of the art understanding of dislocations and its application to relevant
problems in ceramic science.
Moreover, the above description is far too complicated for most purposes. Only equation ( 7 ), the
Orowan equation, is used in the following. A simplification of equation ( 11 ) is provided in equation (
2 ) on page 18 and discussed further in section 5.3. Additionally, this has the advantage that it is not
necessary to discuss the effect of multiplication mechanisms in detail on top of the velocity.
In contrast to thermally activated motion, dislocations on room temperature mobile slip systems can
reach velocities close to the speed of sound as carefully evaluated over many orders of magnitude for
LiF in [6, 142] shown in Figure 29.
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Figure 29: Dislocation velocities in LiF single crystals at room temperature [6, 142]. Reprint from [6, 142] with permission from Elsevier.

5.3.

Simplified relation of strain rate, stress, and temperature

A substantially simplified approach expresses the dependence of the strain rate on both stress and
temperature is presented here. It is chosen to describe the experimental data, which is merely a fitting
law at an appropriate level of detail, see equation ( 2 ) on page 18.
This description's strong advantage is that not only the kink-pair process can be described in this manner.
Any mechanism which can be approximated with an activation volume and an activation energy (e.g.
kink-pair mechanism, diffusion creep, dislocation creep, etc.) can be described. Respectively, activation
energy and activation volume can be used as fitting parameters for experimental data, which can be
applied to identify the rate-limiting deformation process.
In a simplified way, the energy barrier can be overcome by thermal activation where the portion that
needs to be thermally activated can be reduced by the applied stress multiplied with the activation
volume displayed in Figure 6a on page 18. Some processes, such as two dislocations cutting each other,
involve many thousand atoms and hence have a large activation volume. In contrast, other processes,
such as kink formation, involve very few atoms and are hence characterized by a very low activation
volume. In consequence, a low activation volume means that the process can not easily be accelerated
by applied stress. In contrast, processes with a high activation volume are extremely sensitive to stress.
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In other words, the activation volume can also be directly described as the derivative of the strain rate
by the applied stress at constant temperature, see equation ( 12 ). While the activation volume is usually
measured, e.g., by strain rate sensitivity tests in metallurgy [28, 38, 180], the literal application of
equation ( 12 ) is found to be highly convenient for determining the activation volume of ceramics at
elevated temperatures and used extensively.
"=
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Overcoming of obstacles

A large part of the art in metallurgy is placing obstacles in the way of dislocations so that the stress
required to move them can be deliberately chosen (mostly as high as possible). Typical mechanisms can
be, for example: Strain hardening, where dislocations block other dislocations; precipitation hardening,
where precipitates of a second phase block dislocations; and Hall-Petch hardening [175, 176], where
grain boundaries block dislocations.
In these cases, dislocations are highly mobile but spend most of their time standing still in front of the
obstacles. When high enough stress is applied to allow a dislocation to overcome these obstacles, they
will continue moving. This stress is classically referred to as yield strength. Once this yield stress is
reached and the obstacles are overcome, deformation can be extremely fast due to the otherwise high
mobility of dislocations. Detailed descriptions, including obstacle distributions, can be found in chapter
4.5 of Messerschmidt’s book with the keywords of Friedel and Mott statistics [12]. Technically,
dislocations can reach close to the speed of sound [142, 191] while actually reaching the speed of sound
is difficult as the stress needed to accelerate further drastically increases when approaching the speed of
sound and results in additional defect creation [6, 97, 142, 191].
While it is the state of the art for metals to tune the yield strength with, e.g., point defects, ceramics can
be tuned by engineering point defects as well. In Figure 30, the yield stress of LiF single crystals is
measured after introducing fresh dislocations and after annealing them at 100 °C for different amounts
of times [6]. Point defect segregate into the strain fields of the dislocations. This leads to a pinning of
the dislocations and to a substantial increase of yield strength. Hence, also for SrTiO3 and other ceramics,
such aging effects upon annealing treatments (e.g., a conductivity measurement at 600 °C) need to be
checked for as they can occur unintentionally during annealing treatments.
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Figure 30: Increase in yield strength of LiF after aging at 100 °C [6]. Reprint from [6] with permission from Elsevier.

Note that other temperature-mediated mechanisms can also affect room temperature yield strength such
as recovery or climb dissociation. In turn, the obstacles hindering dislocation motion can also be removed
or made sufficiently mobile by temperature, as shown for oxygen vacancies in TiO2.

Figure 31: Yield strength of TiO2 single crystals dependent on temperature in ambient air and vacuum [68]. (Pressure values are given in
mmHg.) Reprint form [68] with permission from John Wiley and Sons.

When the intrinsic mobility limits dislocation motion, the dislocation advances as an almost straight line
with an almost constant, low, and temperature dependent speed. Instead, when obstacles limit the
motion, dislocations are immobile for a long time. When they finally break free of the obstacle, they race
to the next obstacle and stop moving again. The effective velocity is dominated by the waiting times at
the obstacles. For illustration, please see the supplementary video 6_1 and 6_5 of the video material
provided with Messerschmidt’s book [12]. In video 6_1 the dislocations move at a constant speed. In
video 6_5 the dislocations are mostly immobile but race ahead whenever an obstacle is overcome.
Ceramics can have a limited number of slip systems where dislocations can move as fast as dislocations
in video 6_5, but most of the slip systems behave like dislocations in 6_1 (discussed in section 4).
Many of these obstacles can also be overcome at elevated temperatures at low rates, even at lower
stresses. This process is referred to as “creep”. However, deformation by creep can also occur by
mechanisms which are not related to dislocations. Hence, in the following, dislocation-based creep will
be strictly separated from non-dislocation-based creep.
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5.5.

Creep

Time dependent, thermally activated plastic deformation of materials is referred to as creep. It can be
based on a multitude of mechanisms but is usually characterized by its three typical stages. When a
constant load is applied, the strain rate initially decreases, then stays constant and increases again,
followed by sample failure. In the first regime, some kind of hardening mechanism sets in. In the second
regime the hardening mechanism stands in equilibrium with a softening mechanism. In the third regime,
often a secondary deformation mechanism, such as cavity formation, sets in and leads to failure.
Typically, extensive deformation (>5 %) is not possible with creep.

Figure 32: Typical stages of creep at a constant applied load. a) Strain plotted against time. b) Strain rate plotted against time [40]. Reprint
from [40] with permission from Springer Nature.

A common way to express the relationship between stress, strain rate and temperature in the second
regime is using a stress exponent [40], see equation ( 4 ) on page 20. However, the descriptions discussed
in section 5.3 are much more helpful for studying high temperature deformation behavior of ceramics
as the description with a stress exponent does not easily differentiate between diffusion creep and the
kink pair mechanism [12]. Further fundamentals on creep can be found in chapter 11 of the
fundamentals book “Mechanical Behavior of Engineering Materials” [40].

5.5.1. Dislocation-based creep
Creep in metals is often dominated by dislocation movement. Thermally activated, they can climb over
obstacles and continue their movement until they are blocked by the next object again. In a sense, this
is the overcoming of obstacles discussed in section 5.4 with assistance of thermal activation.
In ceramics, dislocation creep can only be the rate-limiting mechanism if dislocation mobility is not ratelimiting. Likewise competing, non-dislocation-based mechanisms must be slow, too. This could be
possible when dislocations are sufficiently thermally activated but are blocked by obstacles. Such an
obstacle could be excessive work hardening as it occurs in TiO2, where then creep is the primarily
observed phenomenon [100-104, 106].
SrTiO3 is known to exhibit insignificant work-hardening at elevated temperatures [28, 177].

5.5.2. Non-dislocation-based creep
Creep mechanisms in ceramics that are not based on dislocations, are typically either diffusion creep, or
grain boundary sliding which is often assisted by softening of glassy phases on the grain boundary [35,
36]. In both cases, the creep rate increases strongly with decreasing grain size as the diffusion path
becomes shorter. Consequently, the grain size dependence of the strain rate can indicate the underlying
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mechanism. However, it is not conclusive evidence for a specific mechanism but, instead, rather an
indication of the insignificance of some mechanisms.
One extreme of diffusion creep is the superplasticity of nanocrystalline ceramics [192-195]. Here, the
extremely short diffusion path (and grain boundary sliding) allows high strain rates at comparatively
low temperatures and even extreme degrees of deformation (>100 %) based on the small grain size.
Because these mechanisms are not related to dislocations and quickly lead to sample failure (in particular
grain boundary sliding), they are excluded altogether in this study. This requires extremely pure
synthesis to avoid secondary phases on the grain boundaries.

5.6.

Initial dislocation density, delay times of yield, and strain softening

Acquiring reliable data points of strain rates is challenging for two major reasons. First, the limit of
machine stiffness and the machine dynamics need to be mastered. Second, there is a dependence of the
strain rate on prior deformation degree and thermal treatment history.
As soon as two experiments are conducted on the same sample, the second experiment is influenced by
the first one. This is, for example, if material strain hardens or softens during deformation. However,
when using a fresh sample, the oven's heating time and temperature also impact the condition of the
sample. Consequently, it is impossible to have 100 % comparable starting conditions for different stress
and temperature.
Sabrina Kahse2 observed in her Bachelor Thesis both a strain-softening after 0.5 % plastic deformation
as well as strain hardening when deforming TiO2 beyond 2 %. Both can change the yield stress by, e.g.,
50 %, which tremendously impacts later measurement results.
The initial reduction of the yield stress of a pristine crystal upon the first deformation is either caused
by severe pinning of dislocations, e.g., by Cottrell atmospheres, or by the low number of dislocations
available in the first place [13]. For example, high-quality crystals can often have extremely low
dislocation densities [49] (even below 106 m-2). When only a few dislocations are present initially, the
available dislocations need to move very fast to sustain a high macroscopic strain rate, see Equation ( 1
) on page 17. These high dislocation velocities require additional stress which can sometimes be extreme
and unfeasible.
As dislocations move in response to a constant strain rate, they multiply and increase in density so that
the average velocity reduces. Consequently, the macroscopically measured stress reduces, see Figure 33.
The kink-pair mechanism, which is later found to be rate-limiting, e.g., for SrTiO3, can be approximated
with a stress exponent of m = 1. Consequently, the effect is suspected to be even more pronounced than
depicted in Figure 33. Any attempt to deform strain-rate controlled is hopeless as too high stresses would
be needed in the beginning, and crystals would shatter.
This effect is most pronounced when dislocation density is very low, which is, in particular, the case for
high-end single crystals such as Silicon and top-seeded solution grown SrTiO3 [49, 196]. When a cubic
millimeter volume is dislocation-free and the dislocation velocity is in the range of 1 µm/s, it would take
roughly one hour to move a dislocation into the volume. As dislocations cannot nucleate in the bulk (at
least not at technically relevant stresses), this volume cannot contribute to deformation. Furthermore,

2

„Dislocation-based mechanical properties of TiO2” Bachelor Thesis completed on January 14th 2020 by Sabrina Kahse designed and
supervised by Lukas Porz.
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the low dislocation velocities (often as low as 1 nm/s) cannot be easily accelerated by additional stress.
This was documented in 1962 by Johnston [50].

Figure 33: Calculated dependence of yield stress on deformation degree and stress exponent for a dislocation density of 107 m-2 [50].
Note that the curve for the stress exponent of = 1 is not depicted but it can be estimated when extrapolating the trend between the
curves of = 5 and = 3. Reprint from [50] with permission from AIP Publishing.

An alternative approach is to hold the load constant and wait for the dislocations to sufficiently multiply.
After a while, the strain rate should strongly increase, as also suggested by Johnston [50], see Figure 34.
This yield time, however, can be in the range of hours. (In the case of LLZTO garnet single crystals,
chemical degradation is faster than the delay time of yield, and, in consequence, deformation is not
possible [39].) In contrast, polycrystals offer enough sites for dislocation nucleation, which eliminates
the problem of delay times [31, 39].
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Figure 34: Yield delay times in dependence on dislocation velocity [50]. Reprint from [50] with permission from AIP Publishing.

5.7.

Overview and relevant previous studies

Numerous ceramic single crystals have been deformed in the past, such as perovskites [47, 197, 198],
rutile [100-104, 106, 157], and other crystal structures. However, a systematic understanding of the
deformation behavior of SrTiO3 is not yet available. It needs to be derived from studies on other materials
– like most understanding presented in this thesis.
Mechanisms such as the temperature and stress dependence on dislocation velocity (also in relation to
atmosphere) have been observed in detail in silicon [46]. Both temperature and stress dependence could
be derived from experiments where the stress was held constant at different levels at multiple
temperatures. The low impurity concentration allows observing the kink-pair mechanism as rate-limiting
even at low stresses as obstacles are mainly absent. Most notably, dislocation velocities can be in the
range of nm/s to µm/s.
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Figure 35: Temperature and stress dependent dislocation velocity in silicon single crystals [46]. Reprint from [46] with permission from
Elsevier.

One particularly well-investigated example of deformable oxides is YSZ due to its technological relevance
for, e.g., solid oxide fuel cells [126, 199-207]. Here several different mechanisms can be rate-limiting at
various conditions such as dislocation-dislocation interaction, dislocation-point defect interaction (10 %
yttrium doping lead to a high density of point defects), precipitation hardening, the Peierls mechanism,
solute drag, and recovery, which was summarized by Messerschmidt [12].
The complexity found in YSZ hints towards the multitude of interrelated mechanisms relevant to the
deformation of ceramics at high temperatures. For the deformation of ceramics, two large sources of
knowledge are available. On the one hand, understanding from geology covers deformation at very low
strain rates (mimicking geological processes) well [129, 208-210]. On the other hand, reports of hot
forging give industrially relevant high strain rates as reviewed by Rice [48] (and references therein).
Unfortunately, neither of these two research directions allow direct prediction of deformation behavior
at intermediate strain rates.
Hot forging has often failed, with fracture occurring when attempting to deform ceramics in a strain
rate-controlled manner at too high strain rates. In this case, the velocity of the dislocations was
insufficient. At the time, it was insufficiently explored that the dislocation velocity could only be very
mildly increased with increasing stress [48] and, hence, some core conclusions could not be documented.
Furthermore, the sintering of ceramics with purities sufficient for many other purposes can lead to thin
films of second phases on the grain boundary, allowing grain boundary sliding to prevail over
dislocation-based deformation [112].
An appreciable parameter regime where polycrystalline ceramics can be deformed extensively at
sufficiently high strain rates was in turn not well marked by prior science. In many cases, the exact
interrelation between the mechanisms, such as dislocation creep, Peierls mechanism, and competing
mechanisms such as grain boundary sliding and diffusion, remained elusive.
Even for single crystals where, for example, grain boundary sliding and diffusion can be excluded, the
strict separation between the rate-limiting mechanisms, as achieved in a series of studies on YSZ, was
not established for SrTiO3 in particular. While Wang et al. [47] and Taeri et al. [28] provide valuable
data, the studies did not reach the point where the rate-limiting mechanisms could be clearly identified.
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Later Brunner suggested that the kink-pair mechanism could restrict the dislocation velocity for
<110>{110} type dislocation even beyond 1600 K [180]. This explains the substantial temperature
dependence of the yield stress (displayed as critically resolved shear stress) recorded by Taeri et al. in
Figure 26 on page 39.
Unfortunately, the presentation does not discriminate between the two slip systems. While all dots below
1200 K independent of sample orientation correspond to the <110>{110} slip system, the <110>{110}
slip system is represented only by the black dots above 1200 K. The green and red dots above 1200 K
instead correspond to the <100>{100} slip system, which is completely immobile at room temperature
but highly mobile at elevated temperatures. Furthermore, recording the yield strength does not allow to
determine in which regime the resistance to deformation is dominated by which mechanism.
It is well explainable that the Burgers vector of the <110>{110} slip system is larger than the Burgers

vector of the <100>{100} slip system by a factor of √2. This larger Burgers vector leads to a higher
Peierls barrier [42], and hence more thermal activation is required to overcome it. The direct link
between the Burgers vector and required thermal activation was shown for BCC metals in 1999 [41]
while similar relations were also shown for boron nitride and gallium nitride as well as related materials
such as indium phosphide [43]. The discussion on whether selected isostructural ceramics show similar
Peierls barriers and thermal activation is still ongoing. There appears to be only limited comparability
among garnets [206, 211-217] and perovskites [63, 197, 198, 208, 218, 219]. Different ceramics of
these crystal structures show mechanical behavior without a clear trend.
In metals, three distinct temperature regions can be identified, see Figure 5 on page 16. At low
temperatures, the stress required for dislocation motion at a certain strain rate is dependent on the
thermal activation and hence temperature (referred to as mobility-limited in Figure 5). Above this
temperature, dislocations are sufficiently mobile, and the stress required to move them is determined by
the stress needed to overcome the obstacles (obstacle limited). At much higher temperatures, the
obstacles can be overcome by thermal activation. Hence, stress is creep-limited. The temperature where
creep becomes relevant is often related to the melting point as it is often dominated by diffusion
processes. However, the Peierls barrier is not related to the melting point. Consequently, the melting
point can be low compared to the temperature required to thermally activate dislocation motion. This
means the regime where mechanical behavior is rather independent of temperature, as observed in
metals, can be very narrow or even completely absent. Instead, the temperature range where dislocation
motion becomes thermally activated can be identical to the temperature range where creep processes
occur.
Both for FCC and BCC metals, the dominant set of slip systems provides five independent ones. This
means, if this set of slip system is thermally activated, plastic deformation of polycrystals is possible. In
contrast, in ceramics, the situation can occur that one set of slip system is thermally activated at a much
lower temperature than another. For example, the <100>{100} slip system requires less temperature
than the <110>{110} slip system in SrTiO3, see Figure 26 on page 39. However, the first set of slip
systems does not provide five independent slip systems [65]. This leads to completely new situations
where either slip occurs on insufficiently many slip systems leading to cavitation and failure, or overall
deformation rate is limited by the slower slip system as both are required for deformation.
The overlap of temperature regimes, different activation temperatures for different slip systems, and
competing mechanisms increase the complexity in contrast to metals substantially. Before succeeding in
high temperature deformation of ceramics or its understanding, this complexity needs to be mastered.
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6.

6.1.

Literature overview on conductivity and defect chemistry of SrTiO3

SrTiO3, defects and conductivity

6.1.1. Defect chemistry of SrTiO3
SrTiO3 has been a model perovskite material for understanding basic electrical properties and effects in
electroceramics, which invites the explanation of the fundamental knowledge required for the presented
work using examples from SrTiO3. Shi et al. provide a comprehensive overview of the defect chemistry
of strontium titanate [220].
Establishing an understanding of the defect chemistry of SrTiO3 occurred in close relation to establishing
an understanding of the defect chemistry of BaTiO3. Concluding from the summary of Shi et al. [220],
progress in establishing the field of defect chemistry of specifically SrTiO3, can be attributed majorly to
the work of Härdtl [221-224], Tuller [225-227], Maier [228-237], and Waser [238-244]. Important
contributions also came from Kotomin [245-248], De Souza [249-255], and others [256, 257]. In the
following, specific details necessary for the understanding of the interaction of dislocations with the local
defect chemistry are highlighted.
6.1.2. Doping
Natural impurities, such as Na+, K+, Mg2+, Fe3+, and Al3+, lead to a varying level of acceptor doping in
commercially available single crystals [220], which has a significant impact on conductivity. To enable
comparable measurements across different single crystals, a modest, controlled acceptor doping is
preferred over a lower uncontrolled impurity concentration. Hence, single crystals with a background
doping of 0,05 wt% Fe are chosen in the presented study. The specification is often given as wt% in the
powder the single crystal was grown form, which can be substantially higher than the concentration in
the final crystal leading to a slight offset in charge carrier concentration. The concentration in the final
crystal is, however, rarely analyzed.
Perovskite oxides are known for their ability to incorporate large amounts of dopants on the A and B
sites, allowing vast possibilities of altering their properties. A choice of possible dopants, which can be
used to alter electrochemical properties purposefully, is provided in Table 1 below. When a dopant atom
with a charge that differs from the host lattice (A-site = 2+ (Sr2+), B-site = 4+ (Ti4+)), this excess
charge has to be compensated by an oppositely charged defect. In consequence, dopants can be used to
control the concentration of the mobile charge carriers.
Table 1: Typical donors and acceptors for SrTiO3 [220]. Reprint from [220] with permission from Elsevier.
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6.1.3. Mobile defects in SrTiO3
According to De Souza et al., [258] interstitial ions can be excluded from consideration due to the closely
packed perovskite lattice of SrTiO3. Hence, the Schottky partial reaction is the dominating intrinsic
disorder reaction. The Schottky reaction is only active above 1500 K [220]. Hence, mainly doping
elements and oxygen vacancies and compensating electronic charge carriers have to be considered.

6.1.4. Temperature dependence of defect reactions and defect mobility
SrTiO3 possesses a large variety of possible defects in relevant concentrations. Depending on their nature,
creation or annihilation of point defects only occurs above a specific temperature. Also, their mobility is
temperature dependent which can become negligibly small below a certain temperature. In the
following, all relevant defects are described concerning the temperature regime they are active in. Shi
et al. categorize defect mobility into three different temperature ranges described below [220]. More
detailed descriptions, the full complement of defect chemical equations and their mass action law
constants can be found in the review of Shi et al. [220].
High Temperature
Above 1500 K, which is in the range of the sintering temperature (~1700 K), both the Schottky reaction
and oxygen reaction are active. Here, oxygen and strontium vacancies can diffuse freely. The diffusion
speed on the cation lattice can be assumed reasonably fast such that the equation for the simplified
Schottky reaction can be used for the calculation of defect concentration. In the case of doped SrTiO3,
certain mobility of the dopants should be taken into account as well. The simplified electroneutrality
condition is given by Equation ( 13 ) where * is the mobile electron concentration and cd is the oxygen
vacancy concentration.
* ≈ 2[

cd ]

( 13 )

The dependence of * on the oxygen partial pressure gch can then be described by Equation ( 14 ) where
8ij is the equilibrium constant for the reduction reaction. (For full derivation, please refer to Shi et al.
[220]).
k\/]
* ≈ 8ij "\/Q gch

( 14 )

The conductivity is mostly dominated by n-type conductivity for all partial pressures except for strongly
oxidizing conditions.
Intermediate Temperature
In the intermediate temperature regime, which is assigned to 750 K to 1500 K, the Schottky reaction is
frozen in for kinetic reasons [220]. However, the oxygen exchange reaction is still sufficiently fast. Above
800 K, the electrons become mobile while they are combined with oxygen vacancies at lower
temperatures due to Coulombic attraction. Strontium vacancy mobility is considered negligible [244]. It
can be inferred that dopants are also immobile. It is noteworthy that the oxygen exchange with the
atmosphere is the fastest on the (111) surface, followed by the (100) surface and slowest on the (110)
surface [257].
While a Brouwer diagram is depicted in the following section (Figure 36 on page 56), the defect chemical
equations are given here. The charge neutrality condition only considering the most relevant defects at
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intermediate partial pressures is described by Equation ( 15 ), where [l′] is the acceptor (impurity)
doping concentration.
2[

cd ]

≈ [l′]

( 15 )

In reducing conditions, electrons are the predominant charge charrier where the oxygen partial pressure
dependence of their concentration can be rationalized by Equation ( 16 ).
k\/p
* ≈ 8ij "\⁄Q [lo ]k\/1 gch

( 16 )

In oxidizing conditions, holes are the dominating charge carriers where the oxygen partial pressure
dependence is expressed by Equation ( 17 ) where 8c, is the equilibrium constant for the oxidation
reaction.
q ≈ 1/28c, [l′]"\⁄1 gch

\/p

( 17 )

Low temperature
Below 750 K, both strontium and oxygen vacancy concentration are frozen in. Oxygen mobility is still
not negligible, while the incorporation reaction of oxygen at the surface becomes slow below 600 K.
Even though oxygen vacancy concentration is higher than the hole concentration, conductivity of SrTiO3
is dominated by holes due to their much higher mobility. Dopants are also considered immobile.
Furthermore, most oxygen vacancies created by the iron dopant ions are trapped in a defect complex at
the dopant ion at room temperature [236, 259]. The iron acceptor atoms are ionized at the upper limit
of the low temperature regime. Electron paramagnetic resonance spectroscopy (EPR) is one technique
to investigate defect associates between Fe-doping atoms and oxygen vacancies [260].
The charge carrier concentration in this temperature regime strongly depends on equilibrium
concentrations at higher temperatures which have been frozen in for kinetic reasons by quenching. In
consequence, a discussion on equilibrium concentration does not make sense.
Ionization of acceptor dopants as well as the trapping of electrons as well as the generation and
recombination of electron and hole pairs are active at all temperatures. This is why at least the ratio
between electrons and holes can still be expressed by Equation ( 18 ) with the equilibrium constant for
electron transfer over the bandgap 8r .
* = 8r /q

( 18 )

6.1.5. Oxygen partial pressure dependence of defect concentrations
Brouwer diagrams depict the equilibrium concentrations of different defects over a range of oxygen
partial pressures. The conductivity of a material can also be plotted concerning the oxygen partial
pressure, where the conductivity typically mimics the concentration of the dominating mobile charge
carrier. The conductivity trends with oxygen partial pressure within such a diagram allow conclusions
about the defect type and mechanism at play.
A Brouwer diagram for SrTiO3 for the intermediate temperature regime is presented in Figure 36 [220,
221, 261]. Depending on the doping concentration, the oxygen vacancy concentration is higher than the
electron and hole concentration in the range from ambient atmosphere to, in this case, 10-12 bar. At
intermediate partial pressures, the concentration of the acceptor dopants is compensated by oxygen
vacancies. In this regime, at least at lower temperatures, the number of mobile oxygen vacancies is much
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lower than the total number of oxygen vacancies. Many of them are trapped in defect complexes with
the acceptors. At oxygen partial pressures below 10-12 bar, the electroneutrality is dominated by oxygen
vacancies and electrons. The reduction reaction induces far more defects than the acceptor doping at
this point.
The concentration of electrons decreases continuously with increasing oxygen partial pressure and is
surpassed by the number of holes at 10-4 bar. While acceptor dopant-induced oxygen vacancies are the
majority defects in this range, the electron and hole concentration change with increasing partial
pressure according to equation ( 16 ) and ( 17 ) with a slope of -¼ and ¼, respectively, in Figure 36. For
further details, refer to Shi et al. 2016 [220].

Figure 36: Brouwer diagram for SrTiO3 [220, 221]. The concentration of oxygen vacancies, electrons, and holes is plotted over the oxygen
partial pressure. At ambient oxygen partial pressures and slightly reducing atmosphere, oxygen vacancy concentration is dominating and
constant. Holes occur in much higher concentration than electrons at ambient partial pressures. With decreasing oxygen partial pressure,
the number of holes decreases, whereas the number of electrons increases. Below 10-12 bar, the electron concentration becomes higher
than the oxygen vacancy concentration while the oxygen vacancy concentration rises as well. Note that acceptor doping concentration
which determines the oxygen vacancy concentration in regime II and III is not depicted. Reprint from [220] with permission from Elsevier.

Even though the concentration of holes can be significantly lower than the concentration of oxygen
vacancies, conductivity is typically dominated by holes due to their much higher mobility. When
quenching from a high temperature under reducing conditions, oxygen vacancy hopping can be the
dominant conductivity mechanism [262]. In Figure 37, the conductivity of SrTiO3 sintered in different
atmospheres is plotted as function of different oxygen partial pressures. For SrTiO3 sintered in 1 bar
oxygen, the conductivity decreases between 1 bar and 10-4 bar and rises again below that. Comparing
the trends of the conductivity in Figure 37 with the defect concentration in Figure 36, it becomes obvious
that the conductivity is proportional to the concentration of holes and electrons. In the logarithmic plot,
holes outnumber electrons by far in the range between 1 bar and 10-4 bar, while electrons dominate at
oxygen partial pressures below that. Below 10-12 bar, the slope of the conductivity is -1/6 while it is -1/4
right of it. This is caused by the change of the dominating defect reaction at 10-12 bar, as can be seen in
Figure 36. Furthermore, this study shows that the effect of the atmosphere during sample production is
retained kinetically and not necessarily equilibrated in post-treatment steps (such as furnace cooling or
conductivity measurement).
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Figure 37: Plot of the conductivity of SrTiO3 as a function of oxygen partial pressure at 1373 K [220, 221]. For SrTiO3 sintered in 1 bar
oxygen, the conductivity decreases between 1 bar and 10-4 bar and increases again below. Reprint from [220] with permission from
Elsevier.

6.2.

Space charge zones

6.2.1. Schottky barriers
In non-metallic conductors, space charge layers can, e.g., occur at many surfaces and interfaces [263].
Space charge is acting as Schottky barrier on charge transport across the space charge. As the
concentration of the majority charge carrier is reduced, conductivity locally decreases which leads to a
barrier. This barrier behavior can also be observed in cases without contact to a metal, e.g., at a grain
boundary. As the space charge typically occurs on both sides of the grain boundary, it is often referred
to as double Schottky barrier where the term describes the behavior because it shows Schottky barrier
properties in both directions. These barriers at the grain boundaries are known to increase electrical
resistances and to hinder oxygen chemical diffusion and leading to polarization of the stoichiometry of
individual grains, as summarized by De Souza et al. and references therein [258]. Many of the functional
properties of electroceramics, such as a resistance with positive temperature coefficient or varistor
properties, arise from barriers at grain boundaries.
However, the debate of the exact origin of the space charge layer at surfaces and grain boundaries is still
ongoing [258]. Two main approaches to understanding are, on the one hand, the physical picture of
electronic defects being trapped at interface states. And on the other hand, the difference in formation
energies of cation and anion vacancies leads to different concentrations and a net charge. It is suggested
that the segregation of oxygen vacancies is the main driving force for the formation of space-charge
layers at grain boundaries in SrTiO3 [253].
In ceramics, space charge layers occur mainly in two scenarios: First, it can form within a polycrystal,
when bringing two grains into contact. Here, the surface of a grain is in many cases not stoichiometrically
terminated such that a charge arises.
Second, when bringing the surface of a ceramic into contact with a different material (e.g., a metal).
Here, the Schottky barrier formed depends on the difference of the work functions of the ceramic and
the metal used as electrode (and interface states). This can be avoided using an appropriate electrode
material such as YBCO or metals with appropriate work function [4]. Caution has to be used when
57

choosing the electrode material, as different metals also cause other problems such as degradation or
de-wetting of sputtered electrodes (for Pt starting at temperatures above 550 °C [255, 258, 264-267])
or oxidation of electrode materials such as Al.
Upon forming a strontium titanate bi-crystal, for example, the oxygen vacancy concentration at the
interface is largely increased. This increased concentration leads to a local charge. The local charge,
which is a local deviation from electroneutrality, must be compensated because electroneutrality must
be preserved globally at any time. Hence, in the surrounding of the interface, the oxygen vacancy
concentration is reduced, which leads to a space charge zone of opposite sign around the interface
compensating the interface’s charge as illustrated in Figure 38.

Figure 38: Space charge layer at a bi-crystal grain boundary. At the grain boundary, the oxygen vacancy concentration is largely increased,
and hence the concentration is decreased in a layer around it to preserve global electroneutrality [258]. Reprint from [258] with
permission from John Wiley and Sons.

Because of space charge layers, which in many cases can also be referred to as Schottky barriers, are also
important for semiconductor technology, knowledge about them is readily available [253, 263, 268]. In
this work, the distribution of point defects in a space charge zone is of particular focus and will be
elaborated further in the following.
Due to the different work functions, a Schottky barrier is formed at the interface between LAO
(LaAlO3)and SrTiO3 [269]. Figure 39 depicts the schematic defect concentrations in a space charge layer.
In a) the negatively charged barrier potential decreases with increasing distance from the interface. The
length of the space charge is characterized by the Debye length s given in equation ( 18 ).
uv
s=t 1
2@ w x 1

( 19 )

Here u is the relative permittivity (e.g., 85 for TiO2), w is the dopant concentration in mol/m3 and x is
the effective dopant charge. is the temperature,
is the vacuum permittivity, v is the ideal gas
constant and @ is the Faraday constant. The Debye length depends on the dopant concentration w and
is, hence, different in every material. It was calculated to be e.g., s=3.5 nm in TiO2 by Adepalli et al.
[3].
The barrier's charge comes from the increase of electron concentration in the proximity of the interface,
which compensates the surface charge as depicted in b). Likewise, the decrease of hole concentration
contributes to the negative charge by the absence of positively charged holes. However, Equation ( 18 )
on page 17, which relates the concentration of holes to the concentration of electrons, is valid here as
well. Which of these effects, either the increase of the number of electrons or the decrease in the number
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of holes, has a more prominent effect depends on the concentration of the charge carriers in the bulk.
When holes dominate, their absence would lead to a reduced conductivity (barrier). If electrons
dominate, their accumulation would lead to increased conductivity. As the concentration of holes in the
bulk is dependent on the oxygen partial pressure, the properties of the space charge also depend on the
oxygen partial pressure.

Figure 39: Defect concentrations within a space charge layer (SCL) in SrTiO3 at a LAO interface [269]. Reprint with permission from [269].
Copy right (2016) by the American Physical Society.

If all ionic defects are frozen in, the space charge zone is formed purely from electron and hole
concentration changes. This is referred to as Mott-Schottky condition [253, 263]. In strontium titanite,
this is the case for temperatures below 300 °C as elaborated in more detail in 6.1.4. If lattice defects are
mobile and also contribute to the space charge layer, the situation is referred to as Gouy-Chapman profile
[220, 253]. A Gouy-Chapman profile usually has a significantly smaller decay length. Further basic
knowledge about these can be found in books about ionic materials and electroceramics [263].
When introducing a defect at room temperature, the character of the space charge layer will change
several times upon increasing temperature. More and more different defect species become mobile and
contribute to the shielding of the core charge with increasing temperature and sometimes also to the
core charge itself [270, 271]. After cooling down to room temperature, the space charge zone stays
frozen in. Figure 39 e-g) depict the three different possibilities of a strontium vacancy distribution if
these vacancies were e) fully mobile, f) slightly mobile or g) completely immobile. As a bi-crystal or
other grain boundaries are formed at high temperature, the defects clearly were mobile.
However, when introducing a charged defect, such as a dislocation by plastic deformation at room
temperature, the space charge zone is initially only formed by electronic compensation without
contributions of lattice defects. In consequence, heating of this type of space charge can change the
barrier potential where some of the change is reversible upon cooling and some is permanent [253]. A
critical temperature for irreversible change of barrier potential of 1100 K is suggested for SrTiO3 [253].
All the above-mentioned points hint to the necessity of careful investigation of the effects of temperature
treatments, e.g., for depositing electrodes or plastic deformation.

6.2.2. Space charge zones at bi-crystal interfaces
Space charge zones around dislocations form because dislocation cores in SrTiO3 are charged. Low angle
tilt grain boundaries in bi-crystals consist of many parallel dislocations, and hence, if the dislocation
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spacing is small enough, the space charge zones can severely overlap. If the space charge zones overlap
sufficiently, a continuous barrier is formed [272-275].
The barrier potential in the surrounding of several parallel dislocations is depicted in Figure 40 [272,
273]. The height of the saddle point between the dislocations is crucially dependent on the spacing
between them as the potential decays. The further apart the dislocations are, the lower the effective
minimum barrier height for crossing the array of dislocations (saddle point) is. Note that the Debye
length strongly depends on the point defect concentrations in the surrounding. This means the spacing
of the dislocations needs to be regarded relative to the point defect concentration. Comparing the spacing
in one sample to the spacing in another sample only makes sense when simultaneously taking the point
defect concentrations into account.

Figure 40: Barrier potential in the surrounding of several parallel dislocations with the potential fields overlapping each other significantly
[273]. Reprint from [273] with permission from AIP Publishing.

De Souza et al. gathered impedance data across low angle tilt grain boundaries with several different tilt
angles [273]. The angle defines the dislocation spacings corresponding to the data in Figure 41 were
2.3° (≈10 nm), b) 5.4° (≈4.5 nm), and c) 7.8° (≈3 nm). For a dislocation spacing of ≈10 nm, the bulk
resistance is much larger than the resistance of the interface. For a dislocation spacing of ≈4.5 nm, both
resistances have the same order of magnitude, while at a dislocation spacing of ≈3 nm, the resistance of
the barrier is more than one order of magnitude larger than the bulk resistance. In comparison, the
dislocation spacing in a shear band in SrTiO3 in this work's experiments is in the order of 100 nm.
Figure 41 displays impedance data of conductivity measurements across the tilt grain boundary of the
above-mentioned bi-crystals. The left semicircle from the high frequencies can be attributed to the bulk
resistance while the right semicircle from the low frequencies originates from the bi-crystal interface.
For this experiment, the electrode has been chosen such that it forms an ohmic contact and does not
show up in the impedance plots as a semicircle.
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Figure 41: Impedance data across the interface of SrTiO3 bi-crystals of three different tilt angles and dislocation spacings. When
dislocations are far apart, the interface has negligible resistance, while when the spacing of the dislocations is small, the interface has a
far larger resistance than the bulk. The tilt angle and dislocation spacing are a) 2.3° (≈10 nm), b) 5.4° (≈4.5 nm), and c) 7.8° (≈3 nm), which
is indicated by a small sketch in the respective top right corners [273]. Reprint from [273] with permission from AIP Publishing.

The trend for the resistance change depending on tilt angle is given in Figure 42. The resistance rises
from almost non-existent to dominating as the tilt angle increases. At very low tilt angles, the resistance
of the grain boundary is negligible, whereas it is significantly larger than the bulk resistance above a tilt
angle of roughly 4°, which corresponds to a distance of roughly 5-6 nm between the dislocations.

Figure 42: Ratio of grain boundary to grain resistance in dependence on the tilt grain boundary angle. At small tilt angles, where
dislocations are far apart, the interface resistance is negligible. However, at larger tilt angles where dislocations are close to each other,
the resistance of the interface is far larger than the resistance of the bulk [273]. Reprint from [273] with permission from AIP Publishing.

6.2.3. Experiments on natural grain boundaries in SrTiO3
Fleig et al. prepared microelectrodes on a SrTiO3 polycrystal and measured the resistance across grain
boundaries, as depicted in Figure 43 [276]. Their measurements showed that a grain boundary is clearly
identifiable by an extra semicircle in impedance measurements. The resistance of grain boundaries was
also shown to depend on the grain boundary's orientation/nature and size.
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Figure 43: Microelectrodes on a SrTiO3 polycrystal for measurement of resistance across a natural grain boundary (electrode diameter is
20 µm) [276]. Reprint form [276] with permission from AIP Publishing.

6.3.

Dislocation-based conductivity in other crystal structures

In 1975 Whitworth reviewed the topic of “charged dislocations in ionic crystals” [2] at the example of
alkali halides. In particular, three important concepts of charged dislocations are presented by
Whitworth and the references therein. One, why are dislocations charged, and what does it mean for the
surrounding? Two, what is the influence of dislocations on the conductivity? Three, what is the
interaction of point defects with charged dislocations? In the meantime, the topic has attracted less
attention, with renewed interest arising again in the last decade with a new focus on oxide materials.
The knowledge about “charged dislocations in ionic crystals” gained from alkali halides is also used as a
solid foundation for the presented work. It should be reviewed in detail before starting projects on
oxides.

6.3.1. Alkali halides: Why are dislocations charged?
The charge of dislocations can arise for several different reasons, and it has a number of effects on the
properties of dislocations and an influence on the surrounding.
Whitworth summarizes three major reasons for an (edge) dislocation in an ionic crystal to be charged.
One, the termination of the inserted half-plane is charged itself. Two, the vacancy formation energy of
anion and cation vacancies is significantly different from another, such that one defect species dominates
at the respective core leading to an effective charge. And three, jogs in the dislocation are charged.
When a dislocation moves, it can gather and emit vacancies without diffusion involved. When moving,
the dislocation passes by natural vacancies, which it can accumulate like a brush taking up dirt particles
when sweeping a floor. This is referred to as “sweep-up” [277]. After a certain distance traveled, the
maximum number of vacancies storable in the core is reached, and the accumulation reaches a
maximum. This model should be used with caution because dislocations often move in shear bands, and
only the leading few dislocations will find vacancies to sweep up. In contrast, the majority of trailing
dislocations will not be affected because the vacancies already have been swept up by the leading
dislocations.
Dislocations can also accumulate vacancies to their core without moving through them. Sufficient
thermal activation should be able to bring the point defects in the surrounding of a dislocation into
equilibrium. At intermediate temperature, a mixture of sweep-up and diffusion-based processes may be
relevant.
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Furthermore, dislocations can also alter the vacancy concentration in their surroundings. Dislocations
are believed to be able to break up defect complexes, e.g., introduced by doping elements, and mobilize
the trapped vacancies. When moving and climbing or moving jogs, dislocations can extend or retract the
half-plane, which determines whether they generate or annihilate vacancies [11]. The latter
phenomenon predominantly takes place simultaneously on both cation and anion sublattice.

6.3.2. Alkali halides: Influence of dislocations on conductivity
Dislocations can influence the conductivity in three different time regimes: One, during deformation.
Two, temporarily after the deformation. And three, permanently. All of these effects can be anisotropic
and are often the largest along the general dislocation line direction.
In 1965 Camagni and Manara measured the current under constant applied field during different
deformation steps [278]. In their experiments, the current measured was significantly larger during
deformation, returning to its original value when the deformation is paused. They conclude an excess
ionic conductivity to be present during deformation.

Figure 44: Excess conductivity during deformation [278]. When applying a deformation, as shown in the upper half, the conductivity
increases, and hence the current measured at a steadily applied field increases significantly. When the deformation is paused, the
conductivity drops to its original value like a “sawtooth”. Reprint from [278] with permission from Elsevier.

In 1966 Camagni and Manara discerned the nature of the transient current in more detail [279]. Figure
45 presents the schematic response of a current upon different combinations of applied electric field and
ongoing deformation. When switching on and off an electrical field before deformation, a capacitive
current and a bottom-line conductivity are measured (a). Measurements during elastic deformation do
not differ from measurements before deformation (b). During plastic deformation, the conductivity is
increased, and transient currents are measured when switching the field on and off (c). When stopping
the deformation while keeping the field on, the conductivity decays to its bottom-line value (d). When
switching the field off, only the capacitive current is measured but no transient current. Instead, after
restarting the deformation without turning the current back on, the transient current is measured.
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Figure 45: Schematic diagram illustrating transient currents in different combinations of deformation and electric field conditions.
Uppermost, the deformation profile is displayed. In the middle, the applied field is displayed, and the bottom schematic displays the
current measured in response [279]. Reprint from [2] with permission from Taylor&Francis.

When charged dislocations move, they can produce surface charge or induce currents just by their motion
[135, 280]. This effect is distinctly different from the temporarily increased conductivity during
deformation. Experimentally separating these from each other is challenging. When electrodes are
applied to the sides of the crystal, and the potential difference is measured without any intentionally
applied field, there is a clear voltage signal during deformation. The sign of the voltage depends on the
movement direction of the dislocations as well as on the temperature regime. The sign of the dislocation
charge can change with temperature and is either positive or negative in different regimes. Furthermore,
a stress-strain curve hysteresis can be observed in this context [281].
Some crystals' conductivity was shown to be largely increased shortly after deformation but decaying
over minutes and hours and finally reaching a lower value than before the deformation. In 1968, Kiss
reported the time dependent conductivity after different deformation steps in rock salt [282]. Neither
reversing the current delivered different results (triangles), nor did measuring the conductivity after
removing the stress yield other results (open circles).
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Figure 46: Decaying temporary increase of conductivity after deformation of rock salt which is independent of current direction and
measuring with or without stress removed. After each load, the conductivity decays to an even lower value [282]. Reprint from [2] with
permission from Taylor&Francis.

Hooper (in Whitworth 1975) presents the permanent diminishment of conductivity upon deformation
of NaCl crystals in a more illustrative manner. (Unpublished results by Hooper presented by Whitworth
1975 [2].) They show a clear decay of permanent conductivity depending on the applied plastic strain.

Figure 47: Permanent conductivity of NaCl after deformation to different amounts of strain. (Unpublished results by Hooper presented
by Whitworth 1975 [2].) Reprint from [2] with permission from Taylor&Francis.

However, there are also reports finding a permanent increase in conductivity after deformation
(referenced in Whitworth 1975 [2]). Whitworth concludes: “There are many indications that the steadystate conductivity after deformation is strongly influenced by the charges on dislocations and the consequent
changes in vacancy concentration in the bulk crystal. But there are difficulties in explaining why the effect is
so big, and how it depends on temperature and impurity concentration.”
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So far, the influence of deformation on conductivity has been discussed. Vice versa, electric fields or
currents have the potential to influence the deformation. It was clearly shown by Zagoruiko and
Shchukin in 1968 that the strain rate can be increased by applying a current to the NaCl crystal [149].

Figure 48: Strain as function of time of a NaCl crystal where the strain rate is impacted when applying an electric field of 4 kV/mm [149].
Reprint from [2] with permission from Taylor&Francis.

It was already clear at that time that dislocations can be a path with faster diffusion than the bulk crystal.
The phenomenon was referred to as “pipe diffusion” [2, 283]. However, screw dislocations are believed
to be much less likely to transport ions, at least in alkali halides.
Furthermore, a space charge layer is believed to form in the surrounding of dislocations. This space
charge zone decay over a certain distance, characterized by the Debye length such that if dislocations
are close enough to each other, the space charge zones can overlap and hence form a continuous barrier.
This was studied in detail three decades later for SrTiO3 [272, 273]. In summary, these studies long past
about charged dislocations in alkali halides teach us a number of effects to be alert of:









Moving dislocations can produce a temporary potential difference.
The conductivity during deformation can be largely increased.
The conductivity can decay over the course of minutes and hours after the deformation.
Long after the deformation, the conductivity can be increased, unchanged, or decreased
permanently.
Dislocations can be charged for a number of reasons.
There can be a space charge around dislocations, which can overlap and form a barrier if they
are close enough.
Ionic transport can be enhanced along the dislocation core (less so for screw dislocations) and
make conductivity anisotropic.
Applying a current during deformation can impact the strain rate or yield stress.

6.3.3. Alkali halides: Interaction of charged dislocations amongst each other and with point defects
The establishment of an equilibrium in the surrounding of a dislocation requires sufficient thermal
activation. Even though vacancies can be “swept up” to the dislocation by dislocation movement instead
of diffusion of the point defects themselves, the space charge zone around it relies entirely on thermally
activated diffusion as long as the charge carriers are ionic. For an electron or hole dominated
conductivity, no thermal activation is required for the formation of a space charge. When annealing the
deformed crystal, point defects are kinetically able to relocate to the charge and strain fields of a
dislocation pinning them. Point defects themselves have both a strain field and electrical field associated
with them [284]. These form another barrier to dislocation movement, because the dislocations first
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have to break free from their point defect cloud. This is comparable to Cottrell-clouds and was observed,
e.g., for oxygen vacancies in TiO2 single crystals [68].
Charged dislocations interact with each other both by the electrical field and the strain field whereas in
dislocations in metals, the interaction is predominantly determined by the strain field. Braekhus and
Lothe state that the magnitude of electrical and mechanical interaction is in the same order of magnitude
in NaCl type materials [285]. This is an indication that also mechanical interaction at close distances
might be influenced not only by the stress fields but also by the electrical fields.

6.4.

Fundamentals of dislocation-based conductivity

Influence of dislocations on conductivity has been detected in many ceramic materials such as LiF, Al2O3,
MgO but also diffusion in Al [283, 286-290]. After strong research efforts in and before the 1980s,
interest has been increasing again in the last decade [202, 204, 287, 291]. Recently the idea of using
dislocations as an alternative or addition to doping with point defects leads to renewed interest in the
topic of “charged dislocations in ionic crystals” [3, 4, 19]. However, in some materials, such as in SrTiO3,
the exact nature of the mechanism leading to an impact on the conductivity is still a topic of debate
[252, 292, 293].

6.4.1. Enhanced conductivity in the space charge layer around a dislocation
Enhanced conductivity was found along a bi-crystal grain boundary in LiNbO3. A bi-crystal was produced,
and two electrodes applied such that the grain boundary consisting of an array of dislocations connects
the two electrodes as depicted in Figure 49 [294]. The conductivity was shown to increase significantly
at a tilt angle of 2° when testing with DC current. Here, the conductivity was claimed to arise from the
space charge zone around the dislocations.

Figure 49: a) Electrodes on a LiNbO3 bi-crystal which are connected by the dislocations of the small angle grain boundary. b) Sketch of
the experimental setup. c) Increased conductivity along a tilt grain boundary with a tilt angle of 2° [294]. Reprint form [294] with
permission from AIP Publishing.

For SrTiO3, Metlenko et al. depict the space charge zone in more detail in the context of a dislocation
[292]. They calculated the point defect concentration in the vicinity of a 6° tilt grain boundary at 700 °C
and close to ambient oxygen partial pressure. In Figure 50, the concentrations of different defect species
in the surrounding of a dislocation (or dislocation array) are depicted. The background doping of
acceptors is unchanged across the boundary, while electronic defects form a space charge layer. While
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the high number of electrons along the core is a potential pathway for conductivity, the overall
conductivity is decreased because the dominant charge carrier (holes) is heavily reduced in
concentration which is discussed in the following.

Figure 50: Defect concentration in the space charge zone of a 6° tilt-grain boundary in SrTiO3 at 700 °C calculated by Metlenko et al. [292].
In the vicinity of the dislocation, oxygen vacancies and holes are depleted whereas electrons are accumulated. The acceptor
concentration remains unchanged across the boundary. Reprint from [292], permission requested form the Royal Society of Chemistry.

Chen et al. showed that dislocations change the charge carrier concentration in their vicinity using
imaging with electron beam induced current (EBIC) [295]. In EBIC, a bright contrast arises from the
accumulation of minority charge carriers, as depicted in Figure 51. Dislocations with [111] line vector
were associated with shallow defects in the bandgap, which could be filled by a small bias, whereas
other dislocation types, such as the predominant [110] line vector, were less prone to be influenced by
the bias. Hence, dislocations with [111] line vector were judged as especially attractive for resistive
switching.

Figure 51: Electron beam-induced current images of dislocations in 0.01 wt% Nb-doped SrTiO3 with a bias of a) 0V and b) -2V [295]. The
bright contrast of some shallow defects in the vicinity of the dislocations is highlighted with a red arrow. Reprint from [295] with
permission from AIP Publishing.

This study shows that dislocations influence defect concentration in their vicinity. However, the Niobium
(donor) doping of the crystal provides an entirely different background defect concentration to the iron
(acceptor) doping chosen in this work. Nb-doped SrTiO3 single crystals show strong Schottky barriers at
interfaces (surfaces in contact with metals) but are otherwise highly conductive at room temperature
with only a few Ω bulk resistance. Hence, direct comparisons have to be made with caution because
minority and majority charge carriers are different, and the large bulk conductivity overshadows the
conductivity of dislocations. This highlights the importance of tuning the space charge zone
appropriately.
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Another remarkable effect is the interaction of a space charge layer of a dislocation with the space charge
layer of a surface. It was found for gallium nitride that screw dislocations piercing a Schottky barrier
were a major reason for reverse bias leakage currents [296].

6.4.2. Dislocation core
The dislocation core of edge dislocations in SrTiO3 has been investigated by TEM and MD studies in
detail [270, 271, 297-300]. The vacancy concentration at the core is one of the central topics. Jia et al.
observed a significant occupancy reduction of oxygen sites of up to 75 % in the dislocation core [271].
In Figure 52a, the inserted half-plane is clearly visible. More detailed quantifications followed in 2015
by Du et al. [270].

Figure 52: Analysis of the dislocation core at atomic resolution. a) TEM image of an edge dislocation core in SrTiO3 and b) measured
occupancy of sites in the vicinity within the dislocation core [271]. Reprint with permission from [271]. Copy right (2005) by the American
Physical Society.

Figure 52b depicts the measured occupancy of lattice sites in the dislocation core. The reduction in
occupancy is remarkable. For certain oxygen sites, the occupancy is reported to be reduced by up to 75
%. In the review of Whitworth [2], one vacancy for every other unit cell was discussed, which matches
Jia et al.'s findings very well. Furthermore, enrichment of titanium was found at the dislocation core
[301].
SrTiO3 dislocation cores are found to occur as dissociated into two partial dislocations [52, 53, 270, 299,
302, 303]. The <110>{110} dislocation dissociates into
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stacking fault [52]. The distance between partial dislocations is in the range of a handful of unit cells,
depending on temperature and motion conditions. When the edge dislocation moves, the leading partial
dislocation moves and the stacking fault area increases. Only after the leading partial moves a sufficient
distance can the trailing partial dislocation also start moving [53]. However, dissociated dislocations
were found to have a lower oxygen vacancy concentration than pure edge dislocations [298], and it was
suggested that pure edge dislocations could be stabilized against dissociating when increasing the
oxygen vacancy concentration. Furthermore, it was predicted that dislocations should more easily
dissociate in the Ti-rich Magnéli phase than in the Sr rich Ruddelson-Popper phase of off-stochiometric
SrTiO3 [304].
Since the topic started attracting interest, there are also studies exploring the core configuration of other
dislocations. Furushima et al. analyzed dislocations with [012] Burgers vector at tilt grain boundaries
[305]. Zhang et al. analyzed screw dislocations and found with EELS studies that in the dislocation core
the coordination of Ti changes and the core reconstructs with small 〈110〉 edge components [306].
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When mechanically deforming SrTiO3 via the <110>{110} slip system, dislocations were found to be
almost purely screw type at cryogenic temperatures, whereas at room temperature, both were found in
comparable amounts while edge dislocations dominated at elevated temperatures [179].

6.4.3. Enhanced diffusion along the dislocation core
There are several studies showing enhanced diffusion along a dislocation core on a large variety of
materials including YSZ, LiF, MgO, Al2O3, SrTiO3, Al and CdS or Zn in Si [19, 204, 283, 286-289, 307,
308]. This effect was observed for cations, anions, and also for foreign atoms. Again, diffusion through
the core needs to be separated from enhanced diffusion through the tensile strain field of the dislocation
[309, 310].
A particularly eye-catching demonstration came from Legros et al. for pipe diffusion of silicon in
aluminum [291]. Si is observed to move from one reservoir to another through a dislocation.

Figure 53: Diffusion pathway for silicon in aluminum along a dislocation [291]. From [291]. Reprinted with permission from AAAS.

With this work focusing on SrTiO3, the debate about the conductivity of the dislocations in this particular
material is of central importance. Marrocchelli et al. used molecular dynamics modeling to calculate
vacancy formation energies in the surrounding of a dislocation and to determine the activation energy
required for oxygen transport along the core [293]. As visually summarized in Figure 54, it is easy to
form high concentrations of oxygen vacancies in the core of a dislocation. However, the energy barrier
for migration along the core is significantly higher than for migration within the bulk. These results are
backed by other independent studies [311]. Hence, they conclude, dislocations do not necessarily
provide a path for “pipe diffusion” of oxygen in SrTiO3. A pipe diffusion would only be experimentally
observable at an appropriate ratio of bulk and dislocation conductivity. Though, pipe diffusion for cations
was observed in 1965 [288]. Both higher migration barriers in combination with higher concentrations
as well as a preference for cation pipe diffusion were discussed for alkali halide as well [2, 312].
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Figure 54: Core findings from Marrocchelli et al: It is easy to form oxygen vacancies in a dislocation core, however, the energy barrier for
migration along the core is significantly higher than for migration in the bulk [293]. Reprint with permission from [293]. Copy right (2015)
by the American Chemical Society.

Metlenko et al. measured the conductivity across a 6° tilt grain boundary in a SrTiO3 bi-crystal depending
on the partial pressure [292]. Furthermore, they analyze 18O diffusion profiles along this boundary and
use molecular dynamics to explain their results. The oxygen partial pressure dependent conductivity of
a SrTiO3 crystal and SrTiO3 bi-crystals with at 6° tilt grain boundary were measured at different
temperatures as displayed in Figure 55 [292]. Under reducing conditions (below 10-10 bar), no
conductivity difference was detected. Under oxidizing conditions, though, the conductivity of the bicrystal was significantly lower. The decrease in conductivity was attributed to a noticeable additional
resistance introduced by the tilt grain boundary. From the results presented by Metlenko et al., it can be
concluded that the barrier formed by the overlapping space charge zones around the dislocations
becomes diminished at low oxygen partial pressures which expands the work from De Souza et al. on
barriers at bi-crystals [272, 273].

Figure 55: Partial pressure dependent conductivity of SrTiO3 crystals with and without a 6° tilt grain boundary. The conductivity of the
SrTiO3 crystals is displayed, by black triangles with a 6° tilt grain boundary, and by grey circles without a tilt grain boundary. While the
difference in conductivity in reducing conditions is negligible, the bi-crystal lowers the conductivity significantly at higher oxygen partial
pressures because a space charge is formed in the p-type conducting regime reduces the conductivity [292]. Reprint from [292] with
permission form the Royal Society of Chemistry.

The spacing between two dislocations in a slip band is much larger than in a tilt grain boundary with a
tilt angle above 1°. De Souza et al. showed that the overlap of space charge zones is crucially dependent
on the distance between the dislocations [272, 273]. The effect of dislocations can vary by many orders
of magnitudes by increasing the distance by a factor of 10. And hence, the structure in a slip band needs
to be regarded from a fresh perspective.
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The second reason we believe that bi-crystal tilt grain boundaries have to be clearly discerned from
dislocations introduced by deformation is the dislocations' thermal history. Bi-crystals are joined at
temperatures close to the sintering temperature (at least in the post-annealing step [305]). Therefore, it
can be assumed that the mobility of all defect species during bi-crystal production is sufficient to establish
an equilibrium in the direct vicinity of a dislocation. In contrast to that, when deforming SrTiO3 at room
temperature, only electronic equilibrium is granted. Hence, the properties of a dislocation can be
measured before point defects have moved to their equilibrium position. Furthermore, with heating to
different temperatures, intermediate states of point defect profiles could potentially be introduced.

6.4.4. Doping with dislocations
Adepalli et al. showed that dislocations in TiO2 could enhance conductivity [3, 19]. However, they also
illustrated that dislocations could decrease the conductivity in SrTiO3 [4]. Dislocations in SrTiO3 lead to
a decrease in the local oxygen vacancy concentration and impacted the electron and hole concentration.
Together, these studies demonstrate that dislocations can be used as an effective way to alter material
properties in a similar manner to doping with point defects.
Conductivity depending on the partial pressure both for an undeformed and a deformed SrTiO3 crystal
is displayed in Figure 56 [3, 19]. Both curves show the typical V-shape, which arises from the transition
from hole to electron conductivity elaborated in section 6.1.5 (Figure 36). The difference between the
two curves of deformed and undeformed crystals, however, is profound. At ambient oxygen partial
pressure, the conductivity is much lower. The minimum of the V-shape is shifted to higher oxygen partial
pressures by seven orders of magnitude. In the reducing regime, the conductivity of the deformed crystal
is significantly higher. Furthermore, its slope changes from -1/4 to -1/6 when going below 10-15 bar.
These findings are explained by charged dislocations which accumulate oxygen vacancies in their core.
The respective space charge zones are depleted from oxygen vacancies and holes alike. It is argued that
dislocations are close enough that their space charge zones overlap. More precisely, the distance between
them is claimed to be less than twice the Debye length of the space charge zones for large amounts of
the dislocations. Hence, the majority of the bulk appears to be influenced by the space charge of the
dislocations.
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Figure 56: Oxygen partial pressure dependent conductivity of deformed and undeformed SrTiO3 single crystals [4]. Reprint from [4] with
permission from John Wiley and Sons.

The conductivity was measured temperature dependent to determine the activation energy. Undeformed
SrTiO3 was shown to have an activation energy in the range of 0.48 eV. However, the deformed SrTiO3
exhibited an activation energy of 1.33 eV. The largely increased activation energy was attributed to a
barrier formed by overlapping space charge zones. Later, the arrangement of dislocations is to be
considered more carefully to elucidate this [5].

Figure 57: Conductivity of deformed and undeformed SrTiO3 single crystals in dependence of temperature [4]. Reprint from [4] with
permission from John Wiley and Sons.

Checking the dislocation density using TEM can only give indicational results due to the small areas
observed. Slip occurs predominantly in slip bands, and hence, the dislocation density is not a
homogeneous but highly localized property of a material. It is recommendable to polish the samples
(including vibrational polishing) after each step involving mechanical force because surface dislocations
can otherwise interfere with the results [186]. Etching (100) surfaces with a watery solution of HNO3
and HF visualizes dislocations as etch pits, which can be used to make sure to exclude unintentional
surface dislocations [187, 313, 314]. Thermal etching is another opportunity to reveal dislocations in
different oxides [315, 316].
Adepalli et al. measured 18O tracer profiles and found no bulk diffusion regime (II) but only a space
charge layer regime (I), as depicted in Figure 58. It was interpreted as a large reduction in oxygen
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vacancy concentration in the bulk by the overlapping space charge zones of dislocations that reduce the
diffusion coefficient significantly. However, the dislocation density at the surface can be largely
increased, and hence the effect might be overestimated. This was later shown by Schraknepper et al.,
who demonstrate a blocking effect of surface dislocations in detail [22].

Figure 58: 18O tracer profiles in SrTiO3 deformed (red) and undeformed (blue) SrTiO3 single crystals [4]. For the deformed crystal, only a
space charge layer dominated regime (I) was determined, but no bulk diffusion regime (II). Reprint from [4] with permission from John
Wiley and Sons.
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7. Experimental methods
As more than 30 different methods have been used, some will only be explained very briefly. Furthermore, a
number of methods have been used only by collaborators or students for varying reasons such as the location
of the instrument in another country. These methods are indicated with an asterisk* and are listed for the
scientific understanding but not with the purpose of claiming credit for them.

7.1.

Materials

Sintering/thermal etching
Most of the sintering was done by Wolfgang Rheinheimer (sometimes in assistance by Michael Scherer).
Sintering of SrTiO3 polycrystals was done at 1425 °C for 2 hours in oxygen, while grain size was adjusted
for 10 hours at 1350 °C. Detailed synthesis and sintering protocols used can be found elsewhere [114,
116, 117, 317]. Thermal etching for visualizing grain boundaries was done at 1130 °C – 1150 °C for 3
hours.
Crystals
Crystals were procured from several sources, mainly from Alineason GmbH (Frankfurt am Main,
Germany) which re-distributes crystals grown by an unknown original equipment manufacturer.
Dislocation densities of crystals from different manufacturers were compared in the beginning (also
considering price and lead times) including Princeton Scientific (Easton, USA), Crystec (Berlin,
Germany) and Crystal GmbH (Berlin, Germany).
As the dislocation density was tested between 109 m-2 and 1010 m-2 for all manufacturers only the crystals
grown with top seeded solution growth by Daniel Rytz (FEE GmbH – A Division of EOT, Idar-Oberstein,
Germany) showed a dislocation density of 107 m-2 and below (which is then below the detection limit of
the etch pit technique). Undoped top seeded solution grown single crystal SrTiO3 was grown at 1600 °C
from TiO2 - rich solution by Daniel Rytz (FEE GmbH – A Division of EOT, Idar-Oberstein, Germany).
While for a series of experiments nominally undoped crystals with 99.99 % purity were used, electrical
measurements were conducted using (acceptor) 0.05 wt% Fe-doped SrTiO3 crystals (Alineason, GmbH,
Frankfurt am Main, Germany). Note that this is the weight percentage of the raw powder while the
concentration in the final crystal may be substantially lower. For selected measurements (donor) 0.5
wt% Nb-doped crystals (Alineason, GmbH, Frankfurt am Main, Germany) were used. Note that the bulk
conductivity is extremely high and the resistance through a crystal only few Ohms. Nevertheless,
Schottky barriers are formed upon contact with metals.
Crystals were mostly procured in a size of 4x4x8 mm3 with either the [100] or [110] direction in the
long axis which is the compression direction. In many occasions, smaller sections with other orientations
were cut from these large crystals.
Undoped MgO single crystals were procured with 99.99% purity from Alineason GmbH (Frankfurt am
Main, Germany) as plates of 10x10x1 mm3 plates with (100) surfaces.

7.2.

Mechanical characterization and sample treatment

Uniaxial deformation
For all uniaxial compression experiments a screw-driven load frame (ZwickRoell GmbH & Co.KG, Ulm,
Germany) was used. It was equipped with a linear variable differential transducer allowing strain
75

sensing. Furthermore, it was equipped with a clamshell furnace (LK/ SHC 1500-85-150-1-V-Sonder,
HTM Reetz GmbH, Berlin, Germany) allowing temperatures up to 1170 °C. The push rods were
constructed from Al2O3 while the pieces in contact with the sample could be selected from either Al2O3
or tungsten carbide.
Experiments were conducted in several different modes. For more details, please refer to chapter 6.2 in
Gottstein’s book [54] and to section 2.1 entitled “macroscopic deformation tests” in Messerschmidt’s
book [12].
Strain rate-controlled deformation
Stress-strain curves are typically used for testing metals at room temperature as it prevents excessively
large deformations upon a pronounced yield. It is feasible for any deformation which is not very strain
rate sensitive, e.g., for deformation of [100] oriented SrTiO3 single crystals at room temperature.
Displacement controlled deformation
Note here, that a strain rate control is not possible with the Zwick instrument of NAW (because the LVDT
signal cannot be used as control input for the software) but instead a displacement control is used. When
observing elastic behavior, approximately 80 % of the displacement results in elastic deformation of the
push rods and only approximately 20 % in elastic deformation of the sample (depending on geometry
and Young’s modulus). When observing purely plastic behavior, displacement rate and strain rate are
equal as all plastic strain comes from the sample.
To reduce cracking when deforming at room temperature, Teflon tape was occasionally used to reduce
friction between the tungsten carbide pieces and the crystal. While the tendency for cracking is reduced,
it makes accurate collection and interpretation of strain data difficult. Hence, no Teflon is used for
measurements where the strain signal is actively used.
Load controlled deformation
As load is the raw physical quantity measured by the Zwick it allows higher precision than a derived
strain rate. Therefore, it is used for experiments with a notch where the required stress needs to be tested
anew for each crystal because the required force depends on the exact geometry of the notch which
varies between each sample. The deformation strategy with notches in crystals is described as a result of
this thesis and documented in detail in section 8.1.
Furthermore, it also allows to record stress-strain curves, which, however, need to be interpreted from
a slightly different perspective – in particular most DIN or ASTM norms avoid load controlled
deformation. A key advantage is that force peak upon initial yield is prevented [50]. This is a highly
important feature for deforming ceramics with low dislocation mobility.
Constant stress experiments
In order to achieve a steady state deformation, applying a constant stress is much easier than applying
a constant strain rate and is hence chosen. It is used in particular to record data points for strain rate
maps. Therefore, stress levels, e.g., ranging from 5 MPa to 300 MPa, were applied consecutively to the
same sample at constant temperature. After the temperature was changed the same stress levels were
applied. Holding the load constant furthermore excludes all elastic deformation components and avoids
machine stiffness/compliance issues.
Transient experiments
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To double check strain rate maps, data was recorded in a second manner. After the last data point of the
constant stress experiments was recorded, the protocol was stopped where, the stress and displacement
values were further recorded even though the motors stood still. Due to the elastically stored force in
the push rods, the sample was further deformed passing through all load levels transiently while the
system relaxed the force applied. Data points for all stress levels instead of particular stress levels only
can be extracted in this way. While this helped verifying strain rate maps, it also led to another insight.
When the load is increased continuously, this is exactly the opposite case to the relaxation described
above. Hence, data for strain rate maps can also be recorded transiently when continuously increasing
the load. This has two key advantages: 1) If a pronounced yield occurred and was different for each
crystal, there would be no need to adjust the experimental protocol. 2) Appropriate stress levels and
holding times do not need to be guessed beforehand. (Holding a stress level in a constant stress
experiment for too long or too short can result in excessive error bars or excessive strain/cracking.)
Furthermore, much more opportunities to manually intervene during the experiment are given.
Generally, a deformation experiment can be done with a load ramp for two temperatures to identify
activation energy. This data can then be plotted as a strain rate map where both activation volume and
energy can be extracted for both high and low stress regime. Also yield points and tendencies for strain
hardening or strain softening can be identified. In consequence, with deformation at two different
temperatures using a load ramp, the materials behavior can be understood qualitatively as it allows to
map the entire parameter range semi-quantitatively. In consequence, parameters for more accurate
experiments can be chosen much more pointedly requiring a lower total of measurement
attempts/samples as parameters can be optimized to such a level that beyond 10 datapoints per sample
become possible.
This approach was also used for YSZ crystals together with Qaisar Khushi Muhammad and Michael
Scherer where a pre-experiment (with excessive cracking) was analyzed with the perspective described
above. With the understanding derived, experimental parameters were developed and since then the
desired deformation without cracking is reliably attained.
Presented in Figure 5 on page 16, the temperature regimes for a range of different dislocation-related
mechanisms can overlap in ceramics. In consequence several mechanisms can be of relevance for one
material as discussed, e.g., for YSZ [12]. Standardized testing protocols for metals are sufficiently
suitable to discern between them as they may occur simultaneously. Therefore, a list of likely candidates
for relevant effects needs to be screened:
1. A yield point (sometimes upper and lower yield point)
2. Limitation of dislocation velocity by the kink-pair mechanism
3. Strain hardening
4. Strain softening and delayed yield
5. Drag from Cottrell atmospheres
6. Dislocation creep and recovery
7. Diffusion creep
The descriptions above were used to navigate the experimentation in order to focus on the right
mechanism. It serves as a starting point for a testing protocol which allows to give indication for which
mechanism (or which combination of them) is likely to be relevant in the regarded stress and
temperature regime for a material under investigation. Extensive documentation of the evaluation
strategy would, however, require concise evidence for each of the mechanism discussed and is therefore
beyond the scope of this thesis.
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Polishing
Polishing is not only a means to tune surface roughness, it is also a means to tune dislocation density at
the surface. It allows to produce the dislocation structures with the highest densities but it also allows
to reduce the dislocation density to the natural density of single crystal. The variation of polishing times
in the procedure described below allows selecting the resulting dislocation density.
To remove all mechanical damage from the surface, the following procedure was used. After gluing 3 or
more samples onto a stainless-steel disc using crystal bond 509-1 (TE Klebetechnik, Hannover Germany),
the surface was flattened using P1200, P2500 and P4000 SiC sand paper. Polishing was executed for 40
minutes with diamond particle size of 6 µm, 3 µm, 1 µm and then ¼ µm (DP-Paste M, with DP-Lubricant
blue (or yellow) on MD-Dur and MD-Nap polishing discs, all from Struers, Copenhagen, Denmark).
Polishing was done using a Phoenix 4000 polishing machine (Buehler, Esslingen Germany). Height
checks confirmed that each polishing step removed a height larger than threefold the polishing particle
size of the previous step. Final polishing was done using a vibrational polishing machine for 15 hours
with OP-S non-dry solution from Struers (Copenhagen, Denmark).
When the polishing times are reduced, e.g., to 20 seconds for each step and only 40 minutes of
vibrational polishing, the dislocation density at the surface is largely increased even though similar
surface roughness is achieved.
Vickers Indentation
Vickers indentation was done using a ZHµ (Zwick/Roell, Ulm, Germany). Crack length as well as indent
diagonals were recorded with the built-in microscope while selected values were cross-checked with
scanning electron microscopy.
Nano indentation*
Initial nano indentation experiments were performed by Xufei Fang. Later, data acquisitions used in
section 8.1 was done by Stephan Janocha. Continuous stiffness measurement (CSM) mode was utilized
with a constant strain rate of 0.05 s-1 on the iNano system (Nanomechanics inc., USA) with a three-sided
Berkovich diamond indenter (Synton MDP, Switzerland).
Crack tip opening displacement (CTOD)
The stress intensity present at an open crack tip can be determined by fitting the crack opening profile
with elasticity models. This method was proposed as new in 1997 [151] and used in the research group
in earlier works for large cracks with lengths in the range of 1 mm [318, 319]. Using a TEM instead of
a SEM, this approach has been used already in 1979 [90] on a crack of only 2 µm length.
Previously, this method has been used to determine the crack opening typically further than 20 µm away
from the crack tip on cracks larger than 100 µm. Only in the TEM it has been used for shorter cracks.
Here, however, the crack lengths were often below 5 µm. In consequence, the resolution accuracy of an
SEM at the required length scale needed to be evaluated in detail. Furthermore, the effect of the
conductive layer needed for SEM imaging has to be checked. Best image quality was found when using
in-lens SE and in-lens BSE detector. As the publicly available microscope does not have these features
and does not produce sufficiently good images, the final high-resolution images needed to be acquired
with the help of Enrico Bruder using the MIRA3-XMH SEM (TESCAN, Brno, Czech Republic).
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7.3.

Functional characterization of dislocations

Lithography
A clean room with spin coater, heating plate, microscope and mask aligner was available in the
department where access was granted by the Physics of Surfaces group and the Advanced Thin Film
Technology group. All capabilities using this equipment needed to be developed from scratch as this
study was the first occasion for the Nonmetallic-Inorganic Materials group to use this clean room.
A Photo mask with suitable pattern was designed and drawn using a CAD software (Autodesk Inventor,
Autodesk, Mill Valley, USA). Fabrication of the mask was then done by Rose-Fotomasken (Bergisch
Gladbach, Germany).
Photoresist and developer were procured from microresist technology (Berlin, Germany). ma-N 1410
was spin coated with 4000 rpm and irradiated with UV light for 18 s for producing sputtering masks
with approximately 200 nm height. The mask was developed using ma-D 533/S developer.
For producing polymer masks to protect crystal surfaces during HF etching ma-N 1440 was used with a
film thickness of approximately 750 nm. Dislocation structures were etched (sometimes, selectively as
described below) to visualize the slip bands. Micro-electrodes were placed onto the slip bands or at
desired locations with respect to the slip bands.
I-V measurements
The current flow in response to an applied voltage was measured using a Keithley 2450 SourceMeter
(Keithley Instruments, Inc., Cleaveland, USA). This allows to measure I-V curves to characterize
semiconducting properties. Furthermore, it allows to measure conductivities with DC current and
applying DC potentials over extended periods of time allowing stoichiometry polarization. This can be
used to locally reduce the SrTiO3 and increase the conductivity underneath a micro-electrode where
resistive switching processes were tentatively found to be unrelated to dislocations.
I-V measurements were also used to determine the temperature dependent properties of Schottky
barriers at micro-electrodes including a determination of the Richardson constant. For this purpose,
measurements from 105 K to room temperature were done during a visit in Prof. Marin Alexe’s
Laboratory (University of Warwick, UK).
Impedance
Impedance measurements were done using a Novocontrol alpha A impedance analyzer (Novocontrol,
Montabaur, Germany). Frequency ranges were chosen between 0.1 Hz and 3 MHz depending on the
particular application. The signal voltage was typically set to 0.1 V but in some cases also to 1 V. Tests
with higher voltages (e.g., 100 V) to overcome or characterize Schottky barriers were abandoned. In
other cases, the AC signal was overlaid with varying DC biases to determine the voltage dependent
capacitance to characterize Schottky barriers.
Impedance response was often measured as a function of temperature. Primarily, a custom-made oven
available in the research group was used to go to specific temperatures, equilibrate temperatures for a
specified time and then record impedance data automatically.
The choice of electrode was evaluated. While Al covered with gold produced the least pronounced
Schottky barriers, which increased data accuracy, it was insufficiently temperature stable at the 250 °C
needed to have sufficient conductivity in Fe-doped bulk SrTiO3. Platinum showed much better adhesion
properties to polished surface than gold. While it is simple to create adhesion of the electrodes by
79

roughening the surface, this introduces dislocations at the surface and is hence, a severe source for
artifacts. In fact, the largest effect caused by dislocations was observed precisely by using sand paper to
introduce dislocations to the surface.
However, sputtered platinum degrades at 600 °C [266] which is why measurements using it were limited
to 550 °C. For higher temperatures, fired Pt-paste needed to be used which, in contrast, forms an Ohmic
contact. The paste, however, cannot be used for microelectrodes. Furthermore, it requires burning it in
at 830 °C which is at a temperature where the dislocation structure induced by room temperature
deformation is no longer stable (see also Error! Reference source not found. on page Error! Bookmark
not defined. where the evidence from this pre-test is used in different context).
Locally probing the electrical properties in the maximum dislocation density was allowed by combining
impedance techniques with micro-electrodes enabled by lithography and supported by lithography
assisted etching as illustrated in Figure 96. Making (and characterizing) micro-electrodes in desired
shapes at deliberate locations was a capability not previously available in the research group. While a
clean room was accessible in the department, all customized experimental steps starting from the CAD
drawing (Autodesk) for the mask used for Lithography via appropriate sample preparation including the
notch approach needed to be developed requiring several months. The capability to selectively etch was
developed by using a photoresist with high layer thickness while using a stripe pattern. This allowed to
protect areas of the sample during etching with buffered HF. Depicted in Figure 59, this allows to
visualize part of the slip band while retaining polished surface quality at other sites. After accurately
placing the micro-electrodes, areas could be measured separately and contrasted to each other: 1) With
dislocations, with etching, 2) with dislocations, without etching, 3) without dislocations, with etching
and 4) without dislocations, without etching. This allows to exclude etching as a source for artifacts.

Figure 59: Combination of notch-deformation, selective etching and targeted microelectrodes. After deforming with a notch, the sample
was sliced and polished. The sample was then covered with stripes of polymer using the lithography techniques. During buffered HF
etching, the areas underneath the polymer were protected. After removing the polymer with acetone, micro-electrodes were placed
using a second lithography step.

Micro contacting was done using a micro contacting setup (MPS150, Cascade Microtech GmbH,
Aschheim, Germany) with tungsten needles (PTT-12-25, Cascade Microtech GmbH, Aschheim,
Germany) and a heating cell (Linkam Scientific Instruments, Tadham, UK). Note that because no lid for
the heating cell can be used during micro contacting, sample temperature and set temperature deviate
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by approximately 100 K at 500 °C set temperature which required a calibration curve to properly set
sample temperature.
18

O + ToF-SIMS*

An annealing experiment with 18O (97 at%, Campro Scientific GmbH, Berlin, Germany) was done at TU
Darmstadt by Till Frömling and Lukas Porz. The resulting concentration profiles were studied using a
time-of-flight secondary ion mass spectrometer (TOFSIMS, IONTOF GmbH, Münster, Germany) in
Gießen. It was operated by Marcus Rohnke and Till Frömling.
EFM*
Electromotive force microscopy was conducted by Christian Dietz at TU Darmstadt with assistance from
Till Frömling using a Acypher atomic force microscope (Asylum Research, Oxford Instruments, Santa
Barbara, CA, USA) operated in the lift-mode using conductive PPP-NCHPt cantilevers (Neuchâtel,
Switzerland). (This part was designed by Till Frömling and only a suitable sample was supplied by Lukas
Porz.)
AFM, C-AFM*
Atomic force microscopy and conductivity mapping with conductive atomic force microscopy was done
by Christian Bauer who supported Lukas Porz with an Advanced Research Lab, Master Thesis and as a
student assistant. An MFP-3D Infinity™ AFM (Oxford instruments, Abingdon, UK) as well as a Bruker
ICON AFM (Bruker, Billerica, USA) was used. Additionally, an Alpha-Step IQ (KLA Tencor, Milpitas,
USA) was used.
XPS*
X-ray photon spectroscopy allowing to identify impurities influencing the Schottky barriers were
performed by Katharina Schuldt.
Laser flash thermal analysis*
Laser flash thermal analysis was done by Melanie Johanning in her Bachelor Thesis (and by Yu Pan and
Jinfeng Dong) using a LFA 457 (Erich NETZSCH GmbH & Co. Holding KG, Selb, Germany) at Tsinghua
University.

7.4.

Structural characterization of dislocations

Dark-field x-ray microscopy (DFXM)
Dark-field x-ray microscopy is a novel technique [120, 320-325] able to visualize individual dislocations
and analyze their strain field [120]. The instrumentation and its capabilities at ID06 at ESRF in Grenoble
are described in detail elsewhere [326].
The basic principle is illustrated in Figure 60. A monochromatic x-ray beam illuminates a volume (or
slice) of the sample. The x-ray beam is diffracted by the crystal resulting in a diffraction spot at the
detector. An x-ray lens is used to magnify the spot which is then a real space image of the sample. By
choosing the diffraction condition to be slightly off, only particular locations in the sample with a lattice
strain or lattice tilt will diffract. Hence, only these locations are visible which then allows to visualize
the defects. These images can be used directly but also more fundamental analyses are possible.
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Figure 60: Principle of dark-field x-ray microscopy where a real space image of the sample is generated by illumination with a
monochromatic beam which is magnified by x-ray lenses [322]. Reprint from [322] with permission from Cambridge University Press.

There are several key advantages of this technique over other x-ray imaging methods such as x-ray
topography [162, 327-330]. One of them is the increase in magnification allowing pixel sizes of ≈50 nm
allowed by the development of suitable lenses [323, 325]. While the imaging capabilities are already
outstanding, the real power of the method comes from the quantification. When the image of a real
space image is recorded, diffraction conditions can be varied around two angles – similar to a reciprocal
space map. For example, the same image can be recorded in 11x11 different diffraction conditions when
tilting around two angles. The reciprocal space map is recorded for each individual pixel. Peak position,
peak width and skewness can then be extracted from the intensity recorded for each location in the
sample. Two separate scans are necessary to record both mosaicity (local lattice tilt) and lattice strain.
Layered imaging allows to image a volume.
Data post processing requires a number of technical steps which do not add value, for example correcting
for offsets in intensity of detector quadrants or correcting the respective positions of each image for the
motor drifts/offsets. The value adding step is then calculating the peak position (and other information)
for each pixel. This results in a multidimensional dataset: 3 spatial dimensions (x, y, z), intensity as
function of the two tilt angles, peak position, peak width and peak skewness, lattice tilt around two axes,
lattice strain and the gradients of all the before-mentioned properties. This allows to calculate selections
of the strain tensor or e.g., the Nye tensor describing geometrically necessary dislocation density. While
all of these were evaluated, unfortunately, only few of them were helpful in this case.
Information can, for example, be displayed as a 2D image where the peak position (lattice tilt) is given
as a color code illustrated in Figure 61. The image presented is just a representative layer while the
volume of 2048x2048x145 voxel (600 mega voxel) can be sliced and viewed at from any direction. Also,
a cut-off intensity or peak position can be selected to only display selected areas and black out the
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background which allows to see dislocations in 3D. However, this last part was only doable to a limited
extent on this particular image set while appropriate algorithms are still to be developed.

Figure 61: Map of local lattice tilt around slip bands in a SrTiO3 single crystal composed of 2048 data points in horizontal direction and
145 data points in vertical direction. a) Mosaicity (local lattice tilt) around a set of slip bands. b) Color key quantitatively relating the color
to the instrument tilt angle chi and diffry. c) Sketch of the Burgers vector, the dislocation line, the diffraction vector and the two tilt
angles.

For pure imaging with topo-tomography, a (110) reflection (with the diffraction vector pointing 45°
away from the notch and hence parallel to the Burgers vector) at 25 = 16.86° was chosen. The beam
was set to 15.5 keV. The sample was tilted in 25 to find optimum contrast. It was then rotated around
the diffraction vector in order to tilt the slip planes.
For strain and mosaicity analysis, layers of approximately 400 nm thickness but 1 µm spacing were
imaged. A (110) reflection was selected but, in this case, normal to the slip plane. The sample was tilted
in steps of 0.005° from -0.05° to 0.05° off the diffraction maximum with rotation vectors being [100]
and [110] vectors orthogonal to the (110) reflection. Data for the local lattice strain was recorded in a
separate scan, where the 25 angle has been altered as well.
Etching with hydrofluoric acid
Dislocations on appropriate surfaces of single crystals can be visualized by etching as etch pits form at
the dislocations. Etching of (100) surfaces of SrTiO3 was done 7 seconds to 10 minutes in 15 ml 50%
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HNO3 with 16 drops of 48% HF where the etching time controlled the etch pit size, see Figure 13 on
page 29.
In particular the capability was developed to etch the surface in a zebra pattern where one set of lines is
etched while the other remains pristine. This is allowed by the polymer mask described above.
Hydrofluoric acid is an extremely poisonous chemical. For safety reasons, its use was only permitted in
a dedicated fume hood with appropriate personal protection equipment and when working with a
trained partner. Despite this hurdle, it is still most convenient for imaging large dislocation structures
on single crystals.
SEM
For simple inspections and images with normal quality a scanning electron microscope (XL30FEG,
Philips, Amsterdam, Netherlands) was used. Grain contrast was either achieved by thermal etching or
using back scattered electrons which show a channeling contrast. Conductivity of the sample surface was
either achieved by gold sputtering (e.g., 30 s) or carbon sputtering (e.g., pulses). In some cases where
both sputtering methods were accompanied by disadvantages, sample charging was minimized by
selecting an optimized acceleration voltage. When advanced techniques, such as ECCI, EBSD or highresolution images with back scattered electrons were required, these images were recorded using a
MIRA3-XMH SEM (TESCAN, Brno, Czech Republic) mostly operated by Enrico Bruder.
Laser microscope
A laser scanning microscope (Lext OLS 4100, Olympus, Shinjuku, Japan) was used for optical imaging.
While the lateral resolution is limited ≈1 µm by the wavelength, the height resolution is 10 nm. This
allows to find and visualize etch pits easily. Furthermore, it allowed checking the heights of sputtered
electrodes or polymer film during the lithography steps.
Laue camera
Crystal orientation was checked in many occasions using a Laue camera provided by Prof. Donner’s
research group. A goniometer which could also be mounted to the diamond wire saw, allowed cutting
crystals in desired orientation with high accuracy.
ECCI, EBSD, BSE*
Advanced methods in secondary electron microscopy were enabled by Enrico Bruder using a MIRA3XMH SEM (TESCAN, Brno, Czech Republic) equipped with a 4-quadrant solid state BSE detector
(DEBEN, Woolpit, UK). Electron channeling contrast imaging allowed visualizing dislocations at the
surface of single crystals. Backscattered electron diffraction allowed identifying grain orientation while
the kernel average misorientation (KAM) also allowed to visualize dislocation densities helping to
identify dislocation substructures in deformed polycrystals.
UHVEM*
Ultra-high voltage electron microscopy allows beam penetration through much thicker samples as
compared to conventional (e.g., aberration corrected) TEM. This allows fields of view in the order of
50x50 µm2 which is particularly helpful for identifying dislocation substructures. TEMs capable of 1 MV
instead of 300 kV are, however, rare as they require a size (and budget) of an entire building.
Furthermore, other advances (e.g., by Harald Rose) allowed atomic resolution in TEM at lower
acceleration voltages and hence at much lower cost. The JEOL JEM-1000k RS at Nagoya University is
84

one of very few modern instruments with particular strength in visualizing dislocation substructures with
large fields of view. Operated by Atsutomo Nakamura, it was mostly used in BF-STEM mode and
occasionally in TEM mode. Fabrication of the TEM samples was also done in each occasion by the
research group of Atsutomo Nakamura by conventional TEM sample preparation including polishing and
ion milling.
HAADF-STEM*
Atomic resolution images of dislocation cores including elemental mapping were produced by Ning Li at
Peking University. HAADF-STEM images were recorded at 300 kV on the Titan Cubed Themis G2 300
aberration-corrected transmission electron microscope (FEI, Hillsboro, USA). TEM lamellas were
prepared using a focused ion beam (FEI Strata DB 235, FEI, Hillsboro, USA).

7.5.

Computer based modeling and analysis

MATLAB and high-performance computing
MATLAB (MATLAB ver. R2016a and R2018a; Mathworks, Inc., Natick, MA, USA) was used on several
occasions. On the one hand it was used to run smaller custom-made scripts as basic modelling approach.
On the other hand, it was used to execute (and extensively adopt/refine) scripts provided by Hugh
Simons to analyze the DFXM data. It was also used to display data in many fashions and ultimately
export images. Some of these images were converted to videos using Lightworks (LWKS Software Ltd,
Sheffield, United Kingdom).
As some of the steps required large RAM and computing times, the final script after code development
was executed on the Lichtenberg high performance computer of TU Darmstadt. The independent
proposal with project ID 567 (20000 core hours) by Lukas Porz allowed the use.
Molecular dynamics*
Molecular dynamics studies were done by Arne Klomp using LAMMPS [331] on the Lichtenberg high
performance computer at TU Darmstadt as well as the software OVITO for postprocessing [332, 333].
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8. Insights in room temperature plasticity
8.1.

Dislocation-toughened ceramics [32]

Please find the described publication fully printed in appendix 15.1 on page 166.
The present literature, reviewed in section 4 and particularly in subsection 4.4, does not conclusively
explain why it should be impossible to toughen ceramics (which show dislocation mobility at room
temperature) with dislocations. Several aspects are discussed, and the high bond strength is often used
as a simplified explanation of why ceramics cannot form a plastic zone. Furthermore, Moon et al.
demonstrate a toughening of a ceramic material by a factor of four by introducing dislocations [33, 34]
by indenting or shot blasting the surface. Here, however, it is unclear whether the dislocations are mobile
as the used materials are Si3N4, Al2O3, and yttrium aluminum garnet. In case they were not mobile, this
effect would not be based on a plastic zone but merely on the static stress fields of the dislocations, e.g.,
leading to crack deflection.
Here, a separate discussion of nucleation, multiplication, and movement of dislocations is suggested.
After separating these individual steps, we will discuss the dislocation behavior in the salient volumes as
macroscopic behavior is determined by the possibility to plastically deform locally in small volumes
independent of the rest of the ceramics. Particular emphasis is laid on the grain boundary as a crack may
nucleate here and the crack tip as it determines toughness decisively.
Theoretical considerations
Reviewed in section 4.4, dislocations which did not nucleate directly from the crack tip can also
contribute to the shielding of a crack tip by reducing stress intensity. As the dislocation density is typically
low in ceramics, it is tempting to cast this aspect aside. However, here a consideration of various
dislocation densities is suggested concluding that a substantial toughening is attainable without
nucleation from the crack tip. Consequently, toughness should not necessarily be regarded as a
competition between crack advancement and dislocation nucleation at crack tips only.
With the number of dislocations and their average distance, the impact on the stress intensity can be
gauged. As in front of crack tips, typically a dislocation-free zone is formed [334-337], the dislocation
distances can be approximated with the plastic zone radius. Equally, multiplying the plastic zone area
resulting from the radius, the number of dislocations within it can be rationalized. The plastic zone
radius can be calculated with the following formula for plane strain conditions [338].
1
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Here, '†‡ is the stress required to move a dislocation (approximated with the macroscopic yield strength
of 120 MPa), 8€ is the stress intensity factor applied to the crack tip and ! is the Poisson’s ratio. For a
low dislocation density, the radius should be between 0.5 and 1 µm as suggested later in this thesis [32].
In an area of 1 µm2 with a natural dislocation density of at most 1010 m-2, 0.01 dislocations can be found,
which means dislocations are statistically irrelevant.
Unfortunately, a slip band produced by uniaxial deformation generates dislocations only on one plane,
which means there is always a direction where the crack can move freely without significant impact by
the dislocations. Furthermore, due to the net sum of the Burgers vectors being zero, a large part of the
effect is expected to cancel out [170].
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With an unordered dislocation density of =5*1014 m-2, the radius of the plastic zone should be small
as Taylor hardening should increase the local yield strength. Taylor hardening describes the increase of
yield strength with dislocation density as it becomes increasingly difficult to move a dislocation when
more dislocations are in the way. The yield strength can be gauged with the following formula [54]
where the factor ˆ is approximated with 1, =107 GPa [189] is the shear modulus.
'†‡‰Š‹‰Œ•Ž•ƒŠ•‚ =

ˆ‘ = 1,31 gD

( 21 )

Interestingly, this high yield stress in the equation above yields a radius of 67 nm. In this area, there
should statistically be 7 dislocations.

Inserting the radius of the plastic zone into the equation for 89 (Equation ( 6 ) on page 38) and
multiplying with 7 results in a reduction of the stress intensity by 0.8 MPa√ . Later, exactly this value
will be observed in experiments.
The correlation of this estimation with the experimental results is reassuring but needs to be seen with
a grain of salt. Nevertheless, it is based on three assumptions:
1. All dislocations are moved to radius 6.
2. The local yield stress can be estimated by the Taylor hardening equation, and the factor ˆ=1 is
a reasonable assumption.
3. Plane stress conditions are an appropriate choice for calculation.

The error of each of these assumptions can change the final value by, e.g., a factor of two. Hence, only
the order of magnitude should be trusted but not the actual value. At least it suggests that there appears
to be a window in which toughening is feasible as a lower and upper bound were gauged.
Arranging dislocations
Originally, dislocations needed to be arranged in order to discern between conductivity along, across, or
transverse to dislocation line directions described in section 8.1 and used in the publication on
conductivity [5]. At the time, we understood that two out of the six available room temperature mobile
slip planes had a Schmid factor of zero during uniaxial compression in a [110] direction. Dislocation
motion is allowed equally on the other four slip planes (compare Figures 60 a and b). If propagating as
straight edge dislocations, the line vector of the dislocations on both red slip planes would be parallel to
each other. Likewise, the dislocation lines on the purple planes would be parallel to each other but
perpendicular to the dislocations on the red planes. In consequence, any macroscopic conductivity
measurement would include responses from dislocations aligned with the measurement direction and
response where the dislocations are perpendicular to it. More desirable would be the activation of only
two slip planes at a time so that all dislocations run in parallel which allows discerning perpendicular
(Figure 62 c) and parallel electrical responses. Previously, the group has attempted to achieve a
preferential activation of slip systems by tilting of the crystals, e.g., 10° or 20°. However, after briefly
checking the Schmid factor for all possible rotations with a MATLAB script (see appendix 15.1) this
approach was abandoned. While two slip systems could be preferred (slightly) over the four others, the
deformation could not be localized in this manner and the two remaining slip systems not preferred over
one another.
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Figure 62: Slip planes of the <110>{110} room temperature slip system of SrTiO3. a) All slip planes, b) slip planes activated during uniaxial
compression, and c) slip planes activated after introducing a notch.

The separate activation of only two slip systems was achieved by introducing a notch, which results in a
stress concentration, as depicted in Figure 63. After testing several notch geometries, a simple cut with
the diamond wire saw showed to be both easiest and most effective. This favors slip on two of the planes
over the slip of the two other planes allowing to move from Figure 62 b to c. During uniaxial
compression, local yield started about 35 % below the force was reached where a notch-free crystal
would have yielded. In response, slip bands start nucleating from the notch (visualized in Figure 63).
After evaluating different notch radii and depth a simple cut with a diamond wire saw with a depth of
≈¼ of the crystal was deemed to be both most effective and easiest to produce.

Figure 63: Aligning dislocations by introducing a notch. Local stress concentration leads to localized deformation on two slip planes.

Due to the notch, the geometry is no longer simple, and hence, the applied force can no longer be
converted to stress by simply dividing by the area. Instead, it is better to use absolute values of the
applied force. Furthermore, the deformation occurs localized around the notch and again localized in
slip bands while the majority of the bulk is still undeformed. These regions have a high degree of
deformation while the rest is not deformed at all. Again, calculating a macroscopic strain, e.g., in %
would be highly misleading as deformation (and dislocation density) needs to be regarded as a localized
property.
To accurately control the deformation, the load is increased to a specific level, held for 10 s, and then
reduced to a specific reference level where the inelastic displacement can be obtained. Then the
procedure is repeated with a slightly higher load. This stepwise procedure is necessary because the exact
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load for yielding is unknown for each sample as slight variations in notch geometry heavily impact it.
This procedure was also used in the Master’s Thesis of Christian Bauer3, from where Figure 64 was
adapted. Total displacements between 2 and 25 µm were typically used.

Figure 64: Deformation procedure for producing dislocations around a notch developed by Lukas Porz and drawn by Christian Bauer (see
footnote 3 on page 15).

As dislocations arrange in slip bands, a simple thought experiment can be done. When traveling away
from the notch, the Burgers vector and line vector need to be all the same. Otherwise, the dislocation
would travel towards the notch. If this was the case, the lattice rotation of all dislocations would sum up
(see Figure 65). Unrealistically high rotations would result, which is clearly not the case. In consequence,
approximately half of the dislocations need to have the opposite line vector so that the rotation sums up
to zero. This, however, would require the generation of new dislocations in the middle of the bulk as a
dislocation cannot switch line vector. As observed with dark-field x-ray microscopy, there are no
dislocation sources previously in the crystal. In consequence, dislocations need to multiply during
movement.

Figure 65: Sketch of lattice rotation caused by dislocations where h is the distance between two dislocations and b the Burgers vector.
The array of dislocations marked in a red rectangle could be regarded as a small angle tilt grain boundary. It produces a rotation in the
lattice while a whole series of these arrays would lie next to each other resulting in an unrealistic macroscopic rotation.

While previously unaware of these multiplication mechanisms, we had to realize that a large part of the
relevant literature stems from the early 1960s and has not found much attention for several decades. In
particular, we then realized that several consequences were not discussed thoroughly to date.
3

Christian Bauer: „Investigation of Filaments along dislocations in SrTiO3 by C-AFM mapping, Master’s Thesis completed on October 17th
2018 supervised by Lukas Porz and Till Frömling.
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Consequently, the present work's key value lies in the highly detailed discussion supplemented and tested
with a whole series of experiments.
Most importantly, the dislocation behavior in small volumes, such as beneath an indenter, in polycrystals,
or at crack tips, needs to be discussed in detail, which is depicted in Figure 66. By varying nucleation
behavior and pre-existing dislocation density, the whole range from brittle over ductile yet brittle to
tough and ductile materials can be explained. The discussion to follow from here is presented in the
manuscript “dislocation-toughened ceramics”, see fully printed in appendix 15.1 on page 166.

Figure 66: Effect of dislocation source density on local plastic behavior. a-c) Effect of dislocation sources on the pop-in behavior
underneath an indenter. d-g) Effect of dislocation sources on the behavior in polycrystals with particular focus on the effect of a medium
and high density on behavior at grain boundaries when slip transfer is not facilitated. With no pre-existing dislocation there will be no
plasticity (d). With few pre-existing dislocations, there will be slip band formation which results in cracking (e and f). With an abundance
of pre-existing dislocations, stress build up at grain boundaries can be prevented (g). (Potentially suppressing slip band formation in the
first place by an abundance of pre-existing dislocations is equally beneficial.) h-j) Effect of dislocation sources in the surrounding of a
crack and nucleation at the crack tip on crack propagation.

While the attempt to visualize dark-field x-ray data in 3D should be attempted again with <100>{100}
type dislocations instead of <110>{110} type dislocations (due to larger spacing) and with slight
instrumental and experimental improvements, a wealth of insight resulted from it. However, we had to
realize, that we were not able to fully explain the dislocation structure without previous understanding.
This led to more detailed investigations with atomic resolution TEM carried out by Ning Li and Peng
Gao at Peking University, China, and ultra-high voltage electron microscopy carried out by Atsutomo
Nakamura in Nagoya, Japan. Discussions on the gathered data then sparked another contribution from
Arne Klomp and Karsten Albe, supplying a molecular dynamics-based model. This investigation led to
another manuscript on the line vector of dislocations with [110] Burgers vector in SrTiO3 [339].
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Providing evidence for dislocation-based toughening in ceramics
After suggesting to consider dislocations for toughening, it is important to provide experimental evidence
for the realization of dislocation-toughened ceramics. Furthermore, a simple recipe which separates the
individual steps to be taken in development will be presented.
Before considering dislocation-toughening for a specific ceramic, the material of regard needs to show
dislocation mobility at room temperature, which is an intrinsic property and cannot be much engineered.
(Again, note that it is not necessarily the bond strength that determines mobility as, e.g., splitting into
partial dislocations can substantially lower the Peierls barrier.) In fact, a large variety of ceramics exhibits
dislocation mobility at room temperature. However, this is by far not the case for all ceramics. Hence,
only a certain set of ceramics should be considered. Dislocation mobility is often reported in literature
already or can be easily shown with an indentation experiment.
As suggested above, the ability or inability to locally deform at low stresses in small relevant volumes is
decisive for macroscopic behavior. In consequence, enabling local plasticity is a central development
goal that can be individually tested. Whether plasticity is possible in arbitrary small volumes can be
determined by indentation experiments. In the following section 8.2, the possibility to quantify
dislocation density and mobility with indentation will be discussed in much greater detail [70]. In this
manuscript, however, nano-indentation with an 80 nm tip radius is used to quantify local plasticity as
the probed volume is in the same size scale as a plastic zone in front of a crack tip.
The considerations above suggest that a dislocation density above, e.g., 1014 m-2 should be reached to
observe toughening. However, when uniaxially compressing, only a density of 2*1013 m-2 is obtained
with dislocations only on parallel sets of slip planes and hence with one Burgers vector (including the
inverse line vector). Hence, toughening is only suggested to occur beyond the naturally occurring
density. Hence, creative methods need to be found which allow introducing sufficient dislocation density
to the bulk. For evidence, both sufficient dislocation densities need to be fabricated and need to be shown
to lead to the suggested enhancement in toughness.
While no method for introducing sufficient dislocation density into the bulk was available, a
straightforward methodology allows doing so at the surface. When grinding a SrTiO3 single crystal (or
polycrystalline ceramics) the stress concentration at the SiC grinding particles leads to dislocation
nucleation. In Figure 67, the dislocation density introduced by a diamond wire saw cut is visualized by
etching with buffered HF. A clear gradient is observed with high densities in the top 5 µm. When a
polishing procedure can be optimized such that the surface is sufficiently flattened but only a very thin
layer is removed, this high dislocation density can be retained at the crystal surface. Details were
reported by Jin et al. [186].
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Figure 67: Dislocation density gradient underneath a ground surface (here visualized for a diamond wire saw cut where the abrasive
particles are mounted on a wire instead of a paper) visualized on a polished perpendicular surface. Reprint of supplementary material of
[32] via CC BY 3.0.

The resulting dislocation density of the “dislocation-inducing polishing procedure” on two surfaces of
SrTiO3 and on MgO are presented in Figure 68 where the dislocations are visualized using electron
channeling contrast imaging (ECCI). The dislocation density was confirmed to be in the range of 5*1014
m-2 for all three samples.

Figure 68: Dislocation density introduced by the “dislocation-inducing polishing procedure” imaged with electron channeling contrast
imaging. As a guide for the eye to count dislocation density, representative squares are marked. Reprint of supplementary material of
[32] via CC BY 3.0.

In the manuscript, evidence by nano indentation is provided that this high dislocation density at the
surface truly allows circumventing nucleation, which would require high stresses. Instead, local plasticity
is allowed at low stresses.
In the next step, Vickers indentations at various loads were made in order to introduce cracks at the
corners of the indents. Figure 69 contrasts a crack induced on a pristine surface in a) with two cracks
produced on a (100) surface after a “dislocation-inducing polishing procedure” in b) and c). Clearly, the
cracks are shorter in the presence of dislocations. The preferred crack propagation direction appears to
have changed as well.
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However, just using crack lengths is not a reliable measure for determining toughness. Residual stresses
can impact crack length [340], while the stress state around an indent is often ill-defined [341]. Hence,
crack tip opening displacement (CTOD) will be used to determine crack tip toughness.

Figure 69: Cracks induced by a 25 g Vickers indent on a (100) surface of a SrTiO3 single crystal. a) Without dislocation-inducing polishing
procedure and in b) and c) after a dislocation-inducing polishing procedure.

Quantification of the fracture toughness after a dislocation-inducing polishing procedure is a very
difficult undertaking. When indenting with high loads, which is helpful to retrieve long cracks, cracking
behavior is not comparable between the pristine and treated crystal. On the pristine crystal, clear cracks
form at the corners, and slip bands forming the plastic zone of the indent are nicely identifiable (see
Figure 70a). Instead, after the dislocation-inducing polishing procedure, the crack shape changes
completely as illustrated in Figure 70b. Most importantly, the cracks propagate parallel to but
underneath the surface leading to spalling off of chips. This behavior can be explained by the fact that
only the topmost surface is toughened while the pristine crystal underneath is still brittle and hence a
preferred path for cracks. In consequence, a well-defined crack shape as required for CTOD is not
retrievable. This spalling occurs starting at 50 g indenter load. At 10 g indenter load, however, no cracks
are formed at all. So only the load of 25 g can be used for quantification at this point.
Crack and indent sizes as well as spalling statistics for indents with five loads from 10 to 200 g for single
crystals with and without dislocations at the surface with two different orientations as well as for
polycrystals with two different grain sizes and MgO crystals were recorded with 5-10 indents for each
data point to allow for error bars. From this large dataset, which allowed to carefully evaluate the effect
of indent size as well, only a very small number was selected for presentation in order to not display too
many technical details.
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Figure 70: Comparison of crack formation underneath a 200 g Vickers indent on a pristine (100) surface and on a (100) surface after a
dislocation-inducing polishing treatment. a) Cracks form along [110] direction from the corners of the Vickers indent where these four
cracks are dominating. Furthermore, clear slip bands are visible in the surrounding of the indent. The low natural dislocation density was
visualized by etching before indentation. b) Cracking behavior after a dislocation-inducing polishing procedure. Cracks also form at the
corner. However, chipping off (spalling) is dominating over straight cracks. Instead of propagating straight, cracks predominantly
propagate underneath the surface. In consequence, crack length or toughness are difficult to quantify. Furthermore, no slip bands can
be found in this case. Reprint of supplementary material of [32] via CC BY 3.0.

For Vickers indents with 10 g load, cracking is completely suppressed with high dislocation density in
contrast to pristine crystals as shown in Figure 71c) and d) with schematic sketches in a) and b). While
this is a clear improvement of the material’s properties, it is unclear whether this is due to reduced crack
initiation or enhanced crack tip toughness. Therefore, indents with 25 g load were made which show
cracking even in the high dislocation density but do not show spalling. As the CTOD method requires a
certain minimum crack length to indent diagonal ratio to retain accuracy [318], only the least
toughened direction could be quantified, because otherwise the cracks are too short. Indents were
made on a (110) surface where cracks only emerge from two corners instead of from all four corners.
These cracks were long enough to apply the CTOD method, see Figure 71f and g. Quantification of the
crack tip toughness was then executed by measuring the crack opening displacement and fitting it with
an elastic model using equation ( 22 ) [151, 319].
“=8 ∗
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The crack tip toughness 8 is related to the half-opening “, elastic modulus, ”, distance to the crack tip,
0 and the the Poisson’s ratio !. The 8 which best fits the experimental data is therefore determined to
be the crack tip toughness. The crack tip toughness of the pristine crystal was determined to be 8 =0.75
MPa√ . On the surface with a dislocation density of 5*1014 m-2 it was found to be 1.6 MPa√ – a
twofold increase, even in the least toughened crystal direction.
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Figure 71: Determination of crack tip toughness in SrTiO3 using CTOD. a) and b) Sketches of the indentation into low and highdislocation
density. c) and d) SEM images illustrating the suppression of crack for Vickers indents with 10 g load. e) Plot of the crack opening
displacement measured averaged over four cracks originating from Vickers indents in a (100) surface of SrTiO3 single crystals. The
measured values are fitted with an elastic model to extract the stress intensity at the tip. f) and g) Exemplary indents with respective
cracks for which the CTOD data was acquired. Reprint from [32] via CC BY 3.0.

Similar evidence was collected for MgO crystals in order to verify that this effect is not only specific to
SrTiO3. MgO shows a really interesting feature. When using the crack length to determine the fracture
toughness with the Vickers method [341] it shows a fracture toughness of ≈ 0.3 MPa√ . (Fracture
toughness values using the Vickers method were determined for all samples indented with Vickers for
all five loads between 10 g and 200 g. The dataset described above allowed this with little effort but the
values are not further discussed because CTOD is the much more suitable method in these
circumstances.) Presented in Figure 72a, the fracture crack tip toughness of pristine MgO is 2.4 MPa√
which is astonishing as the crack tip toughness is usually either equal or lower than the overall fracture
toughness. It is higher in this case. This can be explained by the nucleation of dislocations from the crack
tip in MgO at low crack velocities [90]. Enrico Bruder was dedicated and skilled enough to visualize the
plastic zone using ECCI in Figure 72b. The images even show the arrangement of the dislocations which
may be important when attempting more detailed model calculations of the attained shielding at the
crack tip. However, the dislocation-inducing polishing procedure only marginally increased the overall
toughness from 2.4 MPa√ to 3.2 MPa√ in this case.
Furthermore, the slip bands produced by the indenter were found to interact with the cracks. This is
evidenced by the arrest of the crack in a slip band shown in Figure 72c where Figure 72d shows the
dislocations at the crack tip. Despite the additional dislocation activity, the toughening effect of the
dislocation-inducing polishing procedure could also be demonstrated for MgO by showing the
suppression of cracks during Vickers indentation, see Figure 72e and f.
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Figure 72: Indentation tests on MgO single crystals. a) CTOD analysis for indents with 25 g comparing pristine crystals to crystals after a
dislocation-inducing polishing procedure. b) Electron channeling contrast image of the plastic zone formed around a crack originating
from a Vickers indent in a pristine MgO crystal. c) and d) Evidence for the arrest of cracks within a slip band formed by a Vickers indent.
e) and f) Comparison of the cracking behavior of a pristine crystal and a crystal with a dislocation density of 5*1014 m-2. Reprint from [32]
via CC BY 3.0.

A change in cracking behavior is confirmed for SrTiO3 polycrystals as well. While the suppression of
cracks at low loads can be clearly demonstrated, a quantification with CTOD was not possible due to the
irregular crack pattern. For the sake of brevity for a higher impact factor journal, it is not discussed at
length in the manuscript. Figure 73 reveals in detail that the cracking behavior is largely suppressed by
the dislocation- inducing polishing procedure. In particular, shorter crack lengths are observed at high
indenter loads as well as spalling. Also, the strong suppression of cracking (if not its absence altogether)
can also be demonstrated for the polycrystalline samples at 10 g indentation load. Furthermore, we note
that there is no indication for slip band formation, causing crack nucleation at grain boundaries. This
can either be the case because slip bands are suppressed from the start or because deformation can be
transmitted through grain boundaries by pre-existing dislocations on the other side. This would
circumvent slip transfer, which is typically difficult in ceramics outside of low angle grain boundaries
[173].
Noted in the literature review in section 4.4 following page 33, a clear distinction needs to be made
between the slip transmission across a grain boundary and the compatibility of slip systems. In particular,
Hall-Petch hardening is observed despite the fulfillment of the Taylor criterion. Hence, the transition
between motion controlled and nucleation-controlled transmission will be discussed.
As discussed before, cracks rather nucleate at statistically relevant grain boundary types instead of
dislocations transmitting or re-nucleating at the grain boundary. So, as transmission is not straight
forward, the behavior is, again, nucleation-controlled. This raises the question: At what dislocation
density would it become motion-controlled? Or in other words, at what dislocation density a dislocation
within a suitable distance can be found on the other side of the grain boundary to relieve stress.
Therefore, equation ( 5 ) on page 26 is rearranged so that it displays the distance between two
dislocations where the elastic stress acting between them is equal to the bulk yield strength.
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This means, if a dislocation arrives at a grain boundary, it would be able to move another dislocation
within a radius of 77 nm on the other side of the grain boundary as elastic strain and stresses transmit
through the grain boundary. At a density of 1.7*1014 m-2 there would statistically be one dislocation in
the area r2. Comparing to the discussion before, similar thresholds of dislocation density for the transition
from nucleation to motion controlled behavior appear feasible. While this model calculation needs to be
refined (e.g., with appropriate numbers, distances and respective orientation of dislocations), it suggests
that in conventionally processed ceramics, the dislocation density is too low to observe motion-controlled
behavior. Instead, dislocations pile up at the grain boundary which does not lead to transmission but to
cracking.
The indentation micrographs reveal that quite an amount of plastic deformation is possible while the
crystal does not fulfill the Taylor criterion. In consequence, plasticity at grain boundaries and the
implications of the Taylor criterion need to be discussed completely anew in the context of a motioncontrolled scenario. In summary, there appears to be a change that suitable dislocation structures can
prevent or at least reduce the cracking of grain boundaries as a consequence of slip band formation.
Whether the suppression of slip bands or allowing motion-controlled behavior on the other side of the
grain boundary is decisive, in either case, crack nucleation due to slip band formation, which had been
shown to be a limitation to plastic zones in MgO [71, 91-96], is suppressed as shown below.
Additionally, further details can be observed. In particular, in Figure 73b, the edge of the spalled
fragment shows a relation to the microstructure. It appears as if predominantly grain boundaries have
cracked in the toughened layer. This already highlights the complexity of cracks in polycrystals where
only recently a model has been suggested to quantitatively correlate the relation of inter- to trans
granular fracture to materials properties such as grain boundary fracture toughness [172, 342].
A thought to investigate in the future would be whether the spalled off chip consists only of grains which
are located at the surface. A polishing procedure would be able to introduce dislocations into the grains
at the surface but, if slip transmission is impeded, not into grains below. Does the subsurface cracking
occur exactly at the interface between grains with and without dislocations? This dislocation structure
in polycrystals definitely warrants investigation with more advanced methods to answer more
fundamental questions.
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Figure 73: Surface toughening in SrTiO3 polycrystals by dislocations. a) 100 g Vickers indent on a pristine surface and b) on a surface of a
polycrystal after a dislocation-inducing polishing procedure. In the pristine surface, cracks propagate over 30 µm while they are confined
to 10 µm in the surface toughened sample. c) and d) comparison of a 10 g Vickers indent on the same sample as above showing clear
cracking for the pristine polycrystal and the absence of cracks in the surface toughened sample. e) and f) Same experiment as in c and d
but with 1.9 µm grain size instead of 9.3 µm. Reprint of supplementary material of [32] via CC BY 3.0.

A more detailed description of the complexity and a highlight list of relevant aspects can be obtained
from an indent in a pristine polycrystal presented in Figure 74. Using back scattered electrons for
contrast, the grains are visualized with different shadings revealing the microstructure. Additionally,
cracks are visible, as well as slip bands due to their local lattice distortion. A whole list of features can
be observed:
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Slip bands
Slip bands which are not originating from the indent itself
Nucleation of cracks from intersections of slip bands with grain boundaries
In rare cases, slip transfer






The absence of slip transfer in a number of cases
Cracks propagating on or deflecting at grain boundaries
Cracks not deflecting at grain boundaries
Dislocation-free volumes in grains with one or several slip bands

The list above needs to be understood in detail before final judgment about the dislocation behavior
determining (local) plasticity and toughness are possible. Addressing the complete list (and others) is,
however, far beyond the scope of this manuscript or this thesis. Nevertheless, the complexity in this one
indent only explains why such a lengthy discussion for this topic is inevitable.

Figure 74: Vickers indent on pristine SrTiO3 polycrystal, revealing a multitude of features.

While toughening would ultimately be desired in the bulk of polycrystals, its understanding is highly
complex. In contrast to the frequently used and simplified depiction of a 1-dimensional crack on a 2dimensional paper, the crack front is a line which leaves behind a surface. When the crack front line
advances, it needs to stay continuous (with the exception of micro-cracking [343-346]). This demands
that the choice of the crack path of one segment is related to the choice of crack path of the neighboring
segments. An appropriate model would require a continuous line as crack front which forms a continuous
surface (crack plane). This requires mastering a substantial geometric complexity in 3D on top of the
complexity already inherent to the 2D approximation [172].
The geometrical complexity is further enhanced by the anisotropy of elastic constants, which causes
stresses and strains to be anisotropic (even in cubic materials <100>, <110> and <111> directions
typically differ). Furthermore, thermal expansion is often anisotropic, which leads to residual stresses
[347-349]. Additionally, the fracture toughness varies in different crystal directions, and slip also occurs
on a limited set of slip planes. With this complexity it is difficult to relate intrinsic properties, such as
grain boundary fracture toughness, to macroscopic behavior, such as fracture toughness or the ratio of
transgranular to intragranular fracture, in a quantitative manner [172].
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The distribution of pre-existing dislocations, dislocation sources, grain boundaries hindering their path
need to enter the picture as well. Furthermore, dislocation movement at room temperature is only
possible on a limited set of slip planes. These slip systems form an insufficient set of independent slip
systems which do not fulfill the Taylor criterion [64]. When comparing to Groves and Kelly [65], it can
be concluded that the high temperature mobile set of <100>{100} slip systems forms three independent
slip systems (also compare CsCl structure). Surprisingly, the room temperature mobile set of
<110>{110} slip system forms only two independent slip systems (see also NaCl structure). This is
counterintuitive, as deformation in any uniaxial direction is possible because there is always a Schmid
factor greater than zero for at least one slip system upon uniaxial deformation. However, rotation is
impossible.
In consequence, there are crystal directions, which are more favorable for toughening by dislocations
and some which are less favorable. When the grains are oriented randomly, the question arises whether
orientation always induces an easy crack path or whether the random orientation is favorable for
toughening.
For now, the preliminary data from indentations in dislocation-toughened polycrystal surfaces is taken
as an indication that substantial toughening is feasible in a polycrystal. Moreover, crack initiation is
substantially suppressed. This enables to combat short cracks which is difficult with other toughening
mechanisms. Short cracks have a significant role for strength and reliability and, therefore, the
contribution above may open opportunities for fundamental advancement in making ceramics more
mechanically reliable. Furthermore, this toughening mechanism, including the reduced crack initation,
is feasible at length scales below 10 µm which is important as ceramic layers in functional application
such as batteries or multilayer actuators are often too small for toughening mechanisms requiring crack
advancement in the first place (R-curve). Detailed understanding, modeling and experimentation are,
however, far beyond the scope of this thesis even though the supplementary material provided with the
manuscript “dislocation-toughened ceramics” already contains many starting points.
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8.2.

Bridging the gap between bulk compression and indentation test concerning roomtemperature plasticity in oxides: A case study on SrTiO3 [70]

Please find the described publication fully printed in appendix 15.2 on page 176.
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A material response to indentation is strongly dependent on the indenter size [69, 350, 351] because
the probed volume can be varied over seven orders of magnitude easily. When using a small indenter,
no pre-existing dislocations (or other defects) are present in the relevant volume and, hence, they need
to be nucleated, which requires stresses close to the theoretical shear strength (see Figure 75). When a
large indenter is used, many dislocations (or other defects) are available, and only a low stress is required
to start to move them – which is then comparable to a macroscopic deformation experiment. When
choosing an intermediate tip size, the result will stochastically depend on whether a dislocation is present
or not (and where it is located).

Figure 75: Stress and defect distribution underneath an indenter tip [70]. a) Point of maximum shear stress marked in red and the volume
where stress is larger than a certain stress ˜ur™r˜š› is marked in green. b) Scenario for small, intermediate and large indents. For small
indents, no defects are in the relevant volume. For intermediate defect densities there is a stochastic chance to find a defect in the
relevant volume. This defect may be close to or far away from the tip and hence the required stress can vary over a wide range. For large
indents, there are many defects, which also means at least some can be found relatively close to the tip. Reprint from [70], used via CC
BY 4.0.

But what is large, small, or intermediate?
This obviously depends on the defect density or, more precisely, the relation of defect density, the stress
required to activate a defect, and the indenter tip radius. This aspect will be discussed in detail. Often,
these defects are rather far away from the tip, independent of whether they are microcracks, dislocations
or others. They only need very low stresses compared to the homogeneous dislocation nucleation. Hence,
they can sometimes still be activated before the stress for homogeneous dislocation nucleation is reached
underneath the indenter. However, the x-axis of a pop-in statistic is regularly specified in units of
maximum stress even though this is not actually the critical stress at the relevant defect [352, 353].
Recently, models have been suggested which effectively and accurately convert pop-in statistics into a
defect strength and density, which is a much more meaningful description of the material properties
[69, 351, 352]. While these approaches are highly accurate and should be the final resort for accurate
quantification, the high up-front time investment to master them impedes their use substantially.
In the following, the behavior with an intermediate tip size will be investigated in detail in order to
understand what “intermediate” is. Therefore, we develop a simple model that converts the combination
of the three parameters defect density, the stress required to activate a defect, and tip radius into a popin statistic. This will be followed by a discussion about the lessons learned.
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Model for the effect of defect density, strength, and indenter tip radius
Here an approach is presented which computes the pop-in statistics for different types of defects
depending on their volumetric density. The only input is, for now, the density of the defects, the stress
that is required to activate it and the tip radius. While the mechanical understanding and identifying
appropriate choices for the density of defects and the stress required to activate them are left to the user,
the simplistic approach presented (MATLAB code see appendix 15.6) elegantly deals with the
geometrical complexity. Hence, a hypothesis concerning the type and density of defects can be
scrutinized immediately, therefore helping to iterate understanding.
It is assumed that during the indentation the transition from elastic to elasto-plastic behavior entails one
of three scenarios:
1. Nucleation of dislocations (quasi) homogeneously
2. A pre-existing dislocation starts moving first
3. A different defect, e.g., a crack or a vacancy initiates the stress response
Whichever occurs first will determine the pop in. Which of these happens first, both depends on how
easily the defects respond (necessary stress) and how high the density is, and how well they are
distributed. Here, a bulk yield strength and a dislocation density can be inserted. This would, for now,
lead to the assumption that all dislocations move equally easy and their distribution is random and
homogeneous. However, the critical shear stress for a point defect could also be linked to pop-in statistics
[30, 352].
For now, defects are merely described by their density (assuming them to be point defects) and the stress
required to activate the defect. Computationally, also three or more types of defects can be inserted
without much effort, this may not necessarily promote further understanding. Note that thermally
activated homogenous dislocation nucleation or nucleation from the surface [350] is not considered so
far, which leads to inaccurate stress values predicted for (quasi) homogeneous dislocation nucleation,
especially for large tip radii.
In step 1, a pseudo-geometric configuration is generated, see Figure 76. It consists of a cube with the
edge lengths %= œ‘1/ jAj˜™ . This edge length scales the distance between the defects and the indenter
according to the defect density. Defect locations are generated by a random function. For better statistics
of the defect locations, multiple defects can be randomly inserted, and the closest one can be identified.
The edge length is then scaled accordingly to the increased number of defects to keep the density
constant. This step significantly improves the meaningfulness of the abstract geometry. In Figure 76 both
for arbitrary defect type A and B five defects are sketched and the distance to the closest one is identified
(in the code 100 defects are used). The only difference between defect type A and B at this point is the
lower defect density of defect type B, which leads to a larger scaling of the box. There is no need to
consider geometry for homogeneous dislocation nucleation at this level of detail.
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Figure 76: Sketch of the modeling approach presented.

In step 2, after the geometrical setup is established, a local stress level for the distance of the closest
defect location in Figure 76 has to be calculated. The method to compute the stress level is up to the
choosing of the user since it functions like a plug in and can be easily replaced. Hence, the users can
decide for themselves how detailed the mechanical calculation is supposed to be. In consequence, the
choice between simplicity and accuracy can be easily adjusted to the purpose.
A number of possible advanced equations that could be used can be found in literature [354-357]. Here,
we only intend to demonstrate the power of the approach and hence use a relation of distance to stress
of maximum simplicity. In this case, a far-field approximation of a point load where the local stress '›F˜š›
is related to the distance r, the contact radius a, and the theoretical shear stress ™•jFuj™r˜š› is used in
equation ( 24 ).
'›F˜š› =

™•jFuj™r˜š›

D 1
∗U W
6

( 24 )

The contact radius a depending on the tip radius is retrieved by relating it to the tip radius v, the
theoretical shear stress ™•jFuj™r˜š› =16 GPa and the reduced elastic modulus ” ∗ =224 GPa [189] in
equation ( 25 ).
D=

v ∗ # ∗ ™•jFuj™r˜š›
= v ∗ 0.1122
”∗ ∗ 2

( 25 )

We note that this approximation is inaccurate when the distance 6 between defect and indenter is smaller
or only slightly larger than the contact radius D. Again, this equation can be exchanged according to
specific needs easily.
In step 3, the most critical defect will be identified by defining the criticality as:
w64ž4wDŸ4ž/ = '›F˜š› /'˜

( 26 )

Here, '˜ is the stress level at which the defect is activated. In consequence, the homogeneous dislocation
nucleation has a criticality of 1 (no defects involved). The defect with the highest criticality will be
treated as relevant, and all others are discarded.
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In step 4, the inverse of the criticality is recorded. If homogeneous dislocation nucleation takes place,
the criticality is one, and hence the recorded value is 1, which means the pop-in occurred at 100 %
™•jFuj™r˜š› . (To get better comparability to experiments the average experimental value of, e.g., 16 GPa
is inserted for ™•jFuj™r˜š› .) If the highest criticality given by a defect was, e.g., 5, the value 1/5 is
recorded, which means the pop in occurred at 20 % of ™•jFuj™r˜š› . In other words, the location which
would have been most likely to homogeneously nucleate dislocation is stressed with 20 % of ™•jFuj™r˜š›
while the stress at the closest defect is equal to the stress required to activate the defect (e.g., 160 MPa
in a SrTiO3 single crystal).
Then, steps 1-4 can be repeated as often as desired for statistics. Because it is so computationally
efficient, 1 iteration requires less than 1 ms on a standard laptop CPU. In consequence, proper statistics
become effortless.
Evaluation of the model:
To test the performance of this approach, yield stress and dislocation density from a recent paper on the
deformation behavior of SrTiO3 are inserted into the model [163]. The values are then compared to popin statistics available for the same samples [353]. Data for the sample with a SrO/TiO2 powder ratio of
1.00 is displayed in black, while data for the sample with a SrO/TiO2 powder ratio of 1.04 is displayed
in red. The colors are equally used for the fits.
The dislocation densities were measured to be ~1010 m-2 for the sample 1.00 and ~1011 m-2 for the 1.04
sample. The model in its current state approximates the dislocation density as points instead of lines;
this translates to 1*1015 m-3 and 3*1016 m-3 according to equation ( 27 ).
„F› Ej™ur˜

≈

Q/1
šujš›

( 27 )

The contact area is a two-dimensional feature as well as the dislocation density. In consequence, it is
tempting to use an areal dislocation density and relate it to the contact area which would avoid the step
of approximating a 1-dimensional dislocation with a 0-dimensional point. This, however, does not allow
to take the distribution of the stress field and its decay with distance from the tip into account. Hence, a
3D approach is employed.
The bulk yield stress measured at a strain rate of 10-1 s-1 is specified as 160 MPa and 135 MPa,
respectively.
Experimental data from Fang et al. is shown as dots, while the fit with the bulk yield stress and
dislocation density given by Fang et al. [353] and Nakamura et al. [163] is displayed as dotted lines.
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Figure 77: Comparison of pop-in statistics predicted by the model compared to experimental data for an indenter tip radius of 15 µm.
The predicted statistics are highly sensitive to dislocation density but less so on the stress required to move the dislocation.

Interestingly, the model predicts too low pop-in values when using the dislocation density of 1011 m-2.
Equally, the model predicts too high values when using a dislocation density of 1010 m-2. However, in
the original paper, the dislocation density is specified with an accuracy of one order of magnitude only.
To get a better prediction, the pop-in statistic is retrofitted. The macroscopic yield strengths of 135 MPa
and 160 MPa are used while the volumetric dislocation density is optimized until a satisfactory fit of the
experimental pop-in data is achieved which occurred at „F› Ej™ur˜ =8*1015 m-3. Converting this to an
areal density equals 4*1010 m-2. This value lies within the dislocation density specified by Fang et al.
[353], which shows the model can reflect trends observed in the material. Furthermore, we learn that
changing the dislocation density by only one order of magnitude would drastically change the pop-in
statistic (see dotted lines in Figure 77). This would allow posting the hypothesis that the difference in
dislocation density is significantly less than 1 order of magnitude without requiring any extensive models
or understanding about other parameters.
Furthermore, we observe from Figure 77 that when using a 25 µm tip, the ratio between homogeneous
and heterogeneous nucleation varies strongly with the dislocation density. While purely activation of
pre-existing dislocations is suggested for a dislocation density of 1011 m-2, approximately 50% (quasi-)
homogeneous nucleation is expected for a dislocation density of 1010 m-2, while for a dislocation density
of 109 m-2 the nucleation is expected to be more than 90% (quasi-)homogeneous.
When changing the tip radius to 2 µm, the dislocation density of 4*1010 m-2 would only lead to 0.3 %
heterogeneous nucleation. In consequence, no noteworthy difference between the pop-in statistics of the
two different samples should be noticeable, as demonstrated in Figure 78.
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Figure 78: Experimental pop-in statistics with an indenter tip of 2 µm radius.4

As a bulk deformation experiment would stress an extremely large volume and, hence, a pre-existing
dislocation is always found, the behavior during indentation with large tips should be directly
comparable. Consequently, when defect density and stress needed for activating defects (defect strength)
are derived from pop-in tests, the macroscopic yield behavior can be nicely estimated. In contrast, using
much smaller tips allows the probing volume to be small enough to avoid certain defects (e.g., cracks or
dislocations). Therefore, the behavior of a different defect type, such as point defects can be probed
separately without being obscured.
This simple approach allows to relate defect densities and defect strength to both indentation data and
macroscopic bulk experiments and affords a quantitative link between the length scales. The tip radius
choice allows adjusting the probed volume over more than seven orders of magnitude, enabling separate
investigation of different defect types. While detailed evaluation should rely on more sophisticated
models [69, 350-352] experimental design can be assisted with this simple code, which can substantially
accelerate research progress. The modular design still allows modifying this approach at many ends. For
example, instead of a fixed stress at which a defect activates a statistical distribution can be inserted.
Equally, the defect density could be treated as a function of depth. Furthermore, more advanced stress
dependencies can be used [354-357] if desired or thermally activated dislocation nucleation or
nucleation from the surface inserted [350].
Lessons learned from the model
After seeing the results predicted by the model, further simplifications to the understanding can be used.
First, it is notable that the pop-in statistic is highly sensitive to typical changes in dislocation density,
e.g., from 1010 m-2 to 1011 m-2, as visible from the black and red dotted line in Figure 77. This can be
further demonstrated when picking up the values from the manuscript “Dislocation-toughened ceramics”
in Figure 79. While a typical value of dislocation density within a slip band produces a pop-in distribution
that is almost entirely based on nucleation (blue), the higher density of 5*1014 m-2 induced by special
polishing results in pop-ins at severely reduced loads.

4

Many thanks to Xufei Fang for providing this data.
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Figure 79: Predicted pop-in statistics for different dislocation densities in SrTiO3.

We also note from Figure 77 that the model suggests that the difference in dislocation density predicted
is much lower than the difference in dislocation density experimentally reported. This is intriguing
because the statistics are so sensitive that the error bar for typically reported dislocation densities leads
to substantial differences. This could, on the one hand, allow to quantify dislocation density. On the
other hand, besides the sensitivity to the defect density, it is worth noting that the pop-in statistic is
rather insensitive to typical differences in the stress required to move a dislocation.
Consequently, it is not possible to clearly retrofit defect strength and defect density to a level of accuracy
that would allow helpful predictions about the macroscopic behavior. Attempting to do so would also
require to refine some of the assumptions made in this model. In this case, it would be better to directly
turn to far more complicated and advanced models that have been used to do this kind of quantification
[69, 352].
Second, the intermediate range is small. For a constant defect density, only a narrow range of tip radii
produces stochastic behavior. Vice versa, for a constant tip radius, only a narrow range of defect densities
(e.g., dislocation densities) produces a stochastic behavior (<2 order of magnitude). Accurately
quantifying in this regime requires a far more sophisticated approach. So, unless it is a top priority in
the project, the effort required to reliably quantify in this regime would exceed the benefit substantially.
In consequence, the only important thing for experimentalists is to determine where this intermediate
range is. Experiments with a series of tip radii could be used for that or, much preferred, a simple
analytical calculation. Getting to the point to understand what quantification is possible and helpful
requires the lengthy route described above. In contrast, the analytical description derived from it is
extraordinarily simple. Hence, we present only this analytical calculation in the manuscript and
recommend it as a starting point.
Contribution statement
Lukas Porz identified the need to find a quantitative relation between defect density, defect strength and tip
radius and pop-in statistics and developed the model presented above. Indentation data provided for the
verification of the model was provided by Xufei Fang and Kuan Ding. The understanding gained was boiled
down to the simplest expression and then used in the manuscript appended. There it helps quantifying the
discussion of testing methods ranging from bulk compression to nano indentation suggested by Xufei Fang
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with data provided from Atsutomo Nakamura. The manuscript was majorly written by Xufei Fang and Lukas
Porz.
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9. High temperature plasticity
9.1.

High-temperature plastic deformability of polycrystalline SrTiO3 oxide ceramic by dislocations
[31]

Please find the described publication fully printed in appendix 15.3 on page 191.
As discussed in detail in section 6 and carefully addressed in section 10,
dislocations are recently attracting research interest for their potential to tune
functional ceramics. However, sections 3, 4, and 8 give much insight into the
difficulty of introducing dislocations into polycrystals. The typical absence of
dislocations in as-sintered polycrystals and the difficulty of introducing them
are reasons why dislocations are often avoided as a research topic.
As dislocations are often assumed to be immobile in ceramics, it is tempting to
facilitate mobility by thermal activation, as sketched in Figure 80. While studies
from single-crystalline SrTiO3 showed thermally activated plastic deformation
by dislocations [28], deformation of polycrystalline SrTiO3 was instead
reported to occur via grain boundary sliding [112]. However, both the
<100>{100} set and the <110>{110} set of slip systems were shown to be
mobile above ≈1200 °C, which together form five independent slip systems at
elevated temperature and fulfill the Taylor criterion [64]. Then why was the
deformation reported by Singh et al. [112] not found to be dislocation-based?
Moreover, what needs to be considered to plastically deform SrTiO3 by
dislocations?

Figure 80: Sketch of high
temperature deformation
of ceramics.

The most important realization in this context is the necessity for the awareness of a whole range of
processes and mechanisms competing and/or cooperating. Only identifying the limiting process will
allow making a judgment of what degrees of deformation are attainable and what can be done to
accelerate or extend the deformation. Section 3 and 5, which are based on the understanding gained
here, present a perspective as well as a small overview of possible mechanisms.
To understand the deformation mechanisms in more detail, it is necessary to look into literature much
beyond SrTiO3 from a series of other perspectives:
Earlier attempts of deforming polycrystalline ceramics
In fact, the deformation of polycrystalline ceramics was studied in the 1960s to 80s [48]. However, some
pertinent work for interpreting these results is more recent than the deformation studies themselves and
are well summarized in book form by Messerschmidt [12]. For example, the kink-pair mechanism as a
fundamental limitation to dislocation velocity and synthesis purity as a key to avoid grain boundary
sliding might receive more attention today.
Deformation of Rocks – insight from geology
As the perovskite crystal structure also occurs to large extents in rocks and in the lower earth mantle, it
has been studied by geologists [215, 358]. Fortunately, the temperature regimes are, e.g., between 800
°C and 1500 °C, which is comparable to the temperatures of interest here [51, 55, 60, 62, 63, 132, 197,
218, 219]. Unfortunately, however, the experiments and perspectives chosen were geared towards
mimicking and understanding processes in the lower earth mantle, which deforms at low strain rates
and often superimposed hydrostatic pressure [198, 208, 219].
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Other crystal structures
Geological studies also include other crystal structures, such as garnets [217, 359]. Garnets, for example,
are again interesting for materials science and, hence, their deformation was also studied, in particular
for single crystals [212-216]. Rarely, polycrystals are considered, and often diffusion creep is found to
be dominant [211].
The example of cubic yttrium stabilized zirconia shows that even within a single crystal five or more
different mechanisms can be rate limiting which required more than 20 published papers to be
understood [12].
In summary, for most ceramics, especially for polycrystals, a complete understanding of the
deformability is still not developed. Many bits and pieces of a complete picture exist, often from studies
dating several decades back. These pieces of information may not necessarily be available for the specific
ceramic or stress/temperature range of interest, but often comparable materials are documented.
Nevertheless, it is difficult to judge from existing data in which parameter regime which mechanism
dominates.
In response, it is highly important to be able to judge the deformability of a ceramic of interest quickly.
To do so, the limiting mechanisms need to be identified. Therefore, an efficient approach to map strain
rate over stress and temperature is developed which allows extracting activation parameters. The
activation parameters can then be of key importance for the identification of the underlying mechanism.
Recording the strain rate was judged to be most meaningful during a steady-state deformation at a
specific temperature and specific stress. The experimental protocol is depicted and briefly described in
Figure 81. Several aspects need to be optimized.









5

Strain rate data can only be compared within a narrow strain regime as strain softening and
hardening can massively impact the outcome. Furthermore, failure mechanisms may set in after
a certain strain level5. This reliable test range needs to be tested first.
Strain rates need to be mapped over a large range of stresses to ascertain that the behavior is
only dominated by one mechanism but not a mix.
Multiple temperatures need to be tested at equal stress levels.
Strain rates may be both too high or too low for the machine dynamics and the reliability at the
limits needs to be well understood.
Sufficiently many datapoints (10-50) can be produced from one sample at several temperatures
when the deformation time is optimized so that the slope can be fitted well, but no large strains
occur. Deformation times for one step then vary between, e.g., 1 hour and 5 seconds.
Counterintuitively, using one sample for one data point does not necessarily increase the
reliability of the measurement as artifacts by some processes are reduced, but others amplified
instead.

These aspects were tested in detail in Bachelor theses by Sabrina Kahse and Johannes Puy supervised by Lukas Porz and, additionally, by
Michael Scherer in the latter case.
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Figure 81: Experimental protocol for recording strain rate maps for high-temperature deformation of ceramics. a) A specific engineering
stress is applied for a specific time while the displacement is measured in response. The displacement is then converted to strain. While
changing the load and for a short while afterwards, the strain rate (the slope of the strain versus time) changes while finding a constant
value after a brief period of time. This strain rate is then used. b) A series of different stresses is applied at a constant temperature to
record several data points in a row.

With the grain boundary sliding avoided by careful synthesis and strain rates chosen for appropriate
regimes, polycrystalline SrTiO3 can be deformed extensively. Repeated deformations of up to 28 % under
various conditions show an extraordinary tolerance for dislocation-based deformation, see Figure 82. No
noteworthy macroscopic cracking or microcracks in the microstructures were observed. The deformation
degree tested was not limited by the materials property but by the dynamic range of the strain recording
system (LVDT). To mitigate this problem a smaller sample height of only 4.14 mm was chosen to double
the relative dynamic range. While achieving high strain was often problematic in studies in the 1960s
and 70s [48], extensive deformation of properly synthesized SrTiO3 was shown to be no issue. The
tolerance for different deformation protocols was extraordinary. As it became clear that all desired
deformation protocols were unlikely to cause problems, they received no further attention. There is one
exception: The strain rate may not be too high.

Figure 82: Plastic deformation of polycrystalline SrTiO3. a) A series of loading, unloading, and holding steps were tested. 28 % true strain
was achieved where the dynamic range of the strain recoding system (LVDT) was exceeded and measurement was no longer possible. b)
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Photograph of the sample after deformation (original height 4.14 mm). Aside from the top and bottom part sticking to pressing pieces
causing fracture, the sample survived this extensive deformation without noteworthy cracking.

In response, the strain rate was investigated in detail with the experimental protocol elaborated in Figure
81. The results are presented in a strain rate map in Figure 83. At stresses above, e.g., 75 MPa, an inter
and extrapolatable behavior is found, which can be characterized by the activation parameters which
are activation volume and activation energy (discussed in more detail in the manuscript). Furthermore,
we compare the recorded strain rates at equal temperature for polycrystals and single crystals activating
either the <110>{110} or <100>{100} slip system. As expected, the polycrystals show an intermediate
strain rate between the two individual slip systems, again, described in more detail in the manuscript.

Figure 83: Strain rates for uniaxial deformation of polycrystalline SrTiO3 at different temperatures and stresses. a) For a polycrystal with
3.9 µm grain size at varying temperatures and b) comparison between single crystals and polycrystals at 1100 °C.

With ultra-high voltage electron microscopy, abundant dislocations with a density of 2*1012 m-2 were
shown to be introduced. Prof. Atsutomo Nakamura is particularly acknowledged as the images acquired
using the JEOL JEM-1000k RS at Nagoya university in BF-STEM mode with 1 MV acceleration voltage
are of outstanding quality. The high acceleration voltage allows observations of an extremely large field
of view and comparatively thick samples.

Figure 84: Ultra-high voltage electron microscope images of SrTiO3 polycrystals a) before and b) after deformation.

With the dislocation structures successfully fabricated as originally desired, these can be used for studies
on functional properties. As described in section 11.3 on page 130, Melanie Johanning already
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investigated the influence of the fabricated dislocation structure on thermal conductivity [360].
Impedance analysis of the polycrystals is not part of this thesis.
The average dislocation velocity in polycrystals at 1050 °C was found to be in the range of 1 nm/s. While
the <100>{100} slip system is substantially more mobile than the <110>{110}, the velocity is still
≈1 µm/s for compressive
low. In particular, the dislocation velocity can be determined to be
deformation of single crystals by rearranging equation ( 7 ) on page 42 considering a dislocation density
of =1*1012 m-2 [5, 360] and a strain rate of 2*10-4 s-1 [31].
=

( 28 )

Finally, the difference in the dislocation structure between dislocations introduced around a notch on
the <110>{110} slip system at room temperature and dislocations introduced at high temperatures on
the <100>{100} slip system depicted in Figure 85 can be explained. When the stress is applied for 60
s only for the <100>{100} slip system at 1150 °C, dislocations can move only approximately 60 µm
with a velocity of 1 µm/s. In contrast, the dislocation velocity of the <110>{110} slip system (below
the ductile-to-brittle-to-ductile transition) can be a noteworthy fraction of the speed of sound, e.g., more
than 1 mm/s. In this case, few mobile dislocations can move and multiply to form all the slip bands
observed. The dislocations of the <100>{100} slip system, however, can only move ≈60 µm in the
respective time frame. Nevertheless, a high number of introduced dislocations can be found more than
60 µm away from the notch. This means they must have been multiplied out of pre-existing dislocations
in the bulk of the crystal. In consequence, the arrangement of <100>{100} type dislocations at high
temperature hence is completely different and is governed by other mechanisms than the arrangement
of <110>{110} type dislocations at room temperature. This demonstrates the profound impact of the
variation of one parameter. Furthermore, it hints to the complexity of the dislocation arrangement as
there are many interrelated relevant mechanisms.
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Figure 85: Dislocation structure after uniaxial deformation of SrTiO3 with a notch visualized by buffered HF etching. a) Deformation in
[110] direction at 1050 °C activating the <100>{100} slip system and b) deformation in [100] direction at room temperature activating
the <110>{110} slip system.

Considering a pristine dislocation density of 5*109 m-2, natural dislocations are spaced 14 µm apart.
When starting to move and multiply, the dislocation density should increase continuously with short
local “slip bands” expanding and overlapping increasingly. This can, in fact, be observed when looking
at the areas far away from the notch and comparing them with areas closer to the notch, as demonstrated
in Figure 86 from a) to c). A way to double-check the observation would be to use a single crystal with
extremely low original dislocation density, e.g., grown by edge-defined film fed growth or top-seeded
solution growth. As the natural dislocation density for these can be below 1*107 m-2, which equates to a
spacing of > 300 µm between dislocations, this pattern should not form. Instead, dislocations should
only move and multiply from the notch or occasionally originate from very few places in the crystal.
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Figure 86: Detailed dislocation structure around a notch deformed at 1050 °C. a) Finely distributed dislocation arrangements in a
“hashtag” shape far away from the notch (monochromatic laser image). b) Densified dislocation pattern closer to the notch (colored
imaged) and c) highly densified dislocation arrangement close to the notch.

This example shows how strongly a dislocation structure depends on the different parameters such as
original dislocation density, velocity, and multiplication mechanisms. These parameters can
fundamentally change, e.g., by the growth method of the crystal, the temperature used, etc. In addition,
it is particularly intricate as the dominating (limiting) mechanisms for mobility change as well. For
example, at room temperature, a major contribution comes from obstacles (compare Figure 30 on page
46). This means a fresh, un-pinned dislocation is much more likely to move. At higher temperatures,
there is much less difference in the critical resolved shear stress necessary to move a “fresh” or “old”
dislocation. Consequently, at high temperatures, almost all pre-existing dislocations are expected to
move, while at room temperature, the vast majority of pre-existing dislocations will remain un-moved.
The majority of mobile dislocations will be freshly multiplied dislocations in that case.
While simple stress-strain curves were sufficient to demonstrate extensive deformability and allow a
rough gauge of required temperatures and attainable strain rates, core conclusions arise only from the
perspective and measurement strategy developed. We understand that processes limiting the strain rate
at low stresses are characterized by a high activation volume, which means they can be overcome by
applying slightly more load. However, at higher stresses, the strain rate is limited by the kink pair
mechanism, which can be accelerated only mildly by additional stress. In particular, the <110>{110}
slip system requires 6 eV for kink formation. Hence, dislocations can move comparably slow which limits
the overall strain rate. (Note here, that activation energy from experiments and models typically scatter
between pieces of literature. How large this scatter will be and what level of cross-comparability is
feasible will only be shown when more studies become available in the future). In other words, there is
a material and temperature-dependent maximum attainable strain rate. Furthermore, we understand
that highly pure synthesis can avoid the competing mechanism of grain boundary sliding, which leads
to premature failure. Interestingly, diffusion creep and fracture are not a problem in the stress and
temperature regime investigated.
Contribution statement
Wolfgang Rheinheimer supplied the samples used for this study, some of which were synthesized together
with Michael Scherer. Atsutomo Nakamura acquired the UHVEM images. Jürgen Rödel suggested working
on introducing dislocations by mechanical compression at high temperatures and supplied resources. Michael
Scherer and Marion Höfling assisted with data interpretation and experimental strategy. Michael Scherer
organized sample preparation and assisted with conducting a range of experiments as well as assisting with
the development of the theoretical understanding.
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This topic has been treated indirectly by Stephan Janocha, Nitan Kohli, and Pengrong Ren before the
understanding presented was finally the authors' achievement. This includes finding and understanding key
literature and developing and executing and appropriate experimental strategy.

9.2.

Can dislocations be introduced into lithium-ion conductive garnet type solid electrolytes by
high-temperature deformation? [39]

As this section has been independently developed and solid electrolytes are not reviewed in the literature
review, a brief review is given here. This endeavor was supported and encouraged by Prof. Jürgen Rödel but
developed without his contribution to give room to establish academic independence at early stage. The
freedom provided and the lab resources used are gratefully acknowledged here!
Note that the paper has not been submitted in any version to peer review by the day of the submission of the
thesis. Hence, in this case, no publication copy can be found in the appendix.
Li-ion batteries are considered as the current key technology towards a clean and efficient transportation
for the sustainable development of our society. In particular, solid-state lithium batteries (SSLB) using
Li metal anodes in combination with high-voltage cathodes entered the spotlight of battery research
[361, 362]. Nevertheless, there are a series of challenges still to be addressed. However, design
approaches do not include dislocations as tunable lattice defects for ceramic based solid electrolytes
because it is considered highly difficult to introduce dislocations in ceramics and detailed knowledge is
scarce.
Using lithium metal anodes in solid-state lithium batteries (SSLB) has the potential to double the
gravimetric energy density to up to 500 Wh/kg. This could come along with a significant increase in
safety compared to conventional Li-ion batteries. Examples of challenges to be solved are interdiffusion
and reaction between solid electrolyte and cathode [363-365], thermodynamic stability versus both
lithium and high voltage cathodes [366, 367], decomposition at interfaces during cycling [368-371],
problems with wetting and volume change [372, 373] need to be addressed. Dislocations have received
comparatively very little attention as design parameter to tune the performance of solid-state lithium
batteries.
Dislocations appear to allow current densities up to 100 mA/cm2 for lithium metal plating [25] while
avoiding lithium metal penetration [150, 374]. They were also shown to dramatically modify the local
lithium environment in high voltage layered oxide cathodes by perturbing the O-layer sequences [375]
and found to be mobile during charging in nano particles [24, 376]. Furthermore, relevant effects on
functional properties, such as conductivity, are discussed in section 10.1. However, despite all
documented potential, dislocations are hardly discussed in the context of solid-state batteries. To a large
extent, this is because of the difficulty to introduce dislocations into ceramics which is, more generally,
complicated by the complexity of the mechanical behavior of dislocations in ceramics. In consequence,
fundamental effort must be made to identify ways to introduce dislocations into materials relevant for
solid state batteries. Only then dislocations may become available as a design element for
electrochemists.
The formation of whisker-like lithium morphologies promoted by screw dislocations are suggested to
enable very high rates of several hundred mAcm-2 [25] (also shown for silver [377]) avoiding lithiummetal penetration compared to when dendrite-like lithium morphologies are formed. Hence, compact
whisker electrodes could be the potential key for high-rate-capable lithium-metal anodes. However, a
potential application will depend on whether whisker growth can be controlled by, e.g., dislocations.
The (geometric) complexity of dislocations and the multitude of influence parameters, however, makes
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the detailed understanding of their impact on functional properties tedious [5], even in well investigated
areas [1, 4].
In order to understand the impact of dislocations for ceramic battery materials, ways need to be found
to reliably introduce dislocations into polycrystalline ceramics. Plastic deformation as a method to
introduce dislocations is particularly suitable for benchmark analysis of functional properties as it allows
to keep all other influence parameters, such as temperature, history and stoichiometry exactly equal [5,
107, 360]. This simplifies electrochemical analysis later on as for most materials a full list of influence
factors for the effect of dislocations on e.g., conductivity is not yet available [2, 5]. Hence, artifacts
complicating understanding can be kept to a minimum. The following contribution is dedicated to
investigate the possibility to introduce dislocations by plastic deformation at high temperature into
polycrystalline LLZTO garnet solid electrolyte.
For perovskite oxide ceramics with the example of SrTiO3, the feasibility of introducing dislocations by
high temperature uniaxial deformation is studied in detail in section 9.1 while a literature review is
provided in section 5. Can this approach be transferred to other crystal structures, in particular to garnet
type LLZTO?
Due to their higher lithium-ion conductivity, LLZTO based garnets are the more promising material for
solid electrolytes than perovskite solid electrolytes. However, mechanical behavior is less studied for
garnets, in particular for the lithium ion conducting garnets. While studies with geological background
contain evidence for dislocation-based deformation in polycrystalline garnets [217], diffusion creep was
shown to prevail over dislocation-based deformation in polycrystalline Yttrium-Aluminum-Garnet [211].
The most active slip systems were reported to be the <111>{110} slip systems with Burgers vectors in
<111> directions on according {110} planes [213]. However, comparison between garnet Y3Al5O12
single crystals [212, 213] and Ca3Ga2Ge3O12 garnet single crystals [216] as well as other garnets [214,
215] reveals that the dislocation-based deformability of one garnet-type is only a limited indicator for
the deformability of another garnet-type. In consequence, the deformability of LLZTO will be analyzed
using both single and polycrystals.
Plasticity of garnet polycrystals was shown in compression tests at different temperatures and strain
rates demonstrating a deformability of beyond 10 %. Stress-strain curves were used because they allow
easy discern between elastic deformation at low stresses which is typically followed by a yield point and
plastic flow at higher stresses. At 1150 °C a sample was compressed with a strain rate of 10-4 s-1 to a
deformation of 1 % and was then allowed to relax when stopping the deformation. Repetition at a fourfold increased strain rate indicates a strong strain rate sensitivity as much more stress is required.
Repetition at the original strain rate demonstrates repeatability while a deformation at equal strain rate
but at lower temperature (1100 °C) again requires much more stress. This indicates a strong temperature
dependence of the deformability. Furthermore, elastic behavior and a yield point as typically observed
in metals are not identifiable. While deformability is clearly demonstrated, more detailed investigation
of the stress and temperature dependence is required for better understanding.
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Figure 87: Stress-strain curves of LLZTO. a) Deformed at 1150 °C. Multiple loading and deformations beyond 10 % are possible at low
stresses. Strain rate and temperature impact the deformation behavior significantly.

With an experimental protocol designed to identify the underlying mechanisms [31] (with mechanical
details elaborated elsewhere [12, 31, 48], see Figure 81 on page 111), the deformability of LLZTO single
crystals and polycrystals was evaluated. The strain rate data points are plotted in Figure 88 where the
strain rate is given for particular temperatures over the stress applied. With the data points from 980 °C
to 1040 °C, activation energy and the stress dependence (quantified by the activation volume) can be
determined.

Figure 88: Strain rate map for single crystalline and polycrystalline LLZTO.

In the range of 980 °C to 1040 °C polycrystalline LLZTO can be reliably deformed. At 1150 °C
deformation is still possible; however, chemical degradation causes severe problems. Single crystalline
LLZTO was observed to deform at much lower rates under comparable conditions.

Using equation ( 2 ) on page 18, Δ and were determined to be 1.96 eV and 1619, respectively, based
on the data points at 60 and 80 MPa in Figure 88 for the polycrystals. The dependence of strain rate on
the applied stress can be expressed in terms of activation volume, V( ), see ( 12 ) on page 45. It was
determined to be 1.38*10-28 m-3. The lattice constant of LLZTO is about 1.297 nm and the Burgers vector,
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is ½ <111> for the presumably most active slip system. The magnitude of the Burgers vector is |b½
3
<111>| = 1.123 nm. In consequence, the activation volume can also be expressed as 0.097 b .
The determined activation parameters allow us to replot and slightly extrapolate the data into a more
intuitive presentation depicted in Figure 89. By re-arranging equation ( 12 ) on page 45, iso-lines of
specific strain rate levels can be plotted in a diagram of stress and temperature using equation ( 29 )
=

”š 2 ln U¡ W
¡

¢

"

( 29 )

and using the above determined values = 1619, ”š = 1.96 eV, and V( ) = 0.138 nm3. In addition,
boundary conditions, such as the melting point, can be inserted.

Figure 89: Achievable strain rate determining the maximum possible deformation rate of polycrystalline LLZTO plotted as a function of
applied stress and temperature. Chemical degradation occurs increasingly fast at temperatures just below the melting point, indicated
in red shades. At too high stress, fracture can occur instead of deformation. At too low stress, however, deformation is slowed down by
other mechanisms. Consequently, a field of feasible processing parameters is defined and this graphic allows to identify the achievable
strain rate immediately.

With increasing temperature, increasing degradation was observed at the sample surface depicted in
Figure 90, which is indicated by red shading in Figure 89. Achievable strain rates are now immediately
apparent for any combination of stress and temperature.

119

Figure 90: Optical microscopy image of the white degradation layer on a LLZTO polycrystal deformed by 5 %.

Firstly, a FIB lamella was prepared from the degraded sample surface and shown to be partially degraded
into, presumably, polychlore La2Zr2O7 depicted in Figure 91. Secondary phases can be easily identified.

Figure 91: TEM image of lamella prepared with FIB from the degraded sample surface. Secondary phases are visible and high beam
stability as well as low surface amorphization can be noted. a) Imaged with annular dark field and b) imaged with bright field.

Figure 92 shows a FIB lamella prepared from the sample interior as a comparison, which does not show
this degradation. The typical grain dimensions visible from these images are ranging between
approximately 0.3 to 1.3 µm. Additionally, the bulk conductivity was confirmed not to change
noteworthily after removing the degraded layer by impedance spectroscopy (not shown).
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Figure 92: TEM image of lamella prepared with FIB from the sample interior (fracture surface). a) Imaged with annular dark field and b)
imaged with bright field right.

Defect structures are clearly seen in both the surface and the interior part of the sample. As depicted in
Figure 93, defects are clearly visible within the grains. However, the material imposes large challenges
on TEM-based characterization techniques. This renders a conclusive judgement on the type of these
defect structures difficult.

Figure 93: TEM images of the defect structure inside of the grains in the lamella prepared from the sample interior.

First, the air- and water-sensitive material requires the use of water-free solvents for all sample
preparation steps and the sample transfer from preparation to the TEM without exposure to ambient air.
Second, the material is very sensitive to the electron beam as it degrades quickly under electron beam
irradiation. This prohibits extensive characterization techniques such as high-resolution imaging in the
TEM which requires high doses. The same complications also make other techniques requiring high121

intensity electron beams difficult, as for example electron backscattering diffraction in SEM. Reaching
equal image quality as reported for air stable SrTiO3 polycrystals [31, 360], would require substantially
more effort. Strategies could be for example observation on a cryo-stage, the use of lower acceleration
voltages and low-dose techniques and a gentle sample preparation including a transfer without exposure
to ambient conditions [378].
While a clear demonstration of the pronounced deformation of polycrystalline LLZTO is provided, it is
far more challenging to succinctly determine the dominating deformation mechanism. In particular, we
observe degradation, while expecting dislocation motion and diffusion creep or possibly further
mechanism to be potentially relevant.
The activation energy determined from data in Figure 95 can be compared to the activation energies
reported for dislocation motion in other garnet single crystals. As the Burgers vectors are large in the
ionic lattice, thermal activation is required to mobilize dislocations. Fundamental propagation of
dislocations occurs by the formation of double-kinks on the dislocation line which then expand sideways
to advance the entire dislocation line by one Burgers vector [40, 54]. This kink-formation is required for
the motion of dislocations and, hence, substantial thermal activation can be required to make
dislocations mobile. While the activation energy is typically below 0.5 eV for metals, it can be 1-10 eV
in ceramics [28, 42, 180]. It was reported in the range between 3.5 and 7 eV for other garnet single
crystals at ≈1750 °C [212, 216]. Unfortunately, the activation energy for creep in polycrystals was also
reported to be 6 eV [211]. This makes it difficult to discern between diffusion-based and dislocationbased mechanisms just by the activation energy. Here, an activation enthalpy of 1.96 eV was observed
for LLZTO at ≈1000 °C which is significantly lower than observed for the other garnets.
Setting this activation energy into a context is attempted in the following: When simplifying the
complexity significantly, the kinetics of the diffusion of the slowest diffusing species is proportional to
the homologous temperature (fraction of temperature/melting point, / E ). Simultaneously, the
thermal activation of dislocation motion is determined by crystal structure and slip system and related
to absolute temperature, as evident for the activation energy of 3 eV vs. 6 eV for the <100>{100} and
<110>{110} slip system in SrTiO3 [28]. With these two simplifications, which are certain not be entirely
accurate but still very helpful, the following consideration can be made: The temperature required for
dislocation motion should be comparable amongst all garnets. Simultaneously the sintering temperature
(determined by the diffusion rate of the slowest diffusing species) scales with the melting point. With a
melting point of ≈1250 °C (the melting point is not well investigated, also because degradation occurs),
LLZTO should show much faster diffusion at 1000 °C than for example YAG with a melting point of 2000
°C [213, 379]. Likewise, 1000 °C were shown insufficient for dislocation motion in YAG [212, 213].
Hence, diffusion is suggested to prevail over dislocation motion.
While the activation volume is a useful parameter for identifying processes [12], it depends itself on
temperature [28]. However, the temperature dependence as well as the multitude of different
mechanisms is insufficiently studied for garnets which makes identification of processes difficult at this
point. The kink-pair mechanism, which was found to be rate limiting in perovskite SrTiO3 [31, 180], is
associated to an activation volume of typically 1 3 [12], which, however, increases with increasing
temperature [28]. Here, the activation volume was found to be only 0.1 3 which is rather low and may
be an indication for a process involving an even smaller number of atoms, i.e., diffusion.
A simple way to exclude a series of mechanisms, such as diffusion creep, is testing deformability on
single crystals [212, 213, 216], as, e.g., grain boundaries are absent. Single crystals grown by Steffen
Ganschow were cut into appropriate sample geometry. As a specific aspect ratio was required and
available crystal volume was limited, no low index direction could be chosen for the deformation.
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Instead, two cut directions varying were deformed in order to make sure to activate an easy glide plane
if there was one. A Laue image was taken of the final crystal, but no low index orientation could be
identified.
Single crystals are often produced with an extremely low dislocation density [49] while simultaneously
the dislocation velocity can be in the range of only nm/s [31, 46]. When dislocation-free crystal volumes
(often with the size of even 1 mm3) exist, it can take hours until the dislocation density has sufficiently
increased in order to accommodate higher strain rates. This can cause a severe delay time (even in the
range of hours) before yield occurs [13, 50]. In Figure 88, we also present strain rate data for single
crystals which shows significantly slower deformation in the single crystals. With grain boundaries as
dislocation sources at high temperatures, polycrystals can adjust their dislocation density much faster
than single crystals [31], reducing delay times, which could explain the higher strain rates for the
polycrystals. However, degradation of the single crystals sets in before a possible delay time for the yield
is overcome [50]. Hence, the experiments from compression of single crystal do not give evidence for a
high dislocation mobility. Simultaneously, this experiment can also not be considered as evidence against
dislocation-based deformation, as the combination of degradation and the yield time [50] prohibit final
judgement. Rather, it should be interpreted as indication that diffusion, degradation or other
mechanisms occur at comparable or faster rate than dislocation-based deformation.
While a grain size dependence of the deformation rate should be investigated, which was not feasible as
purchased hot-pressed polycrystals were used, also a controlled atmosphere should be considered which
also requires substantial experimental effort. (Polycrystals synthesized in Daniel Rettenwander’s group
were also tested but found to fail prematurely. Excluding potential impact of grain boundary impurities
as done for SrTiO3, which was only allowed by vast prior work by Wolfgang Rheinheimer, was out of
the scope for this project.) Furthermore, a very simple possibility should be considered: Maybe
dislocation motion cannot be sufficiently thermally activated below the melting point. This scenario was
generally considered in Figure 5 on page 16 for ceramics with a high Peierls barrier and low melting
point.
The presented results suggest that the introduction of dislocations into LLZTO by plastic deformation of
single and polycrystals is not sufficiently feasible for supplying dislocation structures for electrochemical
investigations in the battery context. Applying same considerations to perovskites, this approach may be
feasible for perovskite lithium-ion conductors. Other approaches need to be chosen for garnets which,
unfortunately, makes electrochemical analysis less straight forward.
Contribution statement
This study was designed and conceived by Lukas Porz. The deformation experiments were designed and
conducted by Lukas Porz. On some compression experiments Michael Scherer assisted and helped with
interpretation of the results. Impedance data was collected and Laue images were made by Lukas Porz. Single
and polycrystalline samples were organized/provided by Daniel Rettenwander and brought into final shape
by Lukas Porz. Lukas Porz, Michael Scherer, Daniel Rettenwander and Daniel Knez discussed the content in
detail. Lab resources were provided by Prof. Jürgen Rödel. All TEM images were made by Daniel Knez. Single
crystals were grown by Steffen Ganschow in the Leibnitz-Institut für Kristallzüchtung in Berlin.
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10. Conductivity
10.1. Conceptual framework for dislocation modified conductivity in oxide ceramics deconvoluting
mesoscopic structure, core, and space charge exemplified for SrTiO3 [5]
Please find the described publication fully printed in appendix 15.4 on page 211.
It is known from literature, that dislocations in SrTiO3 can impact the conductivity. Most notably, this
topic has been reviewed with a focus on conductive AFM studies [1], studied for bulk compression [4],
and for surface damage after polishing [22].
So far, however, no detailed understanding was presented about which feature of dislocations is
responsible for what aspect of the conductivity. Furthermore, the only study on conductivity after bulk
compression by Adepalli et al. [4] leaves a series of points for improvement in the mechanical
compression. In response, a robust protocol for mechanical deformation was developed first, which
allows to align dislocations. Then the attempt is made to suggest a conceptual framework to understand
and order all influence parameters.
Discussed in detail in section 8.1 following page 86, introducing a notch before uniaxial compression
allows to align dislocations. After the deformation at room temperature activating <110>{110} type
dislocations, four cubes can be cut from one crystal illustrated in Figure 94. This results in a cube which
allows measuring conductivity along, transverse to, and across the slip bands, as illustrated in Figure 95.

Figure 94: Preparation of cubes with aligned dislocations. After uniaxial deformation of a SrTiO3 single crystal in [100] direction with a
notch inserted, cubes with maximized oriented dislocation density can be cut out. The dislocation structure is visualized from all sides by
HF etching while the cubes are drawn in different colors.
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Figure 95: Cube with aligned dislocations as prepared from Figure 94 with possible measurement directions indicated.

However, conductivity with or without dislocations was found to be the same. This experiment was done
in parallel on cubes from uniaxially deformed at room temperature but without notch in an advanced
research lab supervised by Lukas Porz6. This allows higher dislocation densities on the cost of the
alignment achieved by the notch. However, again, no difference in conductivity caused by dislocations
was found. This experiment was later repeated for dislocations of <100>{100} type with, again, no
difference found.
With no difference in conductivity found after carefully deforming and nicely arranging dislocations, the
results so far showed an obvious contrast to the results reported by Adepalli et al. [4]. There, the crystals
were deformed at 1200 °C in [100] direction. This, however, renders the Schmid factor for the high
temperature mobile set <100>{100} slip system equal to zero, which means no dislocation can be
moved on this set of slip systems. Simultaneously, the temperature was chosen to be in a range where
the <110>{110} slip system is the least mobile. Consequently, it is highly difficult to explain what
dislocation structure was produced, particularly as no strain data was recorded during deformation.
Also, it needs to be noted that oxides' deformability is atmosphere dependent at high temperatures [68].
Additionally, deformation at elevated temperatures (and subsequent re-oxidation steps) is a temperature
treatment that may also have significant influence (see Error! Reference source not found. on page
Error! Bookmark not defined.).
The above-mentioned observations suggest that there are far more influence parameters than previously
expected. Consequently, the most important contribution to the field was deemed to understand the
complexity of influence parameters and develop a simple model that can assist others in structuring
discussions or identifying points to address. Instead of further attempting to find ways to maximize the
impact of dislocations on conductivity, this manuscript was dedicated to find a conceptual framework.
To first confirm our result of an absent influence of mechanically induced dislocations on the
conductivity at ambient atmosphere, microelectrodes were placed on slip bands in order to probe into
the maximum dislocation density as illustrated in Figure 96. Making (and characterizing) microelectrodes in desired shapes at deliberate locations was a capability not previously available in the
research group. While a clean room was accessible in the department, all customized experimental seps
starting from the CAD drawing for the mask used for lithography via appropriate sample preparation
including the notch approach needed to be developed. This required several months. Micro-electrodes,
however, delivered equal results where no impact on the conductivity could be found.

6

Impedance measurement of STO for different dislocation densities by Christian Bauer, completed in October 2017.
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Figure 96: Preparation of microelectrodes on locally high dislocation densities. a) Sketch of a compressed crystal with a notch including
slip planes of <110>{110} type dislocations in blue and an optical microscope image of the dislocations visualized by etching. b) Slip bands
resolved in higher resolution. c) Microelectrode on slip band. d) Selective etching which allows to see where the slip bands are and still
place microelectrodes on an unetched surface and e) microelectrode on <100>{100} type dislocations. Reprint form [5] with permission
from the American Chemical Society.

Mechanically introduced dislocations form a complex structure demanding a careful characterization.
This started the idea to investigate the dislocation structure using the novel synchrotron-based technique
of dark-field x-ray microscopy, which later turned out to be even more interesting from a mechanical
perspective described in section 8.1. Dark-field x-ray microscopy supplemented by ultra-high voltage
electron microscopy reveals dislocations to be finely structured, see Figure 97. They consist of a series
of elements, such as screw elements, edge elements, dipoles and others. For the <100>{100} type
dislocations, a strong tendency to form loops instead of long dislocations was found, which needs to be
considered as well.
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Figure 97: Analysis of the dislocation structure. a) Slip bands visualized by dark-field x-ray microscopy. b) and c) <110>{110} type
dislocation observed with ultra-high voltage electron microscopy. d) <100>{100} type dislocations observed with ultra-high voltage
electron microscopy. Reprint form [5] with permission from the American Chemical Society.

Just taking one of the simplest cases already reveals the complexity. If a dislocation went from one
surface to another entirely, but its path was just slightly off from being completely straight, both screw
and edge components need to exist (mixed segments are also possible). It could be simplified into an
edge path, and a screw path sketched in Figure 98. Now, for knowing an overall conductivity, both the
conductivity of the edge part and the screw part need to be understood.

Figure 98: Sketch of a dislocation illustrating that its path consists of several segments which all need to be considered.

Unfortunately, this is still not an appropriate level of detail for a proper description. As reviewed in detail
in section 6.4 following page 67, conductivity can be carried by many mechanisms, including a
compensating space charge zone, the electronic path at the core, pipe diffusion along the core and
enhanced diffusion in the surrounding of the core.
While the above separation in screw and edge path would be helpful for describing pipe diffusion (which
may be different along screw and edge), it is less helpful for a situation where space charges are the
dominating conductivity path. Even if the core charge was different for screw and edge segments, and
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in consequence, the space charge was different, small segments can easily overlap. For example, when
only edge dislocations form a space charge, the adjacent edge segments' space charges would overlap as
long as the screw segments are not much larger than the Debye length. Additionally, space charges from
different dislocations can overlap. This would allow forming a percolating conductive path (or network)
through an entire sample as long as space charges overlap sufficiently at many points. In consequence,
the distance between the dislocations and, hence, the mesoscopic structure becomes an important design
parameter. More precisely, not the average distance is important but the distribution of minimum
distances. As dislocations are one-dimensional defects in three-dimensional crystals, there is a quasiinfinite number of ways to arrange them spatially. This is a little-understood design parameter unique
to dislocations.
Aside from the effect of dislocations on the bulk conductivity, we also report a pronounced effect on the
barrier at interfaces. The effect of dislocations for Schottky contacts is demonstrated in preliminary
experiments (Figure 99). However, in a research stay in Prof. Marin Alexe’s group in Warwick, UK it was
shown that the ceramic sample preparation approach used was unsuitable as it did not avoid several
potential artifacts. Contaminations during the last polishing step (detected using XPS by Katarina Schuldt
in Prof. Andreas Klein’s group in Darmstadt) were identified as one of the uncertainties in
experimentation. Further investigation, is, however, out of the scope of this thesis.

Figure 99: Electrode resistance for different dislocation densities of <100>{100} type dislocations on Nb-doped SrTiO3 with sputtered
platinum micro-electrodes.

The key outcome of this research effort is the establishment of a conceptual framework depicted in Figure
100. We suggest individually discussing mesoscopic structure and arrangement of dislocations, core
structure, and space charge. For each category, many options are possible, and the interrelation of the
individual aspects will determine the final behavior. While deriving and discussing this perspective in
detail in the manuscript, I will describe it in simple words. The final behavior of dislocation-mediated
functionality is comparable to the taste of a sandwich. You get to pick a bread, a topping, and a sauce
while the taste is the interrelation of these. Accurate comparison is only possible when being aware of
the choices for the individual categories. Furthermore, treatments may impact more than one property:
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While grilling may add to the flavor of the cheese, it may spoil the effect of the salat. Hence, an accurate
sample history is important. In material science terms, this means accurate understanding will result
from clarifying all of the arrangements, core structure, and space charge. Once the key parameters are
understood for a particular system, follow-up studies may be significantly easier as a focus can be picked
from the start.

Figure 100: Schematic illustration of the different sets of influence parameters on dislocation-mediated conductivity. Mesoscopic
structure and arrangement, core structure and space charge are separated for each other to split discussion into smaller parts to simplify
it while retaining accuracy. For each category it will be important to be aware which possibility is currently looked at. After discussing the
three aspects individually, the interrelation can be looked at in order to understand the overall effect of the dislocations. Reprint form
[5] with permission from the American Chemical Society.

Contribution statement
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11. Contribution to other publications
11.1. Self-doping by mechanically induced dislocations in bulk TiO2 [107]
In this study, the control over the arrangement of dislocations is mastered and demonstrated to be a key
to inducing either acceptor or donor-like behavior. The mesoscopic dislocation structure was suggested
to be key design parameter in section 10.1 while it was unclear to which extent it can be controlled.
Choosing the deformation temperature (or post-annealing) to either allow or forbid recovery processes
is demonstrated to result in completely different mesoscopic dislocation structures. While deformation
at 1050 °C leads to arrays of dislocations which form a quasi-two-dimensional sheet with high
conductivity, deformation at 900 °C forms isolated dislocations where space charges cannot overlap.
This project was a partnering effort of Qaisar Khushi Muhammad and Lukas Porz where a key goal was
to introduce Mr. Muhammad to all relevant theory, lab resources and working practices while
immediately pursuing a publishable project. While most of the hours in the lab were spent by Qaisar
Khushi Muhammad, Lukas Porz gave introductions to most of the relevant equipment and lead the design
of the study. This includes for example material choice and procurement, development of experimental
procedures, hypothesis formation and discussion of intermediate results. We report very positive
experience with the scheme of one PhD candidate introducing the next. Extensive scientific discussion
will be presented in the PhD thesis of Qaisar Khushi Muhammad.

11.2. Mapping of individual dislocations with dark-field X-ray microscopy [120]
With dark-field x-ray microscopy taking a larger portion of the Ph.D., it was possible to contribute at
small scale to the development of the technique as well by supplying a sample with the desired wedged
geometry and dislocation structure [120].

11.3. Influence of dislocations on thermal conductivity of strontium titanate [360]
This type of publication is not typical before the completion of a Ph.D. After Prof. Rödel suggested
investigating the influence of dislocations on thermal conductivity with the research group of Jing-Feng
Li at Tsinghua University in China, I designed and coordinated this piece of research. In particular, we
were able to find Melanie Johanning as an outstanding Bachelor student7, to address the topic in a
combined stay in Darmstadt and a 7 week visit at Tsinghua University in China. After the completion of
the thesis and becoming our thermal conductivity expert, we were able to recruit her again as a student
assistant to refine data and investigate polycrystals as well and finally write the publication. Instead of
the supervisor writing the publication and the student co-authoring we attempted to have Melanie
Johanning write the publication herself with guidance from Lukas Porz so that both can train the more
advanced skills at respectively early stages.
We report that dislocation structures introduced by mechanical deformation have a too low density to
reduce thermal conductivity. A density of beyond 1014 m-2 is suggested to be necessary impacting thermal
conductivity.

11.4. High temperature creep-mediated functionality in polycrystalline barium titanate [113]
In this study we suggest that functional performance can be altered by high temperature compression.
While showing preliminary indications for the viability of this approach, we also report a series of
difficulties. The preliminary experiments to the manuscript “High-temperature plastic deformability of
7

Melanie Johanning, Bachelor Thesis: „Influence of dislocations on thermal conductivity of strontium titanate at high temperatures”
submitted on November 28, 2018, supervised by Lukas Porz.
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polycrystalline SrTiO3 oxide ceramic by dislocations” were conducted before and during the stay of
Pengrong Ren in Bachelor theses by Stephan Janocha and Nitan Kohli. This allowed me to assist with
the development of the experimental protocols for mechanical deformation used and discuss the results
carefully. Ultimately, the unsatisfactory explanation for mechanical behavior in this manuscript and the
supervised theses triggered my interest to pursue the study presented in 9.1 even though it was beyond
the assigned or expected work packages.

11.5. Large plastic deformability of bulk ferroelectric KNbO3 single crystals at room temperature
[380]
Experience with plastic deformation and further analysis techniques as well as detailed knowledge of
dislocations in perovskites allowed assisting in many discussions. Lead by Marion Höfling, this study
demonstrates how to attain large plastic deformations in KNbO3 single crystals at room temperature and
gives a perspective about the merits and potentials of a range of analysis techniques for both domains
and dislocations. Furthermore, dislocations were shown to impact domain size.
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12. Conclusions
In the course of this thesis, three key questions were identified and are addressed in different sections:
1. If dislocations are mobile at room temperature, can dislocations be used to tune plastic deformability
and fracture toughness?
Our data and considerations show, that for ceramics with dislocation mobility at room temperature,
there is a certain window where dislocations can enhance fracture toughness and reduce crack initiation.
A high dislocation density of e.g. >1014 m-2 allows a transition from nucleation controlled behavior to
motion controlled behavior. Nucleation requires stresses comparable to the theoretical stress which is
approximately 100 times higher than the stress needed to move a dislocation. If no dislocation is present
in the relevant volume, nucleation of a new dislocation typically is too difficult.
Simplified explanations why ceramics are brittle appear to cover only certain aspects each. High bond
strength (or more precisely crystal structure) hinders dislocation mobility at room temperature only in
certain ceramics. If nucleation of dislocations at crack tips does not occur in ceramics, mobile pre-existing
dislocations can still impact toughness if their density is sufficient. And lastly, enabling local plasticity
appears to be the more pressing problem over the insufficient number of slip systems to fulfill the Taylor
criterion.
Both at crack tips but also at grain boundaries, deformation needs to occur locally in a very small volume
which means that dislocations need to exist or nucleate in this volume. As nucleation is typically not a
feasible option, only a very high pre-existing density of dislocations can guarantee that there are enough
dislocations in any volume of interest. Dislocation nucleation from crack tips can provide new
dislocations in the relevant volume at the crack tip in metals, which is, however, not the case in ceramics
as nucleation of dislocations at crack tips typically does not take place. When nucleation is unlikely and
pre-existing dislocations are scarce, crack nucleation and propagation cannot be stopped or slowed down
by dislocations.
Unfortunately, conventional sintering or crystal growth renders dislocation densities far too low.
Surprisingly, the dislocation densities even within shear bands created by plastic deformation are also
too low to allow for local plasticity at the relevant length scale. This explains, why dislocation-based
toughness in ceramics has not been “accidentally” observed before.
Moreover, synthesis methods allowing a dislocation density beyond, e.g., 1014 m-2, need to be established
in order have a chance to produce dislocation-toughened ceramics. Establishing this for bulk polycrystals
will be the key challenge to be addressed.

2. Can dislocations be introduced into polycrystals by compression at high temperature?
The possibility to introduce a dislocation density in the order of 1012 m-2 into polycrystalline SrTiO3 by
uniaxial compression at ≈1100 °C was clearly demonstrated. Deformation beyond 25% was feasible with
various loading conditions. Merely, a too high strain rate was found to be problematic.
Sampling a large stress and strain-rate regime allowed to estimate the rate limitation of the deformation.
This strain rate strongly depends on temperature and only mildly increases with applied stress. In simple
words: Polycrystalline SrTiO3 can be massively deformed by dislocations at elevated temperatures, but
only slowly.
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Quantification of the deformability was found to be well described by a map of strain rates attained at
different temperatures and stresses applied. This allows to discern different regimes which are limited
by different mechanisms. For stresses above 100 MPa, an activation entalphy of 5.9 eV with an activation
volume of ≈1 b3 was observed which is surprisingly similar to the values observed for the <110>{110}
slip system in single crystals by Taeri et al. [28]
Even though a small activation volume is consistently observed, the strain rate at equal stress and
temperature conditions varies largely between samples. Grain size was also found to have an influence
but it is certainly not the only or the largest influence factor. In particular, a smaller grain size tends to
lead to lower strain rates which excludes diffusion as dominating mechanism. However, there is no
consistent trend of strain rate depending on grain size. This hints towards other influence parameters
with crucial roles. Some of which may not be know at this point while their identification will require
much more detail of the involved dislocation nucleation-, multiplication- and motion mechanisms.
It is highly difficult to pin down the deformation mechanisms and influence parameters experimentally.
Unfortunately, temperature ranges where dislocation mobility becomes thermally activated can overlap
with the temperature ranges where diffusion or dislocation climb are thermally activated. In
consequence, discrimination of the different mechanisms involved is a tedious task.
Discrimination is particularly tedious because the rate limiting mechanisms may be influenced by a series
of factors, such as temperature, appied stress, deformation degree, athomosphere, doping concentration,
temperature history, etc. Besides the high number of influence factors and mechanisms involved, their
interrelation is highly problematic. It is problematic because it excludes the possibility of having one
standard meassurment approach as measuring one parameter accurately requires keeping others
constant, which is not possible in all cases. In contrast, the strength of metals can be characterized by
tensile testing unsig a strain-rate controlled stress strain curve. Such a seemingly reliable approach is,
unfortunately, likely to become a large source of error when the mechanisms involed are unclear. In
consequence, finding the right perspective and an appropriate characterization approach will remain a
challenge that needs to be solved first.
At stresses beyond 100 MPa, the strain rate appears to be limited by dislocation mobility. This mobility
is likely to be similar among isostructural materials while other properties, such as diffusion coefficients
or yield strength may vary largely. In consequence, other perovskite polycrystals are anticipated to be
deformable by dislocations as well.
Whether cermic polycrystals of other crystal structure are deformable cannot be judged from looking at
perovskites only. The data presented on perovskite SrTiO3 merely gives an insight to which perspectives
may be suitable to find the answer to that question. In this thesis, deformation of polycrystalline lithium
ion conducting LLZO garnet was attempted and contrasted to single crystals. Polycrystals could be
deformed beyond 10 % while the underlying mechanisms remained unclear. Despite extensive analysis,
a final evidence for dislocation-based deformation of LLZO polycrystals could not be attained. The
unstable nature, which hindered detailed TEM investigation, was one of the key challenges. Lithium ionconducting LLZO may be one of the ceramic materials where sufficient dislocation mobility is only
thermally activated in temperature ranges where degradation is dominant already.

3. How do dislocations impact conductivity and what role does their arrangement play?
In order to understand the effect of the arrangement, dislocations have been arranged into a preferred
direction for both the <110>{110} slip system <100>{100} of Fe-doped SrTiO3. This allowed
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measurements along, across and tangential to the preferred direction of the dislocations. Most notably,
no effect of the dislocation structures attained by uniaxial deformation on the conducticity characterized
by temperature dependent impedance spectroscopy was observed. 18O tracer diffusion revealed an
equally absent influence on the ionic conducticity.
To reveal the entire dislocation structure on all length scales multiple imaging methods have been used.
Macroscopically, dislocations have been revealed by etching with buffered HF showing that dislocation
density is a localized property. On the mesoscale imaging with advanced dark-field x-ray microscopy
visualized the structure in a volume of ≈250x250x250 µm3. Ultra-high voltage electron microscopy
revealed the dislocation arrangement while HAADF-STEM was used to analyze the core structure and
arrangement at atomic resolution.
With the dislocation structure and p-type conductivity revealed, advanced considerations where enabled.
Most centrally, three convoluted influence factors where identified. Mesoscopic structure, core structure
and arrangement. While each of them needs to be understood separately, only their interplay will result
in the overall properties. All three components can be influenced by different treatments (e.g. annealing)
which increases the complexity further. Additionally, mechanical properties are also temperature
dependent. Consequently, the comparison of any two studies requires to take all of these factors into
account. This is a difficult task because not all aspects may be known and reported at a time and a list
of influence factors is not available. In response, a conceptual framework has been developed which
helps get an overview of the possible aspects and identify points to be further investigated.
One of the key insights from this conceptual framework was identifying the arrangement as a key design
parameter which is unique to dislocations as it does not exist e.g. for point defects. Its effect is
demonstrated in chapter 10 but more importantly it gives the direction for further publications. When
using rutile TiO2 single crystals, the space charge is conductive, while it is blocking in Fe-doped SrTiO3
at ambient athmosphere. Therefore, control of arrangement allows to tailor conductive pathways.
Demonstration of the opportunities arising was pursued in a joint effort reported in chapter 11.1.
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13. Outlook
It was possible to identify clear steps towards developing dislocation-toughened ceramics presented in
Figure 1 on page 11. The natural pre-requisite is sufficient dislocation mobility at room temperature
which is given for a surprisingly large number of ceramics but not for all. The first step and the largest
practical challenge will be to implement a suitable dislocation density into bulk polycrystals as
conventional sintering provides far too few dislocations. However, there are novel fabrication techniques
at our doorstep which provide much higher dislocation densities. Nano-indentation is suitable to test
whether local plasticity has been sufficiently allowed as demonstrated in chapter 8.2 and quantitatively
elaborated in chapter 8.2. In concequence, quick and simple testing is possible for the first step in
development.
Once a suitable dislocation density is attained and local plasticity experimentally confirmed, simple
Vickers indentation can reveal the tendency for cracking. If promising results are observed, more
advanced quantification techniques, such as crack-tip opening displacement or standardized fracture
toughness tests can be applied to verify a toughness enhancement.
The last step in development will be the implementation into polycrystals which poses a series of
scientific challenges. How is slip transmission across grain boundaries and the incompatibility of the slip
systems affected by the high dislocation density? How does a crack behave in a polycrystalline ceramic
with high dislocation density? Additionally, there are many open questions on the dislocation motion
and multiplication in ceramics at room temperature.
High temperature deformation of polycrystalline SrTiO3 was clearly demonstrated at temperatures
around 1100 °C. Plastic strain in excess of 25 % was attainable if competing effects, such as grain
boundary sliding, were excluded by careful synthesis and if the strain rate was not chosen too high. It is
expected that most perovskites will be deformable in comparable temperature ranges if the strain rate is
chosen appropriately low.
For other crystal structures it is possible that other mechanisms have a key role, such as strain hardening
in rutile. Furthermore, compatibility of slip systems and thermal activation of dislocation mobility can
largely vary between different ceramic materials. While for many ceramic materials a series of aspects is
investigated, other aspects are not covered so far. SrTiO3 is a prime example, while single crystals are
comparatively well-studied, reports on plasticity of polycrystals are scarce.
Different testing approaches and the opportunity to work on single and polycrystals of SrTiO3, BaTiO3,
LLZO, and TiO2 as well as YSZ single crystals have revealed that a whole series of mechanisms can occur
in high-temperature deformation of ceramics. Unfortunately, there is no standard measurement protocol
that is able to grasp all of them at the same time. Moreover, most measurement strategies assume one
or more effects to be negligible in order to provide accurate data on other effects.
The enormity of this complexity reveals itself when best practices in science become key fallacies: Using
a fresh sample for each measurement appears to be a way to ensure data accuracy. However, delay time
in yield can occur which will depend again on temperature, time, stress, etc. [50]. Therefore, using a
fresh sample may easily become the largest source of error. Using strain-rate controlled stress-strain
curves, as it is well-established for metals, may also reveal too little insight on the deformation behavior
as discussed in section 9.1.
In summary, there appears to be much more potential in high-temperature deformation of ceramic
polycrystals than anticipated, though, achievable strain rates may be low. Clarifying the deformation
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potential for various ceramics will be a tedious task because of the high number of possible mechanisms
involved. Progress in this field will depend on tailored measurement approaches and screening protocols.

The work on conductivity of dislocations revealed a conceptual framework as key contribution to the
field. As the interrelations and influence parameters on the conductivity are so numerous and complex,
the key difficulty will remain to identify the exact mechanisms and identifying the right parameters to
tune.
One of the key parameters identified and demonstrated is the mesoscopic structure. The arrangement of
dislocations can be done in infinitely more ways than for point defects. In its literal sense, there is a new
design dimension. Control over the arrangement can be tedious but also very powerful. Studies on single
crystalline TiO2 in collaboration with Qaisar Khushi Muhammad and Till Frömling reveal that
arrangement can give control over attaining acceptor- or donor like effect of dislocations. [107]
Furthermore, the behavior can be completely different for different length scales.
A further challenge ahead is introducing suitable dislocation structures into polycrystalline ceramics as
well as understanding their behavior.
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Abstract
Recent discoveries in the field of dislocation-tuned functionality have led to the achievement of enhanced
thermal and electrical properties in ceramics tailored by dislocation networks. However, still, the
occurrence of significant dislocation-based plasticity is not widely recognized yet in the field of ceramics,
as ceramics tend to be understood as brittle materials. We combine dislocation-based high temperature
deformation in single crystals and polycrystalline ceramics of the model perovskite SrTiO3. Mechanistic
considerations based on the activation entalphy and the activation volume for the salient hightemperature deformation processes, notably the kink-pair mechanism, allow predictions of maximum
achievable strain rates. These are tested as a function of temperature and applied stress above 1000 °C
between 5 and 300 MPa. Compressive plastic strains in excess of 25 % are enabled using a high-purity
processing to maintain clean grain boundaries without amorphous layers and to prevent grain boundary
sliding and cracking. Microstructures are characterized by high-voltage transmission electron
microscopy, which both enables observation of a large field of view for good statistics on dislocation
densities. We suggest that with appropriate processing and deformation parameters, ceramics can be
extensively deformed at high temperature offering new pathways for shaping and introducing
dislocations for tuning functional properties.
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Introduction
Super-plasticity allowed by nanometer sized grains [1], diffusional creep, grain boundary sliding and
fracture have been thoroughly studied in the field of plastic deformation of ceramics [2, 3]. In contrast,
the mechanistic understanding of dislocation-based plasticity of polycrystalline ceramics is less widely
spread. The understanding of deformation of polycrystalline ceramics by dislocation motion is not fully
developed even though substantial knowledge about dislocation behavior is available for single crystals
[4]. More generally, dislocations in polycrystalline ceramics are rarely discussed. This may be related to
the lack of dislocations after conventional processing and sintering of ceramics and the difficulty of
introducing them. Dislocation-based hot-forging of ceramics in similar fashion to metals has been
attempted to some degree several decades ago, however, with mixed results, which showed deformation
but often unsatisfactory strain rates or elongations. [5]. The rising interest in tuning properties of
functional ceramics with dislocations as a promising means to tune their performance [6-12] demands
new processing approaches.
At elevated temperatures, some ceramics become ductile and can be plastically deformed [5, 13-16] and,
hence, dislocations can be introduced [2, 3]. However, a detailed mechanistic or experimental
understanding with a succinct description of the limiting mechanism quantifying the interplay of
temperatures, strain rates, applied stresses, synthesis requirements and achievable maximum strains is
to date not available. Particularly high deformation degrees, e.g. larger than 10 %, were found to be a
challenge, but are needed for the application of dislocation-based plasticity as a shaping method,
particularly for industrial applications, where high strain rates are desirable. We note that each ceramic
and, more generally, each crystal structure behaves differently and focus on SrTiO3 with perovskite
structure here, while attempting to retain a perspective helpful to ceramics in general.
While a series of exceptions where dislocation motion is possible in single crystalline ceramics at room
temperature [17-19] (including SrTiO3) exists, most slip systems in ceramics are characterized by a high
Peierls barrier which dislocations need to overcome. Therefore, to initiate dislocation motion,
(substantial) thermal activation is often required. It is known that the kink-pair mechanism requires
substantial thermal activation if the Peierls barrier is high [4]. The kink-pair mechanism (also known as
Peierls mechanism) is essential for advancing a dislocation unit cell by unit cell by forming kink-pairs
and moving them sideways. The kink-pair mechanism in ceramics substantially limits the dislocation
velocity even at high temperatures [4].
Brunner suggested that the kink-pair mechanism also applies for the high-temperature deformation of
single crystalline SrTiO3 [20]. The activation enthalpy required for the <110>{110} slip system for
SrTiO3 was determined to be 6 eV (above 1200 °C) and 3 eV for the <100>{100} slip system [21].
These, in comparison to metals (<0.5 eV for fcc), extremely high activation energies can significantly
retard the fundamental propagation of dislocations. While in fcc metals, the kink-pair mechanism
operates so fast that dislocation velocities close to the velocity of sound are feasible, dislocation velocities
in ceramics even at 1000 °C, however, can be limited to rates of µms-1 or even nms-1 [4, 20]. Accordingly,
the kink-pair mechanism never limits the deformation rate in fcc metals above room temperature. In
contrast, in ceramics, it can be the rate limiting mechanism even beyond 1000 °C.
The particular difficulty of rationalizing the high-temperature deformability of ceramics lies in the
multitude of mechanisms that occur simultaneously which need to be separately understood [2-4]. Some
of them are competing and some are interacting, overall resulting in a challenging situation. On the one
hand there are non-dislocation-based mechanisms for deformation, e.g. grain boundary sliding, Coble
(grain boundary) and Nabarro-Herring (lattice) diffusional creep [22]. On the other hand, dislocation
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motion itself involves a multitude of important aspects which often require a whole series of studies for
succinct mechanistic insight [2-4, 22, 23].
Cubic ZrO2 is one example where the deformation is well-understood [4]. The following dislocation
related mechanisms have been identified as highly relevant. 1) A-thermal flow stress, 2) Interactions
between dislocations and point defects, 3) precipitation hardening, 4) the Peierls mechanism, 5) solute
segregation and drag effects, and 6) recovery-controlled deformation at high temperatures [4]. The
analysis is furthermore complicated by other factors. For example, a certain degree of deformation prior
to the measurement can both increase deformability [21] or decrease it [24] (e.g. by increasing or
decreasing the attendant dislocation density) where the response is material specific. Other parameters,
such as the oxygen partial pressure and other doping levels can severely impact deformation behavior
as well [25, 26]. Each of these mechanisms, and possibly others, can influence or limit the deformability.
For many ceramics, including perovskites, a complete overview of all relevant mechanisms for all strain
rate and temperature regimes is not yet available while many aspects are already covered [2, 27].
So far, mostly single crystals have been studied in the past due to the lower complexity. Polycrystals are
significantly more difficult to understand. The geometric complexity of polycrystals allows more
mechanisms to occur simultaneously such as different creep mechanisms or grain boundary sliding.
Additionally, the number of dislocation-related mechanisms is higher. For example, the interaction of
dislocations with grain boundaries and recrystallization can be decisive for the behavior. Furthermore,
five independent slip systems need to operate simultaneously (Taylor criterion [28]) to allow plastic
deformation of polycrystals. Creep of polycrystalline perovskites has been studied in considerable depth
in geology [26, 27, 29-34]. However, strain rates chosen in geological experiments (e.g. deformation
over days or years) tend to be much lower than desired for industry (e.g. within seconds).
In this study, we attempt to establish a fundamental understanding of the dislocation-based deformation
process with the aim to identify the stress and temperature dependent limitation of the strain rate. This
will allow evaluating the fundamental feasibility of industrial production processes more precisely and
with greater ease. To this end, we have chosen polycrystalline SrTiO3 as role model perovskite as prior
work suggests high achievable total deformation and strain rate. We note that SrTiO3 also features highly
interesting properties such as plasticity of single crystals [19, 35-38] at temperatures below the ductile
to brittle to ductile transition [39, 40] and the impact of dislocations on conductivity [41-43]. However,
for clarity, we focus on the high-temperature deformability only.
The cubic unit cell of SrTiO3 allows dislocation movement on the <100>{100} slip system with thermal
activation. The <110>{110} slip system is mobile at room temperature but becomes immobile at
approximately 700 °C and, again, increasingly mobile at e.g. above 1200°C (known as the ductile to
brittle to ductile transition) [20, 21]. We focus on the temperature regime of 1050 °C to 1150 °C as this
affords high-temperature shaping processes using superalloy tooling[44]. Our goal is first to present an
estimate of the theoretical and practical limits of dislocation-based plastic deformability of
polycrystalline SrTiO3. We begin by highlighting the fundamentals of plastic deformation in single crystal
SrTiO3 using two orientations and hence activating two set of slip systems separately and proceed to
polycrystalline SrTiO3. We investigate the attainable elongation and carefully characterize the strain rate
limiting process at high stresses. High-voltage transmission electron microscopy allows to highlight
deformation in assemblies of multiple grains with large fields of view and affords detailed descriptions
on the individual grain level.
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Experimental
Single crystals
Single crystals of 99.99% purity with 0.05 wt% Fe doping (minor doping level chosen to enhance
reproducibility of related electrical measurements [42]) were purchased from Alineason GmbH
(Frankfurt am Main, Germany). The single crystals were cut into a geometry of 2x2x4 mm3 with either
[100] or [110] aligned with the 4 mm long direction. The crystals were compressed in the long directions
while no cracking was observed during deformation.
Polycrystals
High-purity stoichiometric strontium titanate was synthesized by the mixed oxide/carbonate route based
on SrCO3 and TiO2 (purity of 99.95 % and 99.995 %, Sigma Aldrich Chemie GmbH, Taufkirchen,
Germany). The raw materials were attrition-milled, calcined at 975 °C for 6 h and milled in a planetary
ball mill. Green bodies were cold-isostatically pressed (400 MPa) and sintered at 1425 °C for 1 h in O2
atmosphere resulting in dense (>99.5 % rel. density) polycrystals with a mean grain size of 1.9±0.3
µm. More details can be found elsewhere [45-47]. To increase the grain size, samples were annealed for
15 h at 1350 °C in O2 atmosphere resulting in a mean grain size of 9.3±1.2 µm [45]. Note that samples
were sintered at the same conditions in different furnaces leading to slight deviation of grain sizes which
are each specified.
It was documented that this processing results in very high chemical and phase purity polycrystals [48].
Particularly, the grain boundaries were documented to be free of any amorphous layers or other
secondary phases [49-53]. High purity synthesis is a key pre-requisite for achieving desirable
deformability with particular attention to grain boundary sliding as recently noted in a creep study on
BaTiO3 [54]. Even from small impurity concentrations such as 0.1 %, secondary phases can form at the
grain boundaries which can lead to grain boundary sliding and sample failure.

Subsequently, the base areas of the cylindrical samples were ground parallel to a final height of
8 mm with top and bottom plane ground parallel with a tilt of less than 20 µm to assure even
load distribution. The diameter was lathed to 4 mm ±50 µm. As precaution to minimize residual
stresses, samples were annealed in air at 400 °C for 2 h before deformation.
Plastic deformation
For deformation, a load frame (Z010, Zwick GmbH & Co. KG, Ulm, Germany) equipped with centered
alumina rods for sample contacting, was used. Those were surrounded by a clamshell furnace (LK/ SHC
1500-85-150-1-V-Sonder, HTM Reetz GmbH, Berlin, Germany). The sample displacement was
quantified with a linear variable differential transducer (LVDT) system with a nominal accuracy of 10 nm
and final height reduction of the sample selectively confirmed ex-situ with a µm gauge. The maximum
strain measurable is 1 mm. To assure a uniaxial stress state, the sample was centered carefully.
Additionally, a hemispherical contact was placed on top of the sample to minimize tilting.
The chosen temperature range between 1050 °C and 1150 °C was determined by the operation limit for
superalloys [55] that could be used as forming tools for high-temperature shaping of polycrystalline
ceramics. In order to obtain a deformation map with some predictability for other stresses and strain
rates, a large spread of strain rates was aspired with applied compressive stress levels ranging from 5 to
300 MPa. As a result, strain levels down to below 1 x 10-6 s-1 (which approaches the instrumentation
limit) could be quantified and up to above 1 x 10-3 s-1 could be obtained. All tests were done with a
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heating rate of 5 K/min and a pre-load of 1.5 MPa. The temperature was equilibrated for 20 minutes
when reaching the experiment’s temperature. Cooling to room temperature was done with no load
applied several minutes after the deformation. Only compressive stresses were applied which are given
as absolute values throughout the manuscript.
Preliminary experimentation was conducted to assess the importance of loading history. To this end one
polycrystal of 9.3±1.2 µm grain size was deformed at 1150 °C with a strain rate of 10-5 s-1 to 1 %
followed by a deformation of 1 % at 10-4 s-1, again followed by a deformation of 1 % at 10-5 s-1. The two
stress-strain curves at = 10k? s k\ marked in red and blue in Figure 1 verify a negligible difference.
The same sample was then loaded and quickly unloaded to 50 to 70 MPa several times with hold times
between 2 s and 120 s. Afterwards, the load was held at 50 MPa engineering stress to 28% true strain,
as limited by the instrument’s range. After cooling, the sample was found intact and crack-free aside
from a few chips detached at the corners of the contact surface. Note that the true stress continuously
decreases due to geometry change while the applied engineering stress remains constant. Data points
from Figure 1 are also used in Figure 4.

Figure 1: Demonstration of extensive deformation of SrTiO3 polycrystals. A multitude of deformation conditions is tested with no visible
influence on the further deformability of the material. Strain rate-controlled experiments with a strain rate =1*10-4 s-1 are marked in
red and blue with an experiment with =1*10-3 s-1 in black in between. All other experiments were done under load control for various
times. The deformation was not limited by sample failure but by instrumental limitation.

The polycrystals in Figure 2 were deformed at constant strain rates of 10-5 s-1 at different temperatures.
The first deformation was started at 1150 °C. Afterwards, the load was reduced to 1.5 MPa during cooling
and equilibration to the next lower temperature and the deformation was continued on the same sample.
Two samples with a grain size of 9.3±1.2 µm and one with 1.9±0.3 µm were used.
To record strain rates, the load level was increased stepwise and in between held constant, as illustrated
for deformation at 1150 °C of a single crystal (Figure 2a) and a polycrystalline sample in Figure 2b. As
the strain rate range was to be maximized, the measurement time was selected carefully in the range of
only a few seconds to hours. The lowest obtainable strain rate was determined by noise level, feasible
loading time and necessity to obtain a steady-state deformation. Rapid geometrical change at high strain
rates, however, limits the time deformation range (and time span) over which data can be reasonably
collected and a compromise needed to be found in some cases. As illustrated in Figure 2a for a single
crystal loaded in [110] direction at 1150 °C, a strain rate in excess of 1*10-3 s-1 is thus achieved. At low
loads, one µm of displacement can require up to one hour. As the [110]-oriented crystals (deforming via
the <100>{110} slip system) in Figure 3 deformed so fast that a total deformation of 20 % was already
reached at just one temperature, each temperature was investigated with a separate sample. In contrast,
the data on polycrystals (Figure 5a) was collected on one sample for all temperatures.
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For each temperature, the stress levels were recorded with the same sample in a series from low to high
stresses. The data in Figure 2a was recorded on the same sample. The data for 1150 °C was recorded
twice in a row on the same sample to confirm that deformation history has no significant impact.

Figure 2: Strain versus time plots for deformation at 1150 °C. a) Excerpt of data for single crystal presented in Figure 3. The strain rate is
fitted from the slope of strain versus time in best approximation of linear behavior. b) Load for polycrystal is stepwise increased and kept
constant. For each stress level the strain rate is quantified from the linear part.

Electron microscopy
For Transmission Electron Microscopy (TEM), a sample of a SrTiO3 single crystal deformed by 2 % at
1050 °C along a <110> direction (hence activating the <100>{100} slip system) was cut in a 2° angle
to the slip plane and thinned by conventional polishing and ion milling. The acceleration voltage was
set to 1 MeV in BF-STEM imaging mode using the JEOL JEM-1000k RS at Nagoya University. This high
acceleration voltage allows observing relatively thick sample sections and large sample areas. Dislocation
density was evaluated by counting the number of dislocations and dividing it by the respective image
area. The varying dislocation geometry ranging from lines of several µm length to loops of less than 100
nm diameter and the different diffraction conditions in different grains makes applying definitions for
dislocation density difficult and hence a large uncertainty comes with the values.
In order to exclude detrimental effects of recovery while cooling down, the following set of control
experiments was conducted: In similar fashion as above, three polycrystals were prepared. One was
undeformed, the second was deformed and potential recovery allowed while recovery was excluded for
the third sample. Later on, no significant difference between the two differently deformed samples was
observed. To allow possible recovery, a sample was deformed to 10.2 % in several steps with 1150 °C as
maximum temperature and held at 1150 °C without load applied for two hours before cooling. In order
to exclude any possible recovery effect, a third sample was deformed at 1150 °C and rapidly cooled with
20 Kmin-1. The load was controlled such that at 900 °C the applied stress was equal to where it was at
1150 °C. An overall deformation of 4.2 % was achieved on this sample. At 900 °C, the load was removed,
and the cooling rate was set to 5 Kmin-1.
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Results and discussion
Plastic deformation and slip systems of SrTiO3 single crystals
The deformation of single-crystalline SrTiO3 can be divided into a low and high stress regime. At low
stresses, multiple mechanisms limit strain rate but can easily be overcome by increased stress. Above a
certain stress level, the strain rate is fundamentally limited by the dislocation velocity which is
determined by the kink-pair mechanism. Higher stress levels then only marginally augment the strain
rate.
Figure 3 displays the achievable strain rate for a wide range of stresses for single-crystalline SrTiO3. So
far, none of data sets from the literature [19-21, 26, 39, 56] are added as black symbols. The existing
studies only investigated limited ranges of stress and strain rate.
At 1100 °C, the <110>{110} slip system (open symbols) supports only a slow deformation with below
1*10-6 s-1 even at 350 MPa. Strain rates achieved by dislocation motion on the <100>{100} slip system
(filled symbols) at the same temperature are substantially higher and can surpass 1*10-3 s-1.
For the <100>{100} slip system, the increase of strain rate with increased stress manifests itself in two
regimes. At a certain stress, a kink in the ϵ̇ -σ curve is evident, which is an indication for a transition
between rate limiting mechanisms. At very low stresses tested here (e.g. below 25 MPa), strain rates are
below 10-6 s-1. Between 25 MPa and 75 MPa, the strain rate increases strongly with increasing stress.
Most importantly, whatever mechanism stands in the way of dislocation motion in this regime, it can be
substantially accelerated by small amounts of additional stress.
Above about 75 to 100 MPa any additional stress enhancement only slightly increases the strain rate.
These two slopes are indicated in Figure 3 by grey triangles. Though not recorded at the same
temperature and with the same procedure, the trend in data points from Wang et al. [26] at 1250 °C
and from Taeri et al.[21] at 1039°C are consistent with our recorded data. The behavior in this highstress regime is very pronounced and will be discussed in detail 3.1.1. When increasing the test
temperature for the <100>{100} slip system to 1150 °C, a clear increase in strain rate is observed.
Likewise, lowering the test temperature to 1050 °C decreases the strain rate.
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Figure 3: Strain rates of single crystal deformation under different compressive stresses and at different temperatures. Own data is
displayed with line and color while literature data is displayed as black symbols [21, 26]. Filled symbols are used for the <100>{100} slip
system and open symbols for the <110>{110} slip system. At low stresses a steep slope of strain rate vs. stress and a shallow slope at
higher stresses are indicated with grey triangles, respectively.

Strain rate at high stresses: The kink-pair mechanism
For the <100>{100} slip system there are only few scattered data above 75 MPa obtained at two
temperatures by Taeri et al. [20]. Similarly, some scattered data points at substantially higher
temperatures are available from Wang et al. for the <110>{110} slip system [26]. Brunner suggested
for high-temperature deformation of SrTiO3 single crystals that most likely the kink-pair mechanism is
the rate limiting mechanism [20] in this regime. It is particularly stress-insensitive and, as such, cannot
be easily accelerated by additional stress. A change in slope between 75 and 100 MPa can be clearly
observed in our values for deformation at 1050 °C, 1100 °C and 1150 °C, respectively, although data
points could only be acquired up to levels between 125 and 160 MPa due to extremely high strain rates
exceeding the dynamic limits of the machine (Figure 3).
According to the kink-pair mechanism, dislocations migrate piecewise instead of as a straight line. An
atomic-scale kink is formed in the dislocation line which advances the dislocation line locally by one unit
cell. This kink expands sideways until the entire dislocation line has advanced one unit cell. The faster
this process occurs the faster the dislocation can move. Both the formation and the migration of the kink
require thermal activation. Accordingly, the propagation can be approximated by an Arrhenius-type law
linking it to a macroscopic strain rate in Equation (1) [57]:

=

⋅ exp U

W

-® Y∗ "
B¯ ⋅b

(1)

A temperature independent base strain rate
is multiplied with a thermally activated term consisting
∗"
of the activation energy Δ
, the Boltzmann constant
and the temperature [4]. Among other
∗"
includes the dislocation density. The stress dependence of Δ
in Equation
physical quantities,
(1) allows taking into account the reduction of the activation energy by applied stress when including
the locally available shear stress ∗ and the activation volume of the process in regard. As the activation
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enthalpy Δ is best attainable experimentally and suited for the fitting of the strain rates, it is used in
the following, see Equation 2. More advanced descriptions are available elsewhere [4] which are,
however, too detailed for the purpose of this manuscript and hence not considered. These would for
example differentiate between kink formation and kink migration and give
a physical meaning as
well as taking into account entropic contribution and temperature dependence of the activation
parameters.

=

⋅ exp U

-°k±⋅Y∗
B¯ ⋅b

W

(2)

Typical values for the activation enthalpy ΔH (or activation energy Δ ) and the activation volume V can
be found in the literature, including other dislocation migration mechanisms [4]. For the kink-pair
mechanism in ceramics, the activation volume is typically in the order of a cube with length of the
Burgers vector, so b3. While the activation entalphy is often far below 1 eV for metals, it can be several
eV for ceramics.
The dependence of the dislocation velocity on the stress can be described in terms of an activation
volume which is often taken from strain rate sensitivity experiments. This has been investigated in detail
for SrTiO3 single crystals by Taeri et al. [21]. At 1500 K, the <100>{100} slip system has an activation
enthalpy of 2.8 eV and an activation volume of 50 b3. The <110>{110} slip system, however, has an
activation entalphy of 6 eV with an activation volume of only 1 b3 at 1500 K. Accordingly, the
<110>{110} slip system is considerable less mobile and the dislocation velocity is extremely stress insensitive.
The averaged dislocation velocity
in SrTiO3 can be estimated by re-arranging the Orowan equation
[4, 58] with the dislocation density of =1*1012 m-2 (retrieved by etch pit density measurement on a
single crystal deformed by 2% [42]), and b=a[100]=0.3905 nm [59] (unit cell length) for the
<100>{100} slip system (Equation (3)).

=E

¡

ƒ ∗²∗³

(3)

The strain rate =2*10-4 s-1 at 100 MPa and 1100 °C results in =0.5 µms-1. The dislocation velocity
has been studied in detail for other crystal structures. For example for high purity silicon crystals [60,
61] typical values observed are between 10 nms-1 and 10 µms-1 in the temperature range from 600 °C to
800 °C, which is comparable to our results. In contrast, in metals (or ceramics with dislocations mobile
at room temperature[62]) dislocations reach velocities close to the speed of sound.
With a compression test at 1100 °C in [100] direction, and hence activating only the <110>{110} slip
system (blue line), Figure 3 reveals that application of additional stress barely increases the strain rate,
which is in good agreement with the low activation volume for this slip system. When increasing
temperature, the data from Wang et al. [26] demonstrate that the strain rate can be strongly increased
with strain rates significantly exceeding 10-5 s-1, albeit then at 1500 °C for <110>{110}. Dislocation
velocity in ceramics, is often very limited even at very high temperatures [4, 20] and can be the
fundamental limitation for plastic deformability and its application.
Strain rate at low and moderate stresses
While Wang et al. observed strong dependence of the strain rate on stress at low stresses for the
<100>{100} slip system [26], Taeri et al. found only a slight increase in strain rate when increasing
stress at substantially higher stress levels [21]. However, it is difficult to connect the data because it was
recorded at different temperatures and with different methods. Our data was measured consistently (at
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one temperature each) over the entire σ and ϵ̇ range and allowing to confirm trends visible from
interpolating between data from Wang et al. and Taeri et al.. As discussed above, there is a notable
difference of the slopes of the range between 25 MPa and 75 MPa as compared to the range of 100 MPa
to 175 MPa.
At low and moderate stresses, obstacles (e.g. point defects, other dislocations, etc.) limit the velocity of
dislocations. Ensuing mechanisms also lead to a pronounced yield stress [21]. These mechanisms all
feature a large activation volume. This in turn means that a small increment of stress accelerates the
process strongly, as observed for low and moderate stresses up to 75 - 100 MPa in Figure 3. The strain
rate limiting mechanisms at low stresses are not the focus of this study as we are concerned with the
maximum achievable strain rates that are fundamentally limiting engineering applications.
Literature provides a series of studies on dislocation creep, wherein investigated stress levels have been
restricted to below 30 or 50 MPa [21, 26, 63] (solid black triangles in Figure 3). The focus then was laid
on specific strain rates with moderate stress increments. When high strain rates, e.g. 1*10-4 s-1, were
observed, stresses were not further increased. Consequently, no predictions about the strain rate limits
at higher stresses (>50 MPa) can be made from these studies. Nevertheless, these studies deliver
valuable data which supplement our results to span from 10 MPa to 175 MPa covering a strain rate range
of four orders of magnitude.
Plastic deformation of SrTiO3 polycrystals
For deformation of a polycrystal with 9.3±1.2 µm grain size at 1150 °C, the stress-strain curves indicate
that a change in strain rate from 10-5 s-1 to 10-4 s-1 does not require a significant stress increase (Figure
4a). Increasing the strain rate to 10-3 s-1, however, necessitates a strong increase in stress (light green
curve in Figure 4a). Accordingly, faster deformation is not feasible, and the stress-strain curves are highly
strain rate dependent. In consequence, only a stress-strain curve by itself without an analysis of strain
rate dependence does not capture the material’s behavior. Most experimental studies on hot-forging of
ceramics have been carried out at constant strain rate often set very high such as 10-3 s-1 [5].
Unfortunately, stress-strain curves have limited suitability for inter and extrapolating deformability of
the ceramics studied to other strain rates or temperatures. As a consequence, many crystal systems may
need to be re-investigated.
To predict polycrystalline behavior from single crystal deformation, all relevant slip systems need to be
considered as five independent slip systems need to be active (Taylor criterion) [64]. The set of
<100>{100} slip systems results in three independent slip systems while the <110>{110} set only
represents two independent slip systems [64]. If both operate, there are five and the Taylor criterion is
fulfilled. This then comes with the cost of low dislocation velocities of the <110>{110} slip system
which should limit the overall strain rate in polycrystals. The question arises, how our understanding
exemplified in Figure 3 for single crystal SrTiO3 can be transferred to the polycrystalline case.
In a later chapter, the limiting strain rate for the deformation of polycrystalline SrTiO3 will be analyzed.
In contrast to stress-strain curves, a specific stress will be applied and the strain rate in response will be
quantified. In order to estimate the impact of grain size on the deformation behavior, a second sample
is deformed with a five-fold smaller grain size of 1.9±0.3 µm (Figure 4b). In this study the deformation
is carried by dislocations only. In the microstructure, no evidence for non-dislocation-based deformation
mechanisms was found; therefore, we exclude them. The large amount of dislocations in the deformed
sample support this assumption.
Diffusion-based creep can lead to superplasticity at high-temperature in nano-crystalline ceramics [1].
However, for the conditions used in this study, the diffusion is much too slow. Considering the cationic
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diffusion coefficient of SrTiO3 (´ u ≈ 10k1\ 1 3«w k\ at 1150 °C [65]), a diffusion across 100 nm (i.e. in
order of the particle size) takes many days, and even if one argues that diffusion along the grain
boundary might be e.g. two orders of magnitude faster, still more than one day is needed. Hence,
diffusion is much too slow to explain the deformation rates observed in this study. Further, a reduced
strain rate at reduced grain size in Figure 4b speaks against diffusion-based creep. Similarly, dislocation
creep is not considered a viable mechanism as deformation occurred far above the yield strength (which
is observed to be below 5 MPa in Figure 4).
In Figure 1, we reported dislocation-based plasticity of polycrystalline SrTiO3 at 1150 °C by more than
25 % only limited by instrumental range rather than sample failure. At an engineering stress of 50 MPa,
a strain rate in the range of 2*10-4 s-1 was recorded, which does not considerably change over a range of
15 % deformation (see Figure 1). Consequently, we note that deformation is not changed by applying
multiple loading cycles, introducing relaxation times or waiting times in between loading experiments.
Accordingly, strain hardening and recovery are not important for the presented experiments and the
loading history does not come into play.

Figure 4: Stress-strain curves for polycrystalline SrTiO3. a) Stress-strain curves for a sample with 9.3±1.2 µm grain size recorded at 1150
°C to 1050 °C. As comparison, another sample of same sintering conditions was tested with strain rates ( ) of 10-4 s-1 and 10-3 s-1
featuring no difference at 104 s-1 but a significant increase in required stress at 10-3 s-1. b) Stress-strain curves for a sample with 1.9±0.3
µm grain size requiring significantly more stress at the same temperatures than the sample with 9.3±1.2 µm grain size.

Strain rate map for polycrystals
In order to understand the strain rate limits of deformability, the strain rate at stresses from 10 MPa to
300 MPa is presented in Figure 5a. It clearly increases with temperature from 1050 °C to 1150 °C.
Furthermore, as suggested by the single crystal data, both a constant, shallow slope at higher stresses is
observed as well as a strong increase of strain rate with stresses below 50 MPa. At higher stresses the
data points lie on a straight line (black dotted line in Figure 5a). As visible in Figure 5b, literature data
by Singh et al. fall into the low-stress regime [63].
In the high-stress regime, the trends in the data can again be described using activation enthalpy and
activation volume, according to Equation 2. The activation enthalpy is calculated for stress levels of 147
and 294 MPa according to Equation (2), yielding a result of 5.9 eV for both levels. The slope of the strain
rate versus stress can be fitted as activation volume when considering the strain rate dependence on
stress a /a at a specific temperature
including the Boltzmann constant
[4, 21] resulting in
-28
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respectively, and is only slightly larger than

our observations for single crystals (section 3.1.1). For the same temperature, Taeri et al. reported for
single crystals values of V<110>{110}=~1 bQ»\\ ¼{\\ } or smaller and V<100>{100}=~20 bQ»\ ¼{\ }

for the two different slip systems at 1150 °C. This small activation volume points towards the kink-pair
mechanism [4] as expected from the single-crystalline plasticity. Furthermore, the activation volume at
these temperatures fits much better to the <110>{110} slip system than to the <100>{100} slip
system, and the activation enthalpy of 5.9 eV is much closer to the 6 eV observed for the <110>{110}
slip system than to the 3 eV observed for the <100>{100} slip system [21].

In Figure 5b the strain rate data for the <100>{100} and the <110>{110} slip system are plotted
together with the strain rate data for the polycrystals, all at 1100 °C. As expected from the activation
volume and activation entalphy, the polycrystalline data falls in between the data from <110>{110}
type and <100>{100} type dislocations, but is much closer to the <110>{110}slip system. This
indicates that the rate limiting deformation mechanism is the kink-pair mechanism of the slowest slip
system that is part of the five independent slip systems.

Figure 5: Stress and temperature dependent strain rates of polycrystalline SrTiO3. a) Data from one polycrystalline sample with 3.9±0.5
µm grain size deformed consecutively at stress levels from 20 to 300 MPa at 1150 °C, 1100 °C and 1050 °C causing an accumulated strain
of 2.5%. Both activation volume and activation entalphy can be determined. The black dotted line serves as a guide for the eye for the
linear behavior. b) Comparison between samples of different grain size deformed at 1100 °C complemented by the data points from
single crystals. Furthermore, data points from a sample with 2±0.3 µm grain size demonstrate reproducibility of the results presented,
even if a detailed description of the influence of the grain size cannot be made based on the data. Literature data by Singh et al. is also
included [63].

Assuming that the mechanics of deformation does not change significantly, the knowledge of the
activation volume and activation enthalpy can be used to extrapolate the measured data and predict
strain rates in other temperature and stress regimes of interest for engineering applications such as
processing and shaping. For example, the observed strain rate at 147 MPa can be extrapolated to the
sintering temperature of 1425 °C [66]. With a pre-term from Equation 1 determined as 1.17*1016 s-1
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and an activation enthalpy of 5.9 eV, the maximum achievable strain rate at 1425 °C is then predicted
as 3.6*10-2 s-1.
The averaged dislocation velocity for polycrystals can be obtained from Equation 3 with the dislocation
density of 2*1012 m-2 and a Burgers vector of b=‘D[100]1 2 D[100]1 = √2*0.39 nm for the <110>{110}
slip system. The average dislocation velocity at 1000 °C, 1100 °C and 1150 °C at 147 MPa are then 0.6
nms-1, 4.7 nms-1, and 25 nms-1, respectively. Similarly, the average dislocation velocity at the sintering
temperature of 1425 °C can be predicted to be 100 µms-1.

TEM analysis
In order to highlight the effect of high-temperature plastic deformation on the microstructure we first
contrast low magnification images from pristine to deformed SrTiO3 (Figure 6a, b). The dislocation
density after sintering is observed to be close to zero (~5*109 m-2). Three dislocations were found in
the observed 133 grains (Figure 6a). After a total deformation of 10.2 % at 1150 °C, the dislocation
density increased by three orders of magnitude to 2*1012 m-2. Dislocations could be observed in the
majority of grains presented in Figure 6b. It is suggested that local plastic deformation due to dislocation
plasticity is highly heterogeneous due to the stochastic orientation distribution of individual grains. No
indications for other mechanisms such as grain boundary sliding [2, 67] (or grain boundary cracking or
cavitation formation) were found due to the particularly careful high-purity synthesis [50-53].

Figure 6: Ultra high voltage TEM images of grain ensembles in SrTiO3 before and after deformation. a) After sintering at 1425 °C for 1
hour in O2 and annealing at 1350 °C for 15 hours, the ceramic is found practically dislocation free. b) After deformation to 10.2% at
1050 °C to 1150 °C (see Figure 5) the sample was held at 1150 °C for two hours. An abundance of dislocations can be observed.

In contrast to cubic zirconia [4], dislocation motion in SrTiO3 is much less understood. Moreover,
dislocation motion in ceramics has only been addressed in detail in single crystals but less so in
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polycrystals. Complete understanding of the multitude of dislocation related mechanisms at play during
plastic deformation of ceramics will require significant effort and massive support by TEM. Hence, as a
starting point for this endeavor, we highlight several features on the individual grain level in higher
magnification, which were frequently observed and hence be included when developing comprehensive
models. All of the following prominent observed features were noted repeatedly:
o

o

o

o

o
o
o
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Since most dislocations lose their contrast by a diffraction vector as can be seen in Fig.
9b, the deformation-based dislocations have the same Burgers vector. This indicates that
just one slip system is activated. Additionally, pertinent line vectors of dislocations in
single crystals (Figure 9a and 9b) of the <100>{100} slip system are found mostly as
edge type.
Strong loop formation can be observed in single crystals where dislocation loops extend
both over micrometer distances as well as in form of “coffee beans” (very small loops)
[68, 69] (Figure 9a).
Dislocation sources within grains (Figure 9c) suggest that a noteworthy amount of
dislocations does not originate from the grain boundary but is generated inside of the
grains.
Large heterogeneity in plastic deformation strain necessitates high concentration of
dislocations close to grain boundaries where stresses are enhanced in polycrystalline
structures (Figure 9d).
Straight dislocation lines (figure 9d) and changes of dislocation line vector are noted
repeatedly.
The presence of <110>{110} type dislocations at 1150 °C is reflected in angles between
the shear bands arranged in a triangle (Figure 9e).
A relevant part of the dislocations in the complex network formed in the polycrystal
appears to consist of pairs of dislocation with 10-20 nm spacing (Figure 9f).

¿ ] diffraction
<100>{100} slip system in a single crystal deformed by 2% at 1050 °C in [110] orientation imaged with [100] zone axis and [001

Figure 7: Dislocation features in SrTiO3 recorded in BF-STEM mode except f, which is recorded in BF-TEM mode. a) Dislocations of the

¿ 0] diffraction vector, presented in b). In c) a spiral type dislocation source appears to be
vector. The same area is imaged with a [01
located within the grain. In d) dislocations can be seen concentrated at a grain boundary. Please not that c) and d) stem from the sample
cooled under load while the sample for e) and f) was held without load for two hours at 1150 °C before cooling. Systematic differences
between these two samples could not be observed. e) Slip bands in particular respective orientations which connects them to <110>{110}
type dislocations. f) High resolution image of the sample presented in Figure 7a indicates narrow spacing of dislocation pairs of 10-20
nm.
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Conclusion
Extensive dislocation-based plastic deformation has been demonstrated in ceramic polycrystals using
SrTiO3 as model ceramic. However, the maximum achievable strain rate depends strongly on
temperature and only mildly on applied stress.
SrTiO3 synthesized with highly clean grain boundaries [48-53] can be deformed by more than 25%
resulting in dislocation densities in the order of 1012 m-2 with deformation below strain rates such as
1*10-4 s-1 at 1150 °C. The strain rate appears to be limited by dislocation velocity which itself is limited
by the thermally activated kink-pair mechanism (also called Peierls mechanism). Stresses above 50 MPa
are suggested to overcome other rate limiting mechanisms. Increasing the stress further, however, only
increases the strain rate marginally. In contrast, increasing temperature can strongly enhance the
achievable strain rate.
Deformation appears to be limited by the thermal activation of the slower <110>{110} slip system as
an activation enthalpy of 5.9 eV and an activation volume of 0.91 b3 is found, which is very similar to
the values determined from single crystals [20, 21]. We provide succinct correlation between single- and
polycrystalline high-temperature plastic deformation which can also shed light on the dislocation-based
deformation behavior of other ceramics.
Separating the different deformation mechanisms can be difficult because a multitude of them can occur
in a narrow temperature and stress range. Furthermore, non-dislocation based mechanisms, such as
diffusion creep or grain boundary sliding can potentially occur simultaneously. The knowledge of e.g.
the activation enthalpy and activation volume helps identifying the dominating deformation mechanism
and then allows inter- and extrapolating the strain rate to other stresses and temperatures. Hence, it can
be used to preliminarily assess the fundamental feasibility in parameter ranges that have not yet been
tested.
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15.5. Matlab code for calculation of Schmid factors depending on the orientation
function y = drot( Vd0,Vp0,x,y,z )
Vd0 and Vp0
global Vd; global Vp;

% glide direction, glide plane, rotation x, rotation y, number of glide systems in the matrixes

% Schmidfactor calculation
global Vs; % stress
global t_eff; Vs=[0;0;1];
global res;
for p=1:y;
% p is the integer counting the current angle, it is between 0 and the input value x
for m=1:z;
% z is the number of glide system that way put in in the vector
xx=0/180*pi;
% rotating around x or y or both?
yy=p/180*pi;
% either insert p or 0 depending around which axix you want to rotalte
R_x=[1,0,0;0,cos(xx),sin(xx);0,-sin(xx),cos(xx)]; %defining the rotation matrix
R_y=[cos(yy),0,-sin(yy);0,1,0;sin(yy),0,cos(yy)];
Vd(:,m)=R_y*(R_x*Vd0(:,m));
%rotating the vectors
Vp(:,m)=R_y*(R_x*Vp0(:,m));
yn=((Vd(:,m)'*Vs)/(norm(Vd(:,m))*norm(Vs)))*((Vp(:,m)'*Vs)/(norm(Vp(:,m))*norm(Vs))); % calculating the effective
Schmid factor
y=abs(yn);
res(p,m)=y;
% putting the resutlts in a matrix
res(p,m+1)=p;
end
end
xlswrite('rotation_y.xlsx',Vp0);
xlswrite('rotation_y.xlsx',Vd0,'A5:F7');
xlswrite('rotation_y.xlsx',res,'A9:G100');
end

15.6. Matlab code for a simplified calculation of pop-in statistics
%% INPUTS HERE#
Rtip=7.5; atip=Rtip*0.1122; rho1=0; s1=0.01; rho2=0.001; s2=0.01; Nstat=1000;
% internal settings
Dhomo=0; D1=0;D2=0; sigma=0;
for istat=drange(1:Nstat)
% STEP 1: creating geometrical scenarios
nc=100; r1a=2; r2a=2;
for i1=drange(1:nc)
r1t=((rand-0.5)^2+(rand-0.5)^2+(rand-0.5)^2)^(1/3); r2t=((rand-0.5)^2+(rand-0.5)^2+(rand-0.5)^2)^(1/3);
%this generates random defect locations
if r1t<r1a; r1a=r1t; end; if r2t<r2a; r2a=r2t; end;
end;
%this selects the defect closest to the tip
r1=r1a*(1/(rho1/nc))^(1/3); r2=r2a*(1/(rho2/nc))^(1/3); %this scales the length according to the defect density
% STEP 2: applying mechanical equation (replace with equations of choice)
sr1=(atip/(r1))^2;c1=sr1/s1; sr2=(atip/(r2))^2;c2=sr2/s2; %this calculates the local stress
% STEP 3+4: selecting most critical defect and record the result
switch max([1,c1,c2]); case {c1}; sigma(istat,1)=1/c1; D1=D1+1; case {c2}; sigma(istat,1)=1/c2; D2=D2+1; otherwise;
sigma(istat,1)=1; Dhomo=Dhomo+1; end; sigma(istat,2)=istat;
end;
sigma=sort(sigma);
% Plot results and export as CSV.txt
csvwrite('CSV.txt',sigma); plot(sigma(:,1),sigma(:,2)); %export of .txt file
fprintf('Dhomo = %.4f \nD1 = %.4f\nD2 = %.4f \n',Dhomo,D1,D2); %%
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