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Abstract 

 

Many crystalline materials exhibit an indentation size effect (ISE), i.e., an intrinsic 

increase in hardness with decreasing indentation depths during indentation with geometrically 

self-similar indenters such as pyramids and cone. During indentation testing, the material 

underneath the indenter is heavily deformed, introducing strain gradients in the materials, 

causing high local dislocation densities. For better understanding the small-scale mechanical 

properties, in the present work, the 3D dislocation structure evolution around and underneath 

the spherical and Berkovich indentations have been resolved for the first time in (001) oriented 

strontium titanate (STO) single crystal at room temperature via a Sequential Polishing and 

Etching Technique (SPET). The Scanning Electron Microscopy (SEM) and Electron Back 

Scatter Diffraction (EBSD) were used to analyze the dislocation microstructures at various 

depths below the surface.  

The indentation data combined with dislocation etch-pit technique revealed that the 

incipient plasticity (manifested as sudden indenter displacement burst) was strongly influenced 

by pre-existing dislocations. Etching revealed a well-defined asterisk-shaped etch-pit 

symmetry around the residual impressions, aligned along the <100> and <110> directions, 

which evolved step-by-step by increasing indentation load. SPET obtained cross-sections 

confirmed the presence of a high dislocation density region below the indentations. At larger 

polishing depths, a dislocation free region surrounded by box-shaped dislocation etch-pits 

pattern was observed. From dislocation etch-pits shape and tracking of dislocation etch-pit pile-

ups, it was found that the slip along {110} planes is more favorable underneath the indentations.  

The dislocation etch-pits were digitized for calculating the dislocation densities at 

multiple depths with subsequent high-resolution electron backscatter diffraction (HR–EBSD) 

measurements at each polishing depth. The dislocation density quantified from etch-pit 

analysis includes both Statistically Stored Dislocations (SSDs) and (Geometrically Necessary 

Dislocations) GNDs, whereas HR-EBSD provides only the minimum GND density necessary 

to generate the measured orientation distribution. Both HR-EBSD and etch pit analysis show 
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for each normalized radius a higher dislocation density at smaller loads. This result 

qualitatively validates the assumption in the Nix-Gao model that lower indentation depths 

result in higher GND densities.

Furthermore, elevated temperature (350 °C) Berkovich nanoindentation experiments 

were performed on (001) oriented STO to analyze the influence of temperature on the ISE and 

the dislocation structure around the residual impression. It was found that STO exhibits an ISE, 

which was strongly reduced at 350 °C compared to 25 °C. At 25 °C, dislocation pile-ups were 

found shorter as compared to 350 °C. This also correlates with the smaller size effects at           

350 °C. Peach-Koehler forces and the elastic-plastic indentation stress field were used to model 

the influence of the lattice frictional stress on the dislocation pile-ups. Based on an equilibrium 

position of the outermost dislocations, an average lattice frictional stresses were calculated to 

be 89 MPa and 46 MPa at 25 °C and 350 °C, respectively. 
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Chapter 1 Introduction 

 

Strontium titanate (SrTiO3), henceforth referred to as STO, is an optically transparent 

perovskite oxide ceramic material, which has been studied for decades because of its 

remarkable properties, like high dielectric constant, high chemical and thermal stability [1-2]. 

These noteworthy properties make STO a prime candidate for different technological 

applications include the following: as a substrate for wide range of materials including high- 

temperature superconductors [3], dielectric materials in capacitors, for producing different 

microelectronic hetero-structures [1], as anodes in fuel cells [4]. Recently, it has been 

demonstrated that dislocations can have a strong effect on the electrical properties of ceramic 

materials [5-6]. Inducing dislocations by plastic deformation can potentially provide a strategy 

to modify the charge carrier transport and / or ionic surface exchange kinetics in solid oxides 

[7-8]. In the case of STO, which is a prototypical perovskite oxide ceramic [9], the transport of 

oxygen along dislocations is a current center of attention [10-11] due to its potential 

implementation as resistive switching memory [12-13]. The dislocations are believed to act as 

nanoscale filamentary paths for transport of oxygen ions, more rapidly than the regular STO 

lattice [13-15]. Exploiting such effects in technological applications, thus requires a sound 

understanding of dislocation behavior at all length scales.  

The mechanical behavior of STO has been studied extensively using uniaxial 

compression testing techniques for a wide range of temperature regimes due to its exceptional 

stable cubic symmetry above 105.5 K [16-18]. In contrast to other ceramics, single crystal STO 

can be plastically deformed under ambient condition up to a maximum plastic strain of 9% and 

shows an unusual ductile-to-brittle-to-ductile (DBDT) transition, irrespective of compression 

axis orientation [18-20]. This DBDT transition is divided into three regimes (A, B and C) 

corresponding to the temperature range of ~113 – 1053 K, ~1053 – 1503 K and                       

~1503 – 1873 K [21]. Taeri et al. [22] reported that for the <100> compression axes, slip occurs 

along 〈110〉 110  system at low and high temperatures. However, for compression axis other 

than <100>, slip occurs along 〈110〉 110 	system at low temperatures, whereas, at high 

temperatures 〈100〉 110 	system dominates. Recently, Patterson et al. [23] reported the 

temperature dependence of dislocation density in (001) STO single crystal during uniaxial 

compression testing using ex-situ X-ray diffraction rocking curve technique. 
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In contrast to these comprehensive bulk single crystal plasticity behaviors of STO, 

studied via uniaxial compression testing, little is known about the small-scale behavior in this 

perovskite material. Matsunaga et al. [24] conducted Vickers micro-indentations using         

~500 mN in (001) STO single crystal at room temperature and identified <110>{110} slip 

system. Later on, Yang et al. [25] performed Vickers micro-indentations on STO (001) single 

crystal and reported a secondary slip system, 〈110〉 001 	in addition to the primary 〈110〉 110  system, which is typically active during uniaxial compression testing. Recently, 

Kondo et al. [26] reported only 〈110〉 110  type slip system during in-situ Transmission 

Electron Microscopy (TEM) nanoindentation experiments in (001) STO single crystal. Such 

discrepancies show that our knowledge of dislocation structure evolution at small scales and 

details of dislocation based nanoplasticity in this perovskite material is still very limited. Since 

STO is considered as a model system to study extended defect structures in perovskite oxide 

materials and their effect on the ionic and electronic transport properties, a comprehensive 

analysis of dislocation structure at the local-scale is necessary. Such analyses are potentially 

interesting for tailoring the local ionic conductivity and to study the phenomenon like 

indentation size effect (ISE), which is more pronounced at the local-scale and still missing in 

the literature. 

Nanoindentation in conjunction with advanced characterization techniques like 

Scanning Electron Microcopy (SEM) based techniques including Electron Back Scattered 

Diffraction (EBSD) and Electron Channeling Contrast Imaging (ECCI), Atomic Force 

Microscopy (AFM) and TEM, emerged as powerful tools to study the small-scale deformation 

mechanisms in a variety of materials. For example, Durst et al. [27] quantified the dislocation 

etch-pits for different indentation loads using AFM and studied the ISE behavior in the CaF2 

single crystal. Bahr et al. [28] applied chemical etching technique on Tungsten single crystal 

to examine the onset of plasticity during nanoindentation as a function of pre-existing 

dislocation densities by using Vickers indentation. Tromas et al. [29] used a similar etching 

technique along with AFM to study the dislocation structure and the effect of pre-existing 

dislocations on incipient plasticity in (001) MgO single crystal. ECCI also proves to be an ideal 

nondestructive technique for revealing and quantification of dislocation structure in bulk and 

at the local-scale. Kamaladasa et al. [30] implemented the ECCI to analyze the extended defects 

such as dislocation loops and sub-surface dislocations parallel to the surface in bulk (001) 

oriented STO. Kumar et al. [31] used ECCI to analyze the dislocation structure in Wurtzite 
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materials. Recently, Zhang et al. [32] used ECCI to study the dislocation patterns around nano-

indents and quantified the dislocation densities in TWIP steel. 

Over the last two decades, indentation along with EBSD have been conducted to study 

the local deformation mechanisms including indentation size effect [33-34]. The model 

presented by Nix and Gao [35], which is built on the concept of Geometrically Necessary 

Dislocations (GNDs) has been widely used in the literature to understand the ISE behavior. 

However, the physical significance of the Nix-Gao model is still under debate [36] and 

validation further requires direct experimental evidence based on dislocation structures at 

various length scales. The conventional EBSD techniques used the Nye’s framework based on 

the Hough transform analysis to determine the GND densities. Demir et al. [34] used 

Conventional EBSD Hough based analysis to measure the GND densities and investigate the 

ISE using 1 µm spherical indenter tip. They reported that the GND density does not increase 

with decreasing indentation depth, but rather drops. Qiao et al. [37] modified the Nix-Gao 

model, including tip rounding effect and showed that indenter tip bluntness can cause the 

reduction in dislocation densities at lower indentation depths. Therefore, in Demir et al. [34] 

work, a drop in GND density at lower indentation depth was observed. Recently,           

Wilkinson et al. have developed the cross-correlation based analysis of EBSD patterns (named 

as HR-EBSD), which allows to measure elastic strains and lattice rotations at a sensitivity of 

about 10-4 [38-39]. This cross-correlation based technique has been successfully employed to 

study the strain state and lattice rotation gradient at local scales in a wide range of materials 

[40].  

1.1  Objectives and Statement of Work 

Due to the stable cubic symmetry and ductility of STO, it is considered as a model 

system to study extended defect structures in perovskite oxide materials and their effect on the 

ionic and electronic transport properties [41]. Despite of aforementioned experimental local-

scale studies and comprehensive uniaxial testing on bulk single crystal plasticity of STO, our 

knowledge of dislocation structure evolution at small scales and details of dislocation based 

nanoplasticity in STO is still very limited. The existing indentation experiments have mostly 

been conducted at high loads using pyramidal indenter geometries, where the plastic zone is 

already fully developed and cannot provide insights into local dislocation arrangements and 

mechanisms (from incipient plasticity to a fully developed plastic zone) in this perovskite 

material. Moreover, none of the indentation studies discuss the ISE behavior in STO, which is 
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more pronounced at the local-scale. Surprisingly, STO exhibits very high macroscopic 

indentation hardness of ~ 9.5 GPa [3], which is unexpected for a material having a yield 

strength of only ~ 120 MPa [23]. The reason for such a large discrepancy is still an open 

question. The knowledge of the dislocation structure at different length scales and the size of 

the plastic zone are of key importance to understand these missing details and potentially 

interesting for tailoring the local ionic conductivity in this model perovskite material. 

Therefore, the aim of the present thesis is to study the 3D dislocation structure evolution 

(around and below the indentations) at local scales in (001) STO single crystal and to analyze 

the underlying mechanisms. 

To accomplish this task, a novel approach, combining 3D dislocation etch-pit analysis 

along with HR-EBSD is used here. The spherical and Berkovich indentations are performed at 

various length scales to investigate the dislocation structure evolution in the regime A. The 

sequential polishing and etching technique (SPET) is used to reveal the dislocation etch-pit 

structure at various sub-surface depths using SEM, EBSD and confocal laser microscopy. The 

SPET obtained cross-section provide complete sets of dislocation etch-pit patterns. From the 

dislocation etch-pit shape and by tracing the dislocation pile-ups, the slip along 〈110〉 110 	systems are found to be more favorable for both Berkovich and spherical 

indentations. The experimental observations along with derived hypotheses on the local defect 

structure and evolution are corroborated by Molecular Dynamic (MD) spherical indentation 

simulations, which are performed by Alexander Stukowski in collaboration with Materials 

Modelling Division of TU Darmstadt.  

The HR-EBSD analysis conducted on SPET obtained cross-sections can provide a 

complete set of GNDs distribution along with elastic strain fields (around and underneath the 

indentations), which are not feasible with Focused Ion Beam (FIB) based EBSD and TEM 

analyses. Furthermore, the dislocation densities are quantified from etch-pits and HR-EBSD 

data obtained on SPET obtained cross-sections. With these independent measurements of 

dislocations, a direct evidence for the physical basis of indentation size effect is reported for 

the first time in STO.   
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Chapter 2 Fundamentals and Review of Relevant 

Literature 

 

2.1   Strontium Titanate 

2.1.1   Crystal Structure   

Strontium titanate is an oxide ceramic material, which crystallizes in the ABO3 cubic 

perovskite structure with a space group of 3 	at room temperature. In simplest and highest 

symmetry cubic phase, eight strontium (Sr) atoms lie at the cube corners, six oxygen (O) atoms 

sit at the center of each face and one titanium (Ti) atom sits in the center of the cube as 

illustrated schematically in Fig. 2.1.1. 

 

Fig. 2.1.1: Atomic structure of STO at room temperature [42] 

Within the TiO6 octahedra, a hybridization of the O-2p states with the Ti-3d states 

results in a distinct covalent bonding, while Sr+2 and O-2 ions exhibit ionic bonding character, 

which leads to a mixed ionic-covalent bonding properties [43]. Such chemical bonding nature 

of STO consequences to a distinctive structure, which makes it a model electronic material. In 

the cubic state, the lattice parameter of STO is 0.3905 nm. The summary of the other physical 

properties of STO is given in Table 2.1.1. 

The STO retain its cubic symmetry in a wide range of temperature regime, i.e., from 

room temperature to its melting point. It undergoes a phase transformation from cubic to 

tetragonal phase at ~ 105.5 K and at ~ 65 K from tetragonal to the orthorhombic structure       

[16-17]. The remarkable stable cubic structure symmetry of STO in a wide range of 
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temperature range makes it an excellently suited perovskite material for the study of 

mechanical properties. 

 

Table 2.1.1: Physical properties of strontium titanate at room temperature 

Properties Value 

Melting Point  2080 °C 

Atomic density 5.12 g/cm3 

Mohs hardness 6 

Dielectric Constant (εo) 300 

Thermal conductivity 12 W/m.K 

Coefficient of thermal expansion 9.4 x 10-6 

Refractive index 2.31 – 2.38 

 

2.2  Nanoindentation   

2.2.1   Background   

The indentation testing has been commonly used to determine the hardness of materials. 

The indentation hardness can be defined as: “the measure of resistance to permanent local 

deformation in a material”. The indentation technique has its origins in the Mohs’ hardness 

scale of mineral hardness of 1822, in which materials are ranked according to the ability of one 

material to leave a permanent scratch on another material visibly. The mineral Talc is assigned 

the minimum value of “1” and diamond is assigned the maximum value of “10” on the scale. 

Later on, the traditional hardness testing, i.e., Brinell, Rockwell, Vickers and Knoop are 

developed in which a known load is applied to press a hard tip (usually made of diamond, 

carbides or stainless steel) into a material and removed after some holding time. The residual 

impression is measured usually via microscope and hardness is calculated from the following 

formula: 
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=           (Eq. 2.2.1) 

Where Pmax is the maximum applied load and A is the projected area at maximum load. 

 

Nanoindentation (also known as Depth-Sensing Indentation or Instrumented 

Indentation Testing) is the development of the traditional hardness testing technique to 

determine the local properties of the very small volume of material in a more precise and 

accurate manner. The major difference between the traditional hardness testing and 

nanoindentation is that the force and penetration are measured during the entire indentation 

experiment. In traditional hardness testing, the residual impression is measured by optical 

microscopy at only one applied force. 

From the past two decades, Nanoindentation is a widely used technique for studying 

the local deformation behavior and nano / micro-scale mechanical properties like elastic 

modulus, hardness, strain-hardening, cracking, phase transformations, creep, fracture 

toughness, and energy absorption in a wide range of materials, based on elastic contact theory 

and load – displacement (LD) data. In recent years, high-temperature nanoindentation has 

developed significantly and many commercial state of the art nanoindenters with high-

temperature capabilities are available, e.g., Nanoindenter G200 (Keysight Technologies, USA) 

equipped with Surface GmbH laser heater, InSEM (Nanomechanics Inc.) etc. These 

nanoindenters are equipped with fully automated methods including partially 

loading/unloading and continuous stiffness measurement (CSM) method. The popularity of 

these nanoindentation systems is certainly due to an automatic data collection and analysis, 

which is facilitated by the breakthrough of the Oliver – Pharr method [44]. This method allows 

to extract the mechanical properties directly from the LD curves. An exemplary LD curve along 

with important parameter used in the Oliver – Pharr analysis is shown in Fig. 2.2.1.  

The basic assumptions of this method are: 

1. Deformation upon unloading is purely elastic. 

2. The compliance of the specimen and the indenter tip can combined as spring in 

series, e.g., 
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	= 	 		 	+ 	 		 	,		    (Eq.  2.2.2) 

where  is reduced modulus, E is Young’s modulus, ν is the Poisson’s ratio and 

subscripts ‘i’ and ‘s’ refer to indenter and the specimen, respectively. 

 

 

Fig. 2.2.1: An exemplary indentation load – displacement curve along with important parameters used in the 

Oliver-Pharr analysis [44] 

3. The contact can be modeled via an analytical model of contact between rigid 

indenter of defined shape using following Sneddon’s relation [45]: = √ √  ,     (Eq.  2.2.3) 

where S is the contact stiffness. The projected area at peak load (A) can be calculated 

from the following relation: = 	(ℎ ) ,     (Eq.  2.2.4) 

where hc is the contact depth and the exact form of this function is called “Area 

Function”, which depends on the geometry of the indenter. The most commonly used indenter 

geometry is a Berkovich diamond indenter. The Berkovich indenter has three-sided pyramid 

geometry, which has about the same aspect ratio as of four-sided Vickers pyramid indenter. 
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Fig. 2.2.2 shows an illustration of a section through an indentation showing different quantities 

used in the Oliver – Pharr analysis: 

 

Fig. 2.2.2: A schematic of the indentation geometry at maximum load and after unloading along with important 

parameters used in the Oliver – Pharr analysis [44] 

For an ideal Berkovich indenter geometry, the area function is given by 	 = 	24.56	ℎ	 				    (Eq.  2.2.5) 

If the indentation depth is greater than 2 microns, then Eq. 2.2.5 can be used to calculate 

contact area, because, at this scale, the difference between the ideal and real geometry is 

negligible. If the total indentation depth is less than 2 microns, the rounding at the apex of the 

indenter must be considered and the real contact area is then given by [44]: 

	 = 	24.56	ℎ	 + ℎ	 + ℎ	 / + ℎ	 / 	 + 	………………………+	 ℎ ,	  (Eq.  2.2.6) 

where C1 to C8 are the constants, which are determined empirically by indenting a 

known material usually fused silica. This process is often called “Area Function Calibration”. 

For other simple indenter geometries (sphere, cone, flat punch) another form of area function 

can be used and available easily in the literature [46]. The contact depth (hc) is further 

calculated as: 
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ℎ 		= 		 ℎ 		− 			 	,			    (Eq.  2.2.7) 

where ε = 0.72, 0.75 and 1 for cone, sphere and flat-punch geometries, respectively. 

The contact stiffness S is determined by fitting the LD curve data obtained during unloading to 

an expression of the form following a power law: 		 = 	 (ℎ −	ℎ )  ,      (Eq.  2.2.8) 

where B, m and hf  are determined by a least square fitting procedure. So, knowing the 

contact stiffness from unloading segment of LD curve, the hardness can be calculated from Eq. 

2.2.4 and 2.2.1. 

2.2.2   Incipient Plasticity and Pop-in Events 

During nanoindentation test, the continuous measurement of force and penetration 

enable to identify the different events occurring within the material. One of such widely 

discussed events observed in many materials is known as “pop-in” and appears as a sudden 

displacement burst in nanoindentation LD curve [47-48] as shown in Fig. 2.2.3.  

 

Fig. 2.2.3: Load - displacement data showing first pop-in event in (111) oriented CaF2 [27] 

This pop-in event depicts the elastic to plastic transition of a material associated with 

dislocation activities like homogeneous dislocation nucleation, source activation etc. [49-51]. 

The indenter tips are not ideally sharp and rounding at the apex of the indenter can be 
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considered as spherical. Therefore, the Hertzian contact model [52] can be used to fit the initial 

part of the LD curve to obtain valuable data like tip radius as per the following relation: = 	 	 	√ 	ℎ /  ,     (Eq.  2.2.9) 

where R is the tip radius and h is the indentation depth. The origin of pop-in has been 

intensively studied by many authors and the pop-in may be induced by other factors such as 

the breaking of surface oxide layer, the phase transition in amorphous alloys and film 

delamination [28-29,53]. If the first pop-in event occurs at the initiation of homogeneous 

dislocation nucleation, the maximum shear stress (τmax) at this first pop-in event is generally 

found to be close to the theoretical shear strength of material. The τmax is frequently determined 

from the Hertzian elastic contact theory using τmax = 0.31po [54], Where  

=	 ( )
	  ,      (Eq.  2.2.10) 

here P(pop-in) is the load at first pop-in event and R is the tip radius.  

The homogeneous nucleation of dislocations at incipient plasticity or first pop-in event 

is still under debate. The effect of pre-existing dislocations on the incipient plasticity have been 

discussed in many studies. The different approaches like dislocation density gradients, different 

percentages of pre-deformation have been used to explain the effect of pre-existing dislocations 

on the incipient plasticity. Bahr et al. [28] first used the micro-indentation in tungsten specimen 

to generate dislocation density gradients around the micro-imprints.  They then performed the 

nanoindentation test in the vicinity of micro-indentation and found an increase in pop-in load 

with increasing distance from the center of the micro-imprints. Lodes et al. [55] used a similar 

approach on single crystal CaF2 along with molecular dynamics (MD) simulations. They etched 

the CaF2 after first Berkovich micro-imprints to reveal the plastic zone / dislocation gradient 

around the residual impression and then performed nanoindentation as depicted in the inset 

region of Fig. 2.2.4a. From experimental and simulation evidence they concluded that the large 

density of pre-existing dislocations lowers the pop-in load or even causes it to disappear as 

shown by fore-displacement curves in Fig. 2.2.4b 
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Fig. 2.2.4: Pop-in behavior of un-deformed and deformed CaF2 (111) during Nanoindentation (a) experimental 

using 87 nm and 34 nm tip radii (b) MD simulation using 4 nm tip radius [55] 

Phani et al. [56] and Bei et al. [57] studied the effect of pre-existing dislocations using 

pre-strained Mo fibers and micro-pillars, respectively. They observed a scattering in the pop-

in load for intermediate pre-strain specimens (4%) and found that the as-grown fiber and micro-

pillars yield at higher strengths close to the theoretical shear strength while the pre-strained 

fibers and micro-pillars yield at considerably lower stresses. Although the micro-indentations 

/ pre-straining the testing specimens are good ways to create the pre-existing dislocations, but 

these approaches also have some drawbacks. For example, the dislocation structure around the 

micro-imprint is very complex, which leads to large heterogeneities. Moreover, the surface 

topography around the indent may not be suitable for accurate measurement due to the high 

plastic deformation. Recently, Montagne et al. [29] studied the influence of pre-existing 

dislocations on the pop-in phenomenon in MgO single crystal using ball indentation. They used 

a nano-etching technique along with AFM, which enables to distinguish between the individual 

pre-existing dislocation etch-pits and the dislocation etch-pits generated from the indentations. 

They found that for 10 mN and 20 mN loads, the indentations performed close to the pre-

existing etch-pits undergo the plastic deformation and a clear pop-in observed in LD curve. 

However, the indentations conducted in the dislocation free region lead to an elastic contact 

and no pop-in was observed in the LD curve as shown in Fig. 2.2.5.  
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Fig. 2.2.5: AFM image showing six indented areas with their respective LD curves. The pits in the image 

represent the pre-existing dislocations left from the cleavage process [29] 

Moreover, they reported a significant scattering in the pop-in load for a particular pre-

existing dislocation density as illustrated in Fig. 2.2.6.  
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Fig. 2.2.6: Influence of pre-existing dislocations on pop-in load [29] 

In the presence of pre-existing dislocations, one would probably expect the dislocation 

source activation. However, they reported more paradoxical observations concluding that the 

dislocations nucleated during the pop-in are totally independent of the pre-existing 

dislocations. They suggested that this paradox can be explained by the fact that the pre-existing 

dislocations are gliding during the indentation test due to the indenter stress field. This 

displacement leads to slip lines formation below the contact area, which likely to modify the 

surface pressure distribution and thus induce local stress concentration. Moreover, they 

suggested that another possibility can be related to dynamic effects. Despite of some 

discrepancies, all of these experimental and simulation experiments unanimously confirmed 

that the pre-existing dislocations lower the first pop-in load. However, further experimentations 

are required to explain these mechanisms in detail.  

In addition to that first pop-in event depicting the incipient plasticity, some materials 

show multiple pop-in events in the loading part of the LD curve as shown schematically for an 

indentation performed close to grain boundary (GB) in Fig. 2.2.7. 
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Fig. 2.2.7: The load-displacement curve showing initial and secondary pop-in event due to grain boundary [58] 

In the literature, the occurrences of these multiple pop-in events have been related to 

different logics. One of these possibilities is the formation of dislocation bands parallel to 

specific crystallographic planes. For example, Bradby et al. [59] reported the multiple 

discontinuities in GaN epilayers nanoindentation LD curves and related this behavior with 

multiple slip bands revealed by TEM as shown in Fig. 2.2.8. 

 

Fig. 2.2.8: a) Typical LD curve for max. load of 250 mN showing a pop-in event. Inset: LD curve for max. load 

of 50 mN showing multiple pop-in events at 28 mN and 34 mN,  (b) Bright-field XTEM image of spherical indent 

in GaN at max. load of 250 mN [59] 

The pores and / micro-cracks below the indentation may also cause the multiple pop-in 

events in the ceramics [60]. The pressure-induced phase transformations have also been 

observed during nanoindentation, which leads to multiple pop-in events in materials like silicon 

and metastable austenite [61-62]. The indentations performed close to the GB can also lead to 

the multiple pop-in events (Fig. 2.2.7), which might relate to slip transmission across the GB 

[58,63]. The multiple pop-in events are also very common to observe in bulk metallic glasses 
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and quasi-crystals and the possible mechanisms involved the discrete emission of shear bands 

at or below critical load as well as critical loading rate [64-65].  

In short, pop-in events can occur frequently in many materials and these events are 

extremely sensitive to nanoscale events like homogeneous and / or heterogeneous dislocation 

nucleation and the movement of these dislocations is specific and / or across preferential planes, 

phase transformation and applied load. The mechanisms of pop-in events in metals, glass, 

ceramics, composites and biomaterials are certainly different and require a comprehensive 

research to understand these mechanisms in detail. STO also shows multiple pop-in events in 

nanoindentation LD curve and its origin is studied in the present work via observation of 

dislocation structure around the residual impression.  

2.2.3  Indentation Size Effect 

The indentation size effect (ISE) is among one of several size effects on strength for 

which “smaller is stronger”. It can be defined as “the increase in hardness with decreasing 

indentation depths through the use of geometrically self-similar indenters such as pyramids and 

cone”. The physical origins of ISE are generally believed to lie in strain gradients produced 

underneath the indentation [66]. For most of the materials, ISE is more pronounced at the 

depths of less than 1 µm. A classic example of ISE data is that of McElhaney et al. [67] which 

is frequently cited in the literature, is shown in Fig. 2.2.9.  

 

Fig. 2.2.9: Hardness vs depth plot for (111) Cu single crystals obtained in nanoindentation experiments [66] 

In that work, they conducted the Berkovich nanoindentation experiments on (111) Cu 

single crystal and observed a significant increase in hardness at depths below few micrometers. 
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However, the later studies suggest that the surface preparation plays a vital role to study such 

small scale phenomenon. Liu et al. [68] studied the ISE on (111) Cu single crystal using two 

different specimen preparation approaches. In the first approach, the specimens were prepared 

in the same way as by McElhaney et al., i.e., standard grinding followed by 20 min of polishing 

with 0.06 µm silica suspension, which is often recommended to prepare high-quality, relatively 

damage-free surface. However, even using similar surface preparation protocol, Liu et al. 

observed significant smaller indentation size effect as shown in Fig. 2.2.9. In the second 

approach, Liu et al. prepared the (111) Cu single crystal surface via electro-polishing, which 

even further reduced the magnitude of ISE. The exact reason for this discrepancy is not clear 

yet, but may be related to the difference in the grinding process (inadequate removal of damage 

from the early part of grinding) and / or initial dislocation structure in the crystal. Moreover, in 

the case of higher pre-existing dislocation densities, ISE can completely disappear. Therefore, 

surface preparation is extremely important to study ISE and data reporting should be carefully 

examined. 

To understand the ISE, many mechanistic models have been proposed in the literature. 

However, the model presented by Nix and Gao [35], which is built on the concept of 

geometrically necessary dislocations (GNDs) has been widely used to study the ISE behavior. 

According to the Nix-Gao model, the GNDs are the dislocations that must be present near the 

indentations to accommodate the volume of material displaced by the indenter at the surface. 

In the Nix-Gao model, the indenter is assumed to be a rigid cone whose self-similar geometry 

is defined by an angle θ and the indentation is accommodated by circular loops of GNDs with 

Burgers vector normal to the surface, as shown schematically in Fig. 2.2.10. 

 

Fig. 2.2.10: GNDs created by a rigid conical indentation. The dislocation structure is idealized as circular 

dislocation loop [35] 
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The flow stress ‘σ’ is related to the total dislocation density ‘ ’ through the Taylor 

relation: =	√3	 	  	,     (Eq.  2.2.11) 

where α is constant, G is the shear modulus and b is the Burgers vector. This relation 

can be combined with the Tabor relation,	 = 3 , to relate the hardness H and flow stress‘σ’. 

Furthermore, the total dislocation density ‘ ’ is assumed to be the simple mathematical sum 

of the density of GND and SSD. i.e.,  =	 +	 . Hence the relation between hardness 

and dislocation density is expressed as: = 3 = 	3√3	 	  +	 	    (Eq.  2.2.12) 

From Fig. 2.2.10, the simple geometric consideration, then led to GND density as 

follows: 

 = 		      (Eq.  2.2.13) 

This relation contains the essential physics of ISE i.e., the GND density is inversely 

proportional to the depth and rise dramatically when the contact is small. Combining Eq. 2.12 

and 2.13 leads to: 

=	 1 +	 ∗
 ,     (Eq.  2.2.14) 

 where = 3√3	   ,     (Eq.  2.2.15) 

represents the macroscopic hardness that would arise from the SSD alone in the absence 

of any GND and 

ℎ∗ = 	 	 	 	 		,	   (Eq.  2.2.16) 

is the length that characterizes the depth dependence of hardness. The characteristic 

length scale ℎ∗ is not constant for a given material and indenter geometry. Rather, it depends 
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on both material parameters (b and	 ) and geometric parameter (θ). The Eq. 2.14 can be 

re-write as: =	 	 	1 +	 ∗	 ,	    (Eq.  2.2.17) 

which implies that a plot of 	versus 1/h should be linear. The intercept at hardness 

axis gives Ho and slope of the line provide h*. Nix and Gao applied the model to classical Cu 

data of McElhaney et al. and observed a remarkable linearity of these data sets as shown in Fig. 

2.2.11. This linearity of the data has been taken as the primary evidence for the Nix-Gao 

mechanisms. Therefore, plotting 	versus 1/h is considered as the primary test for any 

geometrically self-similar (like pyramids and cones) indentation experimental data, which 

shows an ISE behavior.  

 

Fig. 2.2.11: A plot of H2 versus 1/h for (111) Cu data of McElhaney et al. [66] 

For spherical indenter geometries, the ISE is not manifested through the depth of 

penetration, but rather through the radius of the sphere. Swadener et al. [69] demonstrated this 

behavior by conducting indentation experiments on Iridium (Ir) alloy specimens using different 

spherical indenter radii ranging from 14 µm to 1600 µm and represented the Hardness as a 

function of contact radius, a, normalized with respect to the indenter radius, R, as shown in Fig. 

2.2.12. 
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Fig. 2.2.12: The ISE for spherical indenters in Ir alloy using different indenter radii ranging from 14 µm to 

1600 µm [66] 

The data clearly show higher hardness for smaller sphere radii. The spherical indenter 

is not self-similar geometry, therefore, the strain induced in the material increases with depth 

and so the hardness also increases if the material work hardens. Thus, the depth dependency of 

hardness for spherical indenters is a result of classical work-hardening effect. In Fig. 2.2.12, 

the dashed lines reflect the prediction of finite element model that incorporate the strain 

gradient plasticity effects, which is are based on the theory of CMSG (Conventional 

Mechanisms-based Strain Gradient Plasticity) [70-71]. The experimental results and model 

predictions are in good agreement for the large sphere, but for the smallest sphere (R = 14 µm), 

the model significantly overestimates the hardness, which indicates a breakdown in the Nix-

Gao mechanism for very small spheres [69,72]. The curve at the bottom of the plot labeled as 

3  is the prediction of the hardness based on the tensile test data by applying Tabor’s method 

[73]. For the large indenter radii, the hardness is roughly consistent with the Tabor prediction, 

but the smaller indenters produce higher hardness and shift the curve up due to ISE. Hence, 



   

21 

along with geometrically self-similar indenters, ISE in spheres can also be mechanistically 

understood by the Nix-Gao mechanisms. 

Despite of widespread application of the Nix-Gao model, it has several shortcomings. 

One of this limitation which received a great attention is the assumption that all the GNDs are 

accommodated in a hemisphere, namely plastic zone, with a radius equal to the contact 

impression. However, Swadener et al. [69] argued that with similar sign GNDs and 

constraining those in a small volume would result in large mutually repulsive forces that tend 

to spread them outward to occupy the large volume. Hence, the relationship between  	and 

1/h expect to breakdown at some small scale and it would overestimate the hardness for very 

shallow pyramidal indentations or indentations made with very small sphere because the real 

GND densities would be smaller. That’s why in Fig. 2.2.12, for small 14 µm spherical 

indentations modelling data, the hardness prediction was too high. Feng and Nix [74] also 

showed that the storage volume of the GNDs in MgO is much bigger than the contact radius 

and they apply a correction to the Nix-Gao model for smaller indentation depths.  

 Durst et al. [75] used a different approach to determine the storage volume of 

dislocations by assuming that the radius of the hemisphere in the Nix-Gao model is not 

necessarily equal to the contact radius, but scales with it by a material dependent factor, f. 

Hence the Nix-Gao model can be modified as: 

 =	  =	 


=	 		 = 	 		 	 		,   (Eq.  2.2.18) 

here the radius of the plastic zone is approximated by	 		  and f is the storage 

volume of dislocations, which can be estimated by fitting experimental data or conventional 

FEM of the size of the plastic zone. The Fig. 2.2.13 shows an axisymmetric geometry of a 

Berkovich indenter contacting an elastic-plastic material. 
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Fig. 2.2.13: FEM simulation: Axisymmetric geometry of Berkovich indenter contacting an elastic - plastic 

material [75] 

The extension of the plastic zone is shown for f = 1 (solid line), which yields the length 

scale given by the Nix-Gao model and f = 1.9 (dotted line) yields the length scale accounting 

bigger size of the plastic zone. This modified Nix-Gao model is applied to several materials 

(metal, alloys, ceramics, and solid-solutions) and f value, usually, falls in the range of 1.5 to 

2.5 [27, 75-78]. An exemplary experimental ISE data using the partial load-control and CSM 

method in (100) Ni single crystal with modified Nix-Gao model fittings is shown in Fig. 2.2.14.  
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Fig. 2.2.14: ISE in (111) oriented Ni from CSM and partial loading and unloading indentation test. (a) 

Hardness as a function of depth with corresponding model size effect (solid lines), (b) corresponding Nix-Gao 

plot for all data [76] 

This particular example explained the sensitivity of parameter f for the fitting. The 

experimental data are fitted for different values of f and it became obvious that most of the data 

lie in the range of 2.0 < f < 2.4, where 2.2 gives the best fit for Ni. Moreover, the CSM data 

yield the size effect in the Nix-Gao plot, but a clear deviation from linear behavior can be seen 

at smaller indentation depth. It might be related to the fact that during harmonic loading of the 

sample, the tip loses contact at smaller loads [79]. However, the exact reason for this is still 

unclear, therefore, for smaller indentation depths, researchers preferred to use standard loading 

and partial unloading method. 

The phenomenon like dislocation source activity, cross-slip etc. are significantly 

temperature dependent. The small changes in temperature could lead to significant changes in 

the details of ISE. Until now, very limited literature is available describing the temperature 

dependence of ISE. Recently, Franke et al. [80] reported preliminary observations of ISE in Cu 

at room temperature, 150 °C and 250 °C. They used modified Nix-Gao model to fit their 

experimental data and found a significant decrease in ISE and h* with increasing temperature 

as shown in Fig. 2.2.15. 
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Fig. 2.2.15: Room temperature, 150 °C and 200 °C nanoindentation data on Cu single crystal with dotted lines 

indicating best fit from modified Nix-Gao Model (a) Hardness as a function of displacement (b) Nix-Gao plot of 

ISE [80] 

They explain the significance of h* using modified Nix-Gao model. The hardness as a 

function of indentation depth can be given by:  = +  	  +	 	,    (Eq.  2.2.19) 

where Hfric is the frictional hardness, M is the Taylor factor and  is a constant. 

Considering Hfric = 0 and by comparison Eq. 2.18 and 2.19, suggest that: =   / 	,	        (Eq.  2.2.20) 

and ℎ∗ = 		 		 	 	Ɵ	


	      (Eq.  2.2.21) 

This is very important relation explaining the dependency of h* with respect to the 

storage volume of GNDs, f, and		 	, since Burgers vector b and indenter angle θ are constant 

parameters. Using this theoretical framework, Franke et al., reported that the decrease in 

characteristic length scale with an increase in temperature may be due to either increase of f or 

 	or both. Kong et al. [81] performed nanoindentation experiments in the temperature range 

from 293 K to 353 K in SnAgCu lead-free BGA solder joints and also observed the decrease 

in h* with the increase in temperature. Lee et al. [82] conducted the cryogenic nanoindentation 

experiments on [001] oriented face-centered cubic (FCC) {Aluminum (Al) & Gold (Au)} and 

body-centered cubic (BCC) {Tungsten (W) and Niobium (Nb)} single crystals and studied the 
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ISE at 160, 230 and 298 K. They reported that with a decrease in temperature from 298 to          

160 K, for BCC metals, Nb and W, macroscopic hardness, Ho, increased by 107 % and 24 %, 

respectively. However, for FCC specimens (Al and Au), they did not observe significant 

changes in Ho which might be related to the intrinsic lattice resistance of BCC metals with a 

reduction in temperature. Moreover, they found a significant dependency of h* on temperature. 

In all of these cryogenic and elevated indentation experimental results, a strong temperature 

dependency on h* has been reported, which can only be understood in a theoretical framework. 

The Nix-Gao model does not explicitly take into account the thermal effects, so other physical 

explanations for h* and Ho of temperature dependency are also possible. Despite of the 

aforementioned limitations of the Nix-Gao model, it has been widely accepted along with its 

modified versions to mechanistically understand the ISE in a wide range of material and 

temperature regimes.  

2.3  Microstructural Observation Techniques 

 In order to establish the mechanistic origin of ISE, knowledge of the dislocation 

structure at different length scales and the size of the plastic zone are of key importance. 

Unfortunately, the observation of dislocation microstructures at such a small scale is not easy 

due to the complexity of the techniques required to image the dislocations at the submicron 

scale. Till now, the studies conducted to experimentally explore the 3D dislocation structure 

around and underneath the indentations are very limited, but a number of interesting 

observations are emerging. The advanced characterization techniques like EBSD in high-

resolution scanning electron microscopes [32], TEM [25-26], Etching technique equipped 

AFM / SEM [27-29], and X-ray diffraction at synchrotron X-ray sources [83-84] have proven 

most useful to image the dislocation microstructure at various length scales and understanding 

local deformation mechanisms. In the present work, the dislocation microstructural 

observations have been made using chemical etching technique (equipped with SEM and 

confocal laser microscopy) and HR-EBSD techniques. Therefore, only these techniques along 

with relevant literature will be reviewed in proceeding section 2.3.1 and 2.3.2. 

2.3.1  Chemical Etching Technique   

The chemical etching technique has been widely used to reveal the dislocations at 

various length scales. It involves preferentially etching of a material, which makes the defects 

(e.g., dislocations, stacking faults) intersecting the surface visible by a small groove or pit 

known as “Etch-pit”. Finding an etching solution or etchant that dissolves the defect region of 



 

 

26 

material much more quickly than the perfect region is the trickiest part. The theories of etching 

do not predict the composition of selective etchant for a material. The etchant or a crystal can 

only be chosen by trial and error basis, if it’s not available in the literature. The formation of 

dislocation etch-pit arises mainly from the strain field associated with a dislocation and / or 

impurities segregated at the dislocation. The strain field and / or impurities produced a surface 

potential between the site of dislocation and the nearby perfect crystal, which causes a different 

etching rate.  

The visible, sharp and contrasting shape of etch-pits can provide a valuable information 

about the nature of dislocation and crystal surface. Amelinckx [85], Gilman and Johnston [86] 

were the first to demonstrate the orientation of the dislocation line with respect to the surface 

from the shape of etch-pit in rock-salt crystals, which shows pyramidal shaped etch-pits for 

(100) surface. The logic toward which is the shift of the central deepest point of the etch-pit 

provide the indication of dislocation inclination with respect to the surface, as shown 

schematically in Fig. 2.3.1. 

 

Fig. 2.3.1: Effect of inclination of dislocation line on shape of etch-pit, (a) Dislocation line is normal to the 

surface (symmetrical etch-pit), (b) Dislocation line is oblique to the surface (asymmetrical etch-pit) [87] 

From the crystal symmetry and the known glide planes of (001) NaCl, they further 

demonstrate that the centered deepest point etch-pits (referred as symmetrical etch-pits) are 

edge dislocations with the dislocation lines perpendicular to the surface, whereas, the off-

centered etch-pits (named as asymmetrical etch-pits) are screw in nature with dislocation lines 

lying on the planes 45° to the surface. The etch-pit shape produced by the edge and screw 

dislocation in NaCl labelled as A and B, respectively, are shown in Fig. 2.3.2.  
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Fig. 2.3.2: Etch-pit shapes produced during etching of the NaCl single crystal (at 800X) [87] 

Along with symmetrical and asymmetrical etch-pits, flat-bottomed etch-pits (labelled 

as C and D) in Fig. 2.3.2 can be seen clearly. During etching the (001) surface, an etch-pit 

remains pyramidal only if the dislocation line remains at its bottom. If for any reason the 

dislocation which is being etched disappears or moves (indicated as C and D in Fig. 2.3.2, 

respectively), the etch-pit does not etch deeper, but grows laterally to form a “Flat-bottomed” 

shape [87]. Gilman et al. [86] in their classical work on (001) oriented LiF observed that the 

etch-pits corresponding to edge dislocations were found to be much deeper compared to 

inclined screw dislocations, although the widths of all the etch-pits were the same. However, 

Nadgornyi et al. [88] and Sangwal et al. [89] in their work on (001) oriented NaCl and MgO, 

respectively, found that the etch-pits formed at edge dislocations are larger by 20% than those 

at screw dislocations. Patel et al. [90] reported the importance of etchant to reveal the edge or 

screw dislocations for (110) oriented BaSO4 crystals. They found that concentrated HCl reveals 

etch-pits only at edge dislocations, while conc. H2SO4 along with KOH melt reveals both edge 

and screw dislocations. These discrepancies show that the evaluation of edge or screw nature 

of dislocation, alone from etch-pit shape is not sufficient. 

The chemical etching technique along with AFM, TEM and / or SEM proved to be a 

powerful tool for analyzing the dislocation structure, activated slip system and studying the 

ISE behavior. Lu et al. [91] identified α, β and γ type of dislocation etch-pits with inversed 

trapezoidal, triangular and mixed shape using SEM analysis in GaN epilayers etched by molten 

KOH as shown in Fig. 2.3.3A. 
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Fig. 2.3.3: (A) SEM images of α, β, and γ type etch-pits along with 2D and 3D schematics, (B) Cross-sectional 

TEM images of (a) α type, (b) β type, and (c) γ type etch-pit, respectively. [91] 

From the further TEM analysis, they confirmed the screw, edge and the mixed character 

of α, β and γ type etch-pits, respectively (Fig. 2.3.3B).  

2.3.1.1 Revealing Dislocation Structure after Indentations via Chemical Etching  

Chemical etching has been used widely to study the dislocation structure around the 

indentations in a wide range of materials [92]. To study the dislocation structure below the 

indentations, researchers also used sequential polishing and etching technique. For example, 

Sadrabadi et al. [27] used sequential polishing, etching and imaging technique to reveal the 

dislocation structure around and underneath the indentations for 1 mN and 5 mN in (111) 

oriented CaF2 as shown in Fig. 2.3.4. 



   

29 

 

Fig. 2.3.4: AFM deflection mode images of indentations with a load of (a) 1 mN and (c) 5 mN before (a and c) 

and after polishing (b and d) [27] 

They observed three-folded symmetry of etch-pits in (111) oriented CaF2. At the 

surface, inside contact area no etch-pits are visible (Fig. 2.3.4 a & c), however, after polishing 

inside contact area, dislocation can be easily identified. For polished indentations, they reported 

a clear dislocation structure observation with a dislocation spacing below 50 nm. They 

quantified the dislocations for 1 mN and 5 mN indentations load at indentation depths of 110 

nm and 300 nm, respectively, and estimated the dislocation densities as high as ~ 5 x 10+14        

m-2 (Fig. 2.3.5). At these particular depths, they reported ~3 times higher dislocation densities 

for 1 mN compared to 5 mN. Moreover, the increase in dislocation density was, according to 

the Taylor dislocation hardening with a hardness increase by a factor of 1.73. 
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Fig. 2.3.5: Analysis of dislocation structure around 1 mN and 5 mN indentations: Shown is the total dislocation 

density as well as dislocation density in different sectors [27] 

They further applied the modified Nix-Gao model to the measured dislocation densities 

by considering high frictional stress in CaF2. However, without considering frictional stress in 

ISE modelling, the dislocation densities were found to be ~ 10 times higher compared to the 

measured values. Tromas et al. [29] used the similar etching technique named as “nano-

etching” to study the dislocation structure and the effect of pre-existing dislocations on pop-in 

in (001) MgO single crystal. They further applied nano-etching technique to investigate the 

dislocation pile-up nucleated on {110} planes, after low-load spherical indentation [93] as 

shown in Fig. 2.3.6. 
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Fig. 2.3.6: Nano-etching patterns obtained around spherical indentation stopped after first pop-in at surface 

and after polishing at depth of 200 nm relative to the initial surface along with schematic of dislocation loops 

[93] 

These dislocation pile-ups nucleated along six <110>{110} slip systems. Two of six 

planes were perpendicular to the (001) surface and four were inclined to 45° from the cleavage 

plane. From quantitative analysis of these dislocation pile-ups, they proposed a model for the 

estimation of frictional stress. This model was based upon the calculation of Peach-Koehler 

force induced by the pile-ups and the spherical indenter stress field, which has been used to 

determine the equilibrium positions of dislocations in these pile-ups. The unloading during 

indentation results in a dislocation spacing which is representative of the balance between the 

frictional stress, dislocation-dislocation interaction and residual stress field of the indenter. In 

the case of equilibrium, shear stresses acting on dislocations in such a pile-up are given by: − + + = 0,     (Eq.  2.3.1) 

here, τa is the applied shear stress from the indentation, τf is the lattice frictional stress, 

τd are dislocation-dislocation interaction stresses, and τim are image stresses. The shear stress 

resulting from dislocation stress field interactions, τd, is given by [94]: = ∑ ( )		,      (Eq.  2.3.2) 

 where N is the number of dislocations in the etch-pit arm, b is the Burgers vector, G is 

the shear modulus, r is the radial distance from the center of the indent to dislocation position 
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and A(ψ) is equal to 1 for screw dislocations and ( 1 / 1 - ν) for edge dislocations with Poisson’s 

ratio,ν. They calculated the applied load using Hanson and Johnson model [95]. Moreover, 

they found that the image stresses along {110} planes are zero and do not modify the positions 

of dislocations in the pile-ups. Finally, knowing the values of τa and τd can provide the frictional 

stress as given: ( ) − +	 ∑ ( ) 	= 0		   (Eq.  2.3.3) 

The lattice frictional stress in MgO was calculated to 65 MPa and 86 MPa for the edge 

and screw dislocations, respectively. These studies showed that the nanoindentation tests 

combined with chemical etching and advanced characterization technique like AFM are not 

only useful to determine the local mechanical properties, but also for the study of elementary 

mechanisms involved in local plasticity.  

2.3.2  EBSD and HR-EBSD 

The Electron Backscatter Diffraction (EBSD) also known as Backscatter Kikuchi 

Diffractions (BKD) is an SEM based technique used to obtain the quantitative microstructural 

information about the crystallographic nature in a wide range of materials including metals, 

minerals, semiconductors and ceramic materials. It allows to study individual grain orientation, 

texture, grain boundary character, grain size and phase identification. Kikuchi et al. [96] in 

1928 were the first to observe the diffraction pattern in backscattering mode on a cleavage face 

of calcite. In 1992, Lassen et al. [97] used the Hough transform [98] to identify the Kikuchi 

bands in EBSD patterns, which was a major breakthrough in the utility of this technique. The 

present state of the art fully automated EBSD systems would not be available without this 

automatic ability to detect the Kikuchi bands reliably. Experimentally, EBSD is conducted 

inside a SEM equipped with an EBSD detector, which consists of an electron sensitive screen 

(phosphor or scintillator). The EBSD detector is placed in front of the specimen, which is tilted 

~ 70° to the normal of the incident electron beam as shown schematically in Fig. 2.3.7. 
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Fig. 2.3.7: Schematic diagram of EBSD pattern formation [99] 

The incident beam of electrons is diffracted by the lattice planes in a specimen and 

forms the EBSD pattern. Each Kikuchi band corresponds to a family of crystallographic planes 

with the distinct width in a sampled volume and the intersection of bands is known as a pole 

or zone axis. A digital camera is used to acquire an image of the diffraction pattern formed by 

the backscattered electrons. Each Kikuchi pattern is indexed by the software using a Hough 

transform, which is an image processing algorithm to facilitate the detection of lines inside an 

image. The algorithm converts a line in the image space into a point in Hough space as shown 

in Fig. 2.3.8.  

 

Fig. 2.3.8: EBSD pattern collected from silica (a) along with corresponding Hough transform map (b) [100] 

Nanoindentation in conjunction with EBSD, Focused Ion Beam (FIB) milling and 

corresponding simulations emerged as a powerful tool to reveal the three-dimensional 

dislocation microstructure at the local scale and understand the underlying deformation 

mechanisms. For example, Zaafarani et al. [101] used this 3D EBSD technique along with 

crystal plasticity finite element modeling (CPFEM) to investigate the texture and 
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microstructure below the nano-indent in Cu single crystals and found significant lattice 

rotations underneath the indentations as shown in Fig. 2.3.9. 

 

Fig. 2.3.9: Rotation maps for set of successive sections perpendicular to (111) indentation plane with different 

spacing to the actual indent. Scan 4 is far away from the indenter tip (1567 nm), while scan 10 is close to it (176 

nm) [101] 

Demir et al. [34] later used EBSD tomography to measure the GNDs below the 

spherical nanoindentations in Cu single crystals. An exemplary slice at the central cross-section 

showing GNDs distribution is shown in Fig. 2.3.10. 

 

Fig. 2.3.10: GNDs distribution map of four spherical indentations (R = 1 µm) with a maximum load of 4 mN,    

6 mN, 8 mN and 10 mN at central slice. GND density is decadic logarithmic scale (m-2) [34] 

In that work, GND densities were calculated from the measured rotations using 

dislocation density tensor which connects lattice curvature to GNDs. The noise level for GNDs 

map (Fig. 2.3.10) was 1014 m-2 for a step size of 100 nm. However, there are issues concerning 

the ability to align correctly the data sets taken after FIB machining, which involved significant 
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translation and reorientation of the sample. Moreover, if elastic strains were to be included, 

then account would have to be taken of stress relaxation during the successive removal of 

material [102]. In the literature, there have been several similar attempts to use the Hough-

based analysis of EBSD to provide the orientation gradients and Nye’s framework to determine 

the GND densities. From this conventional Hough-based EBSD measurements, the absolute 

accuracy of ~ 2° [40] and relative orientation misorientation can be determined to a sensitivity 

of ~ 0.5° [103], which is less sensitive to determine the GND density and leads to problems 

like a higher noise level that mask many important features in the dislocation structure.  

Recently, Wilkinson et al. have developed the cross-correlation-based analysis of 

EBSD patterns (named as HR-EBSD), which allows to measure elastic strains and lattice 

rotations at a sensitivity of about 10-4 [39]. In the HR-EBSD analysis, the first step is to save 

all EBSD patterns at the full resolution of the CCD camera to obtain the highest strain 

sensitivity during a regular EBSD scan. HR-EBSD measures the shift in the position of zone 

axes and other features in the EBSD pattern (caused by elastic strains or lattice rotation) 

between a reference pattern (usually from a strain free region) and the region of interest (ROI), 

which are the patterns in the data set (i.e., line scan or map) as illustrated in Fig. 2.3.11. The 

cross-correlation functions are used to determine these shifts via Fourier domain, which applies 

a bandpass filter and removes high-frequency noise along with low-frequency background 

intensity variations. The software automatically repeats the cross-correlation between the 

reference patterns and all ROI, which used to calculate the elastic strains and lattice rotation 

changes. 

 

Fig. 2.3.11: Schematic outline of high-resolution cross-correlation based analysis [40] 

This cross-correlation based technique has been successfully employed to study the 

strain state and lattice rotation gradient in a wide range of materials, which demonstrate its 
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potency to use in a variety of applications, e.g., analysis of strain state ahead of micro-crack in 

germanium, measurement of elastic strains in brittle materials [104-105], evolution of residual 

plastic strain in rolled titanium and measurement of lattice rotation gradient / elastic strains in 

the locally deformed materials (e.g. indents) [102-106]. Fig. 2.3.12 shows an analysis of lattice 

rotation and strains around an indentation impression in (001) oriented silicon. The peak height 

and mean angular error (MAE) maps describe the quality of cross-correlation results (Fig. 

2.3.12A).  

 

Fig. 2.3.12: Analysis of deformation around an indentation impression in Silicon [40] 

The peak height is normalized to “1” for autocorrelation and decreases to zero for poor 

correlation. The lower value of peak height (typically < 0.3) indicates a poor measurement and 

should be discarded. MAE describes the difference between the best-fit solutions, from using 
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more than four ROIs, with the measurements of a pattern shift at each ROI. A MAE value 

larger than the measured strain or lattice rotation depicts an improper measurement and should 

not be considered for further evaluation. Fig. 2.3.12 (B and C) shows the elastic stresses and 

strains measured using Hook’s law. The failure stress for silicon is ~ 7 GPa, so, the reported 

magnitude of stresses seems reasonable. Fig. 2.3.12D illustrate the lattice rotation around the 

residual impressions with some discontinuity due to the presence of cracks in <110> direction. 

Wilkinson et al. [107] measured the GND density distribution near the 500 nm deep Berkovich 

indent in a large grained Fe sample using HR-EBSD and compared it with conventional Hough-

based EBSD measurements as shown in Fig. 2.3.13. 

 

Fig. 2.3.13: GND density distribution map around the indent, (a) Hough-based rotation fields (b) Cross-

correlation based rotational fields [107] 

Fig. 2.3.13 (a) shows the GNDs distribution map obtained using Hough-based analysis 

of lattice rotation field. Due to the high noise level (~ 2 x 1014 m-2), the GNDs distribution 

around the residual impression is difficult to recognize. On the other hand, the cross-correlation 

based analysis (Fig. 2.3.13 b), exhibit a reduced noise level (~ 2 x 1012 m-2) and allow to discern 

the obvious GND structure. He et al. [108] also used HR-EBSD along with nanoindentation to 

determine the residual elastic stress-strain fields and GNDs distribution around nano-

indentation made in α and β phase of TA15 titanium alloy. Recently, Vaudin et al. [109] 

analyzed the surface uplift surrounding wedge shape indentations in (001) Si using HR-EBSD 

and AFM. They found remarkable quantitative agreement between both techniques when the 

derivative of the AFM height field was compared with EBSD displacement gradient tensor. 

Moreover, it confirms the ability of cross-correlation based EBSD analysis to determine the 

displacement gradient tensor coefficient with a precision of 10-4. 

 Despite of these aforementioned HR-EBSD studies equipped with nanoindentation 

experiments, the potential of this unique combination is further extended in the present work 
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using sequential polishing and etching technique. The HR-EBSD measurements on the cross 

sections obtained from underneath the indentations using SPET can provide complete sets of 

information on GNDs distribution and elastic strain fields compared to the FIB based cross-

sections, which have a relatively small area for evaluation (Fig. 2.3.10). Moreover, the 

dislocation quantification of GNDs and dislocation etch-pit maps on SPET obtained cross-

sections can provide a better understanding of ISE, which will be discussed in section 4.2.  

2.4   Mechanical Behavior of STO   

 In crystalline material, the dislocation motion is the most important mechanism of 

plastic deformation. However, deformation of ceramics via dislocations is not extensively 

studied due to lower mobility of dislocations in ceramics compared to metals. For any 

application, the knowledge of the mechanical properties like yield strength (depicting elastic 

to plastic transition of material), ultimate tensile strength (indicating maximum stress a material 

carries) and fracture toughness (describes the ability of a material containing a crack to resist 

fracture) are of prime importance for both ceramics and metallic materials. Moreover, the local 

crystal defects (dislocations, stacking faults) strongly influenced the desired electronic, optical, 

magnetic and mechanical properties of materials. In single crystalline form, the dislocation 

studies played an important role in developing an understanding of dislocation theory which 

can be further used for different applications.   

In contrast to other ceramics, STO deformed plastically at room temperature and 

exhibits very peculiar ductile-to-brittle-to-ductile transition (DBDT) behavior as briefly 

mentioned in introduction part. Due to its stable cubic structure and unusual DBDT behavior, 

mechanical properties of this perovskite material have drawn increased interest. Therefore, 

STO has been studied extensively in a wide range of temperature via uniaxial compression 

testing. Recently, the small scale properties in STO have become the renewed center of 

attention in certain electronic fields due to its potential for implementation as a resistive 

switching memory and filaments of oxygen vacancies which is possibly related to dislocations. 

However, only a few small-scale behavior studies have been done in STO which will be 

reviewed in the proceeding sections along with uniaxial compression testing. Since in the 

present thesis, indentations have been performed in regime A (correspond to the temperature 

range of room temperature to 1053 K), therefore, the literature review will be focused on the 

major experimental findings in this regime. 
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2.4.1  Bulk Mechanical Behavior of (001) oriented STO 

In the last two decades, the stress – strain behavior of STO under uniaxial compression 

testing has been extensively studied by several authors. Recently, Patterson et al. [23] reported 

the temperature-dependent deformation and dislocation density in (001) STO single crystal via 

uniaxial compression testing and ex-situ X-ray diffraction rocking curve technique. In that 

work and the present study, the same (001) STO single crystals are used. Therefore, the results 

from this particular research are most relevant and important.  Fig. 2.4.1 illustrate the resulting 

stress – strain curves for three consecutive 0.4% plastic strain steps resulting in a total of 1 % 

to 1.1% plastic strain as a function of temperature.  

 

Fig. 2.4.1: Stress – strain curves (a), Young’s modulus calculated from stress – strain curves and RFDA 

measurements (b) for [100] growth direction aligned crystals for ~ 1 % total plastic strain as a function of 

temperature [23] 

With the increase in temperature, the yield strength and Young’s modulus decrease 

significantly, as illustrated in Fig. 2.4.1. The yield strength dropped by a factor of ~ 3 from an 

average value of 123 MPa at 25 °C to only 46 MPa at 450 ° C. Several other uniaxial 

compression experimental studies [18-20, 22] show decrease in flow stress with an increase in 

temperature in regime A. Patterson et al. further measured the average Young’s modulus 

initially from the slope of linear elastic regions and values found to be decreased from 238 to 

183 GPa as temperature increased from 25 °C to 450 °C, respectively. They determined 

Young’s modulus additionally via nondestructive resonant frequency and damping amplifier 

technique (RFDA). The Young’s modulus from RFDA technique was determined to be 264 

GPa at 25 °C and linearly decreased to 232 GPa at 450 °C, which is ~ 40 – 60 GPa higher than 

the E values obtained from stress-strain curves (Fig. 2.4.1b). Yang et al. [25] and Bernard et 

al. [3] determined the elastic modulus ~ 228 GPa from the slope of elastic region and 

nanoindentation experiments, respectively, which matches well with lower averaged value of 
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238 GPa measured from similar stress – strain curve slope method. However, the RFDA 

Young’s modulus values were found higher compared to earlier work on elastic properties.  

 For 1 % deformed specimen, Patterson et al. reported an increase in dislocation density 

at 300 °C compared to room temperature. Fig. 2.4.2 shows polarized light microscopy images, 

which revealed a qualitative increase in density and homogeneous distribution of birefringence 

lines for sample deformed at 300 °C compared to 25 °C.  

 

Fig. 2.4.2: Polarized light microscopy images on the polished (010) and (100) faces for samples deformed to      

1 % total plastic strain at (a) 25 °C and (b) 200 °C [23] 

 They further confirmed the increase in dislocation density via nondestructive XRD 

rocking curve experiments. The dislocation density for 25 °C and 300 °C STO crystals was 

determined to be 7.9 x 1012 m-2 and 1.4 x 1013 m-2, respectively, which was ~ 4 times higher 

compared to the specimen deformed at 300 °C. The polarized microscopy images further 

demonstrate that the 110 dislocations glide planes are clearly oriented 45° to the compression 

direction along <110> directions. These glide planes can be observed by looking through the 

(010) and (100) faces of crystals, which proved four activated slip systems. For regime A, Taeri 

et al. [22] also reported the dislocation mobility along four (011), (101), (110) and (101)  
planes. Taeri et al. further investigated the plastic behavior of STO for <100>, <110>, <211> 

and <543> compression axis in the temperature range from room temperature to 1800 K. They 

found that the STO exhibit a strong anisotropic behavior in regime A, as shown in Fig. 2.4.3. 
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Fig. 2.4.3: Stress – strain curves of samples deformed within regime A, along compression axes (a) <100>, (b) 

<110>, (c) <211> and (d) <543> [22] 

For different investigated orientations in regime A, the surprising, remarkable ductility 

at room temperature can be observed clearly (Fig. 2.4.3). However, for <100> compression 

axis, the yield stress is ~ 2 times lower compared to other compression axis at room 

temperature. For a better physical interpretation of results, a graph of critical resolved shear 

stress (CRSS) indicated by τo and the fracture stress (τfr) as a function of temperature for 

different orientation of compression axis is shown in Fig. 2.4.4. 
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Fig. 2.4.4: Critical resolved shear stress and the fracture stress as a function of temperature for different 

orientations of the compression axis [22] 

Irrespective of the orientation of the compression axis in regime A, the CRSS decreases 

slowly with increasing temperature up to 600 K where it approaches an almost constant stress 

value of ~ 50 MPa. In regime B, which depicts the ductile to brittle transition, increase in CRSS 

and fracture stress can be seen for all orientations of compression axis. However, in Regime C, 

which depicts the brittle to ductile transition, for <100> specimens, the temperature dependence 

of CRSS is very strong compared to non-<100> specimen. Gumbsch et al. [19] also performed 

uniaxial compression testing from room temperature to 1800K for <100> and <110> 

orientation in STO and found a similar trend of DBDT behavior. Both studies (Teari et al. and 

Gumbsch et al.) confirmed that for the <100> compression axes, slip occurs along 〈110〉 110  

system at low and high temperatures. However, for compression axis other than <100>, slip 

occurs along 〈110〉 110 	system at low temperatures, whereas, at high temperatures 〈100〉 110 	system dominates.  

The significant ductile behavior of STO in regime A is due to mobility of dislocations 

with <110> Burgers vector. This Burgers vector has a relatively large value of 5.5Å. The 

experimental observations [22,110] have also indicated that the <110> dislocations tend to 

dissociate into two collinear partials separated by a stacking fault, which is assumed to be an 

antiphase boundary (APB) as indicated by the following reaction: 

<110>                       1/2<110> + APB + 1/2<110> 
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This dissociation reaction is in accordance with the Frank energy criteria, since it leads 

to lowering of elastic energy. The high-resolution TEM image illustrating the experimental 

evidence of dissociation dislocation into two partial dislocations with the APB is shown in Fig. 

2.4.5. 

 

Fig. 2.4.5: HRTEM image illustrating the dissociation of a<110> dislocations into two partials with APB [110] 

Castillo-Rodríguez et al. [111] determined the dissociation width between the partial to 

be 30 – 40 Å. The energetics and structure of this APB have been studied by several authors 

[112-114] experimentally and theoretically, which attributed a wide range of spectrum value 

from 0.2 to 1.2 J/m2. These large APB energies result in very small dissociation distance of      

15 – 20 Å, which is significantly smaller than the experimentally obtained HR-TEM 

observations. This discrepancy between the theoretical and experimental predictions of APB 

energy remains unanswered for several years. Recently, Hirel et al. [115] performed the 

atomistic simulation to study the <110> dislocations in STO and resolved this long-standing 

discrepancy between the theoretical and experimental predictions of APB energy. Hirel et al. 

modelled the dislocations of screw and edge characters of Burgers vector <110> in STO and 

show that the screw dislocation dissociated into two collinear partials (Fig. 2.4.6) having a 

large APB boundary with a quite large 30 – 40 Å dissociation distance, which was in agreement 

with experimental observations. 
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Fig. 2.4.6: The atomic structure of a screw dislocation in STO, the two partial dislocations can be distinguished, 

but strongly overlapped. The large green spheres are represented as Sr ions, medium dark blue as Ti ions, small 

red sphere as O ions and TiO6 octahedra are shown in transparent light blue [115] 

They further reported that this surprising result is due to the fact that the partial 

dislocations minimize their energy by spreading in the glide plane and even overlap, which 

subsequently increases the overall width of dislocation.  

2.4.2  Small Scale Mechanical Behavior of (001) oriented STO 

Despite of comprehensive works on bulk single crystal plasticity of STO in a wide 

range of temperature, using uniaxial compression testing, little is known about the local, small-

scale behavior in STO. In the 90s, few TEM studies were conducted at the atomic resolution 

level to study the dislocation structure at the local scale. Matsunaga et al. [24] conducted 

Vickers micro-indentations using ~500 mN in (001) STO single crystal at room temperature 

and identified <110>{110} slip system via TEM analysis. Moreover, in that work, no 

dislocations with Burgers vector of <100> type were observed. 

Nishigaki et al. [116] performed high temperature (900 °C and 1100 °C) spherical 

indentation experiments on (001) STO single crystal using load ranged from ~ 400 mN to            

~ 980 mN via R = 0.6 mm, partially stabilized ZrO2-Y2O3 indenter tip and studied the activated 

slip systems using TEM analysis. At 900 °C and 1100 °C, they observed all the dislocations 

with Burgers vector of either <110> or <100> types. Moreover, they reported that both of these 

types of dislocations were in glide configuration at 900°, whereas, at 1100 °C, <001> 

dislocations were in the climb configuration along with most of <110> dislocations in glide 

configuration at 1100 °C. 

In early 2000s, after the discovery of unusual DBDT behavior in STO, along with other 

remarkable properties like stable cubic symmetry above 105.5 K, high dielectric constant and 

high chemical and thermal stability, made STO a prime candidate for different applications, 
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e.g., as a substrate with wide range of coating materials including superconductors, dielectric 

materials in capacitors and for producing different microelectronic heterostructures, which 

spark new interests in local scale plasticity in STO. Bernard et al. [3] used (001) oriented STO 

as a substrate for Pb0.9La0.1TiO3 (PLT) and Yttrium Barium Copper Oxide (YBCO) to study 

the mechanical behavior of ferroelectric thin films on perovskite substrate. Both of coating 

materials, PLT and YBCO are well-known for their ferroelectric and displaying high-

temperature conductivity, respectively. They performed nanoindentation and Vickers micro-

indentation experiments to study the local scale mechanical behavior of substrate (STO) and 

thin films (PLT and YBCO) and reported very valuable results in STO. The Vickers 

indentations were performed using four loads (150, 300, 500 and 1000 mN). During Vickers 

indentations, they always observed the cracks propagate along <110> directions and on turning 

the indenter to 45°, cracks appear at the corners of imprints, whereas at 0° indenter position, 

the crack appears at random position of imprints as shown in Fig. 2.4.7. 

 

Fig. 2.4.7:  Vickers residual impressions on STO: (a) 150 mN, 0° (b) 500 mN, 0° (c) 150 mN, 45° (d) 500 mN, 

45° [3] 

They calculated the fracture toughness (KIC) STO to be 1 ± 0.1 MPa.m1/2 (from the 

Vickers residual impression and crack length) using Anstis et al. [117] approach. From Vickers 

micro-indentation experiments, they observed a significant decrease in hardness at higher 

penetration depths due to cracking as shown in Fig. 2.4.8. 



 

 

46 

 

Fig. 2.4.8:  Evolution of Vickers micro-hardness in STO single crystal as a function of the load [3] 

Bernard et al. suggested that the cracking leads to mechanical relaxation in the material 

which consequently results in more penetration than expected and the measured hardness is so 

underestimated. At higher penetration depths, they reported the hardness value of ~ 7.5 GPa. 

From Berkovich nanoindentation experiments, at lower penetration depths, the hardness and 

modulus was calculated to be 9.5 ± 1.3 GPa and 225 ± 14 GPa, respectively. Moreover, they 

observed multiple pop-in events in nanoindentation load-displacement curve as shown in Fig. 

2.4.9.  
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Fig. 2.4.9:  Nanoindentation load-displacement curve for (001) STO singly crystal [3] 

They relate the occurrence of multiple pop-in events in STO with cracking and observed 

that the pop-in effect reduced significantly with the superconductor interlayer addition, which 

shows the better mechanical behavior of PLT/YBCO/CeO2/STO system. In that work, the 

nanoindentation data were only evaluated for basic hardness and modulus measurements of the 

substrate and thin films. Moreover, at smaller indentation depths (i.e., less than 100 nm), where 

the cracking is absent, the origin of multiple pop-in events still need to study in details. 

Yang et al. [25] also studied the activated slip systems and dislocation structure in the 

vicinity of the crack tip during room temperature Vickers indentation experiments (at 

maximum load of 100 gf and 1Kgf) in (001) oriented STO single crystal using chemical 

etching, FIB, SEM and TEM analysis. They reported an additional slip system 〈110〉 001 	along with the primary slip system 〈110〉 110 . This is the only study giving an 

indication of slip along 〈110〉 001  system. Moreover, from TEM analysis they observed (a) 

the dislocations with edge, screw and mixed character (Fig. 2.4.10a), (b) sessile jogs (D6 in 

Fig. 2.4.10b), (c) dipole trails, edge, screw and mixed dipoles, (d) decomposition of such 

dipoles in loops, (e) formation of sub-grain boundaries. 
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Fig. 2.4.10: Bright-field TEM images (a) screw and edge type dislocation along with dislocations in the framed 

region forming jogs, (b) screw dipole D6 formed by gliding edge dislocations in its slip plane [25] 

 Furthermore, TEM analysis on FIB obtained cross-sections close to the crack tip 

revealed that the dislocations emitted half loops on the (001) planes with a Burgers vector of 

[011].  They also reported the half-penny crack nature below the indentations and confirmed 

the fracture toughness of ~ 0.89 MPa.m1/2 similar to those calculated by Bernard et al [3].  

Recently, Kondo et al. [26], however, reported only 〈110〉 110  type slip during in-situ 

TEM nanoindentation experiments in (001) STO single crystal. Fig. 2.4.11 shows some images 

captured from the recorded video during nanoindentation experiments under different loading 

and unloading time intervals. They observed three types of dislocations: Type I, which initially 

nucleated and propagated in a semi-circle shape and then splits into two segments having 

±[100] directions (Fig. 2.4.11a, @14s). Type II and type III dislocations were also nucleated 

near contact area and moved along [101] and [101] directions, respectively (Fig. 2.4.11a, @38 

and 57s). Moreover, they clearly observed the annihilation of dislocations of Type I 

dislocations as shown in Fig. 2.4.11 b. 
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Fig. 2.4.11: Sequential dark-field TEM images captured from the movie recorded during nanoindentation 

experiments (a) during indenter loading showing Type I, II and III dislocations (b) during indenter unloading 

showing annihilation of dislocations [26] 

 The discrepancies in the activated slip system at the local scale and high hardness of 

9.5 GPa for a material with a yield stress of ~ 120 MPa (which is still unanswered) show that 

our knowledge of dislocation structure evolution at small scales and details of dislocation based 

nanoplasticity in STO is still very limited. Moreover, none of the indentation studies discuss 

the ISE behavior in STO, which is more pronounced at the local scale. Therefore, in the present 

work, a comprehensive 3D dislocation structure evolution at local scale have been studied 

using nanoindentation combined with chemical etching technique, SEM, HR-EBSD and MD 

simulations.   
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Chapter 3   Experimental Procedure 

 

3.1   Material 

In the present work, un-doped single crystalline (001) oriented STO specimens grown 

by the Verneuil method were used. The specimens were supplied by Alineason Materials 

Technology GmbH, Frankfurt am Main, Germany in polished (4-sided) cuboidal form. For 

room temperature spherical and Berkovich indentations, the specimens dimension were 4 x 4 

x 8 mm3. However, for high-temperature Berkovich indentations, thinner (001) oriented STO 

single crystals with dimensions of 4 x 2 x 2 mm3 were used in order to provide a sufficient 

heating of the surface.  

3.2   Estimation of Materials Removal Rate in (001) STO  

To study the dislocation structure below the indentation, a desired amount of material 

should be removed from the surface of the specimen. To estimate the material removal rate of 

(001) oriented STO, polished and etched STO specimen was first indented and the indentation 

depth ‘ho’ was measured before subsequent polishing using a confocal laser microscope (LEXT 

4000, Olympus, Japan) as illustrated in Fig. 3.2.1.  

 

 

Fig. 3.2.1: Schematic diagram showing different cross-sections along with indentation depths 

A vibrational polishing machine from Jean-Wirtz GmbH, Düsseldorf, Germany, was 

used to remove the required amount of material from the specimen surface via a 40 nm colloidal 

silica suspension (OPS Struers A/S, Ballerup, Denmark). The STO specimen was polished for 



   

51 

one-hour and the residual impression depth (ho - h1) was measured for the same indent, which 

provides the amount of material removed per hour from the surface of the specimen to cross-

section a-a* (Fig. 3.2.1). The specimen was further polished for another hour and the remaining 

depth (ho – h2) was measured at cross-section b-b*. The polishing rate was determined by 

averaging the amount of material removed per hour. Multiple reference indents were used to 

confirm the removal rate. The Fig. 3.2.2 shows two 200 gf Vickers indentations performed on 

the same etched (001) oriented STO single crystal via Zwick micro-hardness tester.  

 

Fig. 3.2.2: 200 gf Vickers indentations along with representative indentation depths before polishing 

For Vickers indentations ‘A’ and ‘B’, the indentation depths before polishing (ho) was 

measured to be 2.663 µm and 2.686 µm, respectively. The Vickers indentations were polished 

for one-hour using OPS vibrational polishing and the indentation depths for polished Vickers 

indents were measured via confocal laser microscope as shown in Fig. 3.2.3. 
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Fig. 3.2.3: 200 gf Vickers indentations along with representative indentation depths after one-hour polishing 

After one-hour polishing, the indentation depth for indent ‘A’ and ‘B’ was measured to 

be 2.541 µm and 2.566 µm, respectively. The amount of material removed per hour was 

calculated by subtracting the measured non-polished and polished indentation depths. For 

indent ‘A’ and ‘B’, it was determined to be 0.122 µm / hour and 0.120 µm / hour, respectively. 

The same indentations were further polished for another one-hour using OPS vibrational 

polishing and indentation depths for polished indents were measured using laser microscope as 

shown in Fig. 3.2.4. 
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Fig. 3.2.4: 200 gf Vickers indentations along with representative indentation depths after two-hours polishing 

After two-hours polishing, the indentation depth for indent ‘A’ and ‘B’ was measured 

to be 2.421 µm and 2.44 µm, respectively. For second polishing, the amount of material 

removed per hour was determined to be 0.12 µm and 0.126 µm for indent ‘A’ and ‘B’, 

respectively. The polishing rate was thus determined by averaging the removal rate per hour 

and found to be 0.122 ± 0.003 µm/hour. 

 The material removal rate was found to be strongly influenced by silica suspension 

concentration and applied weight. For the present work, a weight of ~900 grams and 4:1 ratio 

of silica suspension to distilled water were used for vibrational polishing. As Fig. 3.2.1 

schematically illustrates that below the center of indent, the plastic zone still exists which 

requires etching to reveal the dislocation structure below the indentation. From the known 
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polishing rate, the dislocation structure at any desired depth underneath the indentation can be 

studied.  

3.3  Experimental Protocol 

3.3.1 Analysis of Dislocation Structure on the Surface of Specimen 

The polished specimens were first etched for the 20s in 10ml 65% HNO3 with a few 

drops of 40% HF to reveal pre-existing dislocations. To study the dislocation structure 

evolution from incipient plasticity to a fully developed plastic zone, the indentation 

experiments were performed by using Berkovich and spherical indenter tips at different loads 

(see section 3.5 for details). The indentations were first imaged with a scanning electron 

microscope (MIRA 3XMH, FEG-SEM, TESCAN, Czech Republic) to observe slip steps on 

the surface. A confocal laser microscope was further used to measure the indentation depth. 

After indentations, the dislocation structure within the plastically deformed zone was revealed 

by re-etching the STO single crystal for 10 to 20 seconds in the same etchant. The second 

etching step leads to larger etch-pits for the pre-existing dislocations, allowing to distinguish 

them from the indentation- induced etch-pit pattern as shown in Fig. 3.3.1 for an exemplary 45 

mN Berkovich indentation. 

 

Fig. 3.3.1: Etched SEM Berkovich indentation at 45 mN load showing pre-existing dislocation etch-pits along 

with indentation-induced etch-pits 
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A higher etching time (~20 seconds) was used for studying the dislocation shape and 

tracking the dislocation pile-ups. However, for dislocations quantification, lower etching time 

(~10 seconds) was used. 

3.3.2 Analysis of Dislocation Structure below the Indentation via SPET 

Fig. 3.3.2 schematically illustrates the presence of plastic zone below the spherical 

indentation. To reveal the dislocation structure at desired depth below the indentation 

(indicated by dotted line in Fig. 3.3.2), vibrational polishing was conducted to remove a certain 

amount of material from the specimen surface. After reaching desired polishing depth, 

subsequent etching was done to reveal the dislocation structure. The process of sequential 

polishing and etching is termed as SPET, which allow to obtain the dislocation structure at any 

chosen polishing depth. 

 

Fig. 3.3.2: Schematic illustration of plastic zone below the indentation where dotted lines depict the desired 

polishing depths 

After imaging the dislocations at that particular polishing depth, further vibrational 

polishing was performed until next desired polished depth was reached. After each etching 

step, the specimen should be polished until all the dislocation etch-pits from the previous 

etching step were no longer visible on the surface, which is the minimum criteria for polishing 

depth. The whole process was repeated until no etch-pits were observed at the point of contact 

below the indentation or after obtaining the desired number of cross-sections as shown in Fig. 

3.3.3.  
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Fig. 3.3.3: Schematic of experimental protocol for 3D dislocation etch-pit structure study 
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3.4   Dislocation Etch-Pit Quantification 

For quantification of dislocation etch-pits, the etched SEM images were digitized by 

placing a spot at the center of each etch-pit as exemplarily shown for pile-up A in Fig. 3.4.1.  

 

Fig. 3.4.1: Etched SEM Berkovich indentation at 12 mN load 

It is also evident from Fig. 3.4.1 that the non-polished, etched indentations show the 

dislocation etch-pits only around the residual impression and inside the contact area, the etch-

pits are invisible. For estimation of lattice frictional stress at room and 350 °C, only dislocation 

pile-ups were digitized. However, to study the ISE, the specimen was polished and dislocation 

structure underneath the indentation was digitized as shown in Fig. 3.4.2 for an exemplary 

polished 25 mN indent. Using digitized image, the dislocation density (defined as the number 

of etch-pits / digitized points per unit area) were analyzed in circular regions. 



 

 

58 

 

Fig. 3.4.2: Dislocation etch-pit structure underneath ( at -1200 nm) the 25 mN Berkovich indentation (a) SEM 

image (b) Digitized image 

3.5   Indentation Experiments 

For nanoindentation experiments, two separate instrumented nanoindenters, iNano 

(Nanomechanics inc., USA) and G200 (Keysight Technologies, USA) were used in the present 

work. Both nanoindenters are equipped with load controlled (LC) and continuous stiffness 

measurement (CSM) units. A maximum load of 50 mN and 500 mN can be applied by using 

iNano and G200 nanoindenter, respectively. However, the iNano has a lesser time constant and 

better dynamics as compared to G200 nanoindenter, which enables to identify the different 

events occurring within the material like multiple pop-in events. Therefore, iNano was used 

for lower load Berkovich indentation experiments. The G200 nanoindenter was further used 

for room temperature and 350 °C Berkovich indentations. However, the spherical indentation 

experiments were performed only at room temperature using nanoindenter G200 and Brinell 

hardness tester (Wolpert Dia Tester2, Germany). The details of these indentation experiments 

are given below:  

3.5.1  Spherical Indentations  

The spherical indentation experiments were carried out with a G200 nanoindenter from 

Keysight Technologies, USA, equipped with diamond spherical indenter tips having radii of 

7.5 µm and 25 µm. Based on the Hertzian elastic contact solution, the data before the pop-in 

event was fit (as shown in Fig. 3.5.1, for an exemplary spherical nanoindentation LD curve) 

using a power law relationship, P α h3/2,  and indenter tip radius was calculated using Eq. 2.2.9.  
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Fig. 3.5.1: Spherical indentation load – displacement curve for R = 7.5 µm along with the Hertzian fit before 

pop-in event 

Maximum loads of 200 mN and 450 mN were applied in 7.5 µm and 25 µm radii ball 

indentations, respectively. Several nanoindentation experiments were stopped just after the first 

pop-in (denoting the elastic-to-plastic transition of the material) to study the dislocation 

structure around indentations at the point of incipient plasticity. Along with nanoindentation 

experiments, a Brinell hardness tester (Wolpert Dia Tester2, Germany) having a steel tip of 2.5 

mm radius was used to study the dislocation structure evolution at lower a/R ratio, where ‘a’ is 

the contact radius and ‘R’ is the tip radius. The 3D dislocation etch-pit structure underneath the 

indentation was revealed by using the SPET analysis as explained in section 3.2. 

3.5.2  Room Temperature Berkovich Indentations  

The room temperature Berkovich indentations were performed via two separate 

instrumented nanoindenters, iNano (Nanomechanics inc., USA) and G200 (Keysight 

Technologies, USA) using the diamond indenter Berkovich tip. The amorphous silica mounted 

on an aluminum base was used for calibrating the area function of the tip. A range of loads up 

to 45 mN and 400 mN were used in these experiments by using iNano and G200 nanoindenter, 

respectively. During the experiments, the load and penetration depth was measured during the 

entire indentation tests and the hardness was measured by using the Oliver-Pharr method [44]. 
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The LC and CSM methods were used to study the ISE behavior and the effect of the change in 

hardness during multiple pop-in events, respectively (see section 4.2.1 for details). 

3.5.3  High Temperature (350 °C) Berkovich Indentations  

An instrumented indentation system (G200 Nanoindenter, Keysight Technologies, 

USA) equipped with both sample and sapphire indenter tip heating (Laser Heater for 

Nanoindentation, Surface Systems Technology, Germany) was used for 25°C and 350°C 

indentation testing. The sapphire Berkovich tip was heated by an 808 nm laser having a 

maximum power of 4W from the back of the tip. The STO sample was mounted with a graphite 

glue onto a quartz plate within the nanoindenter sample tray. 

Sample heating was accomplished with a 939 nm laser having a maximum power of   

45 W. A thermocouple was embedded within the quartz plate less than 1mm from the bottom 

surface of the sample. The temperature was held constant with PID controller. The temperature 

control for tip and sample was within 0.1°C of the target temperatures. Since STO is highly 

non-conducting, the sample surface temperature was measured by an additional thermocouple 

in direct contact. The sample surface temperature was found to be only 70% of the stage 

thermocouple temperature. The tip temperature was therefore set to match the observed surface 

temperature of the sample in order to avoid thermal gradients. In an effort to minimize thermal 

drift, indentation load was linearly ramped to the maximum (50, 100, and 200 mN) in 5s, 

followed by a 1s hold, and then a 5s unload to 90% of the maximum load. Drift rates, i.e., the 

time rate of change in displacement under constant load, were subsequently estimated.  

Amorphous silica mounted on an aluminum base was used for calibrating the area 

function of the tip. However, during preliminary testing, a noticeable blunting of the sapphire 

tip was found at higher temperatures. So, hardness, H, was calculated by the applied load 

divided by the contact area in order to avoid complications with tip blunting over the course of 

the testing. 
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3.6  HR-EBSD 

The HR-EBSD measurements were performed on both STO Berkovich and spherical 

indentations (in etched and un-etched conditions) at the surface and various polishing depths. 

The indentations with residual impression / etched surface can be easily located for HR-EBSD 

measurements. However, for polished cross-sections, the plastic zone below the residual 

impression is not visible inside the SEM. Therefore, larger indentation depth reference arrays 

were made close to the indentations of interest. An exemplary region is shown in Fig. 3.6.1, 

where indentations of load 2 mN, 5 mN and 10 mN are the arrays of interest, whereas the 

reference arrays are indicated by dotted rectangles.  

 

Fig. 3.6.1: Laser microscope images of reference arrays (in dotted boxes) along with arrays of interest (2 mN, 5 

mN and 10 mN) for HR-EBSD measurements at a) Surface in etched conditions b) after polishing in un-etched 

condition 

 



 

 

62 

At the surface, in etched conditions, each 2 mN, 5 mN and 10 mN indentation can be 

easily identified (Fig. 3.6.1a). However, on the polished surface and in the un-etched 

conditions, the residual impression or plastic zone is not visible for the small load indentations 

(Fig. 3.6.1b). In such cases, the indentations of interest were located by measuring the distance 

from the arrays of reference indentations and HR-EBSD was performed.  

The HR-EBSD measurements were made with a TESCAN MIRA3 SEM equipped with 

an EDAX TSL DigiView EBSD system (EDAX, Mahwah, NJ, USA). The system was operated 

at 15keV. A very thin layer of carbon was used to avoid drift and charging effect. An exemplary 

Kikuchi pattern of a carbon coated (001) oriented STO single crystal along with simulated 

pattern is shown in Fig. 3.6.2, which clearly indicate a good quality pattern and ensure the 

reliability of EBSD measurements for further analysis.  

 

Fig. 3.6.2: Kikuchi pattern of (001) STO single crystal (a) simulated pattern (b) carbon coated pattern 

Fig. 3.6.3 shows a High Resolution Kernel Average Misorientation (HR-KAM) Map 

obtained on the etched surface of R = 7.5 µm spherical indentation.  
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Fig. 3.6.3: Spherical indentation of R = 7.5 µm tip, showing dislocation microstructure at the surface (a) SEM 

image showing dislocation etch-pit structure (b) HR-KAM map showing higher misorientation at positions of 

etch-pits 

 

The HR-KAM map clearly indicates the higher misorientation in both <100> and 

<110> dislocation etch-pits positions along with the pre-existing dislocation etch-pits (larger 

red spots). The same indentation was polished to remove 300 nm of material from the surface 

of the specimen and HR-EBSD was performed on the non-etched surface, which reveals only 

the central regions of the indentation in the HR-KAM map (Fig. 3.6.4b). After EBSD 

measurements, the indentation was re-etched, which reveals the dislocation pile-ups in both 

<100> and <110> directions at 300 nm depth below the indentation (Fig. 3.6.4a). 
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Fig. 3.6.4: Spherical indentation of R = 7.5 µm tip, showing dislocation microstructure after removing 300 nm 

of material (a) SEM image showing pile-ups in both <100> and <110> directions (b) HR-KAM map showing 

misorientation only in the central region of indentations 

This evidence confirms that the presence of pile-ups in HR-KAM on the etched surface 

were artificial due to the presence of etch-pits. Therefore, in the present work, all the EBSD 

measurements were performed on non-etched surfaces. After EBSD measurements, specimens 

were re-etched to reveal the dislocation etch-pit structure at that particular depth and for direct 

comparison with HR-EBSD maps.  

 HR-EBSD measurements were performed by using 100 nm and 200 nm step sizes. Fig. 

3.6.5 shows GNDs distribution map for two 5 mN polished Berkovich indentations performed 

at 100 nm and 200 nm step sizes.  
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Fig. 3.6.5: GNDs distribution map obtained from HR-EBSD analysis of 5 mN Berkovich indentations using a 

step size of (a) 100 nm (b) 200 nm  

The noise level was calculated by excluding the dense region of GNDs from the rest of 

scan area. For 200 nm step size measurements, the noise level was found to be lower                     

(~ 1.4 x 1013 m-2) compared to 100 nm step size (~ 2.5 x 1013 m-2). However, due to larger step 

size (200 nm), the data points in the central region of indentation were reduced as compared to 

100 nm step size measurement. Therefore, for smaller indentation depths and quantification of 

dislocations, a step size of 100 nm was used.  

The EBSD patterns were analyzed using the commercial software Cross-Court 4 (CC4) 

from BLG Vantage Software Inc. (Bristol, UK). The software CC4 involved the cross-

correlation analysis based on the detection of small shift with respect to a reference pattern, 

representing a un-strain region. The details of GND density distribution and elastic strain 

calculations can be found in reference [107]. With regards to the uniaxial compression and 

indentation testing cited above in section 2.4 along with the results in the present work, 〈110〉 110  slip systems were used in crosscourt software for analyzing GNDs distribution 

maps.  

In subsequent sections, 3D dislocation structure at incipient plasticity and its evolution 

around and underneath the spherical indentations will be discussed first. This discussion will 

be followed by the room and elevated temperature Berkovich indentation experiments.  
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Chapter 4   Results and Discussion 

 

4.1   Spherical Indentation Experiments  

4.1.1   Incipient Plasticity and Effect of Pre-existing Dislocations 

The strong influence of pre-existing dislocations on incipient plasticity is demonstrated 

by carrying out the nanoindentation experiments on pre-etched STO single crystal. Fig. 4.1.1(a) 

shows a SEM image of an exemplary region of two ball indentations from a regular array of 

twenty indents (having a spacing between two consecutive indents of 70 µm) performed at 

maximum load of 50 mN with R = 7.5 µm tip radius spherical indenter along with 

representative load-displacement curves (Fig. 4.1.1b). 

 

Fig. 4.1.1:  (a) Etched SEM image of R = 7.5 µm spherical indentations along with load – displacement curves 

(b) 50 mN (c) 150 mN, where tests 2,3,4 & 8 were pure elastic, having loading – unloading curve on top of each 

other. 

The average initial dislocation density in the region was determined to be               

1.8×1010 m-2. Out of twenty indentation tests, only two indentations led to plastic deformation. 

For such a plastic contact, a clear pop-in was observed in the load-displacement curve (indent 
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1 in Fig. 4.1.1(b)), whereas elastic contact leads to a completely reversible loading and 

unloading curve (indent 2). The absence of a plastic zone for indent 2 was confirmed by etching 

(indicated by a red circle in Fig. 4.1.1a). Even for crystals with a very low initial dislocation 

density, the probability of the dislocation nucleation increases with increasing load [54]. Fig. 

4.1.1(c), obtained at a load of the 150 mN indentation experiment, shows plastic deformation 

at higher loads and with a larger pop-in length. When pre-existing dislocations were inside / 

close to the contact location, the pop-in occurred at much lower loads with smaller pop-in 

lengths (see test 5 in Fig. 4.1.1(c)). However, for the regions like indent 2 (Fig. 4.1.1a), contact 

either would be elastic (test 2,3,4&8) or pop-in occurred at much larger load with larger pop-

in lengths (test 1&7) as shown in Fig. 4.1.1(c). The influence of pre-existing dislocations on 

the pop-in phenomenon is well-known and discussed in the literature [29, 55]. However, it is 

pertinent to mention here that the incipient plasticity load is strongly related to dislocation 

structure around the indentations. When first pop-in occurs at lower loads, only few dislocation 

pile-ups can be observed, whereas at larger first pop-in event load, fully developed dislocation 

pile-ups structure can be seen for STO. This direct relevance of the dislocation structure to 

incipient plasticity is reported here for the first time in STO.  

Several indentations were stopped just after the first pop-in event to study the 

dislocation structure at incipient plasticity. Fig. 4.1.2(a) illustrates the result for R = 7.5 µm 

spherical indentation that was stopped after the first pop-in event at a load level of 40 mN. 

Inside the residual impression, a couple of etch-pits that remained from the pre-etching can 

clearly be seen. After indentation, but before re-etching, several slip steps in <100> direction 

are observable (Fig. 4.1.2a). This suggests that the slip along the <100> directions leads to the 

formation of surface steps indicating a Burgers vector with a component perpendicular to the 

surface.  



 

 

68 

 

 

Fig. 4.1.2: SEM images of 7.5 µm tip radius spherical indentation (a) before etching showing slip step only in 

<100> directions (b) after re-etching showing etch-pits in <100> as well as <110> directions 
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After re-etching of the same indent, dislocation etch-pits appear along the slip steps 

aligned in <100> directions, but also in <110> directions (Fig. 4.1.2b). As will be shown by 

our simulations, these additional etch-pits along <110> directions are associated with 

dislocations on 〈110〉 110  systems, which have a Burgers vector parallel to the surface plane 

and dislocations emerge with a pure edge character. Consequently, these dislocations do not 

leave behind surface steps, and etching was thus required to make them visible. 

The present spherical indentation analysis provides a direct experimental evidence 

showing pre-existing dislocations also strongly influence the maximum shear stress (τmax) at 

the pop-in load. The spherical indentations conducted close to pre-existing dislocations showed 

lower τmax values. For the spherical indentation shown in Fig. 4.1.2, the maximum shear stress 

was determined using τmax = 0.31po, where po was calculated from Eq. 2.2.10. The τmax was 

calculated to be ~ 5.6 GPa, using the pop-in load of 40 mN, an effective indentation modulus 

of 264 GPa and an indenter tip radius of 7.5 µm. Since the shear modulus of STO is 107 GPa, 

the calculated τmax value was determined to be very low as compared to the theoretical shear 

strength (G/2π) value of 17 GPa. However, for the regions like indent 2 (Fig. 4.1.1), for 7.5 µm 

tip radius spherical indentations, the average τmax value was determined to be 9.1 ± 0.9 GPa. 

On the other hand, for similar regions, the average τmax for 25 µm tip radius spherical 

indentations was determined to be 6 ± 0.1 GPa, which is even lower than the 7.5 µm tip radius 

spherical indentations. To explain the influence of pre-existing dislocations on τmax, a 

schematic diagram showing the effect of change of indenter tip radius on the influence of highly 

stressed zone below the indentations are shown in Fig. 4.1.3. 
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Fig. 4.1.3: Schematic diagram showing the geometry of the nanoindentation test with spherical indenters [54] 

For the small spherical indentations, there is a larger probability that the highly stressed 

region can be much smaller than the average spacing between the dislocations ‘l’. Therefore, 

the plasticity can occur at much higher shear stress. Whereas, for larger spherical indentations, 

the probability of the presence of pre-existing dislocations in the highly stressed region is 

higher, which leads to plasticity at lower stresses. Hence, for 25 µm tip radius spherical 

indentations, the τmax was calculated to be lower (~6 GPa) as compared to 7.5 µm tip radius 

spherical indentations. Moreover, for 7.5 µm spherical indentations, when the indentations 

were made inside / close to the pre-existing dislocations, the maximum shear stress is reduced 

from ~ 9.1 GPa to the ~ 5.6 GPa. If the indentations are made in a dislocation free region with 

a smaller tip radius, the τmax value is expected to reach close to the theoretical shear strength 

value at pop-in event, which will be discussed in section 4.2.1 for Berkovich indentation 

experiments.   

4.1.2   Three-dimensional Dislocation Structure Evolution and Activated Slip Systems  

The evolution of the plastic zone during spherical indentation is strongly dependent on 

the dislocation density as well as the tip radius. For pristine crystals, a large pop-in will prevent 

studying the dislocation structure at low a/R ratios, which is, however, important for 

understanding the evolution of the dislocation structure from an elastic-plastic transition to a 

full plastic behavior. Therefore, a larger spherical indenter tip with R = 2.5 mm was used and 
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the dislocation structure evolution was analyzed in terms of the representative strain measure 

a/R. Fig. 4.1.4 illustrates the dislocation etch-pit structure around a 2.5 mm radius ball 

indentation at 50 N load with the dotted circle indicating the contact area.  

 

Fig. 4.1.4: Laser microscope image of an etched 2.5 mm tip radius spherical indentation at 50N load 

At a/R=0.04, only dislocation pile-ups in <100> directions can be seen, confirming that 

they appear first. Furthermore, the dislocation pile-ups form an intersecting quadratic figure, 

which resembles a box like structure.  

For small spherical indenter tip indentations (R = 25 µm), at a/R = 0.12, dislocation 

pile-ups along <110> directions were also observed, along with pile-ups in <100> directions 

(Fig. 4.1.5a) indicating that the pile-ups in <110> directions appear at a later stage of plastic 

deformation. With increasing indentation load, the number of dislocation pile-ups in <100> 

and <110> directions increases, leading to a fully developed asterisk-shaped plastic zone as 

shown in Fig. 4.1.5b. Both of these indentations (Fig. 4.1.5 (a) and (b) at 190 and 400 mN load, 

respectively) were stopped just after first pop-in event and a clear dependence of the dislocation 

etch-pit pattern on the pop-in load can be seen, which was mentioned briefly in section 4.1.1. 
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Fig. 4.1.5: SEM images of 25 µm tip radius spherical indentations at (a) 190 mN (b) 400 mN 

It seems that larger plastic strains lead to the activation of new slip systems, which are 

required to accommodate the shape of the spherical indenter. Interestingly, the lengths of 

<110> dislocation pile-ups exceed those of <100> pile-ups at higher loads, which suggests that 

dislocation glide in the <110> pile-ups is easier compared to <100> directions. For 7.5 µm tip 

radius spherical indentations, a similar evolution of the dislocation structure was observed as 

shown in Fig. 4.1.6. 

 

Fig. 4.1.6: SEM images of 7.5 µm tip radius spherical indentations at (a) 50 mN (b) 150 mN  

From the shape of etch-pits and by tracking the dislocation pile-up, further insight into 

the 3-dimensional distribution of the slip systems can be gained (Fig. 4.1.7-8). For this purpose, 

a 25 µm tip radius spherical indentation at a/R = 0.1 was analyzed. The morphology of an 

individual etch-pit can already give an indication of the orientation of the dislocation line with 

respect to the surface.  
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Fig. 4.1.7: SEM images of 25 µm tip radius spherical indentation (a) at the surface along with inset regions 

showing the symmetrical and non-symmetrical etch-pits in <100> and <110> directions, after polishing (b) - 

1.2µm (c) -1.8µm (d) – 6.0 µm 
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For both <100> and <110> directions, dislocation etch-pits with square-shape were 

found. A closer observation reveals that etch-pits from dislocations in <110> pile-ups are 

symmetrical in shape (centered bottom) whereas non-symmetrical (off-centered bottom) for 

<100> pile-ups (inset region of Fig. 4.1.7a). The center position of the non-symmetrical etch 

pits is either shifted to the left or to the right. In dislocation pile-up #2, the last few etch-pits 

clearly exhibit a left-shifted center indicating that the intersecting dislocation line is inclined to 

the surface in the left direction. The symmetrical etch-pits of pile-up #1 (along <110> direction) 

indicate that these dislocation lines are perpendicular to the surface. Fig. 4.1.8 schematically 

illustrates the inclination of dislocation line below the surface for symmetrical and non-

symmetrical etch-pits.  

 

Fig. 4.1.8: Schematic illustration showing the inclination of dislocation with respect to etch – pit (a) 

symmetrical (b) non-symmetrical 

Since the indented plane was (001), the symmetrical etch-pits suggest that the 

dislocation lines of pile-up #1 lie on {110} planes, which are perpendicular to the surface 
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(denoted as {110}90 in the following). Whereas dislocations leading to non-symmetrical etch-

pits lie on either {110}45 (denoting 45° inclination with respect to the surface) or on {100}90 

slip planes. The off-centered shape of the etch-pit indicates that the dislocations in <100> 

direction lie on {110}45 slip planes. Fig. 4.1.9 schematically illustrates the assumed 

configuration of dislocation half loops that lead to pile-ups of symmetrical and non-

symmetrical etch-pits.  

 

Fig. 4.1.9: Schematic illustration of dislocation half loops underneath the indentation from centered and off-

centered dislocation etch-pits along {110}90 and {110}45 planes 

The dislocation pile-ups in <100> directions were tracked below the surface to confirm 

that the dislocations lie on {110}45 planes. For this purpose, sequential polishing and etching 

were performed. After removing 1.2 µm and 1.8 µm of material from the surface of the 

specimen, a significant change in dislocation pile-up positions in <100> directions was 

observed. As expected, pile-up #1 in <110> direction did not change its position (Fig. 4.1.7), 

because dislocations are located on a plane perpendicular to the surface. The dislocation pile-

ups #2 and #2* were chosen as exemplary pile-ups to discuss the 3D nature of slip planes and 

pile-ups. For both pile-ups, #2 and #2*, a left off-centered shift for the last few etch-pits can 

be clearly seen in the inset of Fig. 4.1.7(a) indicating an inclination with the surface. Moreover, 

the shape of the fourth etch-pit in pile-up #2* (marked with a blue box) was found to be non-

square. Such non-square shapes occur when dislocations are very close to each other, and their 

etch-pits combine as illustrated in Fig. 4.1.7(a′). Below the blue boxed etch-pit in pile-up #2*, 

the shape of etch-pit was found to be square again with left-shifted center, which suggests the 

presence of another dislocation pile-up close to pile-up #2*. Similarly, in the dotted rectangular 
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region in pile-up #2, we identified additional nearby etch-pits, suggesting the presence of 

multiple pile-ups close to pile-up #2.  

After removing 1.2 µm of material from the surface and subsequent etching, two new 

pile-ups #3 and #3* close to pile-up #2 and #2* were observed as shown in Fig. 4.1.7b. The 

etch-pit centers in pile-up #3 and #3* were found to be right-shifted, indicating an inclination 

of dislocations opposite to pile-ups #2 and #2*. The distance between pile-up #2* and #3* at 

this depth was measured to be ~2.4 µm, which is twice the polishing depth. This strongly 

suggests that the elongated non-square etch-pits on the original surface in Fig. 4.1.7(a) were 

due to a near overlap of pile-ups #2* and #3*, which separate below the surface. Fig. 4.1.10 

schematically shows the alignment of pile-ups #2,# 2*, #3 and #3* below the indenter along 

differently oriented {011}45 planes. 

 

 

Fig. 4.1.10: Schematic illustration of dislocation pile-up #2, #2*, #3 and #3* movement below the indentations 

along {110}45 planes 

Fig. 4.1.10 indicates that the pile-ups #2 and #3* should cross each other between the 

depths of 1.2 µm and 1.8 µm. SEM images of the surface polished to 1.8 µm depth confirmed 

this crossing (Fig. 4.1.7c). A significant change in etch-pit spacing in pile-ups #2 and #3* can 

be seen before and after crossing, indicating some interaction between the intersecting pile-

ups. In addition to that the length of pile-up #2 decreases after crossing pile-up #3*.  

Further polishing (down to 6 µm) revealed a dislocation free region surrounded by a 

box-shaped etch-pit structure consisting of <100> dislocation pile-ups lying on {110}45 slip 
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planes. Due to the U-shaped half loops below the indentation, a shortening of the pile-up 

lengths in <100> and <110> etch-pit directions (Fig. 4.1.7d) was observed, whereas the <110> 

pile-ups nearly vanished.  

Right below the surface, a region of high dislocation density with a half circular shape 

can be clearly identified (Fig. 4.1.7b). In this region, complex dislocation interactions are 

expected. The dislocation etch-pits with a spacing of ~50 nm were resolved in this dense region 

of dislocations, by lowering the etching time. This corresponds to a maximum dislocation 

density of 4 x 1014 m-2, which is much higher than the values recently reported by             

Patterson et al. [23] during uniaxial compression testing using the X-ray diffraction rocking 

curve technique. The shape of individual etch-pits in the dense region of dislocation density 

(Fig. 4.1.7b) cannot be resolved and the probability of etch-pit coalescence is much higher. 

Due to these issues, 3D dislocation etch-pit tracking is not feasible, making it difficult to 

identify the activated slip systems. Therefore, MD simulations were conducted to provide 

further insight into the defect interaction mechanisms.  

4.1.3   MD Simulations 

Standard experimental techniques can provide only an incomplete view of the 

microscopic processes that govern the materials response in nanoindentation tests, especially, 

when they take place below the surface. In order to develop a more complete understanding of 

3D dislocation structure formation, MD simulations were performed by Alexander Stukowski 

in collaboration with Material Modelling division of TU Darmstadt. 

 The MD model of single crystal STO comprises 160 x 160 x 80 perovskite unit cells 

(10.2 million atoms). The spherical indenter (R=32 nm), which is modeled as a moving 

repulsive force field, is moved along [001] at constant velocity (v=40 m/s) into the material. 

The temperature of the system is kept close to 0 K to study the quasi-static behavior of the 

specimen and exclude temperature and indentation rate-dependent effects as far as possible. 

The simulations were performed with the simulation code LAMMPS [118] and analyzed with 

our software OVITO [119]. Long-range Coulombic interactions were computed with the 

particle-particle particle-mesh (PPPM) solver of LAMMPS. 

To assess possible model size effects, we repeated the simulation with a larger crystal 

(320 x 320 x 240 unit cells, 123 million atoms). The observed dislocation structures are 

virtually the same as in the small model, but the larger crystal shows a more compliant 

behavior, both in the elastic and the plastic regime due to the extended material volume. Thus, 
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the simulation volume does not fundamentally affect the formation of dislocation defects in the 

plastic zone, whereas hardness values reported from these simulations cannot be directly 

compared to experiments on larger scales. Furthermore, we repeated the simulation at four 

times slower indentation rate, which showed no significant difference in the load response or 

the observed dislocation structures. 

As will be discussed below, complex defect structures form below the indenter in the 

MD simulation. While conventional atom filtering techniques [120] are routinely being used 

to reveal structural defects in simulated crystal lattices, their ability to discriminate between 

different types of crystal defects is limited. In this study we employ a more sophisticated 

computational analysis technique, the so-called dislocation extraction algorithm (DXA) [121-

122], which provides additional informative value: It can reliably and efficiently tell 

dislocations apart from other kinds of crystal defects, identify their Burgers vector and 

character, and build a discrete line representation of the dislocations in a fully automated 

manner. This conversion from the atomistic model to a clear and highly reduced description of 

the dislocation line network enables us to follow the formation, motion and reaction of 

dislocations in great detail. 

In the simulated nanoindentation experiment, the dislocation structure evolution was 

developed in several steps. The load-displacement curve and the associated dislocation 

structure will be discussed in following. As Fig. 4.1.11(A) shows, at the end of the purely 

elastic regime, the first drop in the measured indentation force was associated with the 

nucleation of two dislocation loops on the (101) and (101) planes 3-5 nm below the contact. 

These closed loops quickly turn into half-loops when reaching the nearby surface and expand 

into the material at an angle of 45° to the surface (Fig. 4.1.11A). Soon after, more loops 

successively nucleate on all four equivalent planes(101), (101), (011), and (011), forming a 

four-fold symmetric dislocation structure. The points of intersection of the half-loops with the 

surface move along the four 〈100〉 directions away from the indent. The dislocations all have 〈101〉 Burgers vector forming an angle of 45° with the surface (Fig. 4.1.11B). At the surface 

intersections, the dislocations have pure screw character and leave behind surface steps as 

confirmed by experimental evidence (Fig. 4.1.2a). 

Loops on the four active {101}45 glide planes intersect and eventually start to form a dense, 

entangled network of dislocations in the region below the contact area of the indenter. At higher 

loads (Fig. 4.1.11D), we observe frequent reactions below the contact area. The interaction of 
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two expanding 〈101〉 loops on different {101}45 slip planes triggers a dissociation of one of 

the dislocations at the intersection node (reaction 〈101〉 → 〈100〉 + 〈001〉). This dissociation 

reaction proceeds within a limited range along the 〈101〉	loop and away from the intersection 

node. The edge component of the small 〈001〉 product loop glides towards the surface. In some 

instances, the local stress is high enough to also activate the bowing out of the 〈100〉 
dislocation, which then expands on a plane parallel to the surface. Most importantly, however, 

the sessile dissociation node of the original 〈101〉 subsequently acts as a nucleation site for 〈110〉 dislocation loops expanding on a 110 90 planes, which forms a 90° angle with the {001} 

surface. This process, thus leads to vertically aligned edge dislocations that will eventually 

form pile-ups along <110> directions on the surface (red lines in Fig. 4.1.9). The activation of 

such additional glide systems is necessary to accommodate the large strains during spherical 

indentation. It should be noted, however, that the absolute size of the simulation model is very 

small compared to the experiments and that the full evolution of the extended plastic zone is 

not accessible using an atomistic simulation approach due to inherent size and time limitations. 
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Fig. 4.1.11: Top: Force-displacement curve obtained from MD simulation of indentation with a 32 nm radius 

sphere. Bottom: Snapshots of the extracted dislocation structure corresponding to points A, B, C and D along 

the force-displacement curve. Dislocation line colors indicate Burgers vector types (blue: <110>, magenta: 

<100>, green: ½<111>) 

 

4.1.4   Experimental vs MD simulation 

Within the size limitations of the MD model, a good agreement between the 

experimentally observed and simulated dislocation structures was found. Both experiments and 

MD simulations confirmed that at the early stage of plastic deformation slip starts along 

{110}45 planes. MD simulation revealed that the dislocations along {110}45 planes have a pure 

screw character at the intersection with the surface and lead to a surface step formation, which 

is confirmed by non-etched indented SEM analysis (Fig. 4.1.2a). At later stages of plastic 

deformation, MD simulation analysis shows the onset of slip along {110}90 planes as a result 

of dislocation interaction in the dense defect region below the contact area. The Burgers vector 
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for dislocations along {110}90 planes were found to be parallel to the surface. For that reason, 

no steps were observed along <110> directions and only re-etching revealed these pile-ups in 

<110> directions (Fig. 4.1.2a). The origin of <110> pile-up can also be traced back 

experimentally to the high density region below the indentation. It must be noted, however, 

that the MD simulations are performed at much higher displacement rates and smaller contact 

sizes. That is why a quantitative and one-to-one comparison between experiment and MD 

simulation is beyond the scope of the present work. 

Furthermore, MD simulation analysis revealed different sub-surface dislocation 

reactions in the dense defect region, which cannot be studied from dislocation etch-pit tracking. 

For instance, an additional slip system 〈100〉 001  was identified in the MD simulations, 

which is oriented parallel to the surface and therefore cannot be made visible using the etch-pit 

technique. It, therefore, remains unclear whether it is active in the experiment or just an artifact 

of the simulation. Yang et al. [25] reported the slip along 〈110〉 001  and	〈110〉 110  systems 

from Vickers’s macro-indentation TEM analysis, which is the only study giving indication of 

a secondary slip system, i.e., 〈110〉 001 . However, Matsunaga et al. and Kondo et al. [24, 26] 

in their ex-situ and in-situ TEM analysis, observed slip only for 〈110〉 110  systems. In the 

present work, from careful analysis of 3D dislocation pile-ups and etch-pit structure equipped 

with MD simulations, slip along 〈110〉 110 	systems can be confirmed, but no slip in 〈110〉 001 	system was found at room temperature, during spherical indentation experiments. 

4.1.5   Indentation Size Effect for Spherical Indentations 

As briefly mentioned in section 2.2.3, the ISE for spherical indentations is manifested 

through the radius of the sphere rather than the depth of penetration. Therefore, a plot between 

hardness as a function of a/R is shown in Fig. 4.1.12 for 7.5 µm, 25 µm and 2.5 mm tip radius 

spherical indentations. 
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Fig. 4.1.12: Hardness vs a/R plot for 2.5 mm, 7.5 µm and 25 µm tip radius spherical indentations 

For all of the spherical indentations, the hardness was calculated by using the applied 

load divided by the contact area, where the contact area was determined via confocal laser 

microscope and SEM. For 2.5 mm tip radius spherical indentations, hardness increases with 

the increase of a/R ratio from 0.03 to 0.05 as shown in Fig. 4.1.12, which is an expected ISE 

behavior for spherical indentations. Due to STO specimen size limitations, further higher loads 

2.5 mm spherical indentations were not conducted.  

For both 7.5 µm and 25 µm tip radius spherical indentations, high hardness values were 

observed as compared to 2.5 mm tip radius spherical indentations. However, a significant 

decrease in hardness with an increase of a/R ratio was observed for 7.5 µm and 25 µm tip radius 

spherical indentations, which is an unexpected ISE behavior for spherical indentations. The    

7.5 µm and 25 µm tip radius spherical indentations show an increase in cracking with an 

increase in the a/R ratio (Fig. 4.1.5 and Fig. 4.1.6). The cracking lead to stress relaxation in the 

material, which consequently results in larger penetration depth than expected and the 

measured hardness is underestimated. For 2.5 mm tip radius spherical indentations, no cracking 

was observed (Fig. 4.1.4), therefore, hardness increases with increase of a/R ratio from 0.03 to 

0.05 as shown in Fig. 4.1.12. However, at larger indentation depths, cracking is also expected 

for 2.5 mm spherical indentation, which consequently decreases the hardness. Therefore, the 

study of ISE using spherical indentation for STO is not feasible due to cracking. 
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4.1.6   HR-EBSD on Spherical Indentation Experiments 

To study the misorientation and GND densities, the HR-EBSD was conducted on          

50 mN, R=7.5 µm ball indentations. Fig. 4.1.13 illustrated the HR-KAM and GND density 

map obtained after removing 300 nm of the material from the surface of an un-etched 7.5 µm 

spherical indentation.  

 

 

Fig. 4.1.13: 50 mN spherical indentation of R = 7.5 µm, after removing 300 nm of material  (a) etched SEM 

image (b) HR- KAM Map (c) GNDs distribution map 
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After EBSD, the specimen was etched to reveal the dislocation etch-pit pattern and to 

compare with EBSD measurements. At 300 nm polishing depth, dislocation pile-ups along 

<100> and <110> direction can be clearly seen in SEM image along with central dislocation 

free region, surrounded by the dense region of dislocation density (Fig. 4.1.13a). From the HR-

KAM map, maximum misorientation at the corners of spherical contact was observed, which 

shows a good agreement with the dislocation structure revealed in SEM image. The GNDs map 

also indicates the higher dislocation densities (8.9 x 1014 m-2) in that particular region. 
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4.2   Room Temperature Berkovich Indentation Experiments 

4.2.1   Incipient Plasticity and Multiple Pop-in Events 

Fig. 4.2.1 shows load – displacement (LD) curves for 2 mN nanoindentations obtained 

via LC method, on a pre-etched STO single crystal specimen. A clear displacement burst at  

0.2 mN can be seen for both curves, known as ‘’Pop-in’’ depicting the elastic to plastic 

transition within the material. In addition to the first pop-in, LD curve shows several multiple 

pop-in events (indicated by circles in Fig. 4.2.1) at different indentation loads. 

 

Fig. 4.2.1: Load – Displacement curve of 2 mN indentations showing first pop-in and multiple pop-in events 

Before the pop-in, the material deforms purely elastically and no residual impression 

was found on the surface. Moreover, after etching, no etch-pits were observed in the region of 

the elastic contact, whereas indentations loaded to just after the first pop-in show a few 

dislocation etch-pits. The first pop-in loads in Berkovich nanoindentation experiments were 

found to be quite reproducible (Fig. 4.2.1 and Fig. 4.2.2). From repeated measurements of 200 

indents, the average first pop-in load is found to be 0.18 ± 0.02 mN. 
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Fig. 4.2.2: Exemplary 2 mN load – displacement curves showing reproducibility of the first pop-in events 

At the first pop-in event, the maximum shear stress (τmax) was calculated to be             

14.5 ± 0.5 GPa, using the pop-in load of 0.18 ± 0.02 mN, an effective indentation modulus of 

264 GPa and an indenter tip radius of 130 nm. Since the shear modulus of STO is 107 GPa, the 

calculated τmax is very close to the theoretical shear strength (

) value of 17 GPa. These 

evidences confirm that the first pop-in event causes the homogeneous nucleation of 

dislocations underneath the indentations. 

Similar to the LC data, the CSM LD curve shows multiple pop-in events as shown in 

Fig. 4.2.3(a).  
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Fig. 4.2.3: CSM 45 mN indentation (a) Load – displacement showing multiple pop-in events (b) Hardness vs 

indentation depth plot indicating a hardness drop at multiple pop-in events 

The continuous loading and unloading of the CSM method facilitate to measure the 

hardness and stiffness continuously as a function of depth. A clear hardness drop was observed 

at multiple pop-in events as shown in Fig. 4.2.3b. At smaller indentation loads (< 5 mN), where 

cracking is absent, these multiple pop-in events can be related to the nucleation of new slip 

systems, which will be discussed in section 4.2.3. With an increase in indentation load, a 

significant cracking was observed for Berkovich indentations as shown in Fig. 4.2.4 for the un-

etched 45 mN and 400 mN indentations. 

  

Fig. 4.2.4:Un-etched SEM Berkovich indentations showing slip line only in <100> directions                           

(a) 45 mN (b) 400 mN  

Such cracking behavior at larger indentation loads directly influences the 

nanoindentation data and much larger hardness drops were observed in CSM hardness versus 
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depth plot, which eventually underestimated the measured hardness as shown in Fig. 4.2.5 for 

exemplary tests. 

 

Fig. 4.2.5: CSM hardness vs indentation depth plot showing a significant hardness drop  

Therefore, to study the relevance of multiple pop-in events with the nucleation of new 

slip systems, 2 mN indentation load was chosen due to the absence of cracking. Moreover, 

similar to spherical indentations, slip steps only in <100> direction for un-etched Berkovich 

indentations were observed as shown in Fig. 4.2.4 for 45 mN and 400 mN indentations, which 

suggested that for <100> dislocations, the Burgers vector is perpendicular to the surface. After 

re-etching the Berkovich indentations, dislocation etch-pits in both <100> and <110> direction 

were observed (Fig. 3.3.1 and Fig. 4.2.6), which indicate that for <110> dislocations, the 

Burgers vector is parallel to the surface and dislocations emerge with a pure edge character. 

Therefore, <110> dislocations do not leave steps behind the surface and etching was required 

to make them visible. 

4.2.2   Dislocation Structure Evolution around Berkovich Indentations  

The dislocation etch-pits structure around the Berkovich indentations was revealed after 

etching the (001) STO single crystal for 10 – 20 sec. A four folded etch-pit symmetry was 

observed, where dislocations were aligned along <010> and <110> directions as shown in Fig. 

4.2.6 (f) for a 10 mN indent. This well-defined asterisk-shape along <100> and <110> 

directions forms, step by step, from lower load to higher load indentations as illustrated in Fig. 

4.2.6(a-f). For 1 mN indentations, only a few small dislocation pile-ups were formed, along 
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which single etch-pits can be observed. The pile-up #I and #II in Fig. 4.2.6(a) for a 1 mN 

indentation clearly belong to <110> directions. The etch-pits labelled as A and A* for 1 mN 

and 2 mN, respectively, can be identified as single dislocation (Fig. 4.2.6a and c). For such 

etch-pits, the dislocation pile-ups are not fully developed.  

 

 

Fig. 4.2.6: Etched SEM Berkovich indentations on the specimen surface (a) 1mN (b-c) 2mN (d) 3mN (e) 5mN (f) 

10mN 

The dislocation etch-pit patterns around the Berkovich indentations were found to be 

stochastic at the same load. Even though the same single crystal STO was used and the 

indentations were closely spaced, we find a random occurrence of the dislocation pile-ups 

around the indent (Fig. 4.2.6b and c). The dislocation pile-up #I, which can be clearly identified 

in <110> etch-pit directions for 1 mN indentation was found missing against one of the 2 mN 

indentations (Fig. 4.2.6c, indicated by dotted arrow). However, for another 2 mN indentation, 

few longer etch-pit pile-ups on the same position can be seen (Fig. 4.2.6b).  

4.2.3   Multiple Pop-ins and Dislocation Pile-up Evolution 

As explained in section 4.2.1, after the first pop-in event, the STO load displacement 

curve shows the series of multiple pop-in events (Fig. 4.2.1) for 2 mN indentation load. 

Multiple pop-in events in a LD curve can occur for several reasons like fracture of the oxide 

film on the surface of the specimen, cracking or phase changes during indentation. However, 
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STO retains its cubic symmetry at room temperature without any phase change and no cracking 

was observed below 5 mN for Berkovich indentations. Therefore, 2mN indentations are chosen 

for the discussion of multiple pop-in events. The first pop-in occurred at 0.2 mN for both 2 mN 

indentation curves, but the loads for multiple pop-in events were found stochastic for both 

loading curves (Fig. 4.2.1). The dislocation etch-pit pattern around the same 2 mN indentations 

were also found different as shown in Fig. 4.2.6(b) and (c). The difference in dislocation etch-

pit pattern and stochastic nature of multiple pop-in loads suggests that the occurrence of 

multiple pop-in events could be related to the nucleation and initiation of new slip systems 

during the pop-in, after which the glide plane is active and dislocation loops are emitted 

forming larger dislocation pile-up lengths. The scatter in multiple pop-in event loads and 

dislocation pile-ups could be due to the complex interaction of dislocations in the center region 

of the plastic zone from, which dislocation pile-ups are emitted. 

4.2.4   3D Dislocation Structure Evolution underneath the Berkovich Indentations 

For studying the 3D dislocation structure evolution underneath the Berkovich 

indentations, sequential polishing and etching were applied to remove ~600 nm and ~1200 nm 

of material from the surface of the specimen for 5 mN and 25 mN indentation, respectively, as 

shown in Fig. 4.2.7. After removing ~600 nm of material, a box-shaped region of high 

dislocation density can be clearly identified for both indentation loads. The size of this box-

shaped region was also found to be increasing with polishing depths, instead of being constant. 

In the center-region of high dislocation density, etch-pits with a spacing of ~40 nm were 

resolved. However, the shape of the individual etch-pit in such a complex entangled network 

cannot be resolved.  

With increasing polishing depth, a decrease in dislocation pile-up length was observed, 

which ends up with a box-shaped region of high dislocation density indicated by a yellow box 

for 5 mN indentation (Fig. 4.2.7b). Further polishing of the 5 mN indentation revealed that 

dislocation etch-pits in the central dense region of plastic zone disappeared, resulting in a 

dislocation free region surrounded by a box-shaped dislocation etch-pit pattern (indicated by a 

green box). The pattern was aligned in <100> directions and the dislocation could lie on either 

{010}90° (depicting 90° inclination with respect to the surface) or {110}45° (indicating 45° 

inclination with respect to the surface). To clarify this, the etch-pit shape, as well as, the 3D 

configuration of the dislocation pile-ups need to be considered. 
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Fig. 4.2.7: Etched SEM Berkovich indentations at surface and different polishing depths for (a-c) 5 mN            

(d-f) 25 mN 

For <110> dislocation pile-ups, square-shape etch-pits with sharp centered bottom were 

observed (Fig. 4.2.7f), indicating that the dislocation line is perpendicular to the surface, lying 

on {110}90°. However, for <100> pile-ups, off-centered dislocation etch-pits were found (Fig. 

4.2.7c and f), indicating that the intersecting dislocation line has an inclination to the surface 

and the dislocation line can lie on {110}45° planes. Further evidence for the {110}45° glide plane 

was found in the relative position of the dislocation pile-up XX* for 25 mN indentation, as 

shown in Fig. 4.2.7d. The two blue lines in <110> etch-pit direction (Fig. 4.2.7) were chosen 

as the reference lines for tracking <100> dislocation pile-up XX*, since <110> dislocation pile-

up lie only on {110}90° planes and will not change their position after polishing. As shown in 

Fig. 4.2.7e, after removing 600 nm of material, the dislocation pile-up at XX* position was 

shifted to the YY* position. The distance between line XX* and YY* was also found to be 

equal to the polishing depth, which confirms that the <100> dislocation etch-pit pile-ups lie on 

{110}45° plane. This evidence also confirms that during Berkovich indentations, slip occurs 

along  〈110〉 110  system, which is in good agreement with the literature and facilitates GNDs 

measurements via HR-EBSD that require predefined slip systems. 



 

 

92 

In the light of aforementioned experimental evidence (Fig. 4.2.6 and Fig. 4.2.7), the 

evolution of dislocation pile-ups with increasing indentation load around the Berkovich 

indentations is schematically illustrated in Fig. 4.2.8.  

 

Fig. 4.2.8: Schematic of dislocation pile-ups evolution around Berkovich indentation with increasing load 

At low indentation load (Fig. 4.2.8a), a small plastic zone with high dislocation density 

can be seen from which few dislocation pile-ups are emitted along <010> and <110> directions. 

With increasing indentation load [Fig. 4.2.8(b) and (c)], the size of the plastic zone increases 

and more dislocation pile-ups are emitted from the center region (indicated by solid arrows) 

along with the increase in the length of pre-existing dislocation pile-ups (indicated by dotted 

arrows).  

4.2.5   Elastic Strain Fields around Berkovich Indentations 

Fig. 4.2.9 illustrates the normal elastic strain component (ε11, ε22, ε33) and shear elastic 

strain component (ε12) maps, obtained from HR-EBSD analysis on 5 mN indentation, after 

removing 80 nm of material from the surface of the specimen.  
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Fig. 4.2.9: Selected elastic strain component maps for 5 mN non-etched Berkovich indentations, after removing 

80 nm of material from the surface of the specimen  
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The elastic normal strains show the expected behavior for an indentation plastic zone 

with compressive strains in ε11 and ε22, which are balanced by tensile strains in the ε33 

component. In the ε12 shear strain map, positive (red) and negative (blue) shear strains can be 

clearly identified only along <110> directions. For that particular direction, the slip is 

associated with 〈110〉 110  systems thus the dislocations emerge with a pure edge character, 

which leads to positive and negative elastic shear strains only in <110> directions.  

4.2.6   Indentation Size Effect and Quantification of Dislocation Microstructure 

Fig. 4.2.10 shows the hardness as a function of maximum indentation depth, evaluated 

from cyclic load – displacement Berkovich nanoindentation data using a maximum load of    

100 mN. 

 

Fig. 4.2.10: Hardness as a function of maximum indentation depth evaluated from cyclic 100 mN 

nanoindentation experiments  

For 5 mN and 10 mN indentations, the hardness was measured to be ~ 14 GPa and          

~ 12.7 GPa, respectively, via Oliver-Pharr method (indicated by dotted line in Fig. 4.2.10). 

Moreover, H2 and 1/hmax plot (Fig. 4.2.11) shows a linear behavior, which is in good agreement 

with the Nix – Gao model. 
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Fig. 4.2.11: Nix –Gao plot obtained from 100 mN cyclic load control nanoindentation experiments 

The dislocation structure underneath the Berkovich indentations was quantified after 

removing 80 nm and 180 nm of material from 5 mN (~ 40 nm) and 10 mN (~ 90 nm) 

indentations, respectively, using dislocation etch-pit positions and HR-EBSD analysis. At these 

polishing depths, both 5 mN and 10 mN indentations have the same indentation to polishing 

depth ratio, which is important for comparing the dislocation structure at different loads. Fig. 

4.2.12 shows the SEM images of 5 mN and 10 mN indentations after removing 80 nm and     

180 nm of material, respectively, along with digitized images, which were used for etch-pit 

analysis.  
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Fig. 4.2.12: 5 mN and 10 mN Berkovich indentations after removing 80 nm and 180 nm of material from the 

surface of the specimen, respectively, (a and c) SEM images showing dislocation etch-pit structure, (b and d) 

digitized images  

The contact radii were measured on the pristine indentations to be 0.5 µm and 0.9 µm 

for 5 mN and 10 mN, respectively, indicated as dotted circles in Fig. 4.2.13. These radii were 

used to normalize the size of the plastic zone for different loads. 
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Fig. 4.2.13: 5 mN and 10 mN Berkovich indentations after removing 80 nm and 180 nm of material from the 

surface of the specimen, respectively, (a-b) SEM images showing dislocation etch-pit structure, (c-d) GNDs 

distribution map obtained from HR-EBSD, (e-f) HR-KAM map in radian obtained from HR-EBSD analysis 

To calculate the dislocation line length per unit volume from etch-pit analysis, the 

relation LV = 2PA, (with PA being the number of etch-pits per unit area) was used, which 

assumes a random orientation of dislocations [123]. Given the limited number of slip systems 

in STO and the results above on the 3D dislocation structure, this assumption may not be fully 

valid. However, there is no analytical approach to a more accurate stereological correction 

factor, as this would require detailed knowledge on the shape and population of dislocations 

on each slip system. For 5 mN and 10 mN indentations, the etch-pit analysis of dislocation 
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density in the dotted circular region results in 5.56 x 1014 m-2 and 3.96 x 1014 m-2, respectively, 

showing that the dislocation density for 5 mN indentation is ~1.4 times higher compared to 10 

mN indentations. For both indentations, the ratio of experimental hardness ( 	 	 =	 	. 	 	= 1.10) and the square root of dislocation densities (
 	
 	 = 1.18), measured for 

the dense zone are quite similar which corroborates the measured dislocation densities.  

Fig. 4.2.13 (c-d) illustrates the GND density distribution maps obtained from cross-

correlation HR-EBSD analysis of the same 5 mN and 10 mN indentations at 80 nm & 180 nm 

polishing depths before etching. The GND maps show only a region of high dislocation density, 

but no pile-ups around the central region of the indentation can be observed, which were visible 

after etching (Fig. 4.2.13a - d). Around the central region with high GND density, the maps 

still indicate a considerable GND density even though no etch-pits were visible in this area, 

which is attributed to the relatively high noise level of the method (Fig. 4.2.13c and d). The 

noise level was calculated by averaging over all points, excluding the high GND density region. 

For 5 mN and 10 mN indentations, the noise was found to be 2.5 x 1013 m-2 and 3.1 x 1013 m-2, 

respectively. Fig. 4.2.13 (e-f) shows the HR-KAM map obtained from cross-correlation HR-

EBSD analysis for the same indentations, which shows higher misorientation in the central 

region of indentations where a dense region of dislocation was observed in etch-pit and GNDs 

analysis.   

Similar to the etch-pit analysis, the average GND density in the dotted circular region, 

which corresponds to the contact radius is higher (~ 1.2 times) for 5 mN indentations compared 

to 10 mN indentations. In order to not just rely on one data point, dislocation densities were 

calculated for 11 zones ranging from 0.2 µm to 1.7 µm radii for both indentations. For a better 

comparison of the dislocation structure at both loads, the results obtained from each zone were 

normalized by the contact radius of the corresponding indentation as shown in Fig. 4.2.14.  

Both HR-EBSD and etch pit analysis show for each normalized radius a higher 

dislocation density at smaller loads. The dislocation density quantified from etch-pit analysis 

includes both SSDs and GNDs, whereas HR-EBSD provides only the minimum GND density 

necessary to generate the measured orientation distribution. Again, etch-pit and HR-EBSD 

analysis show the same trend, but different quantities, with the GND densities from HR-EBSD 

being approx. 40% lower than the total dislocation density quantified by the etch-pit analysis. 

These results were in good agreement with an HR-EBSD study on Ni single crystals under 
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uniaxial compressing, also showing that about half of the total dislocation density (calculated 

by the Taylor equation) were GNDs [124]. 

 

 

Fig. 4.2.14: Dislocation density in each zone for 5 mN and 10 mN indentations at polishing depths of 80 nm and 

180 nm, respectively, (a) HR-EBSD analysis (b) Etch-pit (filled circles & triangles) and HR-EBSD (dotted lines) 

analysis 

These results qualitatively validate the assumption in the Nix-Gao model that lower 

indentation depths result in higher GND densities. On the other hand, it needs to be mentioned 

that the strain field and dislocation density distribution around nanoindentations are quite 

complex and simplified models can only partly explain the size effects. 
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4.2.7   Hardness – Yield Strength Discrepancy 

As briefly mentioned in Section 1.1, STO, surprisingly, exhibits a very high 

macroscopic hardness of 9.5 GPa, which is unexpected for a material with a yield strength of 

~120 MPa. The reason for this large discrepancy can be understood from the results obtained 

from the dislocation etch-pit analysis of Berkovich indentations. Taylor’s equation (Eq. 2.2.19) 

can be used to determine the hardness from the quantified etch-pit dislocation density. 

Patterson et al. [23] calculated the elastic modulus of (001) oriented STO single crystal 

to be 264 GPa at 25 °C by resonant frequency and damping amplifier equipment (RFDA, 

HT1750, IMCE nv). A Poisson’s ratio of 0.237 [25] was used in this analysis, which resulted 

in a shear modulus, G, of 107 GPa at 25 °C. A Burgers vector of 5.5 x 10-4 µm and 	  of 

0.63 GPa [22] was used in the calculation. Assuming that the deformation resistance is 

attributed to the dislocation density in a plastic zone with a diameter that equals the contact 

radius, the present etch-pit analysis provides the sum of  	and	 (5.56 x 1014 m-2 and 

3.96 x 1014 m-2 for 5 mN and 10 mN, respectively). However, the M, C and α are the unknown 

quantities for STO and difficult to determine. Assuming standard numbers of C and M (~ 3) 

for cubic materials, it turns out that a high dislocation interaction coefficient of ~ 1 is required 

to balance the Taylor equation. This is not implausible considering the complex arrangement 

and high density of dislocations in the plastic zone. Using these values, the Taylor hardness 

was determined to be 13.2 GPa and 11.3 GPa for 5 mN and 10 mN indentations, respectively, 

which is close to the hardness measured via the Oliver – Pharr method (i.e., 14 GPa and 12.7 

GPa for 5 mN and 10 mN indentations, respectively).  

Further simulation based approaches are needed to assess the unknown parameters. At 

this stage, it can be stated that the discrepancy of low yield strength and high hardness in STO 

stems from a high dislocation density region present underneath the indentations. In addition 

to that, the complex interaction in such a region of high dislocation density leads to the 

formation of sessile dislocations [25], which contribute further to such high hardness values 

for a low yield strength material. 
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4.3   Elevated Temperature Berkovich Indentation Experiments 

4.3.1   Incipient Plasticity and Indentation Hardness at 25 °C and 350 °C  

The nanoindentation experiments conducted with sapphire Berkovich indenter tip at    

25 °C and 350 °C were strongly influenced by the pre-existing dislocations. Similar to spherical 

indentation experiments, the indentations performed close to pre-existing etch-pits end up with 

a residual impression, whereas, the indentations away from the pre-existing etch pits end up 

with the elastic contact. Fig. 4.3.1a shows 50 mN nanoindentations at 25 °C, where for indent 

1, a residual impression along with few etch-pits can be clearly seen, whereas the contact is 

elastic in the case of indent 2 (shown as a circle).  

 

Fig. 4.3.1: (a) Laser microscope image for 50 mN indentations at 25°C (b) Load – displacement curve of indent 

1 and 2 at 50 mN 

The load-displacement curves for the same two indents are shown in Fig. 4.3.1b with a 

“pop-in event” depicting the elastic to plastic transition within the material. Moreover, a 

significant load-displacement curve shift (before pop-in) between 25 °C and 350 °C was 

observed, indicating bluntness of the tip during the indentation as shown in Fig. 4.3.2 for 

exemplary 50 mN indentations.  
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Fig. 4.3.2: Load – displacement curve of 50 mN Berkovich indentations at 25 °C and 350 °C  

Due to change in tip geometry during the indentations, the hardness for each indentation 

was calculated from the residual impressions via laser microscope imaging. The hardness as a 

function of the displacement into the surface is shown in Fig. 4.3.3(a) for 25 °C and 350 °C 

indentations. For better visualization of the displacement data, a logarithmic scale was used. 

At lower indentation depths, 25 °C indentations exhibited a higher hardness as compared to 

350 °C indentations, which indicate that at 350 °C size effects in STO are much smaller as 

compared to 25 °C.   
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Fig. 4.3.3: ISE in single crystalline STO at 25 °C and 350 °C (a) Hardness as a function of depth (b) Nix – Gao 

plot  

Fig. 4.3.3(b) shows the Nix-Gao plot from which Ho (macroscopic hardness) and h* 

(intrinsic plasticity length scale) were calculated from the y-intercept and slope of the linear 

fit, respectively, for 25 °C and 350 °C indentations. The macroscopic hardness Ho was found to 

be 9.3 GPa and 8.9 GPa for 25 °C and 350 °C, respectively, which indicates a small difference 
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of Ho values between aforementioned temperature regimes. However, a considerable decline 

in h* from 254 nm to 135 nm was observed with increase in temperature.  

The significance of h* can be understood by using modified Nix-Gao model, where 

Durst et al. introduced a factor f which denotes the size of the storage volume of GNDs. The 

Eq. 2.2.21 suggested that the characteristic indentation length scale h* depends on the storage 

volume of GNDs f or dislocation density of SSDs. Therefore, to accommodate the decrease in 

h*, either f or   or both should increase with temperature. As briefly mentioned in section 

2.2.3, the Nix-Gao model does not explicitly take into account the thermal effects, therefore, 

other physical explanations of h* and Ho of temperature dependency are also possible. 

4.3.2   Dislocation Etch-Pit Structure at 25 °C and 350 °C 

Fig. 4.3.4 illustrates an exemplary dislocation etch-pit structure for 200 mN Berkovich 

indentations at 25 °C and 350 °C.  
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Fig. 4.3.4: SEM image of etched 200 mN Berkovich indentations at (a) 25 °C (b) 350 °C with inset regions   

The average dense region of dislocations along with dislocation pile-ups was found 

larger for 200 mN (47.3 ± 2.1 µm) and 100 mN (36.13 ± 1.3 µm) indentations at 350 °C as 
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compared to 25 °C, 200 mN (40.5 ± 1.2 µm) and 100 mN (27.3 ± 1.2) indentations, 

respectively.  

Moreover, the number of dislocations per pile-up was determined to be lower for        

350 °C indentations as compared to 25 °C indentations. For this analysis, only larger 

dislocation pile-ups (with a/r > 5) were considered where ‘a’ is the contact radius and ‘r’ is the 

radial distance from the center of indent.  The average number of dislocations per pile-up was 

measured to be 2.3 ± 0.4 µm-1 and 1.5 ± 0.1 µm-1 at 25 °C and 350 °C, respectively. 

Furthermore, a larger spacing between the consecutive outermost dislocations in pile-ups was 

observed for 350 °C as compared to 25 °C indentations (Fig. 4.3.4).   

4.3.3   Dislocation Pile-up Model for Estimation of Lattice Frictional Stress 

The model proposed by Gaillard et al. [93], where the equilibrium positions of 

dislocation etch-pits were used to estimate lattice frictional stress was adopted. They developed 

the model for estimating lattice friction in the case of the onset of plasticity just after pop-in 

using spherical indenters and used elastic Hertzian stress fields to estimate the contact stresses. 

The difficulty comes in the form of the applied indentation stress field, which is elastic-plastic 

for the current indentations. So, the analysis herein was modified for elastic-plastic pyramidal 

indentations by extending the description of the applied shear stress, τa, for a fully developed 

plastic zone with Hill’s solution [125] of the expanding cavity model. The shear stresses acting 

on the elastic region surrounding the plastic zone scale with a functional form of: 

= 	 ,      (Eq.  4.3.1) 

here, H is the hardness, a is the contact radius and r is the radial distance from the center 

of the indent to dislocation position. Hill’s model is an oversimplification for considering the 

absolute magnitude of the stress field around indentations in single crystals. Therefore, a 

scaling factor F has been introduced in Eq. 4.3.1 for empirically achieving the best description 

of the stress distribution from a given dislocation pattern. The details of fitting this factor with 

actual observed dislocation spacing will be explained in following paragraphs.  

The elastic modulus of STO in the <001> direction was calculated to be 268 GPa from 

single crystal elastic constants [126]. A value of 264 GPa and 238 GPa was found by resonant 

frequency and damping amplifier equipment (RFDA, HT1750, IMCE nv) [23] for 25 °C and 

350 °C, respectively. A Poisson’s ratio of 0.237 [25] was used in this analysis, which resulted 
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in a shear modulus, G, of 107 GPa at 25 °C and 96 GPa at 350 °C. A Burgers vector of                

5.5 x 10-4 µm was used in the calculation. The lattice parameter change due to thermal 

expansion was less than 1% and therefore neglected in the analysis. 

Fig. 4.3.5a shows a schematic of a Berkovich indentation in a (001) oriented STO single 

crystal in which a dense indentation plastic zone can be observed along with the extended 

dislocation pile-ups aligned along <010> and <110> directions. As explained in section 4.1.2 

and 4.2.4 for spherical indentations and Berkovich indentations, respectively, that the 

dislocation lying along <110> directions represent the straight dislocation lines on {110}90 

glide planes perpendicular to the surface and emerge with a pure edge character. Therefore, 

these dislocation pile-ups were chosen for the calculation of lattice frictional stresses. 

Moreover, for such glide system image forces, τim, are considered to be zero [93]. On the other 

hand, the dislocation pile-ups in <100> directions could lie on either {010}90 glide planes 

perpendicular to the specimen surface or {110}45 planes inclined at an angle of 45° to the 

surface. Due to this complication, these dislocation pile-ups were not considered in the current 

analysis. In order to avoid the contribution of nearest parallel dislocation pile-ups, only isolated 

pile-ups were taken into account for the frictional stress calculations. Fig. 4.3.5b. schematically 

illustrates the interaction between the applied stresses, τa, dislocation-dislocation interaction 

stresses, τd, as well as the lattice frictional stress, τf. 
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Fig. 4.3.5: Schematics of (a) the plastic zone around a Berkovich indentation along with dislocation pile-ups in 

characteristic slip directions and of (b) the combined effect of the applied, frictional and dislocation-dislocation 

interaction shear stresses  
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The frictional stress is assumed to be constant for a given glide system. The applied 

stress from the elastic-plastic indentation decreases as 1/r³. The applied stress will push the 

dislocations apart and is balanced by dislocation-dislocation interactions as well as the 

frictional stress. In this example, at r/a >10, the effect of τa is almost negligible, which suggests 

that at this particular stage only Peach-Koehler forces are resisting lattice frictional stresses.  

Experimentally, it is expected that at elevated temperatures, the dislocation pile-up will 

be influenced by the change in the lattice friction. For estimating the influence of the lattice 

resistance on a dislocation pile-up, the equilibrium positions of 24 edge dislocations have been 

calculated for H = 12.5 GPa, τf1  = 30 MPa and τf2  = 60 MPa. Under the equilibrium conditions, 

the higher frictional stress leads to shorter dislocation pile-up as compared to lower frictional 

stress as depicted in Fig. 4.3.6.  

 

Fig. 4.3.6: The influence of frictional stress on dislocation pile-up under the equilibrium condition 

Moreover, the spacing between the consecutive outermost dislocations was found 

larger at τf1 = 30 MPa as compared to τf2 = 60 MPa. For better visualization, a graph between 

consecutive dislocations spacing (∆r) and radial distance (r) is shown in Fig. 4.3.7.  
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Fig. 4.3.7: The influence of frictional stress on dislocation pile-up and consecutive spacing of dislocations 

under the equilibrium conditions 

Both τf1 = 30 MPa and τf2 = 60 MPa show a similar trend, i.e., the spacing between the 

consecutive dislocation increases with increase in radial distance. However, at larger radial 

distances (away from residual impressions), for τf1 = 30 MPa, a significant increase in ∆r was 

found for outermost dislocations as compared to τf2 = 60 MPa. Fig. 4.3.6 and Fig. 4.3.7 confirm 

that the influence of lattice frictional stress on the dislocation pile-up predicted by the model is 

in good agreement with experimental observations. i.e., for indentation experiments performed 

at room temperature, the dislocation pile-ups were found shorter with smaller consecutive 

outermost dislocation spacing as compared to 350 °C indentations, which show larger 

dislocation pile-ups along with higher consecutive outermost dislocation spacing. 

The effect of hardness on the dislocation pile-up is illustrated in Fig. 4.3.8, calculated 

from 24 edge dislocation equilibrium positions. At the same load level, a higher contact radius 

is found for the lower hardness. Furthermore, for H = 12.5 GPa and H = 10 GPa, the total 

dislocation pile-up lengths were found to be 9.7 µm and 16.2 µm, respectively. Thus, the 

decrease in hardness results in larger contact radii and thereby longer pile-ups for the same 

number of dislocations. For 24 dislocations at H = 12.5 GPa, τd saturates roughly at r/a > 10. 

However, for H = 10 GPa, the pile-up length is shorter (r/a < 10) and τd is not yet fully saturated.  
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Fig. 4.3.8: The influence of hardness on dislocation pile-up under the equilibrium condition 

For both H = 12.5 GPa and H = 10 GPa, the number of dislocations was increased from 

24 to 60 and their influence on dislocation pile-up length is illustrated in Fig. 4.3.9. 
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Fig. 4.3.9: The influence of hardness and number of dislocations on dislocation pile-up under the equilibrium 

condition 

The increase in dislocations leads to increase in dislocation pile-up length from 9.7 µm 

to 18.3 µm and 16.2 µm to 24.4 µm for H = 12.5 GPa and H = 10 GPa, respectively. For 24 

dislocations at H = 12.5 GPa, τd was already saturated with a very small contribution of applied 

stresses (0.8 MPa). The increase in number of dislocations leads to an increase in the 

dislocation pile-up length, which consequently reduced the contribution of applied stresses to 

zero at H = 12.5 GPa. Therefore, only longer pile-ups were considered for experimental 

analysis with a very small contribution of τa and a saturation in τd. On the other hand, at                

H = 10 GPa, τd was not saturated for 24 dislocations, however, by increasing dislocations from 

24 to 60, leads to τd saturation at H = 10 GPa with a very small contribution of applied stresses 

(2 MPa).  

4.3.4   Estimating Lattice Frictional Stresses from Dislocation Etch-Pit Pile-ups  

Fig. 4.3.10 provides the dislocation etch-pit structure around room temperature 

Berkovich indentations at maximum loads of 100 mN. The center of the indent is surrounded 

by a region of high dislocation density from which dislocation pile-ups are emitted along the 

<100> or <110> directions. In order to apply the model based on the modified Hill’s solution, 

the plastic zone is defined as the localized region of high density of dislocation etch-pits 

immediately surrounding the indent. For single pile-ups on <110>{110} glide systems, the 
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position of each etch-pit has been determined and the radial distance from the center of the 

indent to the etch-pit center was measured to calculate τd as the sum given in Eq. 2.3.2.  

 

 

Fig. 4.3.10: (a) 100 mN etched Berkovich indentation at 25 °C, along with respective shear stress curves (b). 

The resulting shear stresses from the model are shown in Fig. 4.3.10b. Considering τd 

in Fig. 4.3.10b (highlighted by a dashed red line for clarity), the stress is negative close to the 

dense plastic zone, but strongly increases until saturation at an approximately constant stress 

at large radial distances relative to contact size. 
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Since the stresses are negative and rapidly changing with proximity to the plastic zone, 

the applied stress from the indent needs to be considered for balancing the dislocation-

dislocation interactions. At larger r values, where τd saturates, the dislocation pile-up is 

apparently already in equilibrium, and the lattice friction can be considered as approximately 

equal to τd. 

In the model, the applied stress, τa, is now estimated (Eq. 4.3.1) such that in the whole 

pile-up region a nearly constant frictional stress is being achieved and the pile-up is thereby in 

equilibrium. With reference to Fig. 4.3.10b, for balancing the stresses, values of F in Eq. 4.3.1 

between 0.1 to 0.2 produced consistent values of lattice frictional stresses over a wide range of 

loads at 25 °C for STO, independent of the hardness. At small radial distances, significant 

scatter in τf was observed as compared to large distances, attributed here to the high dislocation 

density region and the complex interaction of the plastic zone and dislocation pile-ups. 

However, the scatter in τf values is dramatically reduced once the pile-up is far enough away 

from the indent center, indicating a minute contribution of the applied stress on the dislocation 

spacing. Since, the Peach-Koehler forces are constant at larger distances to the plastic zone, the 

factor F has only provided a constant value of frictional stress close to the indent. The lattice 

frictional stress estimated by averaging the last 3 or 4 positions in the pile-up was insensitive 

to the value of F in Eq. 4.3.1 between values of 0.1 – 0.2 for all pile-ups examined in this work. 

For Arm I (Fig. 4.3.10a), the average lattice frictional stress was found to be 88 ± 2 MPa for 

edge dislocations at 25 °C. The number of dislocations for that particular arm was found to be 

2.1 µm-1. 

Similar to the 25 °C indentations, the dislocation etch-pit arms were likewise found to 

be aligned along the <110> and <100> directions for 350 °C indentations. Since the loading 

and unloading were performed at the same temperature (350 °C), upon cooling, the increase in 

lattice frictional stress [22] will freeze the 350 °C indentation dislocation position at room 

temperature. So, the studied pile-up is the characteristic pile-up for 350 °C. To calculate the τf 

for 350 °C indentations, the sample was polished to remove ~60 nm of material from the 

surface in order to enhance etching conditions by eliminating possible contamination during 

exposure to high temperature. In Fig. 4.3.11(a), the etched image of 100 mN indentation is 

shown at 350 °C. The dislocation pile-ups (r/a > 5) were chosen for 350 °C frictional stress 

measurement. Shear stress as a function of the radial distance the dislocation pile-ups from    

100 mN indentation at 350 °C is plotted in Fig. 4.3.11 (b and c) for Arm II and III, respectively. 
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Fig. 4.3.11: (a) Etched Berkovich 100 mN indentation at 350 °C, along with respective shear stress curves for 

(b) Arm II and (c) Arm III. 

The frictional stresses for Arm II pile-up were calculated to be 56 ± 4 MPa for edge 

dislocations at 350 °C. However, for Arm III pile-up, frictional stresses were found a bit lower 

(36 ± 5 MPa for edge dislocations) due to a larger spacing between the last few dislocation 

etch-pits. The number of dislocations for Arm II and Arm III was found to be 1.4 µm-1and              

1.5 µm-1, respectively. 

The frictional stress was calculated for different isolated pile-ups (r/a > 5) for 25 °C and 

350 °C indentations. The average values for measured isolated dislocation pile-ups were found 

to be 89 ± 13 MPa and 46 ± 12 MPa for edge dislocations at 25 °C and 350 °C, respectively. 

The results of the frictional stress obtained from the various dislocation pile-ups at 25 °C and 

350 °C were compared with uniaxial compression test data of Taeri et al. [22] and found to be 

in a reasonable agreement as shown in Fig. 4.3.12. 
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Fig. 4.3.12: Comparison of frictional stress obtained from nanoindentation (present work) and uniaxial 

compression test [22] 
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Chapter 5 Summary and Conclusions 

 

In the present work, the 3D dislocation structure evolution (from incipient plasticity to 

a fully developed plastic zone) via spherical and Berkovich indentations in (001) STO single 

crystal was studied for the first time using a unique combination of chemical etching and       

HR-EBSD. The major findings obtained during room temperature spherical and Berkovich 

indentation experiments along with 350 °C Berkovich indentations are listed separately in each 

section below: 

5.1   Spherical Indentations  

1) For spherical indentations, at low a/R ratios, the plastic zone was found to be confined 

to <100> directions, just below the indentations. With an increasing a/R ratio, 

additional dislocation pile-ups in <110> directions evolved, which eventually lead to 

fully developed asterisk-shaped dislocation etch-pit patterns. 

2) The cross-sections obtained from SPET at different polishing depths and indentation 

loads enabled us to track the evolution and three-dimensional structure of dislocation 

pile-ups. This analysis confirmed that, at the initial stage of plasticity <100> dislocation 

pile-ups evolve, lying on {110}45 planes, inclined at 45° to the surface. At the later stage 

of plasticity, pile-ups of <110> edge dislocations on {110}90 planes nucleate, which are 

aligned perpendicular to the surface. 

3) The derived assumptions from 3D etch-pit analysis were qualitatively confirmed by 

corresponding direct MD simulations conducted in collaboration with the Material 

Modelling Division of TU Darmstadt. 

4) From 3D dislocation etch-pit analysis and MD simulations, only the primary slip 

system	〈110〉 110  can be confirmed.  

5) The pre-existing dislocations strongly influence the pop-in load and the maximum shear 

stress value at the initial pop-in event. 

5.2  Room Temperature Berkovich Indentations 

1) Along with the initial pop-in (due to the incipient plasticity), multiple pop-in events in 

the LD – curve were observed. Corresponding to the stochastic nature of multiple pop-

in events, the dislocation etch-pit pattern was found different for same loads. These 
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evidences suggest that the occurrence of multiple pop-in events could be related to the 

nucleation and growth of pile-ups leading to hardness drops.  

2) The SPET revealed a box-shaped dense region of high dislocation density from which 

pile-ups were emitted. At larger polishing depths, a dislocation free region surrounded 

by box-shaped etch-pits was observed, which stems from <100> etch-pit direction, 

lying on {110}45° planes. 

3) For self-similar indentation to polishing depth ratio and contact radii, the ISE in STO 

was studied by direct evidence of the dislocations using Etch-pit and HR-EBSD 

analysis for polished 5 mN and 10 mN indentations. The dislocations quantified from 

etch-pit and HR-EBSD analysis show a similar trend in dislocation densities, i.e., higher 

dislocation density at lower loads. This result qualitatively validates the assumption in 

the Nix-Gao model that lower indentation depths result in higher GND densities. On 

the other hand it needs to be mentioned that the strain field and dislocation density 

distribution around nanoindentations are quite complex and simplified models can only 

partly explain the size effects. 

4) The elastic strain field data was reported for the first time in STO at a local scale. The 

in-plane shear strain component ε12 shows pronounced elastic strain fields in <110> 

directions, which can be attributed to the pure edge character of dislocations along 

<110> direction. 

5) The hardness – yield strength discrepancy in STO was studied using dislocation etch-

pit analysis. From the known quantities,	 , G and b for STO, dislocation densities 

calculated via etch-pit analysis in the present work and assuming standard numbers of 

C and M (~ 3) for cubic materials leads to higher dislocation interaction co-efficient (α) 

of ~ 1. Using these values, the Taylor hardness was determined to be 13.2 GPa and 11.3 

GPa for 5 mN and 10 mN indentations, respectively, which is very close to the hardness 

measured via the Oliver – Pharr method (i.e., 14 GPa and 12.7 GPa for 5 mN and 10 

mN indentations, respectively). 

5.3  High Temperature Berkovich Indentations 

1) A significant decrease in ISE was observed at 350 °C compared to room temperature 

indentations. 

2) The dense region of dislocations along with dislocation pile-ups were found to be larger 

for 350 °C indentations as compared to 250 °C indentations. 
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3) For r/a > 5, the spacing between the outermost consecutive dislocations in a pile-up for 

350 °C indentations was calculated to be higher as compared to 25 °C indentations.  

4) The number of dislocations per pile-up was found to be higher for 25 °C indentations 

as compared to 350 °C indentations. 

5) Based on the residual stress field of the indenter and the dislocation-dislocation 

interactions in the individual dislocation pile-up, a simple model was derived to 

measure the lattice frictional stress at 25 °C and 350°C. For larger individual pile-ups 

(r/a > 5), shear stresses for outermost dislocations were found to be nearly constant and 

used for the estimation of the lattice frictional stress. For edge dislocations, the lattice 

frictional stresses calculated from the model were found to be 89 MPa and 46 MPa at 

25°C and 350 °C, respectively, consistent with literature data from single-slip uniaxial 

compression experiments. 
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Chapter 6 Suggestions for Future Experimentation 

The summary of future experimentations is listed below:  

6.1  Tailoring Local Conductivity 

As briefly mentioned in the introduction section, the dislocations in STO have gained 

attention due to their potential role as pathways for fast ionic or electronic transport. To study 

such phenomenon, a direct observation of dislocations plays a vital role. The present work 

shows that dislocations with a spacing of ~ 40 nm can be resolved using a chemical etching 

technique. Moreover, nanoindentation can be used for inducing well-aligned dislocation 

patterns in STO and the dislocation microstructure can be visualized at a local scale using the 

SPET technique. The present work also confirmed the edge and screw nature of dislocations 

along <110> and <100> pile-ups, respectively, which is potentially interesting for tailoring the 

local ionic conductivity. Fig. 6.1.1 illustrated the initial steps required for localized 

conductivity measurement. 

 

Fig. 6.1.1: Polished and etched SEM images of 100 gf Vickers indentation (a) with rectangular region showing 

selected <110> and <100> dislocation etch-pits before Pt deposition (b) after deposition   
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In this particular example, the outermost dislocation etch-pits in <110> and <100> 

directions depicting edge and screw dislocations, respectively, were identified (indicated by 

rectangles in Fig. 6.1.1a). After that Pt patches were coated on the selected etch-pits, which act 

as the contact points for micro-electrodes to determine the local conductivity. The SPET can 

also be used to obtain the desired plastic zone with few dislocation etch-pits (Fig. 4.2.7), which 

enabled to study the localized conductivity with limited and controlled defect structure.  

6.2  Small Scale Deformation via Micro-pillar Compression  

In contrast to other ceramics, STO can be plastically deformed at room temperature. To 

develop a better understanding of dislocations based plasticity processes at the small scale in 

STO, micro-pillar compression testing at different strain rates could be done, which is still 

missing in the literature. The micro-pillar fabrication can be conducted using FIB and in-situ 

nanoindentation with a flat punch indenter tip can be used for uniaxial compression testing 

inside an SEM. The load – displacement curves along with a direct observation of the test 

obtained from this in-situ approach may help to understand size effects in detail for STO. 

Moreover, these micro-pillar experiments combined with TEM analysis and complementary 

simulations can provide further insight on formation, motion, and interaction of dislocations, 

which play a vital role to study the small-scale deformation behavior in a material. These 

studies can also help in better understanding the hardness – yield strength discrepancy of STO.  
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