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ABSTRACT 
 

          Hf-containing ultra-high-temperature ceramics (UHTCs) are being pursued for Thermal Protection 

Systems (TPSs) for high-temperature applications (i.e., future hypersonic vehicles) in harsh environments. Most 

of these ceramic composites have been prepared using traditional powder techniques; however, the grain sizes 

of the resulting composites are limited to the micrometer range. Furthermore, nano-sized Hf-containing 

materials have proven to exhibit tremendously improved structural/functional properties, even at elevated 

temperatures, compared with microcomposite ceramics. Single-source precursors (SSPs) have yielded 

promising results in the processing of ceramic nanocomposites; moreover, these composites exhibit unique 

properties, e.g., high-temperature stability and high-temperature oxidation and corrosion. The objective of this 

work was to synthesize new Hf-containing ultra-high-temperature ceramic nanocomposites (UHTC-NCs) using 

SSP-based methods and to investigate their behavior in harsh environments. 

          In the research presented in this PhD thesis, focus was first placed on the synthesis of novel Hf-containing 

SiHfCN and SiHfBCN amorphous UHTC-NCs derived from polysilazane. Amorphous SiHfCN and SiHfBCN 

ceramics were prepared from commercial polysilazane (HTT1800, AZ-EM), which was modified through 

reactions with Hf(NEt2)4 and BH3·SMe2 and subsequently cross-linked and pyrolyzed. The prepared materials 

were investigated with respect to their chemical and phase compositions using spectroscopic techniques (FTIR, 

Raman, and MAS NMR spectroscopy) and via X-ray diffraction (XRD) and transmission electron microscopy 

(TEM). Annealing experiments on SiHfCN and SiHfBCN samples in inert gas atmospheres (Ar and N2) at 

temperatures ranging from 1300 to 1700 °C revealed the conversion of the amorphous materials into nano-

structured UHTC-NCs, whose high-temperature decomposition and crystallization were also investigated. It was 

found that β-SiC/HfCxN1-x nanocomposites were obtained from SiHfCN upon annealing at 1500 °C. Depending 

on the annealing atmosphere, HfCxN1-x/HfB2/SiC (annealing in argon) and HfNxC1-x/Si3N4/SiBCN/C (annealing 

in nitrogen) nanocomposites were obtained from SiHfBCN annealed at 1700 °C. The results demonstrate that 

the conversion of single-phase SiHf(B)CN into UHTC-NCs is thermodynamically controlled and thus offer 

insight toward the development of nano-structured ultra-high-temperature stable materials with tunable 

compositions. 

         The second focus of the present study was the development of dense Hf-containing ceramic monoliths via 

pressureless sintering (PLS) or spark plasma sintering (SPS) and the development of ceramic matrix composites 

(CMCs) via polymer infiltration and pyrolysis (PIP) methods. Dense amorphous ceramic monoliths were 

prepared upon annealing pyrolytic ceramics in nitrogen at 1300 °C. Dense SiHfCN- and SiHfBCN-based 

UHTC-NCs were successfully prepared via SPS at 1850-1950 °C using high heating rates (~450 °C/min.) and 

high pressures (≥ 100 MPa). The obtained UHTC-NCs were investigated via spectroscopic analyses (XRD and 

Raman spectroscopy) and electron microscopy (SEM and TEM) with regard to their phase evolution and 

microstructure. Despite the very high sintering temperatures, the microstructures of the prepared dense UHTC-

NCs remained rather fine, with grain sizes varying from 165 nm down to a few tens of nm. The hardness and 

elastic modulus of the dense SiHfCN were found to be 26.8 and 367 GPa, respectively, whereas the SiHfBCN 
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samples exhibited a hardness of 24.6 GPa and an elastic modulus of 284 GPa (measured by nanoindentation). 

Additionally, Cf/SiCN and Cf/SiHfBCN CMCs were fabricated via a simple and low-cost PIP route. Cf/SiC-

SiCN and Cf/SiC-SiHfBCN materials with pyrolytic carbon coatings were synthesized using hybrid techniques 

(CVI and PIP). The bending strength of the prepared CMCs resulted in the observation of brittle fracture 

surfaces only in the Cf/SiHfBCN material, indicating strong interfacial bonding between the fibers and the 

matrix; the much higher values of bending strength observed for Cf/SiC-SiCN and Cf/SiC-SiHfBCN resulted 

from the fact that weak interfaces (pyrolytic carbon) lead to transfer loading. This finding of the present work 

suggests that a single-source precursor route is suitable for the preparation of a variety of (ultra)-high-

temperature ceramics, such as amorphous ceramics, UHTC-NC monoliths, and CMCs.  

          Moreover, we explored the behavior of the prepared materials in harsh environments, e.g., their high-

temperature stability with respect to decomposition and crystallization and their oxidation, corrosion and 

ablation behavior. High-temperature annealing experiments revealed that the SiHfCN and SiHfBCN materials 

exhibited improved high-temperature stability with respect to decomposition compared with non-modified SiCN. 

The oxidation behavior of the SiCN, SiHfCN and SiHfBCN ceramic powders was studied via 

thermogravimetric analysis (TGA) in air at 1200-1400 °C, revealing that the modified SiHfCN and SiHfBCN 

ceramics exhibited poorer oxidation resistance than that of SiCN. However, parabolic oxidation kinetics of 

SiHfCN and SiHfBCN were observed, wherein the parabolic rate (Kp) that was obtained from the equation K𝑝 =

 (
∆m

SBET×m
)

2
× t−1 indicated that the amorphous SiHfBCN ceramic powder exhibited enhanced oxidation resistance 

compared with that of the SiHfCN. Furthermore, the oxidation behavior of SiHfBCN ceramic monoliths was 

investigated in a tube furnace (stagnant air, up to 100-200 h). The microstructure and phase composition of the 

monoliths’ oxide scale was investigated via XRD and microscopy (SEM, BSE and EPMA). The results revealed 

that the oxidation of the SiHfBCN ceramic monoliths followed typical parabolic kinetics, indicating that the 

oxidation diffusion was controlled by a passive oxide layer. However, the microstructure and composition of the 

oxide scale were strongly dependent on temperature. A continuous oxide layer, consisting of cristobalite and 

hafnia (m- and t- HfO2), was observed at 1200 °C; however, at 1400 °C, it became a discontinuous oxide layer 

and its composition changed to cristobalite, HfO2 and HfSiO4. Thus, the wide range of Ea values (174 and 140 

KJ mol
-1

, depending on the Hf content) obtained from the apparent or corrected oxidation kinetics indicate the 

complex nature of their oxidation process, which might be the result of a wide variety of oxygen-controlling 

mechanisms in both the inward oxygen transport into the oxide scale (borosilicate or silica, hafnia, or hafnium 

silicate) and the outward transport of gas produced by oxidation reactions. Additionally, an investigation of the 

oxidation of the prepared dense UHTC-NCs at high temperature revealed that both samples exhibited parabolic 

behavior. Interestingly, the parabolic oxidation rates of the SiHfCN were comparable to those of other UHTCs 

(e.g., HfC-20 vol% SiC), whereas the parabolic oxidation rates of the SiHfBCN were 3 to 4 orders of magnitude 

lower. The results obtained in this study indicate that amorphous Hf-containing Si(Hf)BCN ceramics 

nanocomposites and nanoscale Hf-containing UHTC-NCs are promising candidates for high-temperature 

applications in harsh environments.  
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         The behavior of Cf/SiCN and Cf/SiHfBCN under subcritical hydrothermal conditions was also investigated 

at temperatures of 150-250 °C for exposure times of 48, 96 and 240 h. The effect of the ratio between the 

surface area of the sample and the volume of water used (S/V ratio) on the corrosion behavior of the prepared 

CMCs was analyzed. For S/V ratios greater than 0.18, the exposure of the CMCs to hydrothermal conditions led 

to a gain in mass, whereas at lower S/V ratios, a mass loss of the samples was recorded. Because the behavior of 

the studied samples was representative and reliable at small S/V ratios, both investigated CMC samples were 

concluded to exhibit active corrosion behavior in a subcritical hydrothermal corrosive environment. Based on 

the corrosion experiments performed at an S/V ratio of 0.075, the data for the mass loss as a function of the 

corrosion time and temperature were used to rationalize the corrosion kinetics of the Cf/SiCN and Cf/SiHfBCN 

samples. Both materials were shown to exhibit excellent stability under subcritical hydrothermal conditions. The 

corrosion rate of Cf/SiHfBCN was found to be lower than that of Cf/SiCN; furthermore, an SEM investigation 

indicated that spallation occurred in the Cf/SiCN samples, whereas the ceramic matrix remained attached to the 

individual carbon fibers in Cf/SiHfBCN. The results of the present study indicate that the incorporation of Hf 

and B into the SiCN matrix leads to significant improvement in its hydrothermal corrosion performance. 

         Finally, the ablation mechanism of the Cf/SiHfBCN ceramic composites after treatment in a laser ablation 

environment was investigated. The microstructure and ablation behavior of this composite were studied using 

SEM combined with EDS. The formation of porous HfO2, molten HfO2 and SixOyHfz yielded fibers with good 

protection from oxidation and the laser beam. Three regions with different ablation behaviors are proposed 

based on the temperature distribution. The ablation center exhibited bubble-like structures, corresponding to the 

melting of HfO2 and SiHfxOy layers that covered the ends of the carbon fibers, and moreover, eroded carbon 

fibers that retained their original shape were also observed. In the transition region, carbon sheets and oxidation-

product particles (HfCxOy and SiO2) peeled off from the eroded fibers and the matrix because of the high vapor 

pressure. Additionally, the growth of SiC grains and glass with bubble structure, corresponding to SiO2 with 

inclusions of B2O3 and SiO gas, was observed.  
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ZUSAMMENFASSUNG 

 
Hf-enthaltende Ultra-Hochtemperatur-Keramiken (ultra-high-temperature ceramics, UHTCs) sind von 

Interesse für Temperaturschutzssysteme (thermal protection systems, TPSs) zur Anwendung unter hohen 

Temperaturen (z.B. zukünftige Überschall-Flugzeuge) in harsch Umgebungen. Die meisten solcher Keramik-

Verbundwerkstoffe werden mit traditionelle Pulver-Verfahren hergestellt; allerdings beschränken sich die 

Korngrößen der entstehenden Verbundwerkstoffe auf den Mikrometer-Bereich. Darüber hinaus nanoskalige Hf-

enthaltende Materialien weitreichend verbesserte strukturelle/funktionelle Eigenschaften auf, selbst bei erhöhten 

Temperaturen, im Vergleich zu den mikroskalige Verbundwerkstoffe. Einkomponentenvorstufen (single-source 

precursor, SSPs) lieferten vielversprechende Ergebnisse bei der Herstellung von Keramik-Nano-

Verbundverkstoffen; jenseits dessen weisen diese komposite einzigartige Eigenschaften auf, z.B. Stabilität bei 

hohen Temperaturen sowie Oxidation und Korrosion bei hohen Temperaturen. Das Ziel dieser Arbeit war es, 

neue Hf-enthaltende Ultra-Hochtemperatur-Keramik-Nano-Verbundwerkstoffe (UHTC-NCs) mittels SSP-

basierter Methoden herzustellen und ihr Verhalten in harsch Umgebungen zu untersuchen. 

Der Schwerpunkt der Forschung, welche in dieser Dissertation vorgestellt wird, wurde zunächst auf die 

Synthese neuartiger Hf-enthaltender amorpher UHTC-NCs basieren (auf) SiHfCN und SiHfBCN gelegt, welche 

aus einem Polysilazan abgeleitet wurden. Amorphe SiHfCN- und SiHfBCN-Keramiken wurden aus 

kommerziellem Polysilazan (HTT1800, AZ-EM) synthetischer, welches mit Hf(NEt2)4 und BH3·SMe2 

modifiziert und anschließend vernetzt und pyrolysiert wurde. Die hergestellten Materialien wurden auf ihre 

chemische und Phasenzusammensetzung mittels Spektroskopische verfahren (FTIR, Raman- und MAS-NMR-

Spektroskopie) als auch mittels Röntgenbeugung (X-ray diffraction, XRD) und 

Transmissionselektronenmikroskopie (TEM) untersucht. Auslagerung Experimente der SiHfCN- und SiHfBCN-

Proben in einer Inertgasatmosphäre (Ar und N2) bei Temperaturen im Bereich von 1300 bis 1700 °C zeigten die 

Umwandlung der amorphen Materialien in nanostrukturierte UHTC-NCs, deren Zersetzung und Kristallisation 

bei hohen Temperaturen ebenfalls untersucht wurde. Es wurde festgestellt, dass β-SiC/HfC (N) 

Nanoverbundwerkstoffe beim Auslagerung bei 1500° C aus SiHfCN erhalt. Abhängig von der jeweiligen 

atmosphäre wurden, HfCxN1-x/HfB2/SiC (in Argon) und HfNxC1-x/Si3N4/SiBCN/C (in Stickstoff), 

Nanoverbundwerkstoffe aus SiHfBCN durch Auslagerung bei 1700 °C erzeugt. Die Ergebnisse zeigen, dass die 

Umwandlung von einphasigem SiHf(B)CN in UHTC-NCs thermodynamisch kontrolliert abläuft und somit 

Erkenntnisse im Hinblick auf die Entwicklung nano-strukturierter, bei hoher Temperatur stabiler Materialien 

mit einstellbaren Zusammensetzungen liefert. 

Der zweite Schwerpunkt der vorliegenden Studie war die Entwicklung sowohl von dichten Hf-

enthaltenden Keramik-Monolithen durch druckloses Sintern (pressureless sintering, PLS) oder Spark Plasma 

Sintering (SPS) als auch Keramikmatrix-Verbundwerkstoffe (ceramic matrix composites, CMC) durch 

Polymer-Infiltration und Pyrolyse (PIP). Dichte amorphe Keramik-Monolithe wurden durch Auslagerung 

pyrolytischer Keramiken in Stickstoff bei 1300 °C erhalten. Dichte SiHfCN- und SiHfBCN-basierte UHTC-

NCs wurden durch SPS bei 1850-1950 °C, hohen Heizraten (~450 °C/Min.) und hohen Drücken (≥ 100 MPa) 
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erhalten. Die erzeugten UHTC-NCs wurden mittel Röntgenbeugung diffraktometrie und Raman-Spektroskopie 

und Elektronen-Mikroskopie (SEM und TEM) im Hinblick auf ihre Phasenentwicklung und Mikrostruktur 

untersucht. Trotz der sehr hohen Sintertemperaturen blieb die Mikrostruktur der dichten UHTC-NCs feinkörnig, 

mit Korngrößen von 165 nm bis zum niedrigen zweistelligen nm-Bereich. Die Härte-und Elastizitätsmodul des 

dichten SiHfCN lagen jeweils bei 26.8 und 367 GPa, während die SiHfBCN-Proben  eine Härte von 24.6 GPa 

und einen Elastizitätsmodul von 284 GPa aufwiesen (durch Nanoindentierung gemessen). Weiterhin wurden 

Cf/SiCN- und Cf/SiHfBCN-CMCs über einen einfachen und kostengünstigen PIP-Weg erzeugt. Cf/SiC-SiCN- 

und Cf/SiC-SiHfBCN-Materialien mit pyrolytischer Kohlenstoffbeschichtung wurden mittels hybrider 

Methoden (CVI und PIP) hergestellt. Die Biegefestigkeit der hergestellten CMCs ergab, dass spröde 

Bruchoberflächen nur in dem Cf/SiHfBCN-Material festgestellt wurden, was auf eine starke Adhäsion zwischen 

den Fasern und der Matrix hinweist; die deutlich höheren Biegefestigkeitswerte für Cf/SiC-SiCN und Cf/SiC-

SiHfBCN ergaben sich daraus, dass schwache Schnittstelle Faser-Matrix-Bindungen (pyrolytischer Kohlenstoff) 

zu einem Last-transfer führen. Die Erkenntnisse der vorliegende Arbeit legen nahe, dass sich die Route über 

Einkomponentenvorstufen für die Herstellung einer Bandbreite von (Ultra-)Hochtemperaturkeramiken eignet, 

wie z.B. amorphe Keramiken, UHTC-NC-Monolithe und CMCs. 

Darüber hinaus erforschten wir das Verhalten der SiCN- basieren Materialien in harschen Umgebungen, 

z.B. ihre Stabilität bei hoher Temperatur bezüglich Zersetzung und Kristallisation als auch bezüglich 

Oxidations-, Korrosions- und Ablationsverhaltens. Hochtemperatur-Glüh-Experimente ergaben, dass SiHfCN- 

und SiHfBCN-Materialien gegenüber nicht-modifiziertem SiCN verbesserte Hochtemperatur-Stabilität bei der 

Zersetzung aufwiesen. Das Oxidations-Verhalten der SiCN-, SiHfCN- und SiHfBCN-Keramikpulver wurde 

durch thermogravimetrische Analyse (TGA)  in Luft bei 1200-1400 °C untersucht, wobei es sich erwies, dass 

die modifizierten SiHfCN- und SiHfBCN-Keramiken schlechteren Oxidationswiderstand als SiCN aufwase. 

Allerdings wurde auch die parabolische Oxidationskinetik von SiHfCN und SiHfBCN beobachtet, wobei eine 

parabolische Rate (Kp), welche aus der Gleichung  K𝑝 =  (
∆m

SBET×m
)

2
× t−1  abgeleitet wurde, anzeigt, dass das 

amorphe SiHfBCN-Keramikpulver einen erhöhten Oxidationswiderstand im Vergleich zu SiHfCN aufwies. 

Weiterhin wurde das Oxidationsverhalten von SiHfBCN-Keramik-Monolithen in einem Röhrenofen (stehende 

Luft, bis zu 100-200 h) untersucht. Die Mikrostruktur und Phasen-Zusammensetzung der Oxidationsschicht der 

Monolithe wurde durch XRD und Mikroskopie (SEM, BSE und EPMA) untersuchen. Die Ergebnisse besagen, 

dass die Oxidation der SiHfBCN-Keramik-Monolithe der typischen parabolischen Kinetik folgt, was darauf 

hindeutet, dass die Diffusion der Oxidation von einer passivieren Oxidschicht kontrolliert wurde. Allerdings 

waren die Mikrostruktur und Zusammensetzung der Oxidschicht stark von der Temperatur abhängig. Eine 

durchgehende Oxidschicht, aus Cristobalit und Hafnien (m- und t-HfO2), wurde bei 1200 °C analysiert; jedoch 

entstand bei 1400 °C eine brüchige Oxidschicht, und ihre Zusammensetzung wechselte zu Cristobalit, HfO2 und 

HfSiO4. Entsprechend kann die große Bandbreite an Ea-Werten (174 und 140 KJ mol
-1

, abhängig von dem Hf-

Anteil), auf komplexe Eigenschaften das Oxidationsprozesses hinweisen. Diese können sich aus einer großen 

Vielfalt sauerstoff-kontrollierender Mechanismen ergeben, sowohl bei dem Sauerstofftransport in die 

Oxidschicht hinein (Borosilicate oder Silica, Hafnia oder Hafnium-Silicate) als auch bei dem Transport von 
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Gasen, die durch Oxidationsreaktionen entstehen, nach außen. Zusätzlich hat eine Untersuchung der Oxidation 

der vorbereiteten dichten UHTC-NCs bei hohen Temperaturen gezeigt, dass die Proben parabolisches Verhalten 

aufweisen. Interessanterweise waren die parabolischen Oxidationsraten von SiHfCN mit denen anderer UHTCs 

(z.B. HfC-20 vol% SiC) vergleichbar, während die parabolischen Oxidationsraten von SiHfBCN 3 bis 4 

Größenordnungen niedriger lagen. Die in dieser Studie gewonnenen Ergebnisse deuten darauf hin, dass 

amorphe Hf-enthaltende Si(Hf)BCN-Keramiken und nanogroße Hf-enthaltende UHTC-NCs vielversprechende 

Kandidaten für Hochtemperaturanwendungen in harschen Umgebungen sind. 

Das Verhalten von Cf/SiCN und Cf/SiHfBCN unter subkritischen hydrothermalen Bedingungen wurde bei 

Temperaturen von 150-250 °C mit Expositionszeiten von 48, 96 und 240 h untersucht. Die Auswirkung des 

Verhältnisses zwischen der Oberfläche der Probe und des verwendeten Wasservolumens (S/V-Verhältnis) auf 

das Korrosionsverhalten der CMCs wurde analysiert. Bei S/V-Verhältnissen oberhalb von 0.18 führte die 

Exposition der CMCs bei hydrothermalen Bedingungen zu einer Zunahme der Masse, während ein 

Masseverlust der Proben bei niedrigeren S/V-Verhältnissen festgestellt wurde. Da das Verhalten der 

untersuchten Proben bei niedrigen S/V-Verhältnissen repräsentativ und verlässlich ist, wurde bei beiden 

untersuchten CMC-Proben darauf geschlossen, dass sie ein aktives Korrosionsverhalten in subkritischen 

hydrothermalen Korrosionsumgebungen aufwiesen. Auf Grundlage der Korrosionsexperimente, die bei einem 

S/V von 0.075 durchgeführt wurden, wurden die Daten des Masseverlusts als eine Funktion der Korrosionszeit 

und -Temperatur verwendet, um die Korrosionskinetik der Cf/SiCN- und Cf/SiHfBCN-Proben zu rationalisieren. 

Beide Materialien wiesen exzellente Stabilität bei subkritischen hydrothermalen Bedingungen auf. Die 

Korrosionsrate von Cf/SiHfBCN erwies sich als niedriger als die von Cf/SiCN; weiterhin legte eine SEM-

Untersuchung nahe, dass es bei den Cf/SiCN-Proben zu einer Aufsplitterung kam, während die Keramikmatrix 

in Cf/SiHfBCN weiter mit den einzelnen Kohlenstofffasern verbunden blieb. Die Ergebnisse der vorliegenden 

Studie deuten darauf hin, dass die Einbindung von Hf und B in die SiCN-Matrix zu einer deutlichen 

Verbesserung ihres hydrothermalen Korrosionsverhalten führt. 

Schließlich  wurde der Ablationsmechanismus von Cf/SiHfBCN-Keramikverbundwerkstoffen in einer 

Laser-Ablations-Umgebung untersucht. Die Mikrostrukturen und das Ablationsverhalten dieser 

Verbundwerkstoffe wurden mittels SEM in Kombination mit EDS untersucht. Die Bildung von porösem HfO2, 

geschmolzenen HfO2 und SixOyHfz gab den Fasern einen besseren Schutz vor oxidation und dem Laserstrahl. 

Drei Regionen mit verschiedenem Ablationsverhalten werden gemäß der Temperaturverteilung an der Probe 

vorgeschlagen. Das Ablationszentrum wies blasenähnliche Strukturen auf, die sowohl geschmolzenem HfO2 

entsprechen als auch den SiHfxOy-Schichten auf den Enden der Kohlenstofffasern; des Weiteren wurden 

erodierte Kohlenstofffasern gefunden, die ihre ursprüngliche Form beibehalten halten. In der Übergangsregion 

lösten sich Kohlenstoffschichten und die Partikel der Oxidierungsprodukte (HfCxOy und SiO2) aufgrund des 

hohen Dampfdrucks von den erodierten Fasern und der Matrix. Weiterhin konnte das Wachstum von SiC-

Körnern und Glas mit Blasenstruktur gefunden, welches SiO2 mit Einschlüssen von B2O3- und SiO-Gas 

entspricht.  
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1. INTRODUCTION 

 
1.1 Introduction and Motivation 

 

When operated at (ultra) high temperatures and in harsh environments, structural parts and components are 

exposed to additional and more severe design constraints as compared to those used in service at or near 

ambient temperature. A fundamental property which is required in order to be able to operate materials at 

(ultra)high temperatures relates to their melting point. Naturally, (ultra)high melting points of the chosen 

materials are necessary, as usually the maximum operation temperature of a material is, with some exceptions, 

round half of its melting point. 

Generally, high tolerance to thermal and mechanical stress is desirable in order to avoid catastrophic failure of 

the materials during operation. Thus, a high compliance to thermal stress can be provided by using highly 

thermoshock resistant materials. Additionally, suitable, optimized ductility of the materials or, in the case of 

brittle components, such as ceramic-based, improved fracture toughness are desirable in order to provide high 

tolerance to mechanical stresses. Finally, no phase transformation of the materials in the range from the ambient 

to the operation temperature may occur, as those processes usually are accompanied by significant volume 

changes which consequently might generate tremendous stresses and induce a catastrophic failure of the 

component. In the case of amorphous materials, an increased crystallization resistance may be beneficial for 

avoiding the generation of mechanical stress upon operation at (ultra)high temperatures. 

Intense efforts have been made in the last decades in order to accommodate those requirements, which are often 

strongly conflicting. Thus, several types and classes of (ultra)high-temperature materials have been proposed 

and developed over the years, such as highly refractory metals, inter-metallic/alloys, metal matrix composites 

(MMCs) as well as UHTCs ceramic monoliths or ceramic matrix composites (CMCs). 

Single-source-precursors synthesis approaches have been used in recent years to generate nanoscaled ceramic 

composites, which show excellent behavior at ultra-high temperatures and even in harsh environments. For 

instance, SiOC/t-HfO2 [1, 2] , SiOC/t-ZrO2 [3] ceramic nanocomposites were successfully synthesized, starting 

from a commercially available preceramic polymer, namely poly(siloxanes). These exhibited excellent high 

temperature stability, good high temperature oxidation and corrosion resistance under hydrothermal conditions 

[4]. However, the low melting points of oxygen-containing ceramic nanocomposites turn them into a bottleneck 

in high temperature engineer application due to their impaired high temperature mechanical properties. 

Therefore, it is necessary to investigate non-oxygen nanocomposites. Many non-oxygen silicon-based 

preceramic polymer are available commercially, such as SiC-based (SMP10) [5], Si3N4-based (PHPS) [6], 

SiCN-based (HTT1800) [7] polymer precursor, etc. Among these precursors, SiCN-based substances can be 

converted into amorphous SiCN or SiC/Si3N4 nanocomposites, which have been considered as combining the 

merits of SiC and Si3N4. Furthermore, this amorphous ceramic has been intensively investigated concerning its 

oxidation behavior, water vapor corrosion, and high temperature creep behavior. All of these behaviors in harsh 

environment proved to be outstanding. Additionally, researchers modified these materials by aluminum, boron, 
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titanium and zirconium to yield SiAlCN [8], SiBCN [9], SiTiCN [6], or SiZrCN ceramics, allowing the creation 

of novel SiCN-based ceramic and its ceramic nanocomposites.  

Among ultra-high temperature ceramics, Hf-containing ceramics (HfC, HfN and HfB2) were considered as the 

most promising category based on their extremely high melting point, superior thermal conductivity and 

oxidation resistance compared to Ti, Zr-based UHTCs [10]. Furthermore, a great deal of research has presented 

the addition of silicon-based second phase into HfC or HfB2 enable to significantly improve the oxidation 

resistance of silicon-free HfC or HfB2, consisting of SiC/HfC, SiC/HfB2 or SiC/HfC/HfB2 composites [11-13].  

Accordingly, we consider a novel SiHf(B)CN amorphous ceramic and its nanocomposites as promising 

candidate in (ultra)high temperature applications. Furthermore, these composites (i.e. HfC/SiC, HfB2/SiC) are 

conventionally synthesized by using powder techniques. Moreover the grain size of these composites is in the 

micrometer range. To the best of our knowledge, no studies reported the synthesis of these ceramics composites 

via single-source-precursor so far. Hence, the present research is focused on the following topics:  

 The essential key aspect of our study is to develop novel SiHf(B)CN ultra-high temperature ceramic 

composites with refined nanostructure via a single-source-precursor route, starting from the commercial 

precursor polysilazane HTT1800. 

 Investigating the polymer-to-ceramic conversion 

 Processing dense monolithic amorphous ceramics and ceramic nanocomposites and ceramic matrix 

composites (CMCs).  

 Their response to harsh environments, i.e. high temperature stability with respect to decomposition and 

crystallization, high temperature oxidation, hydrothermal corrosion, ablation behavior etc., is studied. 

 

1.2 Terms and definitions 

 

1.2.1 Ceramic Nanocomposites 

 

Nanocomposite materials can be defined as having more than one Gibbsian phase, where at least one dimension 

is in the nanoscale. Furthermore, phases can be amorphous, semi-crystalline or crystalline etc.; the state can be 

inorganic or organic, in any of their compositions. The nanocomposites theory is thought to also apply to 

biological systems, such as bones, teeth and shells, which can be considered as inorganic and organic, consisting 

of nanocomposites.  

The synthesis of nanocomposites can be tracked back to work performed by Roy and Komarneni [14], who 

created heterogeneous rather than homogeneous materials using the sol-gel approach. Furthermore, the related 

work of H. Gleiter on nanocrystalline materials shows that a reduction in the size of the composites to the 

nanometer range can achieve a significant improvement in their structural (mechanical) and functional 

properties (electrical, optical etc.) [15]. Recent advances in producing nano-structured materials with novel 

properties have stimulated research to create multi-functionality by designing structures in the nanometer scale.  
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Nanocomposite materials can be classified as: (I) microstructure; (II) materials function, physical and chemical 

differences, formation of temperature. In the microstructure concept, R. E. Newnham et al. proposed the 

fascinating word “connectivity” for describing nanocomposites [16], as he illustrated that connectivity is a 

critical parameter in composites. It influences the properties of the multi-phase, because the properties can be 

tailored by many orders of magnitude through varying the connections. Thus, the relationship between structure 

and properties can be interpreted by connectivity providing a guideline for the materials design. However, some 

of the connectivity patterns applying classification (I) are difficult to implement in the ceramic-based 

nanocomposites. Roy and Komarneni et al identified nanocomposites as five major groups according to (II) 

[17]: (1) sol-gel nanocomposites, which are synthesized at temperatures below 100 °C; these nanocomposite 

precursors are converted into multiphasic crystalline ceramics nanocomposites upon high temperature heating; 

(2) intercalation-type nanocomposites, which are generally prepared at temperatures below 200 °C; compared to 

sol-gel nanocomposites, their synthesis temperature is relatively low (< 500 °C); (3) entrapment-type 

nanocomposites, which are converted from precursors with network structures (3D) at low temperatures (< 250 

°C); (4) electroceramic nanocomposites, which can be prepared by incorporating nanophases of materials with 

electric properties (i.e. ferroelectric, dielectric, superconducting and ferroic) into a polymer matrix at 

temperatures below 200 °C; (5) structural ceramic nanocomposites, which are prepared by traditional ceramic 

processing at very high temperatures (1000 - 1800 °C). Furthermore, structural ceramic nanocomposites could 

be subdivided into four categories: intra- and intergranular nanocomposites, hybrid intra-intergranular 

nanocomposites, as well as nano/nano composites, where the latter can have any phase in the nano scale, and the 

other nanocomposites require only one nano-structured phase.  

 

1.2.2 Ultra-high temperature ceramics 

 

In order to define ultra-high temperature ceramics, it is necessary to understand the definition of (ultra)high 

temperature. One often used definition in materials science is that such a temperature reaches about two-thirds 

of the melting point of a solid [18]. Another definition, related to the alteration of a material’s properties, 

kinetics, and chemical behavior from room temperature to that high temperature, states that such chemical 

reactions in high temperature are highly different compared to those at room temperature and that this may 

depend on thermodynamic properties rather than kinetics in the high temperature range [19]. Additionally, the 

extrapolation of materials structure and properties from near room temperature are no longer valid, i.e. a solid 

solution’s range increases significantly due to the structure becomes more disordered with increasing 

temperature [18], or the physical properties of materials are unpredictable in the high temperature range [18]. 

Therefore, materials design has to combine the alteration of structure and properties with the dependence on 

high temperature, which is quite a challenge for its usefulness in (ultra)high temperatures.   

As mentioned before, the melting point is a major and simple criterion for classification. Currently, there are 

more than 300 materials with melting points above 2000 °C, including SiC, refractory metals (Hf, Nb, Ir, Re, 

Ta, W), a variety of transition metal oxides, carbides, nitrides and borides etc. However, materials with melting 
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temperatures over 3000 °C include only few elements (Carbon, W, Re) or compounds (TiC, TaC, TaN, TaB2, 

ZrC, ZrN, ZrB2, HfC, HfN, HfB2, NbC, ThO2, BN), which are called ultra-high temperature materials (UHTs) 

[10]. It should be noted though that the melting point is only one of the properties relevant for materials 

selection. Assessment materials still rely on their usefulness in a real structural application (i.e. leading edge, 

nozzle components) in very high temperature, where materials suffer from a complex steam atmosphere 

including O2, NaCl, Na2SiO4 vapor etc. [20, 21]. Thus, those extreme conditions limit the number of suitable 

materials for defining UHTC material. Firstly, oxides are thought to be suitable for use in those environments 

(oxidizing), but their high thermal expansion and low thermal conductivity limit their use in high temperature 

applications, which might eliminate them from this discussion. Additionally, despite graphite being best known 

for its extremely high melting point, it starts to diminish at only 800 °C. Similarly, the other category may have 

a very high melting point, but they will undergo oxidation to form some liquid or gaseous reaction product, i.e. 

BN can only be used in air up to 900 °C due to the formation of boria (liquid phase) [22]; furthermore, oxidic 

products with low melting points are formed under exposure to an oxidizing environment, such as TiB2 [23], 

TiC [24, 25] (TiO2-Tm=1840 °C), NbB2 [26] or NbC (Nb2O5-Tm=1485
o
C) [27].  

What we are left with are carbides, nitrides and borides of early transition metals (such as ZrC, ZrN and ZrB2, 

HfC, HfN, and HfB2.etc), which have been broadly termed Ultra High Temperature Ceramics (UHTCs). Since 

the 1960’s, these materials have been investigated by ManLabs under a research program funded by the Air 

Force Materials Laboratory (AFML) [28]. The work on these materials was initiated to meet the need for the 

development of hypersonic flight vehicles with sharp leading edges [29]. Materials forming in the HfO2 or ZrO2 

scale are an oxidation product derived from hafnium or zirconium carbide, nitride and boride in the oxidizing 

environment, which are considered as desirable candidate for short-term applications (˃2000 °C) [20]. 

However, the unprotecting oxide scale (HfO2 or ZrO2) with porous structure generated from refractory carbide, 

nitride restricts their long-term applications. The better oxidation resistance of refractory diboride compounds 

was shown compared to other refractory compounds (carbide, nitride), as liquid B2O3 can be protective up to 

1200 °C. However, it is known that B2O3 evaporates at higher temperatures and no longer provides a barrier to 

gas diffusion. Thus, the addition of a second phase into the refractory compound was found to improve 

oxidation behavior and its strength, typically, ZrB2 or HfB2 plus 20 vol% SiC, producing the highest oxidation 

resistance up to 2000 °C [30]. The other way to enhance the oxidation resistance is the formation of complex 

immiscible glasses as well as increasing the viscosity of glasses that can limit the permeation of molecular 

oxygen. The addition of 10 mol% TaB2 into ZrB2/SiC has been shown to significantly improve the oxidation 

resistance, as compared to pure ZrB2 and ZrB2/SiC [31].  

Accordingly, the definitions of UHTCs need to be associated with the application, where applications include 

both short-term and long-term applications. In short-term applications, stability in shape is more important than 

the formed oxide scale, in contrast to dense, protective oxides that are needed in long-term applications 

(oxidizing/water vapor environment) at temperatures up to 1600 °C. For the latter, silicon-based ceramics 

(silicon carbide, silicon nitride or metal silicides) are materials with excellent environmental stability (oxidation 

resistance) at temperatures up to ca. 1600 °C, as they are able to generate a layer of dense silica glass at the 
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surface that strongly inhibits the oxygen diffusion and reaction with the parent material by its parabolic 

oxidation behavior.  

Therefore, we can summarize two terms for the definitions related to the aforementioned discussion:  

1) A strict definition is determined by the melting point of the material over 3000 °C, encompassing materials 

thought to be operable at extremely high temperatures (≥ 2000 °C) for a short time. 

2) The other definition related to the present work is that the synthesized materials can withstand temperatures 

above 1600 °C, as well as being useful for long-term applications in harsh environments (oxygen or water 

vapor) and can thus also be considered as UHTC materials.  

 

1.2.3 Polymer-derived ceramics (PDCs) 

 

The polymer-derived ceramics (PDCs) are a new class of ceramics being prepared, without any additives, by 

thermal treatment in a controlled atmosphere, starting from a polymer precursor with a Si-containing molecular 

structure. Thus, PDCs are distinguished by following the chemical route rather than the traditional powder 

route, which can produce ceramic fibers, coatings, or ceramic matrix composites by polymer-forming 

techniques.  

The synthesis of pre-ceramic precursors can be tracked back to the early 1960s when Chantrell and Poper [32] 

reported the synthesis of  non-oxide ceramics from molecular precursors. However, the production of Si3N4/SiC 

ceramic fibers was achieved for the first time by the polymer to ceramic transformation of polysilazanes, 

polysiloxanes, and polycarbosilanes [33]. Furthermore, continuous SiC ceramic fibers have been created on a 

commercial scale by Yajima et al [34, 35], using the thermolysis of polycarbosilanes.  

The molecular structures and types of preceramic polymer not only influence the composition and 

microstructure of the final ceramics, but also their crystallization and physical properties which can be varied by 

tailored chemical compositions and molecular precursors. Therefore, the synthesis of preceramic precursors is a 

critical step in the field of PDCs. The success of synthesizing silicon-containing PDCs such as Si-C, Si-N, and 

Si-C-N can be attributed to the strong bonding between silicon and carbon, nitrogen etc. Moreover, exceptional 

properties including high temperature stability (i.e. against crystallization, phase separation, decomposition), 

high temperature durability towards oxidation, corrosion and creep resistance have also been shown. R. Riedel 

et al have found that the high temperature stability of boron-containing SiCN ceramics with respect to 

decomposition could reach 2200 °C [9]. Currently, quaternary systems SiCNO, SiBCN, SiBCO, SiAlCN etc. 

have been synthesized; within the present work, quaternary and pentanary systems SiHf(B)CN will be reported, 

representing a novel ceramics at the nano scale, namely polymer-derived ceramic nanocomposites (PDC-NCs).   

 

1.2.4 Extreme environments 

 

Nature is rich with examples of phenomena and environments that we might consider extreme. For example, the 

regular temperature range on Earth where we live reaches from -50 to +50 °C. Moreover, various natural 
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phenomena and environments (i.e. large fluxes of radiation and particles from the sun, volcanic eruptions that 

originate deep underground, extraordinary pressures and temperatures in the interiors of the planet, 

electromagnetic discharges etc.) are also considered extreme. Therefore, for the new materials, the response to 

the broad range of such extreme environments leads to new physical phenomena that have to be understood, 

which cannot occur under ordinary conditions. Considering the development of materials (i.e. a device’s 

performance, extending its lifetime, the creation of new technologies), researchers not only need to understand 

how materials behave in such environments, but also to tailor and modify materials to satisfy demand [36].  

Within this context, three major classes of extreme environments are discussed with the development of novel, 

suitable materials for usage in extreme conditions: energetic fluxes, thermomechanical forces, extreme 

chemistry.  

Energetic fluxes represent crucial conditions in nuclear fission, fusion reactors and energy conversion. In those 

conditions, materials are exposed to energetic particles and intense radiation; obviously, it is necessary to know 

how materials behave in such extreme environments in order to optimize the performance of materials able to 

tolerate harsh fluxes. Furthermore, new materials need to be created for even harsher conditions, i.e. next 

generation fission reactors will suffer neutron fluxes an order of magnitude higher than current systems.  

Besides the potential damage experienced from energetic fluxes, fluxes (i.e. irradiation) could also be used as 

effective tools in creating new materials and structures with more thermodynamic stability. For instance, shaped 

laser pulses can be used to anneal a material and produce specific microstructures or repair materials that have 

been damaged by prior irradiation.  

Thermomechanical forces include high pressure and stress loading, high strain and strain rate as well as 

thermal stress (high and low temperature), and they can be found in high temperature turbines as well as heat 

exchangers in engines and electrical power plants, where temperatures and stresses reach 1030K and roughly 

40MPa [37]. More importantly, an understanding on the original behavior of materials under those conditions 

enables the improvement of the material’s performance and allows the origin of new materials to be recognized, 

i.e. the pronounced improvement in strength may contribute to internal structure with nanoscale architectures, 

compared to conventional materials with the same compositions [38]. Furthermore, the application of pressure 

has produced new super-hard materials, such as doped diamond, cubic carbon and boron-nitride. 

Extreme chemistry is found in many advanced power systems such as fuel cells, nuclear reactors, and batteries. 

The performance is unreliable when the materials are exposed to reactive liquids (acids, ionic liquids, molten 

salts) or gas (steam, hydrogen, ammonia, NOx etc.). Obviously, equilibrium and non-equilibrium 

thermodynamic and kinetics aspects have to be considered, in order to be able to develop monolithic or 

protective films with excellent resistance to an extreme chemical environment.  

Studies of materials in extreme environments are essential for different applications, ranging from creating 

better turbines and reactors over improving energy storage to developing future energy systems. However, there 

are problems: In-situ characterization of the motion of atoms and defects in materials exposed to harsh 

environment might be particularly difficult.  
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1.3 A literature survey 

 

1.3.1 Synthesis of ceramic nanocomposites 

 

Introducing terms for ceramic nanocomposites within this context, Niihara and his colleagues have classified 

structural ceramic nanocomposites into four categories [39]: (a) intragranular, (b) intergranular, (c) hybrid 

intra/inter-granular, and (d) nano/nanocomposites. They distinguished between the intra-type and inter-type 

according to the dispersion of the nanometer-sized second phase within matrix ceramic materials or at the grain 

boundary of the matrix, respectively. Due to these exceptional structures, intra- and intergranular 

nanocomposites proved a tremendous improvement of mechanical properties even at elevated temperatures 

compared with those of microcomposite ceramics. Furthermore, the nano/nanocomposites provided new 

functions, such as machinability and super plasticity like metals.  

In this section, we will discuss the synthesis of ceramic nanocomposites. Various techniques are utilized in this 

process [40], such as gas-phase reactions (chemical vapor deposition is used to prepare Si3N4) [41, 42], liquid-

phase process (sol-gel process, intercalation, organometallic pyrolysis, combustion synthesis, and spray 

conversion), solid phase method (mechanical alloying).  

 

Figure 1.1. K. Niihara’s concept of designing ceramic metal nanocomposites with inter- and intra-granular structure: the aim was to 

improve the mechanical properties compared to microcomposites (such as high strength and toughness) (adapted with 

permission from source [43]).  

 

Gas-phase and solid-phase synthesis are beyond our scope, thus only the liquid-state process for preparation of 

ceramic nanocomposites will be presented in the following discussion, mainly focusing on sol-gel and pyrolysis 

of the polymeric precursor.  
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1.3.1.1 Sol-gel techniques 

 

Sol-gel processing is commonly used in the synthesis of nanocomposites. Generally, ultra-homogeneous glasses 

and ceramics can be converted starting with a mixture solution, followed by gelation and then thermal treatment 

[44]. The sol-gel process was initially produced for oxide ceramics, involving three steps: i) mixing with metal 

organic precursors to form a solution; 2) forming sol and later gel during desiccation; iii) achieving the final 

product after gelation. Accordingly, this process involves the transformation from a homogeneous solution to a 

phase, which is irreversible, i.e. the gel to desired phase was shown to shrink. The pronounced advantage of the 

sol-gel process is to develop homogeneous ceramics at the beginning of research. However, in 1982, Roy et al 

have created “heterogeneous” materials in the nanometer range (nanocomposites), such as ceramic/metal 

nanocomposites [14] (Al2O3, SiO2, ZrO2 as oxides and Cu, Pt, Sn, and Ni as metals). Since alkoxide can react 

readily with water, the -OH band is attached to the silicon or metal atom after hydrolysis. Afterwards, 

polymerization occurs accompanied by the production of H-O-H and R-O-H species, leading to the formation of 

a network of M–O–M (M=metal or silicon) bonds. Thus, using metal alkoxide as starting materials is one of the 

most-promising techniques for fabrication of nanocomposites with a tailored structure, i.e. alkoxysilanes were 

commonly used to react with suitable metal alkoxide to generate SiO2-TiO2 [45], SiO2-Al2O3 [46] etc. 

nanocomposites. However, the kinetics of the hydrolysis and polycondensation process during the formation of 

network structures (colloidal gels) are quite important, since these equilibrium reactions depend on a number of 

parameters (e.g. temperature, pH value, concentration of various compositions etc.). For example, acids or bases 

may be used to catalyze hydrolysis, the slowest rate is at approximately neutral pH (pH=7). Each change of pH 

by 1 pH unit in either the acid or basic direction produces a ten-fold acceleration in the hydrolysis rate. 

Polycondensation is also pH-dependent; if fast hydrolysis followed by slow condensation is desired, acidic 

catalysis is preferred and vice versa [47].  

Nonoxide-based nanocomposites can also be synthesized by the sol-gel process [48]. P. R. Strutt et al [48] 

synthesized AlN/BN material using boric acid, urea and aluminum chloride (or aluminum lactate) as starting 

materials. The gel was achieved using the ammonolysis of the aqueous solution and subsequently converted into 

the AlN/BN nanocomposites by further heat treatment.  

The advantages of the sol-gel techniques lie in synthesizing in a convenient process (low processing 

temperature) and of high-purity materials with a tailored phase (e.g. single phase nanocrystalline materials or 

nanocomposites). Furthermore, the compositions could be adapted to stoichiometry control, which allows 

suitable shaping/morphology of the end product (i.e. powders, thin films, or monoliths).  

 

1.3.1.2 Synthesis from polymer-based single-source-precursor (SSPs) 

 

The PDCs have attracted great attention in the last few decades, due to their advantages over traditional ceramic 

processing methods. For example, additives and very high sintering temperature (1700-2000 °C) are required 

for the  preparation of SiC [49] or Si3N4 [50] using powder processing techniques; in comparison, relatively low 

processing temperature (1100-1300 °C) are used for the preparation of silicon-based ceramics and therefore of 
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economic interest. Furthermore, PDCs offer an easier route to synthesizing ceramic fibers [51], coatings [52] or 

ceramic matrix composites [53], which in principle cannot be produced by the powder technique. The non-oxide 

ceramic ‘SiC’ via molecular organosilicon compounds was reported for the first time by Fritz and Raabe in 

1956 [54], and then Verbeek and his colleagues presented the preparation of small-diameter SiC/Si3N4 ceramic 

fibers from a silicon-based polymer precursor [33]. And subsequently, in 1976, a significant breakthrough was 

made by Yajima et al [34] in the development of SiC-based ceramic fibers using polycarbosilane. 

The molecular structure and the type of preceramic polymer have a significant effect on the composition and 

microstructure of the desired ceramic. In this way, the chemical and physical properties of PDCs can be varied 

and adjusted to a great extent by the design of the molecular precursor. Therefore, the synthesis of preceramic 

polymers is one of the key issues in the PDCs field [55]. Different classes of preceramic precursors (i.e. 

polysilanes, poly(carbonsilanes), poly(organosilazanes), poly(borosilazanes) etc.) which are generally used for 

the synthesis of PDCs are presented in Figure 1.2.  

 

Figure 1.2. Main classes of Si-based preceramic precursors for the synthesis of PDCs: polysilazanes, polycarbosilanes, polyborosilazanes, 

polysiloxane, polysilylcarboiimides etc. (reproduced with the permission of literature [55]). 

 

For the synthesis of polymer-derived ceramic nanocomposites (PDC-NCs), different silicon-based preceramic 

precursors (as the aforementioned polysiloxanes, polycarbosilanes or polysilazanes) have been chemically 

modified with organometallic compound, such as metal alkoxides, metal amido complexes, leading to single-

source precursors which are subsequently converted into PDC-NCs upon pyrolysis. Preliminary work has been 

done by Interrante et al, using polycarbosilane mixed with [R2AlNH2]3, which led to SiC/AlN nanocomposites 

[56]. Furthermore, it has also been noted that a combination of AlN with SiC provided solid solutions with fine 

grain sizes, high microstructure uniformity and improved mechanical properties of SiC ceramics. Some 

highlights of the recent progress in the synthesis of polymer-based precursor ceramic nanocomposites are 

summarized by Paine et al [57]: 1) In the first method, a polymeric precursor is incorporated with reactive filler 
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particles; 2) in the second approach, two (or more) polymeric precursors are blended to form the desired ceramic 

compositions; 3) the synthesis of polymeric precursor compounds that contain all of the involved elements.  

In the first approach, reactive metal particles are simply blended with the preceramic polymers and followed by 

cross-linking and pyrolysis. Seyferth and coworkers [58, 59] have utilized this approach to prepare several 

composites. Furthermore, the composition and crystallization of the resulted products depend on processing 

conditions, including pyrolysis temperature and gas (i.e. reactive ammonia or inert argon gas). For instance, a 

solution of [(CH3SiHNH)0.4(CH3SiN)0.6]n was ultrasonicated together with W powder (W: Si ratio 5: 3). The 

pyrolysis of the powder precursor was implemented in a stream of argon at 1500 °C after removing the solvent 

in a vacuum, leading to WC/W5Si3 nanocomposites. In contrast, polysilazane/W powder was pyrolyzed in a 

stream of dry ammonia at 800 °C, and followed by further heating to 1500 °C, yielding only one phase W5Si3. 

More interestingly, when the initial ratios of Si were adjusted higher (W: Si=1:2), additional ceramic phases 

(WSi2, WC and SiC) were found. Greil et al [60] proposed the model of active-filler controlled pyrolysis of 

preceramic polymers (AFCOP) using a blending of preceramic polymers and active fillers (metallic, 

intermetallic). This concept aims to serve engineering application (such as bulk, coating, ceramic matrix 

composites etc.), demonstrating that the shrinkage and porosity generation might be alleviated by adding 

passive or active filler during the conversion from polymers to ceramics. Reactive filler particles (such as 

metallic: Ti, Cr, V, Mo and intermetallic: CrSi2, MoSi2 etc.) were used to react either with the decomposition 

products of the polymer phase or the gas atmosphere, not only compensating for the intrinsic shrinkage of 

polymer-to-ceramic conversion, but also preparing various ceramic composites, such as Si-O-C/TiC, Si-O-C-

N/TiN, Si-O-C-N/Cr3C2/Si3N4 [60]. Obviously, these results will likely be practical and useful. Moreover, 

ceramic composites synthesized by AFCOP exhibit improved mechanical and functional properties (e.g. electric 

[61] and magnetic properties [62]) compared to equivalent ceramics without filler. For example, in the case of 

the SiOC-based composite, the SiOC/MoSi2 ceramic composites can be prepared by ceramization of the 

polysiloxane/MoSi2 blend. The obtained composite exhibited a remarkably lower electrical resistivity (10−2 Ω 

m) than that of pure SiOC prepared under the same conditions (109–1012 Ω cm) [61]. 

A second approach involves the blending of two (or more) precursors of the desired ceramic composites. 

Interrante and his colleagues have presented numerous works on this, as they synthesized Si3N4/AlN ceramic 

nanocomposites employing a blending of polysilane with [Et2AlNH2]3, followed by pyrolysis under NH3 [63]. 

Similarly, mixtures of polysilane (VPS) with polyborazinylamine (PBZA) produced the preceramic precursor, 

and then they were converted into Si3N4/BN nanocomposites through thermal pyrolysis [64]. Sneddon et al [65] 

synthesized boron-containing β-Si3N4/β-SiC composites starting from the reaction of liquid borazine with 

hydridopolysilazane (HPZ) and then pyrolyzing the resulted polymer. In contrast to the ceramic materials 

obtained from HPZ, a better retention of nitrogen and suppression of crystallization could be observed due to 

the presence of amorphous phase BCN. 

A third approach regards the synthesis of single-source precursors (SSPs) containing all the elements of the 

desired composites. Within this work, SSPs mainly focus on the modification of silicon-based polymers with 



 

Chapter 1 INTRODUCTION   - 11 - 

 

metal complexes. Depending on the types of silicon-based polymer precursors, the synthesis of SSPs will be 

described by various polymer precursors in the following.  

Polycarbosilane (PCS) are often used to synthesize SiC-based ceramic nanocomposites. The chemical 

modification of PCS with transition metal complex were reported for the first time by Seyferth and coworkers 

[59]. Soraru et al synthesized a series of preceramic precursors using PCS modified with metal alkoxide, 

producing the single-source-precursor Si-M-C-O (M=Al, Zr, Ti) [66, 67] (Figure 1.3), while Ishikawa et al [68, 

69] also synthesized SiC-based SSPs using metal acetylacetonate as the modification reagent. Depending on the 

metal precursor used, different reaction pathways of PCS with metal-organic precursors have been reported. The 

reaction with metal alkoxides involves the formation of Si-O-M units, accompanied by the generation of alkanes 

(Figure 1.3, (i)), whereas with metal acetylacetonate, metal directly bonded to Si releasing acetyl acetone, 

leading to the formation of Si-M (see Figure 1.3 (ii)). Although the interaction between PCS and metal alkoxide 

might be supported by FTIR and NMR [69], for both cases, there was no clear evidence for the formation of 

units of Si-O-M or Si-M. For instance, in the case of polycarbosilane reacting with zirconium (IV) 

acetylacetonate, the Si-Zr bond was indirectly predicted by the increase in the molecular weight during the 

cross-linking reaction and a significant decrease in the amount of Si-H. Furthermore, the ceramization of metal 

complex-modified PCS leads to Si-M-C-O ceramic fibers consisting of β-SiC/MC, which can also be considered 

as ceramic nanocomposites [70]. The other example is the synthesis of magnetic SiC nanowires, which involved 

the pyrolysis of an iron-containing polycarbosilane, in which SSPs were synthesized through the reaction of 

PCS and iron (III) acetylacetonate; XRD showed that β-SiC crystals were present together with diffraction lines 

related to Fe5Si3, Fe3Si and FeC [71].  
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Figure 1.3. Chemical modification of PCS: (i) with metal alkoxies; ii) with metal acetyl acetonate. 

 

Owing to polysiloxane having suitable functional groups (such as hydroxyl or alkoxy), they can be chemically 

modified with transition metal alkoxides. Ionescu et al [1-3] have intensively investigated the synthesis, ceramic 
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conversion and microstructure evolution. They commonly used polysilsesquioxane and metal alkoxides (i.e., 

zirconium n-propoxide, hafnium butoxide) as starting materials. The reaction between polysilsesquioxane (PMS) 

with metal tetra(n-butoxide) is presented in Figure 1.4. In comparison to metal-containing free polysiloxane, it 

has showed a strong increase in the degree of cross-linking of the preceramic precursor due to the formation of 

Si-O-M (M=Hf, Zr). Furthermore, the phase and microstructure evolution within ceramic conversion and the 

subsequent annealing process were investigated. For instance, the hafnium alkoxide-modified precursor was 

shown to convert into an amorphous single phase SixHfyCzOw ceramic at temperature up to 800 °C. 

Subsequently, the amorphous ceramic pyrolyzed at 1100 °C in argon atmosphere, the metal oxide particles (size 

< 5 nm) precipitate (i.e. HfO2 and ZrO2) throughout the silicon oxycarbide matrix. By increasing the 

temperature up to 1600 °C, novel HfSiO4/SiC/C ceramic nanocomposites can be generated, which showed 

excellent thermal stability compared to metal-free SiOC ceramics [2]. 
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Figure 1.4. Chemical modification of a polysilsesquioxane with zirconium and hafnium alkoxides. 

 

Among the various polysilazanes, perhydropolysilazanes (PHPS) are often used in the fabrication of Si3N4-

based ceramics, due to them having some advantages in high purity and high ceramic yield. Iwamoto and his 

coworkers [72] synthesized poly-titanosilazanes by modifying commercial PHPS with TiX4 (X=N(CH3)2, 

OCH(CH3)2), the prepared precursor was converted into Si3N4/TiN nanocomposites by pyrolysis at 1000 °C in 

NH3. Furthermore, methlyl- and vinyl-substituted polysilazane (HTT1800) was also reacted with metal alkoxide, 

generating SiCN-based ceramic nanocomposites [73]. It is interesting, in the case of the synthesis of poly-

titanosilazane, that the condensation reaction only occurs at the N-H groups, while the reaction of HTT1800 

with hafnium n-butoxide takes place at both functional groups (N-H and Si-H) [73]. Additionally, 

cyclotrisilazane was also chemically modified with hafnium n-butoxide: The reaction only occurs at the N-H 

groups because no S-H bonds are present in this monomeric silazane. Furthermore, the microstructure and 

properties have a crucial connection to the architecture of polymer precursor. Both ceramic nanocomposites 

obtained from hafnium n-butoxide-modified CTS and HTT1800 were studied via microscopy (TEM and SEM, 

see Figure 1.5). As illustrated in the TEM image, both ceramics showed featureless amorphous structures 

confirmed by SAED. However, bright-field imaging in TEM typically reveals a dark contrast in regions where 



 

Chapter 1 INTRODUCTION   - 13 - 

 

high atomic numbers are localized. Therefore, a local enrichment of hafnium was clearly observed in the 

HRTEM image of CTS. Moreover, thermal stability of both ceramics are shown to be highly different, the 

HTT1800-derived ceramic showed better high temperature stability with respect to decomposition at a 

temperature of 1600 °C, compared to CTS-based ceramics. The reason behind this is that hafnium dispersed 

homogeneously within the SiCN(O) matrix has a beneficial influence on the thermal stability, whereas the local 

enrichment of hafnium seems to separate from the SiCN(O) matrix [73]. 

 

Figure 1.5. TEM bright-field images of the samples pyrolyzed at 1100 °C: (a and c) the HTT1800-based ceramic and (b and d) the CTS-

based material (reproduced with the permission of Literature [73]). 

 

Additionally, in the modification of polysilazane with early transition metal alkoxide or amido complex (M=Ti, 

Hf, Zr), it is interesting that only metal oxide or metal nitride/SiCN nanocomposites were generated. However, 

metals like Cu, Ni, Pd or Au lead to the formation of metal/SiCN or metal-silicide/SiCN nanocomposites [74, 

75]. For instance, the aminopyridinato copper complex [Cu2(Ap
TMS

)2] (Ap
TMS

H=(4-methylpyridin-2-yl) 

trimethylsilanylamine) reacts with HTT1800 via aminopyridine elimination, 
1
 H and 

13
 C NMR studies of this 

reaction showed the liberation of protonated ligand Ap
TMS

H provide indirect evidence for the copper 

polycarbosilazane binding. Copper-coordinated polysilazane can be cross-linked and converted into copper-

modified SiCN ceramics. SEM, EDS, and 
65

Cu solid-state NMR confirmed the formation of crystallites and 

particles consisting of elemental copper [76]. R. Kempe et al synthesized palladium silicide nanoalloy 

particles/SiCN nanocomposites starting from HTT1800 chemically modified with a aminopyridinato complex 

[77].  

 

1.3.2 Ultra-high temperature ceramics (UHTCs) 

 

Within this section, a brief description of the state of the art concerning the research on UHTCs will be given. 

Among them, group IV transition carbide, nitride and borides and their properties are of particular importance 

and will be consequently emphasized. 
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1.3.2.1 UHTCs-Group IV transition metal carbides and nitrides  

 

Transition metal carbides, nitrides and carbonitrides represent a class of materials with unusual combinations of 

outstanding structure properties, such as exceptional hardness, high melting points etc. (e.g. HfC having the 

highest melting points of all materials). Furthermore, the structure of this category is comprised of mixture of 

metallic, covalent and ionic bond, thus they exhibit a metallic character which shows high electrical and thermal 

conductivity [78].  

Group IV transition metal carbides and nitrides have very broad ranges of composition which can be tailored by 

the C (or N)/M ratio of the upper maximum to 1. Moreover, their properties are influenced by the ratio of 

[C]/([C]+[N]), thus this behavior offers a large field for tailoring carbonitrides [78]. They also exhibit excellent 

thermal stability with respect to the decompositions, since it can be melted without decomposition.  

Furthermore, since the density of state (DOS) of transition metal carbides at the Fermi level is lower than that of 

transition metal nitrides, the electrical properties of the carbides, such as electrical and thermal conductivity and 

the superconducting transition temperature, Tc, are lower than those of the nitrides. For instance, the DOS at EF 

for HfN is higher than for HfC, which is corresponding well with observed electric resistivity (HfC: 67, HfN: 27 

μΩ cm) as shown in Table 1.1. 

 

Table 1.1. Physical properties of Transition Metal monocarbides and mononitrides 

Material Color Lattice 

Parameter 

[nm] 

Density 

[g/cm3] 

Hardness 

[GPa] 

Young 

modulus 

[GPa] 

Melting 

Point  

[ °C] 

Heat 

Conductivity 

[W/mK] 

CTE 

[×10-6/K] 

Electric 

Resistivity 

[μΩ cm] 

TiC Gray 0.4327 4.93 28 450 3067 28.9 8.5 100 

ZrC Gray 0.4703 6.46 25 350 3420 24.6 7.5 75 

HfC Gray 0.4638 12.3 20 420 3930 25.1 6.1 67 

TiN Golden-

yellow 

0.4242 5.39 17 420 3050 29 9.9 27 

ZrN Pale-yellow 0.4570 7.32 15 460 3000 11 7.8 24 

HfN Greenish-

yellow 

0.4516 13.83 18 380 3330 11 8.5 27 

 

Generally, transition metal carbides can be prepared from element or metal hydrides, at elevated temperatures 

(e.g. Ti + C = TiC). As the reaction between both elements is exothermal, such as with Ti and C, they can 

provide enough heating to keep up this reaction temperature. Accordingly, the reaction between the elements 

could be carried out in a self-propagating high temperature synthesis (SHS) [79]. However, the high cost of 

transition metal and metal hydride raw materials makes it disadvantageous for the synthesis of transition metal 

carbides. Thus, the carbothermal reduction of carbon and the corresponding metal oxides at low cost is suitable 

for the synthesis of transition metal carbides powders [80, 81]. However, in most cases, when starting from 

powder initially mixed together, the carbide-forming powders with relatively large particle size were obtained 

but did not prove suitable for further processing (e.g. hot pressing, spark plasma sintering). Accordingly, Sack et 

al synthesized a ZrC, HfC powder with fine-scale (nanometer size) by using solution-based processing; 
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moreover, the reduction reaction occurred at a relatively low temperature (<1500 °C), and the particle size of the 

resulting powder was estimated at 50~130 nm [80].  

Transition metal nitrides can be prepared by a nitriding reaction between the metal or metal hydride and 

molecular or atomic nitrogen or flowing ammonia (e.g. ZrH2 + 4N2 = ZrN + H2). During the nitriding process, 

the pressure of molecular nitrogen at a given temperature is necessary to obtain a specific nitride phase. 

Alternatively, the formation of nitrides from metal oxides can be performed by the presence of carbon as a 

reducing agent, such as TiO2 + 2C + ½ N2 = TiN + 2CO. Additionally, carbonitride powders are usually 

prepared by mixing carbide and nitride powders together, subsequently heating them to a high temperature [78].  

Among the transition metal carbides and nitrides, carbide compounds are shown to have a higher melting point. 

One of the highest known melting temperatures of any material as shown in Table 1.1, HfC melts congruently at 

3930 °C (see Table 1.1 for the melting temperatures of other carbide phases), while various nitrides also show 

extremely high melting point temperatures which can reach more than 3000 °C. 

As discussed in the structure of metal carbides or nitrides, the mixing of metallic, covalent, ionic bonding is 

proposed, thus they exhibited good thermal conductivity (see Table 1.1). Furthermore, thermal conductivity 

increases with rising temperatures; however, it follows a non-linear relationship [82]. Moreover, the thermal 

conductivity of HfC exhibited strong stoichiometry dependence (Figure 1.6), which showed that the 

conductivity of the HfC0.98 is two times that of the HfC0.67. This decrease in the thermal conductivity can be 

attributed to increased phonon scattering from carbon vacancies in the sub-stoichiometric carbides [83].  

 

Figure 1.6. The thermal conductivity of hafnium carbides, nitrides and borides (reproduced with the permission of literature[83]). 

 

Transition metal carbides, nitrides also exhibit excellent electric conductivity. Usually, the electrical resistivity 

of transition metal carbides is shown to be higher than that of corresponding transition metal nitrides (see Table 

1.1). Furthermore, those electrical conductivities of each carbides or nitrides are greatly influenced by the ratio 

of nonmetal and metal, showing an increased trend with raising this ratio.  

Thermal expansion is a very important property for transition metal carbides, nitrides and carbonitrides, because 

they are commonly used in combination with other materials (coated on the surface of metals, Si, SiC or Si3N4 



 

- 16 -   Chapter 1 INTRODUCTION 

 

etc.). The significant mismatch in thermal loading between carbide, nitrides phase and substrate might cause the 

spallation from the parent materials. Usually, the thermal expansion of this category is shown to be similar or 

higher than that of the corresponding metals (e.g. compared to the coefficient thermal expansion, 7.5×10
-6

/K for 

ZrC to 5.7 ×10
-6

/K for Zr). For the group IV carbonitrides, the thermal expansion can be expressed in a linear 

function with the temperature. Furthermore, the relationship illustrates that the CTE of Zr(C, N) has lower 

values among corresponding Ti(C, N) and Hf(C, N).  

The Young’s modulus of transition metal carbides, nitrides and carbonitrides generally exhibits higher values 

than that of the transition metals, e.g. Young’s modulus of TiC and TiN shows around 450~460 GPa and 420 

GPa, respectively, which is much higher than that of metallic Ti (110 GPa). Although a lot of information is 

available, the scattering of data is quite wide [84]; the elastic properties are shown to be affected by various 

conditions, such as compositions and types of samples. For instance, the E increased with raising the nitrogen 

content for the measured Young’s modulus of nitrides (TiN1-x, ZrN1-x and HfN1-x). Additionally, most of the thin 

film samples showed a higher Young’s modulus than bulk samples. Also, there are large differences between 

the microhardness of bulk materials and thin films. This is probably due to different dislocation densities and 

grain sizes of both types of materials. Generally, transition metal carbides are very hard materials; moreover, the 

hardness rises with increasing carbon content for MC1-x (e.g. TiC1-x), which is probably related to the valence 

electron concentration (VEC) with a maximum stability at VEC=8. However, the opposite result is to be found 

in the microhardness of nitrides. They proposed that this behavior is a consequence of generating anti-bonding 

states which might cause lattice softening [78]. Additionally, the microhardness of the carbonitrides has an 

increasing trend with a rising [C] / ([C] + [N]) ratio.  

 

1.3.2.2 UHTCs-Group IV transition metal diborides  

 

Borides have exceptional properties due to a high amount of covalent bonding in combination with small band 

gaps or even metal-like transport properties [85]. This unique structure character results in a high melting point, 

along with high thermal and electrical conductivity. The crystal structure of group IV transition metal diborides 

is a primitive hexagonal (AlB2-type), composed of layers of B atoms in a 2D graphite-like network alternating 

with hexagonally close-packed metal layers [86]. Thus, the unique combination of bonds (M-M, B-B and M-B) 

result in exceptional properties: For example, the strength of B-B and M-B bonds is responsible for hardness (23 

GPa and 28 GPa for ZrB2 and HfB2 respectively, see Table 1.2). Moreover, Post. B et al proposed that the 

melting points of diboride is related to the strength of the Me-B bonds in these structures [87]. 

Table 1.2. Structural, physical, and mechanical properties of ZrB2 and HfB2. 

Properties ZrB2 HfB2 

Crystal system space group Hexagonal Hexagonal 

Prototype structure P6/mmmAlB2 P6/mmmAlB2 

Density (g/cm3) 6.119 11.212 

Melting temperature ( °C) 3245 3380 

Young’s modulus (GPa) 489 480 
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Bulk modulus (GPa) 215 212 

Hardness (GPa) 23 28 

Coefficient of thermal expansion (K-1) 5.9 × 10-6 6.3 × 10-6 

Electrical conductivity (S/m) 1.0 × 107 9.1 × 106 

Thermal conductivity (W/mK) 60 104 

 

Generally, reduction processes, reactive processes and chemical routes are commonly used to synthesize 

diboride powders [86]. In terms of reduction processes, carbothermal reduction is mostly used to produce ZrB2 

and HfB2 on a commercial scale. These reactions are endothermic processes and strongly rely on a 

thermodynamically driving force: For instance, the formation of ZrB2 generated from ZrO2, B2O3 and reducing 

agent C has an enthalpy of reaction (∆H) of 1475.6 KJ at 298K, thus a simultaneously reaction (∆G ˂0) occurs 

when the temperature is above 1500 °C. Accordingly, the heating temperature was generally controlled at 

2000 °C for the synthesis of ZrB2 in this case [86]. In comparison with other reducing agents, the advantage of 

the reduction with B4C mainly lies in decreasing the reaction temperature (e.g. a reaction temperature at 

1200 °C for ZrB2 and B4C), and also reducing the amount of oxide impurities in non-oxide ceramics [88].  

The diborides can also be produced by the simplest reaction between both elements (e.g. Hf and B). Since the 

reaction is exothermic and favorable at all temperatures, the reaction can be used to synthesize diboride by SHS 

[89]. In contrast to SHS, Fahrenholtz et al [90] produce nanosized ZrB2 without igniting the SHS reaction using 

very fine powders of Zr (ca.10nm) and B; furthermore, the reaction temperature between Zr and B can be 

controlled as low as 600 °C.  

Chemical routes used for the preparation of diborides are related to the thermal conversion of SSPs as well as 

the solution reaction between metal-containing powder and boron-containing polymers. The former illustrates 

the synthesis of titanium diboride ceramics which were converted from titanium borohydride (Ti(BH4)3) by 

thermal decomposition [91]. Moreover, the resulting powder was found to be fine crystalline at a nano-scale of 

100-200 nm. The latter can produce much finer powder (nanocrystalline), nanocrystallines of ZrB2 and HfB2 

have been prepared by the reaction between anhydrous chlorides (MCl4) and sodium borohydride (NaBH4) in 

the temperature range of 500-700 °C [92, 93]. Furthermore, the successful synthesis of diboride relies on the gas 

reaction between the decomposition product borane (BH3), derived from NaBH4 and gaseous chloride; the grain 

size of the final diboride was estimated at about 20 nm. L.G. Sneddon et al synthesized a series of MB2 (M=Ti, 

Zr, Hf, Nb and Ta) by the latter route, a MB2 powder was firstly achieved by dispersing metal oxides in the 

decaboranedicyanopentane polymer (-B10H12NC-(CH2)5-CN-)x, followed by pyrolysis of the precursor 

dispersions at above 1400 °C [94]. In the synthesis, the key requirements are in-situ generation of boron carbide 

and carbon within boron-containing polymers and the carbothermal reduction between metal oxide and that 

product [95].  

The non-oxide ceramics with high thermal conductivity have been progressively used as structural components 

for engine-related material components. The thermal conductivities of ZrB2 and HfB2 showed the high values of 

60 and 104 W/m∙K respectively, facilitating heat-dissipating from substrates [83]. Previous studies have shown 

that the coefficients expansion in the c direction decreases with an increasing radius of the metal atoms [96], 
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thus ZrB2 and HfB2 have lower coefficients of thermal expansion (CTE) of 5.9 and 6.3 × 10
-6 

K
-1

 respectively 

(Table 1.2) compared to those of TiB2, TaB2 and NbB2. Additionally, the crack is commonly caused by the 

difference in the CTE between the matrix and the particulate, e.g. the CTE mismatch between SiC (~4 × 10
-6 

K
-1

) 

and HfB2 (6.3 × 10
-6 

K
-1

) produces microcracks at the HfB2-SiC interface during the cooling process [97].  

Generally, the secondary phase has the advantage of improving mechanical properties and reducing grain size of 

transition metal diboride matrix, due to the reinforced particles inhibiting the propagation of micro cracking or 

the nucleation of grain particles. However, the mechanical degradation might occur at the grain boundary with 

elevated temperature [98]. For example, in the case of HfB2-20 vol% SiC prepared by hot pressing, some 

secondary phases containing oxygen-bearing phases with poor high temperature stability localized at triple 

points could impair the fracture strength of composites at higher temperatures. Additionally, some recent studies 

show that the Elastic modulus (E) and Hardness (Hv) of composites (e.g. ZrB2-SiC) are dependent on the types 

of additives. For instance, additions of SiC (Hv = 28 GPa) to ZrB2 result in a slight increase in hardness, while 

that of MoSi2 (low hardness, Hv = 9 GPa) reduce the hardness of ZrB2-based ceramic composites [99]. The 

fracture toughness of ZrB2 and HfB2 is generally at about 3.5 MPa m
1/2

; basically, the higher fracture toughness 

can be achieved by incorporating the higher aspect ratio of additives (e.g. SiC platelets or rods/whiskers), 

Chamberlain et al reported that the significant increase in fracture toughness of ZrB2-30 vol% SiC (5.3 MPa 

m
1/2

) was compared to pure ZrB2 [100]. 

 

1.3.3. Processing of PDCs and UHTCs  

 

1.3.3.1 Ceramic Monoliths  

 

The PDCs’ route can be used to produce complex shaped monoliths by using the advantage of plastic forming 

technologies [55]. Generally, such a route includes tailored cross-linking of polymer precursors, followed by 

shaping and pyrolysis, high temperature annealing. The shaped polymer precursor at elevated temperature (e.g. 

warm pressing) is also considered as concurrent cross-linking. Moreover, the polymer precursors can be 

effectively bound together at lower temperature, thus making them easily being compacted before ceramization 

[101]. A cross-link treatment is necessary, not only to allow the ceramic yield to increase, but also to prevent 

micro cracks during pyrolysis. However, high cross-linking of the precursors has a negative effect on their 

potential in the shaping technique, this result in hindering plastic flow and creating residual porosity [102, 103]. 

Therefore, a suitable cross-linking parameter has a significant influence on the fabrication of dense monoliths. 

Furthermore, the shrinkage and in-situ formation of pores occur during the ceramization conversion due to 

oligomer, organic groups and gaseous products (CH4, NH3, H2) released in the pyrolysis process, as shown in 

the flow chart of polymer to ceramic transformation presenting the evolution of polymer to crystalline ceramics 

in Figure 1.7. Obvious shrinkage could be observed. Hence, creating a monolithic that is crack-free and fully 

dense is one of the challenges in processing PDCs. Much effort has been devoted to obtaining dense monoliths 

ceramics, such as casting, injection molding and pressing. Pressing is the most commonly used technique in the 
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preparation of monoliths, which includes cold isostatic pressing (CIP), uniaxial pressing (cold and warm), hot 

isostatic pressing, hot pressing, spark plasma sintering etc.  

 

Figure 1.7. Polymer to ceramic transformation (reproduced with the permission of Literature [55]).  

 

Accordingly, the infusible polymethylsilazane powders were shaped via CIP into green bodies which were 

converted into amorphous SiCxNy ceramics by subsequent pyrolysis under argon at 1000 °C. Thus, the relative 

density of 93% of the monolithic ceramic was achieved. The residual porosity is difficult to eliminate, because 

this porosity initially presented in the incomplete densification by CIP, or new pores were created during the 

pyrolysis process. Furthermore, comparing between cross-linked samples for 100min and 6h, it was found that 

highly cross-liked samples cannot be transformed into monoliths, due to their brittle nature [104]. In contrast, J. 

Bill et al [105] used warm pressing to shape SiCN monolithic ceramic based on a plastic-forming character of 

the polymer precursor. The results showed that a plastic-shaping polymer has a significantly lower porosity and 

a more homogenous microstructure [105]. Warm pressing has been proved  effective route in processing of 

various precursor systems (e.g. SiCN [102, 103, 106, 107], SiOC [108], Si(Al)OC [109], SiBCN [110]. 

Moreover, optimal processing parameters rely on the type of precursor, as pressing temperatures usually vary 

from 120 °C to 350 °C for SiOC, SiC, SiCN etc. [102] 

Fillers are added, mainly serving a role in reducing the shrinkage of the component by avoiding the micro 

cracks during ceramization. They can allow for different functions: Inert fillers do not react at all, such as SiC 

and Si3N4, they occupy space and reduce the volume fraction of polymer. Active fillers (metals or intermetallics, 

e.g. Al, Ti, Zr, B, Si) usually react with the decomposition products or in the pyrolysis atmosphere to form a 

new phase that retards the shrinkage of the original materials [60]. However, inert or active fillers prefer to form 

second phases, localized at the grain boundary, that commonly impair the mechanical and physical properties. 

Therefore, self-fillers pyrolyzed from the parent precursor can be a better choice; they can be obtained from 

complete or incomplete inorganic conversion. Self-fillers are considered as a “pure” system for matching the 

polymeric precursor, which can improve the ceramic yield and reduce the occasional formation of cracks.  

The fabrication of UHTC monolithic materials has been traditionally accomplished by hot pressing (HP). High 

temperature and high pressure are required due to their strong covalent bonding and low self-diffusion. Hot 

pressing at temperatures ranging from 1700-1900 °C with higher pressures (800-1500 MPa) provides a means of 

preparing fine-grained dense monoliths without sinter additives [111]. Recent studies have found that reducing 

the particle size of starting materials can lower the HP temperature to achieve dense monolithic [100]. 

Additionally, the sinter additives were originally incorporated into pure diborides, carbides and nitrides to 

improve its strength, oxidation properties (e.g. SiC addition) and thermal stress resistance (e.g. C addition), 

rather than primarily considered as a potential advantage of fabrication. Interestingly, the hot pressing 
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characteristics of pure HfB2 and HfB2-20 vol% were compared, clearly indicating that the SiC enhances the 

densification of HfB2 by reducing the temperature and holding time required for a comparable density [29]. 

Spark Plasma Sintering (SPS) is similar to HP, in contrast, in that rapid heat rates (100-450 °C/min) supplied by 

direct heating through an electrical field facilitate rapid densification and hinder the growth of grains, leading to 

a much finer size. For example, in the case of ZrB2-30 vol% ZrC-10 vol% SiC was fabricated by SPS and HP 

[112], the entire processing time took ~23min to obtain full density through SPS, which is much faster than the 

technique for HP (~140 min). Furthermore, refined and homogenous microstructures (grain size around 2 µm) 

were shown in SPS samples. Similar results were also observed in the comparison between HP and SPS for 

HfB2-15 vol% MoSi2 [113], HfB2-30 vol% SiC-2 vol% TaSi2 [114]. In contrast to HP and SPS, pressure-less 

sintering usually involves the shaping of starting powder under pressure, followed by sintering (densification 

without pressure), enabling the fabrication of complex or near-net shape monoliths. Moreover, the reduction of 

starting particle size and use of the sintering aids are effective methods for enhanced densification during 

pressure-less sintering [115]. 

 

1.3.3.2 Ceramic matrix composites (CMCs): polymer infiltration pyrolysis (PIP) 

 

CMCs are promising candidates for the production of advanced high performance structures developed for 

applications in various fields like aerospace, energy, and the automobile industry [116], due to their outstanding 

properties (e.g. high fracture toughness [117], stability in aggressive chemical environments, high-temperature 

resistance, lightweight [118], etc.). They can be fabricated using different processing routes, such as chemical 

vapor infiltration (CVI) [119, 120], polymer infiltration pyrolysis (PIP, also called liquid polymer infiltration - 

LPI), as well as liquid silicon infiltration (LSI, also called melt infiltration), each of them with their own 

advantages and drawbacks. For instance, CVI offers high mechanical strength and strain capability of the 

obtained CMCs; however, the CVI preparation of CMCs is time consuming and expensive. Comparatively, the 

PIP/LPI methods can benefit from the low costs; furthermore, the PIP technique allows complex-shaped, large-

scale components to be fabricated. Currently, commercial carbon fibers are generally used as reinforcements of 

CMCs; various Cf-based CMC systems were prepared using the PIP method, depending on the preceramic 

polymers used for infiltration. Cf/SiC CMCs can be obtained from poly(organosilanes) or 

poly(organocarbosilanes) [121], Cf/SiCN are prepared using poly(organosilazanes) for the PIP process [122]. 

Poly(organoborocarbosilazanes) are used for preparing Cf/SiBCN [123]. Due to the SiC fibers’ excellent high 

temperature stability and oxidation resistance, SiCf-based CMCs are known to be attractive materials for high-

temperature structural applications (e.g. first wall and blanket components in fusion reactors) [124]. However, 

the use of SiCf are expensive; few studies reported the fabrication of SiCf-based CMCs by PIP, SiCf/SiC [125], 

SiCf/SiCN [126]. 

The properties of polymer precursors strongly influence the processing of CMC materials via the PIP methods. 

Especially the viscosity, the cross-linking behavior of the pre-ceramic polymer and the ceramic yield are 

important factors [127]. As mentioned before, during the transformation of the polymeric material to ceramic 
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materials, volume shrinkage occurs along with the creation of porosity. The porosity can be reduced by 

repeating both the polymer infiltration (re-infiltration) and the pyrolysis several times. An increase in the 

ceramic yield of the preceramic precursors results in a lower number of infiltration cycles [55]. Nonetheless, 

porosity with a lower value (˂ 10%) could be quite difficult when the infiltration reaches its saturation degree. 

Moreover, the large inter-bundle voids and complete densification of fibrous preforms cannot be avoided via 

PIP methods. Almost eight or more cycles are necessary to reduce the porosity. The addition of inert or active 

fillers into matrix can reduce the cycles of infiltration and pyrolysis due to the excessive shrinkage of the 

ceramic matrix being limited by filler. Zhu et al [128] produced SiCf/SiC composites by a modified polymer 

infiltration and pyrolysis process. The SiC and Al powders were introduced into large inter-bundle pores, 

resulting in a significant improvement of mechanical properties. Rak et al [129] employed a novel process to 

synthesize Cf/SiC, filling a 2D carbon fiber preform with a SiC powder by a pressure infiltration method before 

the infiltration of liquid preceramic polymers, leading to a highly shortened process time and equally lowered 

cost.  

Additionally, many efforts focus on using hybrid processes to simplify the fabrication process and obtain dense 

Cf- or SiCf-based CMCs with high mechanical and thermal properties, such as CVI+PIP [130-132], PIP+HP 

[125], PIP+LSI [133] etc. CVI is commonly used to deposit the interface (e.g. PyC and BN) or SiC-matrix, 

whereas LSI is utilized to fill the residual open porosity of composites prepared either by CVI or PIP.  

 

1.3.4 Behavior of PDCs/UHTCs in harsh environments 

 

PDCs and UHTCs are commonly used in harsh environments, e.g. exposure to high pressure in intermediate 

temperature (hydrothermal corrosion), oxidizing or steam corrosion environment in high temperatures, erosive 

conditions at extremely high temperatures (˃ 2000 °C). Thus, the properties assessment of the prepared 

materials (silicon-based ceramics, refractory carbides, nitrides or diborides composites etc.) is introduced briefly 

with respect to stability upon these harsh conditions.  

 

1.3.4.1 High temperature oxidation behavior 

 

The oxidation behavior of group IV transition metal carbides shows linear kinetics at low temperatures (up to 

600 °C), because a porous HfO2 scale is formed at such low temperature accompanying the evolution of CO2 

[134]. At higher temperature, the kinetics can be parabolic due to slower oxygen permeation into a dense scale. 

Shimada et al [134, 135] investigated more deeply, reporting that the oxide scale might consists of two regions 

in a temperature of 600 to 900 °C, zone 1 (HfCxO1-x) and zone 2 (HfO2). HfCxO1-x locating at the interface 

between HfC and HfO2 was found to be almost dense and pore-free phase. Thus, zone 1 seems to act as a 

diffusion barrier for oxygen permeation, leading to parabolic kinetics. Furthermore, experimental measurement 

and calculations indicate that the interlayer oxide is a better diffusion barrier for oxygen than either of the other 

layer based on the diffusion constants of oxygen in each of the three layers [136]. Additionally, the effect of 

carbide stoichiometry on oxidation behavior has also been studied [10]. HfC0.67 had a thinner oxide scale than 
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HfC0.98 in the identical oxidation test (< 1600 °C). The oxide on the subcarbide was also denser, with less 

porosity and cracking, than on the higher carbides.  

The oxidation of group IV transition metal diborides have proved better resistance compared to those of 

carbides and nitrides. The pure diborides undergo stoichiometric oxidation to form the oxide product (e.g. ZrO2, 

HfO2) and boria (B2O3). Moreover, the mass gain of HfB2 during oxidation has been shown to be significantly 

lower than ZrB2 at all investigated temperatures [137]. At lower temperatures (˂ 1000 °C), a glassy B2O3 film is 

observed on top of the oxide scale (MO2/B2O3) forming a continuous and dense layer, which can provide 

passive oxidation protection [138, 139]. Hence the mass gain or the thickness of the oxide layer for pure 

diborides show a parabolic behavior, indicating that the oxidation rate is limited by the transport of oxygen 

through B2O3 [140]. However, due to the evaporation of B2O3, liquid B2O3 starts to convert into a gaseous phase 

within the temperature range of 1000 and 1400 °C, leading to a loss of protection for diborides. Thus, the mass 

change is thought to be a combination of mass loss (evaporation of B2O3) and mass gain (ZrO2, HfO2); the 

oxidation kinetics is no longer parabolic. As the external layer B2O3 evaporated at higher temperatures, the 

oxide scale consists of residual B2O3 and porous ZrO2, HfO2, which is considered to weaken the protection for 

the matrix. When the oxidation temperature reaches above 1500 °C, the oxide layer no longer serves as a 

protective scale, resulting in the linear increase in the mass gain kinetics.  

Silicon-based ceramics (e.g. SiC and Si3N4) are very important structural ceramic materials that show excellent 

stability for long-term, high temperature applications because oxygen permeation can be slowed by continuous 

oxide scale silica [141]. As shown before, PDCs exhibit good stability with respect to high temperature 

decomposition and creep resistance [142]. Oxidation property is alternative critical point for their considering as 

a structural ceramic in a high temperature application. There have been investigations of the oxidation behavior 

of PDCs with regard to the Si-C-N system [143, 144], Si-C-O [145], SiAlCN [8, 146], the Si-B-C-N [147, 148] 

and SiAlBCN [149] ceramic. They demonstrated excellent oxidation resistance compared to state-of-art CVD 

SiC and Si3N4 ceramics [150]. For instance, SiAlCN-based ceramics synthesized by SiCN polymer modified 

with Al-doped exhibited that the parabolic rate determined by the oxidation thickness for SiAlCN at 1200 °C is 

10 times lower than the reported lowest values for CVD SiC and Si3N4 [8]. SiBCN ceramics have been 

considered as typically candidates for high temperature applications because their thermal stability in terms of 

decomposition up to 2000 °C [151]. Moreover, the in-situ formation of a thin amorphous dual layer oxide for 

SiBN3C ceramic fibers exposed under air limits oxidation diffusion in matrix [152]. Nickel et al [148, 153] 

studied that SiBCN ceramics have extremely thinner oxide scales than pure SiC or Si3N4 at 1500 °C in air 

exposure. However, gaseous silicon monoxide (SiO) formed at higher temperatures (depending on the oxygen 

partial pressure) is indicated, thus Si-based ceramics suffer primarily from active oxidation in this region [150, 

154-156]. Thus, silicon-based ceramics cannot be fully taken into considerations when envisaging higher 

operational temperatures (≥ 1600 °C). 

Due to the relatively poor oxidation resistance for pure diboride, the focus of research in the past few decades 

has been on improving their oxidation behavior, commonly using additives to pure diborides, most frequent here 

is SiC [157, 158]. Furthermore, the various compositions of SiC have been extensively investigated, indicating 
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that 20 vol% addition exhibited the best oxidation behavior compared to counterpart compositions (10 vol and 

30 vol%) [159]. Below 1100 °C, adherent borosilicate (SiO2 plus B2O3) forms a continuous glass film, acting 

similar to B2O3(l) in controlling the oxidation diffusion, thus the oxidation rate is significantly decreased [160]. 

With higher temperatures (up to 1500 °C), the evaporation of boria probably increase the potential of internal 

oxygen. A porous oxide layer (HfO2 or ZrO2) however can be protected by a dense silica-rich layer; oxidation 

diffusion is still controlled by the oxygen through the silica layer [158, 161-163]. With the oxidation 

temperature beyond 1500 °C, the formation of a depleted SiC layer beneath a ZrO2 (or HfO2)-SiO2 layer was 

found [164, 165]. Fahrenholtz [166] proposed a thermodynamic model to elucidate the development of SiC-

depleted region that resulted from the active oxidation of SiC under the oxide scale. Furthermore, the outer SiO2 

is regained by the transport of SiO (g) which is derived from that SiC-depleted region. Hu et al [159, 167] 

recently found that the formation of the SiC-depleted layer significantly decreased the oxidation resistance of 

ZrB2-SiC at temperatures above 1800 °C.  

Besides, SiC additives, such as Si3N4, silicide (MoSi2, Ta5Si3, TaSi2) [168-171] and other diborides [12, 169], 

improve the oxidation resistance of diborides. Based on the purpose of stabilizing the oxide scale, the effective 

method to improve the oxidation behavior of UHTCs can be summarized as following:  

i) The addition of a silicon-containing compound to the diborides leads to the formation a continuous and 

protective glass film (borosilicate), such as SiC, Si3N4, silicide etc.  

ii) A Cr, Ta-containing compound induced immiscible glasses with higher viscosity, leading to a decrease in 

oxygen diffusivity and lower permeability to oxygen. Furthermore, doping the higher valence (i.e. TaSi2 [171], 

Ta2O5 [31], TaB2 [169]) into baseline materials ZrB2-20 vol% exhibited improved oxidation resistance. This rely 

on the higher valence (i.e. Ta
5+

) increases the scale adhesion by modifying the oxide scale with a cation that can 

insert into lattice. The lower concentration of oxygen vacancies decreases oxygen transport, which can lower the 

oxidation rate [170].  

 

1.3.4.2 Corrosion behavior  

 

In such an application (e.g. heat engine and heat exchanger structural components), these materials are not only 

exposed to an oxidized but also more severely corrosive environment (e.g. heat steam water vapor, CO2, 

Na2SiO4 etc.), where silicon-based materials are mainly exposed to high-temperature water vapor [172]. The 

corrosion behavior under water vapor conditions generally involves the following: i) the formation of silica due 

to the oxidation reaction; ii) H2O may alter transport properties through the silica scale, leading to an accelerated 

oxidation reaction. The formed silica occurs as degradation due to the formation of volatile products, such as 

Si(OH)4. It is noted that reactions i) and ii) occur simultaneously [173].  

Many studies have recognized the demand for studying the oxidation of SiC and Si3N4 in water-vapor-

containing environments [174, 175]. The oxidation rate was shown that intrinsically increases in water vapor 

over oxygen atmosphere, resulting from the increased solubility of silica in the water vapor [175-177]. 

Furthermore, a bubble structure was observed in the silica scale, while the amount of bubbles and the oxidation 
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kinetics increased along with the water vapor content [177]. The formation of bubbles in the silica scale was 

determined by various factors, such as temperature, the partial pressure of water vapor, crystalline or amorphous 

structure and the viscosity of silica etc. In the case of CVD SiC ceramics, the lack of bubbles in H2O/O2 (water 

vapor content ˂ 90 vol%) mixtures at 1100 °C may contribute to an increase in the amorphous SiO2 viscosity. 

Bubble formation seems to occur at 1200 and 1300 °C, while no bubbles were present in the silica scale at 

1400 °C. The authors proposed that the higher solubility of gaseous products in crystalline SiO2 supports the 

results [177]. However, the volatility of silica was attributed primarily to the formation of gaseous Si(OH)4, 

leading to the degradation of silicon-based ceramics [156, 175, 178-180]. Opila et al employed paralinear 

kinetics to quantify the corrosion kinetics that included the water vapor-oxidized Si-based ceramics (e.g. SiC 

and Si3N4) and simultaneously volatilized the silica scale. Moreover, this paralinear kinetics can be monitored 

by weight changes (see Figure 1.8), oxide thickness, or material recession rates. A weight gain was observed 

within a short time due to the formation of a solid scale, changing to a weight loss after a short steady state with 

the prolonged soaking time concerning the volatile of the gaseous product (Si(OH)4). Thus, the overall shape of 

the paralinear weight change curve is related to parabolic oxidation and linear volatility reactions.  

 

Figure 1.8. Paralinear oxidation kinetics in terms of weight change (Reproduced with permission from Literature[178]). 

 

The corrosion behavior of PDCs in water vapor is also reported by An and co-workers, stating that polymer-

derived SiAlCN ceramics exhibited much better oxidation and hot-corrosion resistance than other silicon-based 

ceramics at temperatures up to 1200 °C [173, 181]. The possible explanation for this result is that Al at the 

center of the six-member SiO4 network within cristobalite is able to block the diffusion and strengthen the 

oxygen bond, leading to a lower corrosion rate.  

Although a number of studies have reported on high-temperature oxidation and corrosion behavior of these 

materials exposed in air or combustion environments, there have been few reports concerning the corrosion 

behavior in intermediate temperatures and a high-pressure environment (e.g. hydrothermal conditions) for water 

nuclear reactor plants and petrochemical application. 

The hydrothermal corrosion of SiC and Si3N4 has been summarized by the following reactions: 

Si3N4 + 6 H2O = 3 SiO2 + 4 NH3; SiC + 2 H2O = SiO2 + CH4; SiO2 + 2H2O= Si(OH)4 
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The corrosion behavior of Si-based ceramics generally exhibit active corrosion under hydrothermal conditions, 

thus, the dissolution of silica predominate in the corrosion behavior of SiC or Si3N4 without additives. Moreover, 

the solubility of Si3N4 under hydrothermal conditions show to be higher than that of SiC ceramics, leading to 

worse corrosion resistance for Si3N4 compared to SiC ceramics [182-184]. Previous studies reported that the 

grain-boundary would be easily attacked by corrosion at temperatures below 150-200 °C [183]. Therefore, the 

stability of the grain boundary phases determines the stability of the materials. Herrmann et al [185] 

investigated the hydrothermal corrosion behavior of Si3N4 with different additives at 210 °C. Materials with a 

low SiO2 content in the grain boundary phase are more stable under hydrothermal conditions [185]. Moreover, 

the stability of silicon nitride materials under hydrothermal conditions strongly depends on the composition of 

the grain boundary. The Si3N4 with Al2O3/Y2O3 additives (YAl1) presented superior stability against corrosion, 

compared to that Si3N4 with other and without additives; it contributed to the formation of a passive layer (e.g. 

alumosilicate etc.). Based on the controlling interface, tailoring of the grain boundary composition of silicon 

nitride ceramics is necessary. Formation of rare earth-, Al- hydroxides may perhaps at least partially passivate 

the slow dissolution of grains [186].  

 

Figure 1.9. Hydrothermal corrosion of Si3N4 materials with different additive composition during corrosion at 210 °C.(Reproduced with 

the permission of Literature[184]). 

 

At temperatures above 250 °C, as the higher solubility of SiO2 occurred, the surface layer became less stable, 

which induced the pronounced dissolution rate of Si3N4 grains [185].  

The corrosion behavior of SiOC-based ceramic nanocomposites (SiOC, SiZrOC and SiHfOC) under 

hydrothermal conditions was also investigated. The corrosion rates of SiOC derived from the SiOC polymer 

precursor were found to be much lower than typical SiC and Si3N4. Additionally, the incorporation of Hf and Zr 

into SiOC matrix can significantly improve the corrosion resistance under hydrothermal conditions. The 

possible reason for this result is that zirconia or hafnia precipitations act as “reinforcing” phases in improving 

the hydrothermal stability of SiOC matrix [4].  

 

1.3.4.3 Ablation behavior 
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The increasing attention to UHTCs is driven by the need to develop reusable hot structures as thermal protection 

materials and systems (TPS) [187, 188]. Especially re-entry vehicles (e.g. crewed moon or Mars return missions) 

will be exposed to high velocity aero capture or extremely heated environments. Qualifying the limits of 

material performance, validating reliability and repeatability of performance are very important and necessary 

for evaluating the effects of material damage [189, 190]. Therefore, the re-entry environments need to be 

simulated and created for evaluating the materials’ ablation behavior [191, 192].  

Ablation is a very aggressive test because it involves high temperatures, high-velocity gas flows and oxidizing 

gases. Many testing techniques are available for evaluating the high-temperature ablation performance of UHTC 

materials, including oxyacetylene torch testing [193-198], plasma wind tunnel testing [199, 200], arc jet testing 

[192, 201-203] and laser ablation testing [204]. None of these test methods alone can reproduce all the 

conditions experienced during hypersonic flight. Wind tunnel tests can simulate the conditions of high enthalpy 

and strong gas flows, plasma art-jet ablation can partially simulate the re-entry environment. The parameters 

here may be simple, but they are costly. Oxyacetylene torch testing benefits from a quick and inexpensive 

technique, which has been usually considered as convenient tool for evaluating the ablation properties of 

materials. During the testing, an oxygen-rich flame used for testing needs to be tailored to stoichiometrically 

ratio between excess oxygen and acetylene, thus it is quite difficult to control the temperature and pressure more 

exactly. Laser has been commonly used for the development of materials in protecting against laser irradiation. 

Recently, the laser beam has also been used to evaluate the ablation behavior of Cf/SiC composites [204].  

Ablation behavior is an alternative criterion for ceramic composites in aerospace applications, except for the 

oxidation/corrosion assessment. Moreover, the effective approach to improving the ablation resistance of 

ceramic composites (e.g. C/C, SiC) is incorporation of one or more ultra-high temperature ceramics (UHTCs) 

component into matrix. Tang et al [205] prepared a range of UHTC composites using five different mixes of 

aqueous UHTC powder slurries (ZrB2, SiC, HfC and TaC). It was found that the addition of ZrB2 showed a 

better ablation-resistive property compared to other additives under a high 3920 kW/m
2
 heat flux. Furthermore, 

the effect of the gas ratios (different temperature and heat fluxes) on the ablation behavior was investigated. The 

composites containing SiC demonstrated the lowest erosion depth when the heat flux decreased down to 2380 

KW/m
2
 (1800 °C). A. Paul et al [206] also investigated the ablation behavior of five different composites 

including ZrB2, ZrB2-SiC, ZrB2–SiC–LaB6, HfB2 or HfC. They found that Hf-based UHTC powders offered 

superior oxidation protection compared to Zr-based composites. Moreover, HfB2 composites showed improved 

oxidation performance, only comparing two Hf-based composites of them.  

 

1.4 Scope of the work 

 

Many studies discussed how to synthesize ceramic nanocomposites by the sol-gel and polymer to ceramic 

transformation processes; however, the sol-gel route mainly focuses on the preparation of oxide-based ceramic 

composites, because it usually involves hydrolysis and a subsequent polycondensation process. The PDCs 

approach can yield non-oxide materials and include: i) incorporating reactive filler particles with a polymeric 
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precursor; ii) blending two (or more) precursors of desired ceramic composites; and iii) synthesizing from 

polymer-based single-source precursors (SSPs). Among them, the SSPs approach exhibits a promising 

advantage in synthesis of nanocomposites, as novel ceramic nanocomposites can be easily synthesized by 

adjusting the compositions of SSPs, especially in transition IV metals and silica-formers polymer precursors.  

UHTCs are those related to either very high melting point (above 3000 °C) or being used for long-term 

applications in harsh environments. Zr and Hf carbide, nitride, and boride are the most promising UHTCs. 

Furthermore, Hf-containing ceramics exhibit higher melting points, superior thermal conductivity, and better 

oxidation resistance than that of Zr-based ceramics. Based on these viewpoints, we focused on Hf-containing 

UHTC nanocomposites (UHTC-NCs) in our work. As adding a second phase (silicon-based ceramics) into the 

HfC, HfN, or HfB2 ceramics can significantly enhance the mechanical properties and oxidation resistance, our 

synthesis of Hf-containing SSPs started from a silicon-based polymer precursor.  

The formation of monoliths with a crack-free and dense microstructure is still a challenge in the processing of 

PDCs due to in-situ formation of pores. Optimizing the cross-linking and warm pressing conditions is essential 

for the synthesis of dense and crack-free PDCs. Additionally, silicon-based ceramic monoliths are difficult to 

densify, because of the low diffusion due to covalent bonding (Si-C, Si-N). Moreover, additional Hf 

composition makes them more difficult to consolidate because that increases the melting point. Therefore, 

developing dense Hf-containing UHTC-NCs is also a challenge, which requires understanding high-temperature 

decompositions and crystallization during annealing.  

When considering real engineering applications at high temperatures, it is expected that components would 

inevitably be exposed to harsh (e.g., oxidizing/corrosive) environments. Thus, oxidation properties would be a 

primary consideration in material selection. Additionally, there is lack of related studies in the development of 

CMCs suitable for petrochemical applications characterized by moderate temperatures (several hundreds of °C) 

and high hydrothermal pressure. Fabrication of Hf-containing CMCs reinforced by carbon fibers by a low-cost 

and convenient approach might extend their application in high-temperature and high-pressure environments.  

Accordingly, the objectives of our study are as follows: 

i) To develop new Hf-containing UHTC-NCs with unique structure (HfC/SiC/HfB2 or HfC/SiC/SiBCN); 

ii) To obtain dense amorphous ceramic and UHTC-NCs ceramic monoliths; 

iii) To evaluate the high-temperature stability (decompositions, crystallization), oxidation, hydrothermal 

corrosion, and ablation behaviors of those UHTC-NCs in harsh environments.  
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2. EXPERIMENTAL PROCEDURES 
 

This chapter presents the experimental and characterization methods within this work. Section 2.1 illustrates the 

synthesis of single-source precursors SiHfCN and SiHfBCN as well as the polymer to ceramic conversion. 

Section 2.2 introduces the process for obtaining monoliths via warm pressing and SPS route, ceramic matrix 

composites (CMCs) via polymer infiltration pyrolysis (PIP). Section 2.3 summarizes the characterization 

methods which will be applied. Section 2.4 systematically investigates the behaviors of materials in harsh 

environments, including high temperature decomposition and crystallization, high temperature oxidation, 

hydrothermal corrosion as well as laser ablation.  

 

2.1 Materials Synthesis 

 

The synthesis of the polymeric SSPs SiHfCN and SiHfBCN was carried out in a purified argon atmosphere 

using the Schlenk technique. In contrast to the synthesis of SiHfCN, one additional reaction needs to be carried 

out for SiHfBCN, namely hydroboration. Thus, the SSPs SiHfCN can also be considered as an intermediate 

product during the synthesis of SiHfBCN.  

i) 10.8 ml of polysilazane HTT 1800 (Clariant, Sulzbach am Taunus, Germany) were dissolved in anhydrous 

toluene in a 250 ml three-necked Schlenk flask equipped with inlet connection and magnetic stirrer. 1.2 ml or 

4.8 ml (10 vol% and 30 vol% with respect to HTT1800) of tetrakis(diethylamido)hafnium (Hf(N(Et)2)4, Sigma, 

Aldrich), were dissolved in 20 ml toluene and added dropwise to the solution of HTT1800, and then stirred for 2 

h at ambient temperature. The resulting solution was labeled as M1 and used for the synthesis of SiHfBCN. The 

liquid with high viscosity was achieved after removing the toluene in a vacuum at 50-60 °C (single-source 

precursor SiHfCN).  

ii) The mixture obtained from M1 was cooled down to -50 °C by using isopropanol and dry ice. 2.4 ml or 0.6 ml 

of borane dimethyl sulfide complex (BH3.(CH3)2S, Sigma Aldrich) were dissolved in 10 ml toluene and added 

dropwise to the mixture solution which was subsequently stirred for 2 h at -50 °C, then allowed to reach room 

temperature and stirred for 24 h. After the removal of the solvent in a vacuum at 50-60 °C, a viscous liquid was 

obtained (single-source precursor SiHfBCN).  

iii) The obtained single-source precursors were cross-linked at 200-250 °C (heating rate 50 °C/h, dwelling time 

3 h, different cross-linked temperature were shown in different precursors, see Section 2.2 on yielding yellow 

solids which were warm-pressed (P/O Weber, Remshalden, Germany, Mold diameter 10mm). The obtained 

green bodies were pyrolyzed at 1100 °C (heating rate 25-50 °C/h, dwell time 2 h, pyrolysis program see Section 

2.2) to obtain the amorphous SiHf(B)CN ceramic monoliths.  
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2.2 Processing 

 

2.2.1 Ceramic monoliths 

 

Figure 2.1 presents two process routes to synthesizing ceramic monoliths: i) pressure-less sintering (PLS) and ii) 

pressure-assisted sintering (PAS). In the first route, the cross-linked polymer was firstly obtained after heating 

to 200-250 °C during 3 h in argon flow (horizontal furnace, GERO-furnaces, Germany). As the samples were 

still sensitive to air or moisture after cross-linking, thus the cross-linked powder had to be ground finely in a 

glove box. Approximate 0.25 g of fine powder were filled into the pressing mold and then consolidated by 

warm pressing apparatus to form a green body (Ø 10 mm, thickness of 3mm). Subsequently, the green body was 

transferred into a Schlenk tube in a glove box and then pyrolyzed up to 1100 °C. The parameters used for cross-

linking, warm pressing and pyrolysis are given in Table 2.1. Additionally, the pyrolyzed monoliths were put in 

the graphite mold for annealing in the Graphite-furnace (GT&AT, Advanced technology, USA). Their behavior 

upon annealing is to be discussed in Chapter 3.3.  

 

Figure 2.1. Processing route to preparing ceramic monoliths.  

 

Table 2.1. Optimized parameters for cross-linking, warm pressing and pyrolysis. 

Pre-ceramic 

precursor 

Sample 

names 

Cross-linking 

temperature/ 

Dwelling time 

Warm pressing 

temperature/ 

Dwelling time, 

pressure 

Pyrolysis program 

SiCN SiCN 250 °C/3 h 
180-190 °C/1 h, 

30MPa 

RT–100 °C/h-300 °C-50 °C/h-400 °C-25oC/h-

600 °C-50 °C/h-1100 °C 
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SiHfCN 

SiHfCN1 250  °C /3 h 300  °C /1 h, 30MPa 
RT–100 °C/h-300 °C-50 °C/h-400 °C-25oC/h-

600 °C-50 °C/h-1100 °C 

SiHfCN2 200  °C / 3 h 280  °C /1 h, 30MPa 
RT–100 °C/h-300 °C-50 °C/h-400 °C-25oC/h-

600 °C-50 °C/h-1100 °C 

SiHfBCN 

SiHfBCN1 200  °C/3 h 
240-260  °C/1 h, 

30MPa 

RT–100 °C/h-300 °C-50 °C/h-400 °C-25oC/h-

600 °C-50 °C/h-1100 °C 

SiHfBCN2 200 °C/3 h 280 °C/1 h, 30MPa 
RT–100 °C/h-300 °C-50 °C/h-400 °C-25oC/h-

600 °C-50 °C/h-1100 °C 

 

For the PAS route, the SSPs SiHfCN2 and SiHfBCN2 were cross-linked at 250 °C for 3 h and afterwards 

ground to fine powder respectively. The cross-linked powders were then pyrolyzed at 900 °C to deliver ceramic 

powders. As the smaller particle size provided high surface area energy, prior to densification, the pyrolyzed 

powders were suspended in n-hexane and wet milled in planetary ball mill using a Si3N4 ball (180 rpm, 18 h). 

The particle size after solvent removal in a rotation evaporator and drying was minimized below 100 µm.  

The spark plasma sintering of these ceramic powders was conducted in vacuum in a SPS apparatus (Dr. Sinter 

2050, Sumitomo Coal Mining Co. Ltd., Tokyo, Japan). For each test, ~1.2 g of ceramic powders were packed 

into a cylindrical graphite die with an inner diameter of 12 mm. A radiation pyrometer focused on a 5 mm 

drilled hole in the outer wall of the die was employed for controlling the temperature (Figure 2.2). The 

temperature was automatically raised to 600 °C over a period of 3 min, after which different sintering regimes 

were performed varying the sintering temperature (1850 or 1950 °C, as for SiHfCN and SiHfBCN, respectively), 

dwell time (1, 10, or 15 min) and uniaxially applied pressure (55~120 MPa). For all cases, a high heating rate of 

450 °C/min was applied (unless specified) with a default on: off=12:2 pulse sequences.  

 

Figure 2.2. SPS schematics.  
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2.2.2 Ceramic matrix composites (CMCs) 

 

2.2.2.1 Preparation of Cf/SiCN and Cf/SiHfBCN 

 

A 2D carbon fabric (T300, manufactured by Toray) was used for the preparation of the carbon-fiber-reinforced 

CMCs. Polysilazane (HTT1800, AZ-EM, Wiesbaden, Germany) and a polysilazane-based SiHfBCN precursor 

were considered as pre-ceramic precursors for the PIP fabrication of the composites. The carbon fabric was cut 

into rectangular pieces with dimensions of 44 mm ×16 mm. After the infiltration with the pre-ceramic precursor, 

16 pieces of carbon preforms were stacked onto each other within a Teflon mold (Figure 2.3 a) in a manual 

layering process in order to provide the fiber preform with ca. 3.5 mm thickness. After a curing step, the 

composites were pyrolyzed in a tube furnace (1100 °C, Ar) to furnish Cf/SiCN and Cf/SiHfBCN-based CMCs 

(Figure 2.3 b). The obtained samples were re-infiltrated and pyrolyzed up to 7 times. The specimens were cut 

and machined into rectangular coupons with dimensions of 44 mm × 3 mm × 3 mm. In order to reduce the open 

porosity, the specimens were re-infiltrated with HTT1800 or SiHfBCN precursors by using one more infiltration 

prior to the hydrothermal corrosion experiments.  

a)  b)   

Figure 2.3. Photographs of the Teflon mold used for the manual layering process (a) and of the prepared Cf/SiHfBCN CMCs (b). 

 

2.2.2.2 Preparation of Cf/SiC-SiCN and Cf/SiC-SiHfBCN 

 

The Cf/SiC composites with the dimensions 40 × 5 × 3.5 mm fabricated by CVI (chemical vapor infiltration) 

with 4 times infiltration are provided by Northwestern Polytechnical University. The density, open porosity and 

bending strength of the Cf/SiC samples initially prepared by the CVI technique are presented in Table 2.2. The 

carbon preforms were prepared by stacking plain weave carbon cloths (T-300). Prior to depositing the SiC 

matrix, a thin pyrolytic carbon layer was deposited on the surface of each carbon fiber by the CVI process 

(960 °C). The preforms were treated with a graphitization process at 1800 °C for 2 h. Subsequently the SiC 

matrix was deposited in the preforms by CVI. This was on the one hand done in order to increase the stiffness 

and prevent damage during the machined process of Cf/SiC. On the other hand, the samples treated after CVI 

should provide enough space for infiltration of pre-ceramic precursor SiCN and SiHfBCN. Thus, the numbers of 

re-infiltration SiC matrix samples treated by CVI might be controlled within 4 times, the open porosity of the 
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obtained Cf/SiC composites was estimated at 27.5 %, which is suitable for further infiltration. The Cf/SiC-SiCN 

and Cf/SiC-SiHfBCN were obtained by re-infiltration and pyrolysis of Cf/SiC up to 7 times.  

 

Table 2.2. Physical properties and bending strength of Cf/SiC used for the infiltration of polymer precursor SiCN and SiHfBCN. 

Ceramic matrix composites Density 

[g∙cm-3] 

Open porosity 

[%] 

Bending strength 

[MPa] 

Cf/SiC 1.52 27.5 187±43.31 

 

2.3 Characterization 

 

2.3.1 Attenuated total reflection FTIR (ATR-FTIR) and FTIR 

 

The synthesized single-source precursors were analyzed by means of attenuated total reflection FTIR 

spectroscopy (ATR FTIR) on a Bruker Vertex 70 FT-IR instrument (Bruker, USA). The spectra of the cross-

linked and ceramic powders were recorded by the same machine in transmission geometry, using KBr pellets.  

 

2.3.2 Raman spectroscopy 

 

Raman spectra (5 scans, each lasting 10 s) were recorded from 200 to 4000 cm
-1

 on a confocal Horiba HR800 

micro-Raman spectrometer (Horiba Jobin Yvon, Germany) equipped with an excitation Ar laser in this work, 

the laser wavelengths of 514 and 633 nm were used.  

 

2.3.3 Nuclear magnetic resonance (NMR) spectroscopy 

 

The 
1 

H, 
29

Si of liquid SSPs SiHfCN1 and non-modification SiCN was characterized using a 500 MHz Bruker 

DRX 500 spectrometer. It has to be noted that the quality of the measurement depends on the solubility of the 

samples in the solvent. The SSPs SiHfCN1 and SiCN with their low viscosity are only suitable for standardized 

characterization. The C6D6 was used as a solvent, and the spectra of tetramethylsilane (TMS) (Si(CH3)4) as an 

external reference.  

All MAS NMR experiments were performed on a Bruker AVANCE II+ spectrometer at 400 MHz proton 

resonance frequency, employing a Bruker 4 mm double resonance MAS probe at spinning rates of 12 kHz at 

room temperature. Single pulse (SP) 
29

Si NMR spectra were recorded using a 90
o
 pulse of 9 µs and recycle 

delays of 120 s. In contrast to SP 
13

C NMR spectra, a 90
o
 pulse of 4µs and recycle delays of 20 s were adopted. 

29
Si and 

13
C NMR chemical shifts were externally referenced to (Si(CH3)4). In the case of 

11
B NMR, chemical 

shifts were referenced with respect to trimethyl borate. 
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2.3.4 Simultaneous thermal analysis (STA)  

 

Thermogravimetry coupled with evolved gas analysis (EGA, i.e. in situ mass spectrometry, QMS 403C Aëolos, 

IPI and FTIR Tensor 27, Bruker Optics) was performed in argon and synthetic air atmospheres (STA 449C 

Jupiter, Netzsch Gerätebau GmbH). For investigations of in-situ high temperature decomposition at up to 

1900 °C, thermogravimetry was performed in helium and nitrogen (STA 409 CD/7/G So, Netzsch Gerätebau 

GmbH, Selb). Oxidation experiments performing both non-isothermal and isothermal progress in synthetic air 

were performed by simultaneous thermal analysis (TG-DTA, STA 429, Netzsch Gerätebau GmbH, Selb).  

 

 

2.3.5 Elemental analysis (EA)  

 

For elemental analysis, a carbon analyzer Leco C-200 (Leco Corporation, USA) was used to determine the 

carbon content and an N/O analyzer Leco TC-436 (Leco Corporation, USA) to determine the oxygen and 

nitrogen content in the samples. The content of hafnium was estimated by energy-dispersive X-ray spectroscopy 

(EDS) which was performed with an EDAX Genesis spectrometer (FEI, Eindhoven, Netherlands) attached to a 

high-resolution scanning electron microscope (HR-SEM, Philipps, Netherlands). The samples were sputtered 

with a gold layer prior to investigation. 

 

2.3.6 X-ray diffraction (XRD) 

 

X-ray powder diffraction was obtained in flat-sample transmission geometry on a STOE STAD1 P (STOE & 

Cie. GmbH, Germany) equipped with monochromatic Mo Kα radiation at a scan speed of 1°/min in the 2theta 

range of 5-45°, and the monolithic samples were analyzed using D8 Advance diffractometer (Bruker, USA) 

with Cu Kα radiation in a reflection mode. The scan step size was 0.05°, and in the reflection range of 10-80°. 

The identification of the phase was analyzed using the program STOE WinXPOW. Phase fraction and lattice 

constants were obtained upon Rietveld refinement of the powder XRD patterns (software: Fullprof_suite). 

 

2.3.7 Scanning electron microscopy (SEM) 

 

Scan electron microscopy (SEM) was performed using FEI Quanta 600 instrument (FEI, Eindhoven, and The 

Netherlands). The specific samples with transition metal phases were identified using a FEI Quanta 600 

instrument equipped with a back scatter affiliate (BSE). The samples used for SEM were sputtered with a gold 

layer (5-10 nm).   
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2.3.8 Transmission electron microscopy (TEM) 

 

Transmission electron microscopy (TEM) measurements were performed using a JEM2100F (JEOL, Tokyo, 

Japan) operating at 200 kV equipped with the X-MAX 80 EDX system (SDD detector, Oxford Instruments, 

Oxford, UK). The powder samples were pulverized and dropped on a carbon-coated copper grid followed by 

light carbon coating to minimize charging under the incident electron beam. The ceramic monoliths samples 

were cut, polished by both sides until a thickness of maximum 10µm was reached and mounted on a 

molybdenum grid, followed by ion milling for electron transparency. To minimize charging under the incident 

electron beam, a light carbon coating was used. 

 

2.3.9 Specific surface area measurement 

 

The specific surface area (SBET) values were calculated by the Brunauer, Emmett and Teller (BET) method, the 

BET surface area of pyrolyzed ceramic powders (SiCN, SiHfCN and SiHfBCN) and monoliths were measured 

by N2 sorption analysis (Quantachrome Autosorb-3B, Quantachrome, USA).  

 

2.3.10 Microindentation and nanoindentation 

 

The hardness and elastic modulus was measured using a Micro Hardness Control unit (Fischer Scope H100, 

Germany) and Nanoindentation with a standard Berkovich indenter (iNano from Nanomechanics Inc. Oak 

Ridge, TN, USA). The samples were mounted in epoxy, ground using diamond-grinding 220, 600 and 1200, 

and then polished (largo 9 μm, DUR 6 μm and MOL 3 μm, each polishing step took 2 min), after fine polishing 

by OPS for 2 min. Single indentation load-displacement responses were measured using loads of 50 mN and 

1000 mN (microindentation) as well as 45mN (nanoindentation). 

 

2.3.11 Three point and four point bending strength  

 

The fracture strength of the samples prepared by hybrid techniques were measured using a three-point bending 

test with a span of 30 mm (Sanscmt 4304, Shenzhen, China), that of the samples prepared by PIP were analyzed 

by four-point bending test with a lower span of 20 mm, an upper span of 10 mm and a crosshead speed of 0.5 

mm/min at room temperature (Z010, Zwick/Roell, Germany). 

 

2.4 Behavior of as-prepared materials in hostile environments 

 

The prepared ceramics materials (e.g. powder, monoliths and ceramic matrix composites) are selected and used 

for properties assessment, i.e. powder and monoliths for the analysis of the oxidation properties, hydrothermal 

corrosion and laser ablation were assessed for CMC materials. These are presented in Figure 2.4. 
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Figure 2.4. Flow chart of the studied properties and processing of the synthesized amorphous and UHTC-NCs ceramics.  

 

2.4.1 High temperature crystallization and decomposition 

 

In order to investigate the high temperature behavior with regard to decomposition and crystallization, the 

amorphous ceramic monoliths were annealed in a high-temperature graphite furnace at 1300, 1500 and 1700 °C 

in an argon or nitrogen atmosphere. In the subsequent discussion, a nomenclature code for the prepared SiHfCN 

and SiHfBCN ceramics will be used as described in Table 2.3. Polysilazane (HTT1800) was also cross-linked, 

warm pressed, pyrolyzed and further annealed at up to 1700 °C for comparison. 

Table 2.3. SiHf(B)CN-based samples prepared within the present study. 

No Sample name 

 

HTT1800 : Hf(NEt2)4 

volume ratio 

Annealing temperature Annealing atmosphere 

1 

SiHf(B)CN1a_1300 

SiHf(B)CN1a_1500 

SiHf(B)CN1a_1700 
90 : 10 

1300  °C 

1500  °C 

1700  °C 

Ar 

2 

SiHf(B)CN1b_1300 

SiHf(B)CN1b_1500 

SiHf(B)CN1b_1700 

1300  °C 

1500  °C 

1700  °C 

N2 

3 

SiHf(B)CN2a_1300 

SiHf(B)CN2a_1500 

SiHf(B)CN2a_1700 
70 : 30 

1300  °C 

1500  °C 

1700  °C 

Ar 

4 

SiHf(B)CN2b_1300 

SiHf(B)CN2b_1500 

SiHf(B)CN2b_1700 

1300  °C 

1500  °C 

1700  °C 

N2 
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2.4.2 Oxidation Experiments 

 

2.4.2.1 Oxidation testing of amorphous materials 

 

The oxidation experiments of powder samples were performed using a Thermogravimetric (TG-DTA, STA 429, 

Netzsch Gerätebau GmbH, Selb, Germany). Ceramic powders used for oxidation testing pyrolyzed at 1100 °C 

were firstly suspended in n-hexane and subsequently wet milled using Si3N4 balls (180 rpm, 18 h). The average 

particle size after solvent removal and drying was ca. 7 μm. The characterization of samples including SiCN, 

SiHfCN and SiHfBCN are listed afterwards in the Table 2.4. ~80 mg of sieved powder was placed in the Al2O3 

crucible and then transferred into the balance located in the furnace chamber of the TGA machine, where the 

empty Al2O3 crucible was also put on the other side of the balance for reference. Oxidation tests were performed 

at temperature from 1200, 1300 to 1400 °C for 5 h at a heating rate of 5K/min in synthetic air with a gas flow of 

75 ml/min. The mass change was recorded in-situ and used for calculating the oxidation kinetics.  

For the oxidation studies of amorphous ceramic monoliths, the surface to test specimens with a diameter of 7.5 

mm and thickness of 2.2 mm were ground and polished with diamond paste up to 1 µm. Subsequently, the 

polished samples were cleaned in acetone using ultrasound and dried at 100 °C in the oven. The oxidation test 

of the monoliths was performed in the alumina furnace at the same simulated temperature as that of powder. In 

any designed temperature, the samples were performed for 100~200 h and the weight changes were recorded at 

the interval time in the analytical balance with an accuracy of ± 0.01 mg.  

 

Table 2.4. Characterization of SiCN, SiHfCN and SiHfBCN ceramic powders pyrolyzed at 1100 °C.  

Sample 
Average size 

[µm] 

specific surface area 

[m2∙g-1] 
Element composition 

   C O N Hf Si* B* Empirical Formula 

SiCN 7 6.64 19.5 4.3 21.5 - 54.7 - SiC0.83N0.79O0.14 

SiHfCN 7 2.40 10.7 3.2 18.8 21.0 46.3 - Si Hf0.07C0.54N0.81O0.12 

SiHfBCN 7 4.71 12.7 2.4 18.4 22.5 38.2 5.8 SiHf0.09B0.4C0.78N0.97O0.11 

* The silicon fraction of SiCN, SiHfCN were calculated as the difference to 100 wt-% of the sum of the wt-% values of carbon, nitrogen, 

oxygen or hafnium (for SiHfCN), assuming that no other elements are present in the samples. The silicon and hafnium fraction of 

SiHfBCN was estimated using quantitative electron Dispersive Spectroscopy (EDS), the boron fraction of SiHfBCN were calculated 

according to the difference method.  

 

2.4.2.2 High temperature oxidation of SiHf(B)CN-based SPS UHTC-NCs 

 

The oxidation behavior of dense SiHfCN- and SiHfBCN-based monolithic samples having dimensions of 3.7 

mm × 3.85 mm × 2.2 mm and 3.35 mm × 4 mm × 2 mm respectively, were evaluated by means of TGA in air 

atmosphere, at 1400 and 1500 °C. Two different heating regimes were applied, namely T-1 and T-2. (T-1): non-

isothermal run up to 1500° C in flowing dry air (75 cm
3
/min), heating rate of 5 °C/min and then an isothermal 

run at 1500° C for 10h; (T-2): non-isothermal run in flowing argon, and then an isothermal run at 1400° C for 5 
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h in flowing dry air (75 cm
3
/min), with subsequent free cooling. T1 was performed on a simultaneous thermal 

analysis device (STA 429, Netzsch Gerätebau GmbH, Selb), while T2 was performed on STA 449C Jupiter® 

(Netzsch Gerätebau GmbH, Selb). 

 

2.4.3 Hydrothermal Corrosion 

 

The hydrothermal corrosion experiments were carried out in closed steel autoclaves with a Teflon inlet (Figure 

2.5) at temperatures of 150, 200 and 250 °C for 48, 96 and 240 h. The hydrothermal pressure within the 

autoclaves at the mentioned temperatures was 0.5, 1.5 and 4 MPa, respectively. Prior to the hydrothermal 

corrosion, the Teflon inlet of the autoclaves and the samples were cleaned in acetone using ultrasonic and then 

dried at 80 °C for 12 h. In order to vary the S/V ratio, different surface areas of the specimens were used in a 

defined deionized water volume (6.5 ml); the detailed information is available in Table 2.5. After the tests, the 

samples were removed from the autoclaves, rinsed with distilled water and then dried and weighted. Moreover, 

the pH value of the corrosion medium was determined. Each corrosion experiment was repeated three times in 

order to ensure the reproducibility of the corrosion results. 

 

 

Figure 2.5. Photograph of autoclave and Teflon inlet used for hydrothermal corrosion experiment. 

 

Table 2.5. S/V ratios of the hydrothermal experiments performed with the CMCs.  

Sample dimensions 

W × T × L 

[mm × mm × mm] 

Sample Surface 

[cm2] 
S/V ratio 

3×3×20 2.5 ± 0.1 0.4 

3×3×8.5 1.2 ± 0.1 0.18 

3×3×2.5 0.45 ± 0.05 0.075 

 

2.4.4 Laser Ablation 

 

The ablation test was carried out by applying a continuous CO2 laser beam (wavelength: 10.6 µm) of 1000 W. 

The targeted a circular spot (TEM00 Gaussian Beam) with a diameter of 3 mm at the center of the specimens 

which were recorded as having the dimensions of 10 × 4.5 × 3.5 mm. The 2D Cf/SiHfBCN was exposed under 

laser for 0.2, 0.5 and 1 second in air conditions. 
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3. RESULTS AND DISCUSSIONS 
 

3.1. Materials synthesis 

 

The synthesis of SiHf(B)CN-based UHTC-NCs first requires the synthesis of the SSPs, namely, SiHfCN and 

boron-containing SiHfBCN, via thermal conversion during the pyrolysis of a cross-linked precursor followed by 

further annealing at high temperatures (˃ 1400 °C). In this section, the focus will be placed on the 

characterization of the SiHfCN and SiHfBCN SSPs as well as their structural evolution during thermal pyrolysis. 

Because of the influence of the atmosphere on decomposition and crystallization, Hf-containing UHTC-NCs 

were synthesized in a subsequent annealing process, which will be discussed in Section 3.3 along with their 

high-temperature behavior.  

 

3.1.1 Synthesis of SSPs for SiHf(B)CN 

 

Novel Hf-containing polymeric SSPs for the synthesis of SiHf(B)CN ceramics were successfully prepared 

starting from a commercially available polysilazane containing Si-H and Si-vinyl groups (HTT1800). In the first 

step, the polymer was chemically modified via a reaction with a tetrakis (diethylamido) hafnium complex. In the 

second step, the hafnium-containing polymer was reacted with a borane-dimethyl sulfide complex, yielding the 

single-source precursor for the SiHfBCN ceramics. 

The chemical modification of the polysilazane HTT1800 with Hf(NEt2)4 was investigated using FTIR 

spectroscopy and liquid NMR (Figure 3.1 and Figure 3.2). The FTIR spectrum of HTT1800 exhibits the typical 

absorption bands for the N-H (3378 cm
-1

), C-H (2960 and 2965 cm
-1

), Si-H (2124 cm
-1

), C=C (1560 cm
-1

), Si-

CH3 (1256 cm
-1

), Si-N-H (1160 cm
-1

) and Si-N (930 cm
-1

) groups (Figure 3.1 (i)). The N-H, Si-H, and vinyl 

(C=C) groups are the active groups in HTT1800. Upon modification with the Hf complex Hf(NEt2)4, the 

intensities of the N-H and Si-H absorption bands in SiHfCN decreased compared with their counterparts in pure 

HTT1800 (Figure 3.1 (i) and (ii)). Moreover, the intensities of the N-H and Si-H groups in SiHfCN2 were found 

to be lower than those in SiHfCN1, indicating a higher content of Hf(NEt2)4, facilitating the reactions between 

Si-H/N-H and Hf-N(Et)2. After the cross-linking of the SiHfCN1/2 polymer precursors at 250 °C, the N-H and 

Si-H intensities were further reduced. A stronger decrease was observed in the cross-linked SiHfCN2 (Figure 

3.1 (v)), suggesting that a higher degree of cross-linking was achieved with higher content modification. 

Additionally, the intensity of the vinyl group remained unchanged among (i) and (ii), (iii), suggesting that no 

reaction with the vinyl group occurred during the modification with Hf(NEt2)4. However, a decreased intensity 

of the vinyl group (C=C) was observed in (iv) and (v), suggesting that the vinyl group was involved in the cross-

linking reactions (e.g., polycondensation and hydrosilylation).  
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Figure 3.1. FTIR spectra of i) HTT1800, ii) HTT1800 modified with 10 vol% Hf(NEt2)4 (SiHfCN1), iii) HTT1800 modified with 30 vol% 

Hf(NEt2)4 (SiHfCN2), iv) HTT1800 modified with 10 vol% Hf(NEt2)4 and cross-linked at 250  °C and v) HTT1800 

modified with 30 vol% Hf(NEt2)4 and cross-linked at 250  °C. 

 

The liquid 
1
H NMR spectra of HTT1800 and SiHfCN1 are presented in Figure 3.2a, exhibiting peaks with 

chemical shifts at 0.15-0.4, 0.5-1.1 and 4.4-5.0 ppm, which are associated with the ≡Si-CH3, Si-NH-Si and Si-H 

environments, respectively. The signals of the vinyl group (≡Si-CH=CH2) are located at 5.5-6.3 ppm. In 

addition to these peaks, which are observed in both spectra, new signals located at 0.8 and 1.8 ppm are present 

in the spectrum of SiHfCN1; these signals are associated with the ethyl group in Hf(NEt2)4. Obviously, the 

peaks with decreasing intensity correspond to the Si-H and N-H groups, and the lack of variations in the vinyl-

group signals confirms the FTIR results.  

The 
29

Si spectrum (Figure 3.2b) exhibits an evident peak with a chemical shift of -23.8 ppm, which is ascribed 

to SiHC(sp
3
)N2 and is observed in both the HTT1800 and SiHfCN1 spectra. Furthermore, weak signals at -33.5 

ppm, which are associated with silicon in the (N)3SiVi (vinyl group) environment, are present in the liquid 

spectra of both precursors. The shoulder at -25.8 ppm beyond the SiHC(sp
3
)N2 environment, associated with the 

SiN3C(sp
3
) group, is evident only in the SiHfCN1 spectrum, indicating that Hf may have bonded to Si-N 

through an Hf-N-Si linkage. However, the signal of the SiN3C group seems to be largely subsumed by that of 

SiN2C, indicating a fairly low SiN3C content [207].  
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a)  b)  

Figure 3.2. Liquid NMR spectra of HTT1800 (i) and SiHfCN1 (ii): a) 1H and b) 29Si. 

 

The chemical modification of the polysilazane HTT1800 with Hf(NEt2)4 and BH3
.
SMe2 was also investigated 

using FTIR spectroscopy. In Figure 3.3a, the FTIR spectra of the pure polysilazane and of the polysilazane after 

its reaction with Hf(NEt2)4 and subsequent modification with BH3
.
SMe2 are shown. In the FT-IR spectrum of 

HTT1800, typical absorption bands related to the C-H (2960 and 2965 cm
-1

), N-H (3378 cm
-1

), Si-H (2124 cm
-1

), 

Si-N-H (1160 cm
-1

) and Si-N (930 cm
-1

) groups are observed. 

 

a)  
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b)  

Figure 3.3. a) FTIR spectra of HTT1800 (i), Hf(NEt2)4-modified HTT1800 (ii) and HTT1800 modified with both (iii) as well as 

HTT1800 modified with Hf(NEt2)4/BH3.SMe2 and cross-linked at 250 °C (iv); b) Proposed reaction pathway of HTT1800 with 

Hf(NEt2)4 and BH3.SMe2. 

 

The chemical modification of HTT1800 with Hf(NEt2)4 caused the intensities of the absorption bands related to 

the N-H and Si-H groups to decrease, indicating that the reaction occurred at the Si-H/N-H substituents of 

HTT1800 (see Figure 3.3b), whereas the vinyl groups in HTT1800 (absorption bands at 3053 and 1598 cm
-1

) 

were not affected by the reaction with the hafnium amido complex (Figure 3.1 and Figure 3.3a). HTT1800 also 

exhibits a similar chemical reactivity, i.e., a reaction with both the Si-H and N-H groups of the polymers, in the 

case of the reaction of HTT1800 with a hafnium alkoxide [73]. Upon the addition of BH3.SMe2, hydroboration 

of the vinyl groups of HTT1800 occurred (Figure 3.3b). The presence of the absorption bands related to the 

vinyl groups (3053 cm
-1

(=C-H) and 1598 cm
-1

(C=C)) and to B-H bonds (2477 cm
-1

) in the Hf- and B-containing 

single-source precursor illustrates, however, that not all vinyl groups of the polysilazane were involved in the 

reaction. This may be related to steric hindrance effects on the chemical modification of the polysilazane [208]. 

The FTIR spectrum of the polymer precursor cross-linked at 200 °C (Figure 3.3a) shows the disappearance of 

the B-H bands and thus indicates the occurrence of cross-linking reactions relying on hydroboration and 

dehydrocoupling within the polymeric backbone. 

The 
29

Si spectrum of the cross-linked polymer cured at 200 °C (Figure 3.4) exhibits a signal at -24 ppm, 

associated with the SiHC(sp
3
)N2 sites (compared to -35 ppm for SiHC(sp

2
)N2, see [207]). Furthermore, a signal 

at -31 ppm corresponds to the SiC(sp
3
)N3 sites, and a third signal at -3.5 ppm has been attributed to the 

SiC(sp
3
)2N2 sites [207] (see Table 3.1). Thus, the 

29
Si NMR data of the cross-linked single-source precursor 

indicate that the hydroboration and vinyl polymerization reactions occurring under those conditions led to the 

transformation of the sp
2
 hybridized carbons of the vinyl groups into sp

3
 carbon sites[207]. Moreover, all three 

signals show a low-field shift as compared to other SiCN-based materials[207] , which may be due to Hf being 

bonded to the SiCxN4-x tetrahedra and thus decreasing the electron density at the Si sites (see also the discussion 

below on the NMR data of the obtained ceramic nanocomposites). This indicates consequently that the chemical 

modification of HTT1800 leads to the formation of a single-source precursor for SiHfBCN. 
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Figure 3.4. 29Si MAS NMR spectrum of HTT1800 modified with Hf(NEt2)4 and BH3∙SMe2 and cross-linked at 200 °C. 

 

Table 3.1. Chemical shifts and site fractions of SiC2N2, SiHCN2, and SiCN3 sites derived from Gaussian line fitting of the 29Si NMR 

spectrum in Figure 3.4. 

 SiC2N2  SiHCN2  SiCN3 

 
δ  

(ppm) 

Site fraction 

(%) 
 

δ  

(ppm) 

Site fraction 

(%) 
 

δ  

(ppm) 

Site fraction 

(%) 

200 -3.5 26.2  -24 60.0  -31 13.8 

 

3.1.2 Polymer-to-ceramic conversion 

 

The thermal conversion of the Hf- and B-containing single-source precursor into amorphous SiHfBCN was 

investigated via TGA coupled with evolved gas analysis (EGA) and was found to be quite similar to that of an 

Hf-containing polymer into amorphous SiHfCN, as shown in Figure 3.5, with the polymer-to-ceramic 

conversion proceeding in three main steps (as seen from the DTG curve) and resulting in a ceramic yield of 

approximately 80 wt %. This is significantly higher than the ceramic yield of HTT1800 (approximately 65 wt %) 

and is also considered to be a consequence of the strong increase in the cross-linking degree of the polymer 

upon its modification with Hf(NEt2)4 or with Hf(NEt2)4 and BH3.SMe2. At temperatures beyond 800 °C, no 

mass loss was recorded; thus, the polymer-to-ceramic transformation was concluded to be complete at this 

temperature. The cross-linking of the hafnium-containing polymeric precursor primarily relies on 

hydrosilylation and vinyl polymerization processes, as has also been reported for other Si-H- and Si-vinyl-

substituted polysilazane-based polymers [209-212]. These processes occur without mass loss and contribute to a 

significant increase in the ceramic yield of the single-source precursor compared with that of the Hf- and B-free 

polysilazane. Additionally, transamination processes between the ≡Si-N=/≡Si-N and ≡Si-N=/≡Hf-N= groups 

occur, releasing amine fragments, as indicated by mass spectrometry data collected during EGA (see Figure 3.5). 

Thus, during the decomposition stage at temperatures beyond 400 °C, the mass loss is related to the evolution of 

hydrogen and methane as well as to ethane and diethylamino fragments. The hydrogen release is attributed to 
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dehydrocoupling reactions occurring between Si-H and N-H groups or B-H and N-H groups, leading to the 

formation of ≡Si-N= and =B-N= linkages (for SiHfBCN materials), respectively [208, 212]. The release of 

methane and ethane occurs due to the decomposition of the organic substituents of the single-source precursor, 

whereas the development of the diethylamino fragments is attributed to the decomposition of the -NEt2 end 

groups of the precursor or to transamination processes between ≡Si-N= and ≡Hf-N= groups.  
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Figure 3.5. Thermogravimetric analysis and mass spectrometry QMID ion current curves (QMID—quasi multiple ion detection) of cross-

linked a) SiHfCN2 and b) SiHfBCN2 showing the release of hydrogen (m/z=1, 2), methane (m/z=16), and ethane (m/z=27. 30) 

and diethylamido fragment (e, m/z= 41, 42 43 and 58) during the polymer to ceramic conversion.  

 

 

Figure 3.6. FTIR spectra of SiHfCN2 after the cross-linking of the precursor and subsequent pyrolysis in flowing argon from 200 to 

1300 °C: i) polymer, ii) 200 °C, iii) 400 °C, iv) 600 °C, v)800 °C, vi) 1100 °C, and vii) 1300 °C. 

 

The FTIR spectra of polymeric and pyrolytic SiHfCN2 products obtained at various temperatures from 200 to 

1300 °C are presented in Figure 3.6. When the IR spectrum of cross-linked SiHfCN2 at 200 °C is compared 
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with that of the polymer, it is evident that the intensities of the absorption signals ascribed to C-H, Si-H, the 

vinyl group and Si-N-H are significantly reduced, suggesting that hydrosilylation, and vinyl polymerization 

occurred during the cross-linking step. Upon an increase in temperature to 400 °C, the intensities of these bands 

continue to follow a decreasing trend; the vinyl group even disappears, representing an end to the process of 

vinyl polymerization. The IR spectra of samples exposed at higher temperatures, between 400 and 600 °C, 

indicate that the significant decrease in intensity of the Si-CH3 band and the Si-H/N-H band can be explained by 

the evaporation of methane and hydrogen and also confirm the observation of hydrogen and methane as detected 

via EGA (Figure 3.5). At temperatures beyond 800 °C, the major change is that the signals corresponding to Si-

H, Si-CH3 and N-H, C-H vibration disappear completely, indicating the elimination of any residual hydrogen 

from the precursor. Accordingly, the inorganic conversion can be considered to be complete at this temperature. 

Additionally, the peaks at 840 and 730 cm
-1

, attributed to Si-N and Si-C, shift toward a higher wavenumber 

range. Furthermore, the formation of a broad peak is observed in the spectrum of the sample pyrolyzed at 

1100 °C, indicating the emergence of an amorphous phase structure consisting of a mixture of the bands 

between Si-C and Si-N. 

In addition to the TGA/EGA in situ investigation, ex situ MAS NMR spectroscopy was performed to obtain 

more information about the polymer-to-ceramic process. Thus, 
13

C, 
29

Si and 
11

B MAS NMR spectra of samples 

obtained upon the thermal treatment of the single-source precursor at 400, 800 and 1100 °C were collected. 

a)  

b)   
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Figure 3.7. 29Si MAS NMR spectra of a) SiHfCN2 and b) SiHfBCN2 pyrolyzed at different temperatures. 

 

The 
29

Si NMR spectra (Figure 3.7) exhibit signals for silicon sites with bonds to carbon and nitrogen, i.e., 

tetrahedral SiCxN4-x (0≦x≦4)[213]. The chemical shifts and the fractions of the different silicon sites were 

evaluated by deconvolving the 
29

Si NMR spectra and are summarized in Table 3.2. In the case of SiHfCN, the 

29
Si NMR spectrum at 200 °C exhibits three peaks, similar to that of SiHfBCN under identical conditions: the 

strong peak at a chemical shift of -23.5 ppm is attributed to SiHC(sp
3
)N2 (53.1 %), the shoulder at a chemical 

shift of -30.7 ppm is assigned to SiC(sp
3
)N3 (28.6 %), and a low-field chemical shift of -8.9 ppm corresponds to 

SiC(sp
3
)2N2 (18.3 %) indicating crosslinking via hydrosilylation and/or polymerisation of the vinyl groups. This 

supports the finding that the reported transamination reaction induces the generation of SiCN3 from SiHN2C or 

SiC2N2 [212]. When the pyrolysis temperature was increased to 400 °C, the signal ascribed to SiHC(sp
3
)N2 

disappeared, suggesting a significant decrease in Si-H/N-H, as indicated by the FT-IR results (Figure 3.6). The 

number of SiC(sp
3
)2N2 sites also decreased (13.1%), which is attributed to the transamination reaction. 

Additionally, the signals associated with these sites disappeared in the spectra collected at higher pyrolysis 

temperatures of 800 and 1100 °C because of the release of the methyl group, as observed in the FT-IR results 

(Figure 3.6 (v)). The 
29

Si NMR spectra of the samples pyrolyzed at 800 and 1100 °C exhibit very broad 

resonances, corresponding to the presence of tetrahedrally bonded SiCxN4-x (0≤x≤4). In general, in the chemical 

shift range from -15 to -50 ppm, the mixed-bond environment with a chemical shift of -49 ppm is attributed to 

SiN4, because hafnium generally serves an attractive role in determining the electron density in a silicon 

environment. Thus, modification with a hafnium complex leads to a lower field shift than that of the SiCN 

ceramics (approximately -50 ppm), with the peak associated with SiCN3 located close to the SiN4 peak at -33 

ppm and the lower-field-shift peak attributed to SiC4 located at -19 ppm. As observed in Table 3.2, the fraction 

of SiCN3 sites decreases (from approximately 47.9 to 31.3 %), whereas that of SiC4 sites increases (from 5.7 to 

25.1 %), indicating a de-mixing conversion from SiCN3 to SiC4 (800-1100 °C).   

The 
29

Si NMR spectrum of the sample SiHfBCN pyrolyzed at 400 °C exhibits one peak at -26 ppm which was 

attributed to the SiCN3 sites (site fraction 49.8%). Additionally, two signals at -4 and -43 ppm were attributed to 

the SiC2(sp
3
)N2 (20.1%) and SiN4 (26.8%) sites, respectively. Upon increasing the pyrolysis temperature to 
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800 °C, the amount of SiC2(sp
3
)N2 sites decreased as a result of transamination reactions and methane release, 

as has also been reported for a hafnium-alkoxide-modified polysilazane [212]. This is in good agreement with 

the EGA data indicating the evolution of methane and amino fragments in the same temperature range (see 

Figure 3.5). The 
29

Si NMR spectra of the samples pyrolyzed at 800 °C and 1100 °C exhibit a new signal with a 

chemical shift around -14 ppm, which has been assigned to the SiC4 sites and is also found in the SiHfCN 

samples, indicating that de-mixing/partitioning processes occurred in the SiHf(B)CN samples, cf. SiCxN4-x = 

SiN4 + SiC4. This is rather intriguing, as at these temperatures, SiCN/SiBCN-based ceramics are typically 

assumed to be single-phasic and the intensity of the SiC4 signal is usually very low. Interestingly, there was a 

high-field shift of the SiCN3 and SiN4 signals as the heat treatment temperature increases. Thus, the signal of the 

SiCN3 sites shifted from -26 ppm (400 and 800 °C) to -32 ppm (at 1100 °C), indicating the presence of Hf in the 

secondary coordination sphere of the Si sites at temperatures up to 800 °C. As the pyrolysis temperature 

increased to 1100 °C, the signal shifted towards the high field, indicating Hf being released from the secondary 

coordination sphere of the silicon sites at the mentioned temperature. In the case of the SiN4 signal, this effect 

was even stronger: the chemical shift of the signal was -43, -47 and -48 ppm upon pyrolysis at 400, 800 and 

1100 °C, respectively. Thus, it seems that Hf is released first from the coordination sphere of the SiN4 sites, as 

compared to the SiCN3 sites. Thus, the NMR data indicate that the phase separation processes probably start in 

SiHf(B)CN at temperatures as low as 800 °C. Currently, it is assumed that the modification of the polysilazane 

with hafnium might be responsible for this behavior. This effect (viz. de-mixing of mixed-bond SiCxN4-x 

tetrahedra) was also reported for a hafnium-alkoxide-modified polysilazane [212]. However, whereas in the case 

of the reported SiHfCNO, the hafnium incorporation induces a partitioning process, cf. SiCxN4-x = SiN4 + C 

[212] (as known from silicon carbodiimide-derived SiCN materials) [214], in the present case, the partitioning 

of SiCxN4-x tetrahedra generates amorphous SiC in addition to Si3N4 [215-218]. This finding clearly emphasizes 

that the chemical composition and molecular architecture of the single-source precursor has a crucial effect on 

the phase composition of the resulting nanocomposite material [73]. 

 

Table 3.2. Fraction of SiC2N2, SiC4, and SiCN3 and SiN4 sites derived from Gaussian line fitting of the 29Si NMR spectra in Figure 3.7. 

  SiHN2C SiC4 SiC2N2  SiCN3  SiN4 

 

 
δ  

(ppm) 

Site 

fractio

n (%) 

δ 

(ppm) 

Site 

fraction 

(%) 

δ 

(ppm) 

Site 

fraction 

(%) 

 
δ 

(ppm) 

Site 

fraction 

(%) 

 
δ 

(ppm) 

Site 

fraction 

(%) 

 

SiHfCN 

200 -23.5 53.1   -8.9 18.3  -30.7 28.6     

400     -5 13.1  -25 72.7  -33 14.1  

800   -19 5.7    -33 47.9  -49 46.4  

1100   -19 25.1    -33 31.3  -49 43.6  

SiHfBCN 

400     -4 20.1  -26 49.8  -43 26.8  

800   -14 23.8    -26 34.6  -47 41.6  

1100   -18 33.2    -32 27.8  -48 39.0  
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a)  b)  

Figure 3.8. 13C MAS NMR spectra of the a) SiHfCN2 and b) SiHfBCN2 samples prepared upon pyrolysis of the single-source precursor 

at 400, 800 and 1100 °C.  

 

The 
13

C NMR spectra of the cross-linked SiHfCN precursor (200 °C) and ceramic pyrolyzed at various 

temperatures (400-1100 °C) were shown in Figure 3.8a. The 
13

C spectrum at 200 °C shows, in addition to the 

peaks corresponding to methyl- (~3.8-4.2 ppm) and the vinyl-group (132, 141 ppm), a broad signal at 26 ppm 

and a shoulder at 14 ppm; however, these cannot be identified. The methyl groups still presents at 400 °C, but 

disappears at 800 and 1100 °C. The 
13

C MAS NMR spectra of SiHfBCN ceramic behaved similar. The sample 

prepared at 400 °C exhibits a signal at 2 ppm which was assigned to the Si-CH3 groups (Figure 3.8)[74]. This 

signal was not found in the samples prepared at 800 and 1100 °C; as the pyrolysis of the polymeric precursor at 

those temperatures induces a drastic release of the methyl groups [74, 219], (e.g. CH4 evolution, as detected by 

EGA) and the segregation of carbon, leading to the appearance of new signals in the 
13

C NMR spectra (Figure 

3.8). Thus, the 
13

C spectrum of the sample pyrolyzed at 1100 °C indicates the presence of a sp
2
 C network, 

which is however thought to contain large amounts of C-N/C-B bonds (as indicated by the shifting of the signal 

from usually ca. 130 ppm in sp
2
-carbon to ca. 145 ppm). This has already been reported in the literature for 

polymer-derived SiBCN ceramics, which also contain a segregated sp
2
 C phase with C-N and C-B bondings as 

interfaces between the carbon phase and the SiNx- and BNx-based domains, respectively [220, 221]. 

Additionally, the spectra of the samples pyrolyzed at 800 and 1100 °C exhibit a signal at 28 ppm which was 

assigned to the CSi4 sites and thus supports the findings of the 
29

Si NMR data revealing a strong phase 

separation of the samples (which was not observed in the case of ternary SiCN ceramics [222, 223]); obviously, 

the simultaneous incorporation of Hf and B into the preceramic polysilazane fundamentally affects its 

ceramization behavior. 

The 
11

B MAS NMR spectra of SiHfBCN samples showed two main signals at 40 and 30 ppm, which were 

assigned to BCN2 (major) and BN3 (minor) sites, respectively (Figure 3.9) [221]. Please note that after the 

hydroboration process of the hafnium-modified polysilazane, BC3 sites are expected first, which obviously 

undergo rearrangement reactions already at temperatures as low as 400 °C, converting into BCN2 and BN3. 

Considering the evolution of the Si sites with temperature (SiC2N2 sites are consumed, and the amount of SiCN3 
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decreases as the synthesis temperature rises; see Table 3.2 and Figure 3.7). We assume that the BC3 units 

undergo exchange reactions with the SiC2N2 and SiCN3 sites to generate BCN2 and SiC4 units as follows:  

BC3 + SiC2N2 = BCN2 + SiC4  and BC3 + 2 SiCN3 = BCN2 + 2 SiC4, respectively [213]. Similarly, the formation 

of BN3 can be explained as 2 BC3 + 3 SiC2N2 = 2 BN3 + 3 SiC4 and BC3 + SiCN3 = BN3 + SiC4. 

 

Figure 3.9. 11B MAS NMR spectra recorded for the samples prepared at 400 (a) and 1100 °C (b). 

 

High-resolution transmission electron microscopy (HR-TEM) of both samples prepared at 1100 °C indicates an 

amorphous, featureless and homogeneous microstructure (Figure 3.10). However, based on the MAS NMR 

data, the sample is highly nano-heterogeneous, thus having a complex phase composition, consisting of 

amorphous Si3N4, SiC, sp
2
-C, HfN and BN (only for amorphous SiHfBCN ceramics) phases showing mixed 

bonds at their interfaces (e.g., C-N/C-B bondings and BC2N sites at the interface between C and BN). The 

conversion from polymer to ceramic can be summarized in Scheme 3.1 and Scheme 3.2.  

 

  

Figure 3.10. HR-TEM micrograph of a) SiHfCN2a and b) SiHfBCN2a powder sample prepared with pyrolysis at 1100 °C indicating a 

homogeneous microstructure. The selected area electron diffraction (SAED, see inset) clearly shows the amorphous nature of 

the sample.  
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Scheme 3.1. Experimentally observed chemical pathways for the pyrolytic decomposition of single-source precursor into amorphous 

SiHfCN. Here, the scheme shows the evolution of tetrahedrally bonded SiHCxN4-x, the separation of HfCxN1-x from N3Hf-N-Si, and the 

development of segregated free carbon during cross-linking and thermal pyrolysis. 

 

 

Scheme 3.2. Experimentally observed chemical pathways for the pyrolytic decomposition of a single-source precursor into amorphous 

SiHfBCN and the proposed amorphous structure for SiHfBCN. This scheme shows the evolution of tetrahedrally bonded SiHCxN4-x and 

tricoordinated boron atoms linked to carbon and nitrogen (BCxN3-x), the separation of HfCxN1-x from N3Hf-N-Si, and the development of 

segregated free carbon during cross-linking and thermal pyrolysis. 
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3.1.3 Summary 

 

The single-source precursors SiHfCN and SiHfBCN were successfully synthesized. Moreover, spectroscopy 

(i.e., FTIR and NMR) was able to reveal the structures of the SSPs and all relevant elements of the desired 

composites. The observation of a decreasing intensity of N-H/Si-H indicated that the formation of Hf-N-Si 

linkages and vinyl groups in HTT1800 is not affected by the reaction with the hafnium complex in the synthesis 

of SiHfCN. However, the vinyl groups do react with the B-H group in BH3 SMe2 during the hydroboration 

reaction yielding the SiHfBCN SSP. Additionally, 
29

Si NMR of cross-linked SiHfBCN at 200 °C revealed that 

all signals (i.e., SiHC(sp
3
)N2, SiC(sp

3
)2N2, and SiC(sp

3
)N3) were shifted toward lower field shifts compared with 

those observed in the SiCN-based materials. This finding reflects the effect of Hf on the electron density of Si 

sites in tetrahedral SiCxN4-x, which is consistent with the formation of Hf-N bonded to Si sites (Hf-N-Si). 

A single-source precursor could be successfully converted into amorphous ceramics, as verified by TEM, and 

their thermal transformation was studied using a combination of in situ thermal analysis, such as 

thermogravimetric analysis (TGA) coupled with evolved gas analysis (EGA), and ex situ analytical experiments, 

i.e., 
13

C, 
29

Si and 
11

B (for SiHfBCN) MAS NMR investigations and FTIR spectroscopy. It was found that the 

ceramic yields of SiHfCN and SiHfBCN (approximately 80 wt%) are significantly higher than that of HTT1800 

(approximately 65 wt %), which is regarded as a consequence of the strong increase in the cross-linking degree 

of the polymer upon modification with an Hf or Hf/B complex. Both materials exhibit a similar inorganic 

mechanism between 200 and 800 °C (see Scheme 3.1 and Scheme 3.2). The ceramic conversion predominantly 

occurs in a temperature range of 400-800 °C as a result of the evolution of hydrogen and methane as well as the 

release of amine fragments, which correspond to dehydrocoupling (i.e., Si-H and N-H in both ceramics, or B-H 

and N-H in the case of SiHfBCN) and transamination reactions (≡Si-N, ≡Si-N=/≡Hf-N=, etc.), respectively. The 

transformation of the SSPs into the amorphous ceramics SiHfCN and SiHfBCN are almost complete at 800 °C. 

Furthermore, the phase separation processes begins in SiHf(B)CN at temperatures as low as 800 °C, generating 

a complex structure. In the case of amorphous SiHfCN ceramics, this structure consists of SiCxN4-x (i.e., SiC4, 

SiCN3 and SiN4), HfN, and separated carbon, whereas additional BCN2 and BN3 are observed in the structure of 

SiHfBCN. In conclusion, the presented investigations of the complex, Hf- and B-containing, modified samples 

reveal that the molecular structure has a significant effect on the phase composition of polysilazane-derived 

SiCN ceramics, such as SiC4 and SiN4, which are partitioned from tetrahedral SiCxN4-x when the pyrolysis 

temperature reaches 800 °C (which is not typically observed in the case of SiCN-based ceramics). 
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3.2. Processing 

 

The category of processing has been introduced in Chapter 2 (experimental part), including monoliths and 

CMCs. The aim of this study in the processing of monoliths is to develop such ceramic monoliths with a low 

porosity and a crack-free or dense condition (open porosity is almost zero). PLS and PAS were applied to 

process the monoliths; the former focused on reducing porosity by optimizing the parameters concerning warm 

pressing, pyrolysis and annealing. While that section of PAS will consider the densification process and phase, 

the microstructure evolution will be emphasized in the latter. Additionally, since the SSPs method is beneficial 

to infiltrating fiber preforms, SiHfBCN might be a promising candidate among CMCs. In the present study, 

Cf/SiCN, Cf/SiC-SiCN and Cf/SiHfBCN, Cf/SiC-SiHfBCN CMCs are fabricated.  

 

3.2.1 Ceramic Monoliths 

 

3.2.1.1 Pressure-less sintering (PLS) 

 

Cross-linked SiHfCN and SiHfBCN SSPs were shaped via warm pressing and then converted into amorphous 

ceramics by thermal pyrolysis at 1100 °C. The ceramic yield as well as the shrinkage and open porosity of the 

SSPs pyrolyzed at 1100 °C are presented in Table 3.3. It can be clearly seen that the ceramic yield of SiCN 

ceramic is significantly improved by the incorporation of Hf and B. This is a consequence of high cross-linking 

structures. Furthermore, the relationship between degree of cross-linking and the warm pressing parameters of 

these ceramics was shown in Table 2.1. The warm pressing temperature (Twm) is shown to be 180-190 °C for 

SiCN ceramic, while that of SiHfCN1 is much higher (ca. 300 °C) at identical temperatures (Tcs) at 250 °C. This 

indicates that the SiHfCN1 with a high degree of cross-linking exhibit lower fluidity compared to that of SiCN. 

Since there is a limitation in the device at which a maximum of Twm is 300 °C, the Tcs for highly cross-linked 

SiHfCN2, SiHfBCN1 and SiHfBCN2 have to be controlled to below 200 °C. Otherwise, as above, samples 

cannot be compacted into bulk at a limited temperature (up to 300 °C). It was also found that the Twm of 

SiHfBCN2 (280 °C) is higher than that of SiHfBCN1 (260 °C, see Table 2.1), indicating a higher degree of 

cross-linkage along with the increasing Hf and B content. However, since worse fluidity is indicative of lower 

mobility for higher compositions (SiHfCN2 and SiHfBCN2), the SiHfCN2 and SiHfBCN2 present a higher 

open porosity, as shown in Table 3.3, while SiHfCN1 and SiHfBCN1 have a relatively lower open porosity. 

Furthermore, it was reported previously that the addition of boron can enhance the densification of SiCN[110]. 

Accordingly, the open porosity of SiHfBCN1 is lowest (7.9 %) in ceramic samples pyrolyzed at 1100 °C among 

all of them (see Table 3.3).  
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Table 3.3. Ceramic yield, shrinkage and open porosity after pyrolysis temperature at 1100 °C.  

Ceramic Density 

[g∙cm-3] 

Porosity  

[vol%] 

Shrinkage  

[%] 

Ceramic Yield  

[%] 

SiCN - - - 65 

SiHfCN1 2.3 10.2 42.3 83 

SiHfCN2 2.5 19.2 - 82.5 

SiHfBCN1 2.4 7.9 54.3 81 

SiHfBCN2 2.8 12.0 48.1 80 

 

 

Figure 3.11. Overall process for preparing dense SiHfBCN2 ceramic monoliths, microscopy of samples showing denser and crack-free 

features can be achieved in annealed samples at 1300 °C compared to pyrolyzed samples at 1100 °C.  

 

The pyrolyzed samples were annealed in argon and nitrogen atmospheres. The shrinkage, open porosity and 

density of the annealed SiHfBCN ceramics at different temperatures (1300, 1500, 1700 °C) are presented in 

Table 3.4. The sample annealed at 1300 °C in nitrogen shows a lower open porosity than samples pyrolyzed at 

1100 °C, while the porosity of SiHfBCN1b-1300 and 2b-1300 amount 5.9 and 10.4 %, respectively. This is in 

agreement with the microscopy of samples pyrolyzed at 1100 °C and annealed at 1300 °C in nitrogen, which 

show that denser and crack-free features can be achieved in samples annealed at 1300 °C (see Figure 3.11). The 

high temperature stability of those ceramics with respect to decomposition is observed upon annealing at 

1300 °C in nitrogen, indicating no decomposition occurs within this process (Figure 3.26). Because the volumes 

of samples annealed at 1300 °C are shown shrinkage as compared to that of samples pyrolyzed at 1100 °C (see 

Table 3.4). Thus, this decreasing in open porosity might results from the fact that is a contribution of molecular 

diffusion with the increasing temperature. Furthermore, In order to understand the evolution of the physical 

properties (which include shrinkage, open porosity and density), these will be described more details in 

association with crystallization and decomposition (see Section 3.3). 
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Table 3.4. Shrinkage, open porosity and density of SiHfBCN ceramic annealed at different temperatures. 

Ceramic Volume Shrinkage 

[%] 

Open porosity 

[%] 

Density 

[g∙cm-3] 

SiHfBCN1a-1300 7.2 nd nd 

SiHfBCN1a-1500 15.4 nd nd 

SiHfBCN1a-1700 19.2 43.9 1.9 

SiHfBCN1b-1300 10.5 5.9 2.46 

SiHfBCN1b-1500 12.0 13.5 2.53 

SiHfBCN1b-1700 13.7 14.9 2.68 

SiHfBCN2a-1300 5.3 nd nd 

SiHfBCN2a-1500 10.7 nd nd 

SiHfBCN2a-1700 27.2 52.4 1.9 

SiHfBCN2b-1300 3.9 10.4 2.68 

SiHfBCN2b-1500 8.5 19.6 2.74 

SiHfBCN2b-1700 14.5 21.2 2.80 

*nd- not determined 

 

3.2.1.2 Pressure-assisted sintering (PAS) 

 

Sintering is an essential process for obtaining UHTCs with good mechanical strength, hardness, thermal 

stability and oxidation resistance [224]. However, this is rather a challenging task due to the fact that they have 

strong covalent bonding and low self-diffusion coefficients that significantly restrict their sinterability [225-227]. 

Within this context, the consolidation of UHTCs by using spark plasma sintering (SPS) technique was reported 

[225-230]. HfB2-SiC [225], SiB0.5C1.5N0.5 [226], ZrB2-ZrC [227] and TaC-HfC [228] systems were well 

densified by SPS at moderate temperatures within minutes. High heating rate (up to ~1000 °C/min) and high 

external pressure (>100 MPa) renders SPS superior to the conventional approaches [231-235]. Both thermal and 

non-thermal effects contribute to its unique features [233, 234]. 

In this section, dense UHTC-NCs derived from SiHf(B)CN-based ceramics were successfully prepared by SPS, 

and their densification mechanism, phase identifications and microstructures are analyzed. Additionally, their 

mechanical properties of both dense ceramic materials were also evaluated.  

 

3.2.1.2 .1 High temperature behavior of amorphous SiHfBCN ceramic 

  

The crystallization and decomposition behavior of SiHf(B)CN during the annealing process will be addressed in 

Section 3.3 (the discussed temperature is up to 1700 °C), however the decomposition cannot be studied in-situ 

in the annealing experiment. Thus it is highly necessary to understand the thermal stability of the pyrolyzed 

ceramic samples, regarding whether simultaneous decomposition probably occurs during the densification 

process. Additionally, the sintering process is performed in vacuum within a few minutes by applying a very 

fast heating rate (450 °C) in our study. Thus, it is extremely difficult to match similar conditions as in 
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TGA/DTG. Nevertheless, the thermal behavior of SiHfBCN could be related to thermodynamic data in other 

atmosphere like helium.  

 

Figure 3.12. High temperature TGA (HT-TGA) of SiHfBCN samples pyrolyzed at 900 °C. 

 

The evident mass loss can be found (ca. 30 %), which is in agreement with the recorded decomposition of 

SiHfBCN annealed in argon up to 1700 °C (see Section 3.3). Clearly, two decomposition stages can be 

distinguished: The first step ranges from 1470 to 1560 °C, with a comparable lower mass loss of the 5.6 %, 

which is attributed to the carbothermal reaction between Si3N4 and free carbon. However, in the samples 

annealed at 1500 °C in an argon atmosphere which recorded a mass loss of ca. 10 wt% (see Figure 3.26), the 

difference in mass loss is probably due to the partial decomposition with a continuous process in TGA. Further 

degradation causes the highest mass loss, ending at ca.1700 °C, which can be assumed to be either the 

contribution of residual decomposition of Si3N4 and the free carbon or the formation of the HfC phase from the 

HfN phase with the release of N2. Accordingly, two-stage (from 1470-1700 °C) thermal decompositions might 

occurs simultaneously during consolidation of SiHf(B)CN ceramics, which may serve as a guideline for SPS 

process.  

 

3.2.1.2 .2 Densification behavior and phase/microstructure evolution 
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Figure 3.13. Shrinkage and shrinkage rate curves for SiHfBCN (a) and SiHfCN (b) ceramics as functions of the temperature. The red 

dashed lines show at which temperatures the sintering processes were interrupted.  

 

In order to investigate the densification behavior of SiHfCN and SiHfBCN ceramics, two sintering regimes 

(corresponding to samples SiHfCN_04 and SiHfBCN_04 in Table 3.5) were applied to rapidly densify SiHfCN 

and SiHfBCN ceramics.  

The shrinkage (∆L) and the linear shrinkage rate (defined as -d(∆L/Lo)/dt, with Lo being the thickness of the 

green body at room temperature) were recorded in intervals of one second in real time (the background was 

deducted) and the corresponding curves are shown in Figure 3.13. For all samples, the plots of the shrinkage 

rate vs. T curves display three evident peaks during the entire sintering process, indicating three individual 

densification steps. The temperatures at each peak (in black) correspond to the maximum shrinkage rate 

achieved at this temperature. Both SiHfCN and SiHfBCN samples behaved similarly. Appreciable shrinkage 

occurred from ~1100 °C and lasted until the end of the sintering circles. The three upward peak regions which 

appeared in the shrinkage rate curves during the entire processes (this densification behavior is different from 

the common cases in which only one peak is observed [236]) may relate to densification as well as to 

decomposition, phase transformation or other structural/chemical developments in the samples, as shown by the 

in-situ HT-TGA in Figure 3.12, a number of chemical reactions (including decomposition) were simultaneously 

involved in the densification processes. In order to attain more information about the individual processes 

occurring during these three stages, further sintering regimes were performed, e.g. upon interrupting the 

sintering regimes at different temperatures (samples SiHfCN_01, SiHfCN_02, SiHfBCN_01 and SiHfBCN_02 

in Table 3.5) in Figure 3.13, the temperatures at which the sintering procedures were interrupted are marked in 

red. Regarding the SiHfBCN samples (see Figure 3.13a), the peaks for the highest shrinkage rates were located 

at 1162 °C, 1579 °C and 1904 °C. The sintering procedure was correspondingly interrupted at 1245 °C 

(SiHfBCN_01) and 1704 °C (SiHfBCN_02), i.e. shortly after the maxima of the shrinkage rate peaks. The 

SiHfCN samples (see Figure 3.13b) also show three densification processes at 1163 °C, 1607/1677 °C and 

1944 °C, respectively. Note that the splitting of the peak at 1607/1677 °C does not imply two densification steps 

of the sample, but probably relates to pressure fluctuations or other extrinsic effects. The sintering cycles were 

interrupted at 1299 °C (SiHfCN_01) and 1759 °C (SiHfCN_02).  
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The samples obtained from the different sintering procedures shown in Figure 3.13 and Table 3.5 were 

investigated by XRD concerning their crystalline phase composition (XRD patterns in Figure 3.14). The 

samples for which the sintering process was stopped shortly after the maximum of the first densification peak 

(i.e. SiHfCN_01 and SiHfBCN_01) were shown to be X-ray amorphous. Furthermore, the density was relatively 

low (1.9 and 1.99 g/cm
3
 for SiHfCN_01 and SiHfBCN_01, respectively), indicating only a slight densification. 

The samples for which the sintering procedure was interrupted after the second shrinkage rate peak (i.e. SiHfCN 

at 1299 °C and SiHfBCN at 1245 °C) showed an improved density (2.31 and 2.55 for SiHfCN_02 and 

SiHfBCN_02, respectively) and the presence of crystalline HfCxN1-x and β-SiC. The increase of the sintering 

temperature to 1950 °C (as for SiHfCN_04 and SiHfBCN_04) led to a good compaction and very low porosity 

values. Thus, for SiHfCN the density was 3.65 g/cm
3
 and the open porosity value was as low as 0.15 vol% (see 

Table 3.5). The same case also happened in the densification of the SiHfBCN system.  

a)  b)  

c)  d)  

Figure 3.14. Crystallization behavior of SiHfCN and SiHfBCN upon SPS with different sintering parameters: (a) SiHfCN samples and (b) 

SiHfBCN samples; (c) SiHfBCN with different sintering pressure; (d) SiHfBCN with one-step and two-step sintering. 
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Table 3.5. The effect of sintering parameters on the crystallite size, phase composition, density and porosity of densified SiHfCN- and SiHfBCN-based ceramics. 

 Sample label Sintering parameters  

[o C/min/MPa] 

Mean crystallite size 

[nm] 

Phase fraction  

[wt %] 

HfCxN1-x Density  

[g∙cm-3] 

Open porosity  

[%] 

   HfCxN1-x β-SiC β-Si3N4 HfCxN1-x β-SiC β-Si3N4    

SiHfCN 

SiHfCN_01 1299/1/55 

(SPS-5) 

 

       1.90 38.1 

SiHfCN_02 1759/1/55 

(SPS-6) 

 

       2.31 35.5 

SiHfCN_03 1850/1/120 

 

49.4 18.6 17.5 30.4 30.4 29.4 HfC0.56N0.44 3.03 16.1 

SiHfCN_04 1950/1/105 

(SPS-4) 

 

130.2 36.1 29.5 17.5 32.6 49.9 HfC0.62N0.38 3.65 0.15 

SiHfCN_05 1950/15/105 

 

165.9 53.4 34.9 19.0 40.5 40.5 HfC0.65N0.35 3.68 0.12 

SiHfBCN 

SiHfBCN_01 1245/1/55 

(SPS-2) 

       1.99 33.2 

SiHfBCN_02 1704/1/55 

(SPS-3) 

       2.55 26.3 

SiHfBCN_03 1850/4/125 32.5 34.8 15.3 76.3 17.7 6.0 HfC0.68N0.32 3.34 9.1 

SiHfBCN_04 1950/1/55 

(SPS-1) 

69.1 75.3 18.6 31.6 41.0 27.4 HfC0.61N0.39 3.40 6.2 

SiHfBCN_05 1950/10/100 61.7 17.5 19.6 26.8 17.8 55.4 HfC0.66N0.33 3.67 0.3 

SiHfBCN_06 1950/15/100 64.4 32.7 21.7 28.5 31.4 40.1 HfC0.66N0.33 3.69 0.2 

SiHfBCN_07 1950/1/1850/15/100 45.8 35.6 13.9 30.2 29.5 40.3 HfC0.67N0.33 3.59 1.0 

SiHfBCN_08 1950/15/110 46.4 72.7 7.0 27.0 42.6 30.4 HfC0.61N0.39 3.69 0.4 

SiHfBCN_09 1950/15/120 45.6 119.8 ˂1.0 28.8 62.5 8.7 HfC0.57N0.43 3.68 0.3 
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In Figure 3.15, SEM micrographs of the fracture surfaces of SiHfCN and SiHfBCN sintered upon using 

different parameters are shown and obviously confirm the fact that their densification is achieved at 

temperatures as high as 1950 °C. The temperature facilitate densification for both ceramics, i.e. for the samples 

sintered at 1850 °C (Figure 3.15 a and d), a dense area is obviously observed; however, a softer surface or 

porous structures are also found, indicating insufficient densification. This finding also corresponds to the high 

open porosity (SiHfCN_03: 16.1%, SiHfBCN_03: 9.1%) seen in Table 3.5. Furthermore, there is no significant 

effect of the holding time on the densification of the samples. Thus, SiHfCN was consolidated at 1950 °C at a 

pressure of 105 MPa with holding times of 1 and 15 min (i.e., SiHfCN_04 and SiHfCN_05 respectively) and 

showed a rather comparable densities of 3.65 (SiHfCN_04) and 3.68 g/cm
3
 (SiHfCN_05). On the other hand, 

the applied loading has been shown to have a significant effect on the densification [233], Hence, SiHfBCN 

samples sintered at 1950 °C upon using a pressure of 100 Mpa were found to have a markedly increased density 

(3.69 g/cm
3
) as compared to that of the samples sintered at 1950 °C and 55 Mpa (3.40 g/cm

3
) (see Table 3.5). 

Open porosity can be found in the lower loading samples, which seems to have disappeared by applying higher 

loading (100 MPa) at the given temperature of 1950 °C (see Figure 3.15 e and f).  

 

   

   

Figure 3.15. SEM micrographs of the sintered SiHfCN- and SiHfBCN-based SPS samples, a)-c) SiHfCN_03 to _05; d)-f) SiHfBCN_03, 

04 and 06. 

 

The effects of the sintering parameters on crystallization behavior were also investigated based on the presented 

sintering runs. Table 3.5 also summarizes the related parameters for the microstructure features of various 

phases, in which the phase fractions (relative to the crystalline content of the investigated samples) and 

crystallite sizes of the as-densified samples are determined from the Rietveld refinement of the XRD data. The 

XRD analysis of the as-sintered SiHfCN_01 and SiHfBCN_01 identified them as amorphous structures; all 

other sintered ceramics contain crystallization phases which are ascribed to HfCxN1-x, β-SiC and β-Si3N4. The 

presence of β-Si3N4 is somehow surprising (please note that the sintering process were performed in vacuum), 

as it is known that at high temperatures silicon nitride decomposes into elements (at temperatures beyond 
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1850 °C in nitrogen atmosphere, cf. Si3N4 = 3 Si + 2 N2) or reacts with segregated carbon to generate β-SiC (at 

temperatures beyond 1450-1500 °C in nitrogen atmosphere, cf. Si3N4 + C = 3 β-SiC + 2 N2). Since no elemental 

silicon was identified in the samples, it is concluded that the silicon nitride phase is consumed mainly via 

carbothermal reaction. Moreover, we assume that the very fast heating rate used for the densification as well as 

the rather short holding times were effective in suppressing the mentioned decomposition process and thus the 

silicon nitride phase was still present in the sintered samples.  
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Figure 3.16. TEM micrographs of dense UHTC-NCs: a) SiHfBCN_06, b) SiHfBCN_07 and c) high solution image of SiHfBCN_07, d) 

SiHfCN_05 

 

For as-sintered SiHfCN ceramics, the grain size of inside HfCxN1-x phase was beyond 100nm (i.e.130 and 166 

nm, as determined from as determined from Rietveld refinement of the XRD patterns), whereas β-SiC and β-

Si3N4 exhibit grain sizes below 100 nm(see Table 3.5). This is in good agreement with the TEM data (Figure 

3.16d), which indicate a grain size of ca. 150nm for the HfCxN1-x phase. In contrast, the growth of the HfCxN1-x 

grains seems to be hindered in SiHfBCN, as in SiHfBCN_06 a significantly lower grain size (ca. 65nm) is found 

(Figure 3.16a).This might rely on the effect of boron, which is present in the matrix as BCxNy phase 

encapsulating the crystalline grains and thus providing a diffusion barrier against the crystal growth of HfCxN1-x 

phase. Additionally, this phase can also kinetically suppress the reaction between silicon nitride and segregated 

carbon, as reported earlier in the literature [237]. TEM micrograph of SiHfBCN_06 and SiHfBCN_07 (Figure 

3.16a and b, respectively) illustrates the presence of nanocrystalline HfCxN1-x precipitations homogeneously 

distributed through an amorphous Si(B)CN(O) matrix. Interestingly, the average grain size of HfCxN1-x in 

SiHfBCN_06 (65 nm) was found to be higher than that in SiHfBCN_07 (40 nm), indicating that a two-step 

sintering process (as used for the densification of SiHfBCN_07) provides finer microstructures as compared to 

those obtained via one-step sintering (used for SiHfBCN-06). Moreover grains growth of HfCxN1-x tends to be 

inhibited, SiC grain adjacent to two HfC grains is found in high solution TEM (Figure 3.16c), which plays a role 

in isolating coarsening since grain to grain contacts of the same phase is minimized.  

The comparison in the average size of the HfCxN1-x precipitations in the SiHfCN ceramics sintered with 

different dwelling times (see Table 3.5) indicate a strong effect of the dwelling time on the grain growth. As the 

pore-pinning which limits the growth of the grain size does not have any effect, the grain growth could not be 

avoided [238]. Thus, the increase of the sintering time from 1 to 15 min at 1950 °C and 105 MPa induces an 

increase of the grain size of HfCxN1-x from ca. 130 to ca. 166 nm. Additionally, the increase of the applied 

pressure during sintering has been shown to suppress the grain growth of HfCxN1-x, as the applied pressure rose 

from 55 MPa to 120 MPa, the grain size of HfCxN1-x significantly decreased from 69.1 to 45.6 nm respectively. 

This effect was shown also during sintering of other ceramic materials such as titania or tungsten carbide and 

relies on the fact that the increase in pressure slows down diffusion processes [239].  
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Furthermore, the peak corresponding to β-SiC is evidently increasing in dependence on pressure, whereas β -

Si3N4 seems to have disappeared after sintering at 120 MPa (Figure 3.14c). Applying higher pressure seems to 

enhance the reaction between α-Si3N4 and free carbon by a higher driving force. In other words, the 

decomposition of α -Si3N4 seems to be accelerated, leading to an enhanced formation of β-SiC, i.e. the grain size 

as well as the content of β-SiC increased dramatically (i.e. from 31.4 wt% at 100 MPa to 62.5 wt% at 120 MPa, 

see Table 3.5). Thus, the conversion from α-Si3N4 to β-Si3N4 becomes less possible, and the content of β-Si3N4 

is found to significantly decrease from 40.1 wt% to 8.7 wt%. Nonetheless, it is intriguing that the generation of 

more β-SiC is observed along with rising pressure. When the release of the N2 is prevented by pressure, this 

reaction between SiNx and free carbon is considered as a limitation. Thus, the opposite phenomenon would have 

been expected; however, the higher pressure applied in our study might promote the heating transfer for a 

thermodynamic reaction. That could be a plausible reason for this observation, but more experiments are needed 

to clarify this and is beyond the scope of our present study. 

a)  b)  

Figure 3.17. Raman spectra of the SiHfCN- and SiHfBCN-based SPS samples: (a) SiHfCN-based SPS samples; (b) SiHfBCN-based SPS 

samples.  

 

Table 3.6. Peak positions, integral area ratios AD/AG and A2D/AD, crystallite lateral size (La, Leq) and full width at the half maximum of 

the D and G modes for the segregated carbon phase are present in SiHfCN and SiHfBCN sintered by SPS at different parameters (for 

more information on samples labels, see Table 3.6). 

Samples 

label 
AD/AG AD AG A2D 

FWHMD 

[cm-1] 

ωD 

[cm-1] 

FWHMG 

[cm-1] 

ωG 

[cm-1] 

A2D/

AD 

La 

[nm] 

Leq 

[nm] 

SiHfCN_01 3,64 10156 2790 2046 220 1336 104 1547 0.20 1.21 1.77 

SiHfCN_02 2,05 7865 3829 2374 56 1361 60 1597 0.30 2.14 2.66 

SiHfCN_03 0,99 6617 6697 4983 54 1371 57 1598 0.75 4.45 6.63 

SiHfCN_05 0,73 2896 3980 5588 42 1356 29 1585 1.93 6.05 16.98 

SiHfBCN_01 5,15 10205 1983 2101 168 1341 82 1581 0.34 0.85 3.02 

SiHfBCN_02 1,58 8238 5223 2201 65 1357 72 1598 0.27 2.79 2.35 

SiHfBCN_03 1,53 6726 4405 5096 47 1356 56 1593 0.76 2.88 6.67 

SiHfBCN_06 0,70 2757 3933 5396 40 1356 28 1586 1.96 6.28 17.22 
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Besides crystalline phases present in both sintering samples, the segregated carbon present in the SPS specimens 

were found to be highly disordered; the Raman spectra (Figure 3.17) exhibit the G and D modes at 1580 and 

1350 cm
-1

, respectively, which are typical for carbon materials. Furthermore, the overtone bands at 2700 and 

2950 cm
-1

 (2D and D + G modes, respectively) were found in some spectra. 

In order to rationalize the evolution of segregated carbon occurring during the SPS process, the change in the 

ratios of the integral area of D and G was assessed (Table 3.6): a) the ratio of AD and AG decreased with the 

temperature increasing for both ceramics, suggesting that the nano crystallization of free carbon becomes better 

organized. This indication is supported by being narrower across the full width at half maximum (FWMH) of 

the D and G-band, as well as by increasing the 2D modes. Furthermore, increasing the La and Leq parameters 

which defined the average graphene length described the same trend; b) interestingly, the value of AD is 

significantly larger than that of AG when the sintering temperature is lower than 1850 °C, indicating the high 

degree of disorder in the carbon cluster. However, the ratio of AD and AG is found to be lower than 1.0 for both 

ceramics sintered at 1950 °C, suggesting that graphitization may be taking place; c) the parameter of Leq is much 

higher than La, which means tortuosity is present and that small planar graphene units may be well connected 

[240]. 

 

3.2.1.2 .4 Mechanical properties of dense materials 

 

The dense SiHfCN- and SiHfBCN-based ceramics are frequently prepared via the PLS and PAS methods, in 

which the almost fully dense materials can be achieved by using the SPS technique. This section will only 

present the mechanical properties of dense SiHfCN and SiHfBCN ceramic materials. Since the effect of 

porosity on the mechanical properties (i.e. elastic modulus, hardness) is quite complex and controversial, it is 

eliminated in later discussion. Thus, the mechanical properties of the dense samples prepared by SPS are only 

discussed.  

Load-displacement (P-h) curves obtained from micro- and nano-indentation are presented in Figure 3.18, 

indicating that the stiffness of the SiHfCN_05 is higher than the corresponding SiHfBCN-based SPS samples 

(i.e., SiHfBCN_06 and SiHfBCN_09). The hardness and elastic modulus of materials are calculated from the 

load and unload curve and derived from Oliver-Pharr measurements by using the following Eqs 3.1-3.3 [241].  

𝐻 =
𝑃𝑚𝑎𝑥

𝐴𝑐,𝑚𝑎𝑥
   (Eq.3.1) 

𝐸𝑟 =
𝑆 √𝜋

2√𝐴𝑐
   (Eq.3.2) 

(
1−𝜈2

𝐸
) =  

1

𝐸𝑟
− (

1−𝜈𝑖2

𝐸𝑖
)   (Eq.3.3) 

With H being the hardness, Ac is the area of the indentation under load, E, Er and Ei (Ei = 1147GPa for diamond) 

are the elastic, reduced elastic and indenter elastic moduli, S is the unloading stiffness (S) 𝜈 and 𝜈𝑖 are Poisson’s 

ratio of the sample and of the indenter (𝜈𝑖 = 0.07). Here, the Poisson’s ratio of both SiHfCN and SiHfBCN was 

estimated with a value of 0.14-0.17, which corresponds to both β-SiC and HfC phases [242-244]. The values of 
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the hardness (H) and elastic modulus (E) for both ceramics are listed in Table 3.7 and were found to be 

significantly higher than those of other Si-based ceramics derived from single-source precursors (e.g., SiOC, 

SiC, SiCN etc.). The primary reason for the higher elastic modulus probably relates to the crystallinity of the 

samples in the present study, as the elastic modulus is closely related to the force between atoms and increases 

along with the increase of the atomic force [245]. The reason why the elastic moduli of the SiHfBCN-based 

samples are smaller than those measured for SiHfCN most probably also rely on the different extent of 

crystallinity in the samples; thus, the samples with higher crystallinity (i.e., SiHfCN samples) have higher 

elastic moduli than their SiHfBCN counterparts (see Figure 3.18, i.e. the E of the SiHfCN-based after sintering 

at 1950 °C by SPS was determined to be 271 GPa, which is higher than that of SiHfBCN (207 and 245 GPa for 

SiHfBCN_06 and SiHfBCN_09, respectively). 

a)  b)  

Figure 3.18. A comparison of load versus indenter displacement data of dense SiHfCN- and SiHfBCN-based samples. Data were 

obtained from (a) microindentation and (b) nanoindentation experiments. 
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Table 3.7. Mechanical properties of SiHfCN, SiHfBCN-based SPS ceramics and their counterparts derived from the SSPs SiOC, SiC and SiCN etc.  

Materials Load applied Hardness 

[GPa] 

Elastic modulus 

[GPa] 

Processing route Reference 

SiC 10N ~7.9-12.8 - Cold pressed and 

thermolyzed 

[246] 

SiOC 0.5-20N ~5.5-8.6 66 Photo crosslink and 

pyrolysis 

[247] 

SiCN 50-250mN ~13±2 121±10 Warm pressed and 

thermolyzed 

[248] 

SiCN 25-500mN ~15.7 - Cast and pyrolyzed [249] 

SiCN 250 mN-50N ~8.3-11.3 82-140 Casting technique [250] 

SiCN 2-10N ~25-27 155±10 Cast and pyrolyzed [107] 

SiCN 0.98-98N ~6.1-12 105 Cold-pressed and 

thermolyzed 

[245] 

SiCN (with CNTs) --- 9.4-14.3 74-118 Pressure-assisted 

pyrolysis 

[251] 

SiTiN 10N/2mN* 25.1±4 183.3±25.9 Warm pressed and 

thermolyzed 

[252] 

SiBCN 20N ~0.7-5.4 48-102 PDC + SPS [253] 

SiHfCN_05 50mN, 1N/45mN* 23.1±1/26.8±3.4* 271±8/367±30* PDC + SPS Present work 

SiHfBCN_06 50mN, 1N/45mN* 22.5±2.3/24.6±3.6* 245±18/284±44* PDC + SPS Present work 

SiHfBCN_09 50mN, 1N/45mN* 19.5±1/20.8±3.7* 207±11/266±40* PDC + SPS Present work 

 

* These values were measured by nanoindentation  
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3.2.2 Ceramic matrix composites (CMCs) 

 

3.2.2.1 Preparation of Cf/SiCN and Cf/SiHfBCN CMCs via PIP technique 

 

Since the polymer-to-ceramic conversion occurs upon the release of a low molecular weight species as well as 

with increasing density, the formation of porosity in the resulting ceramic is a natural consequence[60]. 

Therefore, for the fabrication of CMCs via the PIP technique, repeated infiltration-pyrolysis cycles are 

necessary in order to improve the densification and decrease the porosity. The development of the density and 

open porosity in the prepared CMCs as functions of the number of infiltration-pyrolysis cycles is shown in 

Figure 3.19. The results show that the open porosity decreases and the density increases as the number of 

infiltration-pyrolysis cycles increase [5]. 

As the ceramic yield directly correlates with the porosity of the obtained ceramics, it is expected that high 

ceramic yields will allow for the preparation of ceramics with low porosity values. The preceramic polymers 

used within the present study, i.e. polysilazane and a Hf-/B-modified single-source precursor, exhibit upon 

pyrolysis at 1100 °C ceramic yields of ca. 65 and 80 wt%, respectively [254]. Consequently, the residual open 

porosity of SiHfBCN was expected to be lower than that of SiCN. Indeed, the Cf/SiHfBCN obtained from 

applying three PIP cycles showed a residual porosity of ca. 17 vol%, whereas the Cf/SiCN prepared in the same 

way had a residual porosity of ca. 24 vol%. However, as the number of PIP cycles was increased to five, similar 

porosity values were obtained in both materials (i.e. 14.2 and 14.7 vol% for Cf/SiCN and Cf/SiHfBCN). As the 

number of infiltration-pyrolysis cycles was further increased, only a slight increase of the density and decrease 

of the porosity were observed. Considering the evolution of the porosity and density in the prepared CMCs (see 

Figure 3.19), a number of 8 PIP cycles was selected to prepare the CMC samples to be studied concerning their 

behavior in hydrothermal corrosion conditions (see Section 3.5). Thus, the studied CMCs exhibited porosity 

values of 7.3 and 9.2 vol% (for Cf/SiCN and Cf/SiHfBCN, respectively) and densities of 1.69 and 1.88, 

respectively. 

 



 

Chapter 3 PROCESSING   - 67 - 

 

Figure 3.19. Density and porosity values for the as-prepared Cf/SiCN and Cf/SiHfBCN CMCs (as functions of the used number of 

infiltration-pyrolysis cycles). 

 

The microstructure of the obtained CMCs was investigated by SEM (Figure 3.20). The micrographs of the 

cross-sections of Cf/SiCN and Cf/SiHfBCN indicate that the use of 8 PIP cycles produced low-porosity CMCs. 

Three regions have been distinguished: I) areas of longitudinal crossing between the individual carbon fibers, 

which were filled with the dense SiCN/SiHfBCN ceramic matrix; II) areas between transverse carbon fibers 

which were also shown to be effectively infiltrated by the pre-ceramic precursor; and III) areas between the 

layers, which consisted only of SiCN/SiHfBCN.  

As shown in Figure 3.20b, the presence of some cracks and porosity was observed at the interface between the 

carbon fibers and the ceramic matrix, which may have been caused by the processing of the CMCs (e.g. 

evaporation of the solvent [121]) or the mismatch between the coefficients of thermal expansion of the fibers 

and of the ceramic matrix [122], [123]. 

a)  

b)  

Figure 3.20. SEM micrographs of the prepared CMCs: a) cross-section surface of Cf/SiCN; b) cross-section surface of Cf/SiHfBCN. 

 

The bending strength of the prepared CMCs was measured, and the corresponding stress–strain curves are 

presented in Figure 3.21. The Cf/SiCN composites show a ductile fracture behavior, with the displacement 

increasing at the beginning linearly along with the applied load, until hitting a sudden yield point and then 

gently increasing up to the peak of strength; whereas Cf/SiHfBCN shows a brittle behavior. The average 
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strength of the as-fabricated Cf/SiCN and Cf/SiHfBCN was ca. 124.7 and 70.2 MPa, respectively. This is in 

agreement with the SEM micrographs of the fractured surfaces of the studied CMCs. Thus, Cf/SiHfBCN 

exhibits a brittle fracture behavior; whereas the Cf/SiCN sample clearly shows a fiber pull-out mechanism 

(Figure 3.22). Obviously, the interface between Cf and SiHfBCN is significantly stronger than that between Cf 

and SiCN [255]. However, the reason why the incorporation of Hf and B into SiCN leads to a strong 

improvement of the Cf-ceramic interface it is not clear.  

Within this context, one should note that the requirements for an improved fracture behavior (i.e. ductile 

fracture) and hydrothermal corrosion performance are rather conflicting. Thus, a weak interface is needed for a 

good mechanical behavior, whereas a tight Cf-ceramic matrix interface is beneficial for good hydrothermal 

corrosion behavior, as discussed below in Section 3.5. 

 

Figure 3.21. Typical load-displacement curves of Cf/SiCN and Cf/SiHfBCN. 

 

a)   b)  

Figure 3.22. Fracture surface of Cf/SiCN and Cf/SiHfBCN composites, the Cf/SiCN sample fiber pull-out shows this clearly, whereas the 

brittle fractures can be observed for Cf/SiHfBCN.  
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3.2.2.2 Improvement of mechanical properties of CMCs via combined CVI and PIP technique 

 

The Cf/SiHfBCN CMC only prepared by the PIP method has shown higher failure stress since the fiber-matrix 

(FM) bonding is too strong (Figure 3.22). Thus, decreasing FM-bonding is beneficial to improving mechanical 

properties, usually through a thin layer of an interfacial material referred to as the interface (e.g., pyrolytic 

carbon as interface in Cf/SiC) [120]. The CVI technique is commonly utilized for depositing pyrolytic carbon or 

another interface (i.e. BN); however, the CVI preparation of CMCs is time consuming and expensive. By 

comparison, the PIP/LPI methods can benefit from the low costs; furthermore, the PIP technique allows for 

fabricating complex-shaped, large-scale components. In this section, a hybrid combined CVI and PIP process, 

the elemental processes of which compensate for mutual weak points, is carried out.  

The weight gain after each infiltration used to evaluate the degree of densification is shown in  

Figure 3.23. Compared with the composites Cf/SiC densified by the SiCN polymer precursor, the fraction of 

weight gain obtained by infiltration of SiHfBCN is shown to be higher. From this effect, it can be clearly seen 

that the higher ceramic yield induced more efficiency in the densification at the initial infiltration. Additionally, 

their variation trends versus the numbers of PIP cycles are similar for infiltration with SiCN and SiHfBCN, 

which shows that the fraction of weight gain increases linearly within 4 PIP cycles, before converting into a 

saturation situation in subsequent infiltrations. These interesting aspects could also be found in the evolution of 

density and porosity, as shown in Figure 3.24: As the number of PIP cycles increases, an increase in density and 

a decrease in porosity were observed. Once the number of PIP cycles exceeds 5 times, the efficiency in the 

infiltration sinks, resulting in a lower porosity decrease and density increase. Thus, the open porosity below 10 % 

was usually considered as a target in an effective impregnation. The CMCs Cf/SiC-SiCN and Cf/SiC-SiHfBCN 

prepared by the hybrid technique (CVI-PIP) show the value of open porosity at 7.7 and 9.2 %, respectively (see 

Figure 3.24).  

 

Figure 3.23. Fraction of weight gain of Cf/SiC prepared by CVI in 4 times that obtained after each infiltration; the polymer precursor 

(SiCN and SiHfBCN) is representative of the function of the number of PIP cycles.  
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a)    b)  

Figure 3.24. Density and open porosity trend for the as-prepared Cf/SiC-SiCN and Cf/SiC-SiHfBCN CMCs (as functions of the number 

of infiltration-pyrolysis cycles). 

 

Typical stress-displacement curves of as-prepared CMCs by hybrid techniques (CVI-PIP) are presented in 

Figure 3.25a. For all the specimens, the curves show initial quasi-linear elastic behavior, followed by an 

increasing non-linear stress up to a maximum fracture stress, which reflects the ductile fracture behavior. After 

reaching the maximum value, the failure stress gradually decreases, which probably results from the additional 

SiC matrix initially deposited by the CVI technique, while the SiC matrix also acts as reinforcement and is 

furthermore responsible for loading transfer and better fracture toughness. Compared with non-interface 

composites Cf/SiHfBCN densified only by the PIP process, the pyrolytic carbon coating on the carbon fibers 

provides a weak fiber-matrix bonding [256]. As a result, the cracks slide along the debonded interface, causing 

fibers to debond from the matrix: Accordingly, fiber pull-out was observed at the surface (see Figure 3.25b-c), 

which is expected to improve the mechanical properties of the Cf/SiCN and Cf/SiHfBCN composites. However, 

the worse performance in strength for Cf/SiC-SiHfBCN (316.1 MPa) as compared to that of Cf/SiC-SiCN (474.5 

MPa) might be attributed to the formation of cracks which originated from large differences in the CTE between 

SiC and SiHfBCN. 

a)  
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b)  c)  

Figure 3.25. a) Stree-displacement curves of the obtained matrix composites Cf/SiC-SiCN and Cf/SiC-SiHfBCN; b) and c) Fracture 

surfaces of Cf/SiC-SiCN and Cf/ SiC-SiHfBCN composites, both cases show typical fiber pull-out. 

 

3.2.3 Summary 

 

Within this work, Hf-containing SSPs serve as a novel precursor, which is expected to convert into amorphous 

ceramic and its UHTC-NCs. Furthermore, SSPs allows for the fabrication of complex-shaped components. This 

makes SSPs SiHfBCN potentially more favorable for the preparation of ceramic monoliths and ceramic matrix 

composites (CMCs). For both ceramic composites, materials with low porosity and high densification provide a 

requirement for the novel class of SiHfBCN-based ceramics and their use in a variety of applications. Two 

techniques are used for the densification of ceramic monoliths: The PLS approach shows that the porosity of the 

amorphous ceramics annealed at 1300 °C in nitrogen can be controlled to 5.9 %; however, these are quite 

difficult to be prepared to full density due to their extremely low diffusion and simultaneous decomposition, 

while SPS facilitates a very fast heating rate (~450 °C/min) and high pressure (≥ 100 MPa), consolidating 

SiHfCN and SiHfBCN in a very high densification (Pop~0.1-0.2 %). Furthermore, ultra-high temperature 

ceramic nanocomposites (HfC(N)/β-SiC/β-Si3N4/C/Si(B)CN) can be tailored from SPS samples, which are 

promising to generate UHTC-NCs with good high temperature behavior at high or ultra-high temperatures, even 

in harsh environments. 

Additionally, the synthesis of Cf/SiCN and Cf/SiHfBCN composites has been achieved through a simple and 

low cost PIP approach. However, Cf/SiHfBCN exhibits a brittle fracture behavior due to its strong interface 

between matrix and fibers. The mechanical properties can be improved through a hybrid technique consisting of 

CVI and PIP, leading to the synthesis of new composite CMCs (Cf/SiC-SiCN, Cf/SiC-SiHfBCN). 
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3.3 High temperature decomposition and crystallization 

 

This chapter discusses the successful preparation of novel Hf-containing ceramic nanocomposites from a 

suitable single-source precursor at temperatures up to 1800 °C and the assessment of their behavior (i.e., thermal 

stability with regard to decomposition and crystallization behavior), which was shown to be thermodynamically 

controlled. Furthermore, the high-temperature stability of SiCN with respect to decomposition and 

crystallization is considered as a reference and compared with that of Hf-containing SiHf(B)CN ceramics.  

 

3.3.1 High temperature decomposition 

 

The SiHfCN and SiHfBCN samples prepared with pyrolysis at 1100 °C were annealed at 1300-1700 °C for 5 h 

in argon as well as in a nitrogen atmosphere. Figure 3.26 presents the mass loss upon annealing at different 

temperatures and atmospheres. The SiHfCN and SiHfBCN samples did not exhibit any mass change after 

annealing at 1300 °C in argon atmosphere. Moreover, there was little change in the volume shrinkage of 

samples annealed at 1300 °C (7.2 and 5.3 % for SiHfBCN1a and SiHfBCN2a respectively, see Table 3.4), 

which supports the results of mass change. Annealing at 1500 °C in an argon atmosphere on the other hand 

induced a mass loss of ca.15 wt% in SiHfCN2, ca. 10 wt % in SiHfCN1 and SiHfBCN1 and ca. 6 wt % in 

SiHfBCN2 (ca. 24 wt% Hf). Similarly, the development in the volume shrinkage of samples treated after 

1500 °C was found to be greater than samples annealed at 1300 °C. Interestingly, the Hf- and B-free sample, 

SiCN, showed a significantly higher mass loss upon annealing under identical conditions, i.e. ca. 25 wt% 

(Figure 3.26a). 

The development of the SiCN ternary system can be described as consisting of three possible processes: i) phase 

separation of the single-phase SiCN materials into a multi-phasic material consisting of SiCx and SiNx 

nanodomains as well as excess C (no mass loss); ii) carbothermal decomposition of the amorphous silicon 

nitride-rich regions, SiNx + C = β-SiC + N2 (accompanied by mass loss); iii) decomposition of the amorphous 

silicon-nitride-rich regions into elements, SiNx = Si + N2 (mass loss). In our case, mainly processes i) and ii) 

contributed to the mass loss of SiCN upon annealing at high temperatures [257]. The significant improvement of 

the stability of SiCN concerning decomposition by means of Hf alone (SiHfCN) or Hf and B (SiHfBCN) 

together is obvious. There are numerous studies in the literature concerning the HT behavior of SiBCN ceramics. 

In the case of SiBCN, the improvement of the stability has been related to the presence of BCxNy phase which 

separates SiNx-rich regions from excess carbon and thus kinetically inhibits the carbothermal decomposition of 

the materials. Additionally, as the BCxNy phase is considered to encapsulate the SiNx-rich regions, their 

decomposition into elements is also suppressed in SiBCN [258]. 

In the case of our SiHfBCN samples, we similarly assume a kinetic stabilization of the materials upon 

incorporation of Hf and B. The incorporation of Hf significantly increases the thermal stability of the ceramic 

system (SiHfCN samples show lower mass loss upon annealing at 1500 °C if compared to SiCN, see Figure 

3.26a). This is thought to be due to the presence of HfN-rich regions which are significantly more stable 
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concerning their carbothermal decomposition than the SiNx regions. Furthermore, boron is considered to have a 

similar effect as that in the previously mentioned SiBCN ceramics [259]. This is supported by our NMR 

findings, which indicate the presence of BCN2 structural units which might be located at the interface between 

carbon and BN-rich regions (i.e. in our case, carbon and SiNx regions are also separated, and thus the 

carbothermal reaction is suppressed). The difference in the thermal stability of SiCN and SiHfBCN after 

annealing at 1700 °C in Ar was even larger: Thus, SiCN lost almost 50 wt% of its mass upon annealing at 

1700 °C for 5 h; whereas the SiHfBCN samples exhibited mass losses of ca. 30 wt% (Figure 3.26). 

a)  

b)   

Figure 3.26. Mass loss of SiHfCN, SiHfBCN and SiCN ceramics as a function of the annealing temperature: a) annealing experiments in 

Ar atmosphere; b) annealing in N2 atmosphere. 

 

The elemental analysis data shown in Table 3.8 and Table 3.9 clearly emphasize the effect of the carbothermal 

decomposition of SiNx upon nitrogen release on the chemical composition of the samples (occurring at 1480 °C; 

it should be noted that at 1700 °C, the decomposition of SiNx into elements should also be taken into account): 

The nitrogen content of SiHfCN2a decreased significantly at 1500 °C (from 16.48 to 6.7 wt%), supporting the 

relatively higher mass loss upon annealing beyond 1500 °C. However, the nitrogen content of SiHfBCN2a stays 

constant upon annealing at 1500 °C; whereas annealing the sample at 1700 °C induces a strong depletion of 

nitrogen. 
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Table 3.8. Chemical composition of SiHfCN samples after annealing at different temperatures in argon. 

Sample 
N 

[wt%] 

O 

[wt%] 

C 

[wt%] 

SiHfCN2a_1100 18.8 3.2 10.7 

SiHfCN2a_1300 16.5 4.7 10.8 

SiHfCN2a_1500 6.7 1.9 12.0 

SiHfCN2a_1700 2.7 0.3 17.2 

 

Table 3.9. Chemical composition of SiHfBCN samples after annealing at 1500 and 1700 °C. 

Sample 
Mass loss 

[wt%] 

Shrinkage 

[vol%] 

C 

[wt%] 

O 

[wt%] 

N 

[wt %] 

Hf 

[wt%]* 

SiHfBCN2a-1100   12.7 2.4 18.4 22.5 

SiHfBCN2a-1500 6.3 10.7 16.4 1.7 19.1 25.2 

SiHfBCN2a-1700 35.0 27.2 20.7 0.9 0.4 20.8.6 

SiHfBCN2b-1500 3.1 8.5 11.4 2.4 23.8 27.3 

SiHfBCN2b-1700 4.4 14.5 12.3 1.6 20.7 23.3 

* - Hafnium content was measured by EDS 

 

Annealing the SiHfCN samples in a nitrogen atmosphere showed similar mass loss as annealing in an argon 

atmosphere, whereas annealing the SiHfBCN samples in a nitrogen atmosphere obviously showed significantly 

lower mass losses compared to the annealing experiments performed in an argon atmosphere. This indicates that 

the effect of the atmosphere on the thermal stability is only of concern in the case of SiHfBCN. This is probably 

due to the formation of amorphous phase SiBCN by additional boron. Thus, the SiCN sample annealed at 

1700 °C in nitrogen exhibited a mass loss of ca. 30 wt%; the relatively lower mass loss (ca. 20 wt%) is found in 

SiHfCN samples, whereas the SiHfBCN samples showed an excellent behavior, with mass losses below 5 wt% 

(see Figure 3.26b and Table 3.9). This finding clearly correlates with the nitrogen content of the SiHfBCN 

samples, which does not significantly change after the HT annealing, indicating that both the carbothermal 

decomposition of SiNx as well as its decomposition into elements are effectively suppressed.  

 

3.3.2 High temperature crystallization 

 

The crystallization behavior of SiCN ceramics upon annealing from 1100-1700 °C in different atmospheres (Ar 

and N2) is presented in Figure 3.27, which shows that no crystalline phase could be observed (i.e., the samples 

were amorphous) at temperatures up to 1300 °C in both atmospheres. The β-SiC began to crystallize upon 

annealing at 1500 °C in the argon atmosphere (see Figure 3.27a), while an amorphous (or nanocrystalline) phase 

is clearly observed in the samples annealed at identical temperatures (1500 °C) in nitrogen (see Figure 3.27b). A 

pronounced crystallization of β-SiC was found in samples after annealing at 1700 °C in an argon atmosphere, 

indicating that the decomposition of Si3N4 induces a very high mass loss (ca. 45 wt%, see Figure 3.26), whereas 

the partial crystallization of β-SiC in samples treated in nitrogen contributed to a lower mass loss of 30 wt%.  
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a)  b)  

Figure 3.27. Crystallization behavior of SiCN upon annealing at temperatures from 1100 to 1700 °C in Ar (a) and N2 (b).  

 

Accordingly, the crystallization of the annealed samples of SiHfCN (both compositions: SiHfCN1 and SiHfCN2) 

in argon and nitrogen were studied via XRD. The findings regarding the crystalline structures of SiHfCN 

samples annealed at 1300 °C were similar to those for the SiCN samples, both revealing an amorphous phase. 

Upon annealing at 1500 °C in an argon atmosphere, two phases, assigned to Hf(Cx, N1-x) and β-SiC, began to 

crystallize; interestingly, the formation of β-SiC seems to have been suppressed in SiHfCN2a (high Hf content), 

as indicated by the much lower intensity of β-SiC compared with SiHfCN1a. The SiHfCN sample annealed at 

1700 °C in argon exhibited enhanced growth of β-SiC due to the carbothermal decomposition of Si3N4, in which 

the β-SiC phase was predominant among the crystalline phases of SiHfCN1. However, the samples annealed in 

a nitrogen atmosphere exhibited a different effect of the Hf content on the crystallization behavior: SiHfCN1 

demonstrated a tendency toward retarded crystallization and retained an amorphous structure at temperatures up 

to 1500 °C, whereas in contrast, Hf(Cx, N1-x) formed in SiHfCN2 (with a higher Hf content) annealed at 1500 °C, 

suggesting that the crystallization was facilitated by the formation of a solid solution phase of Hf(Cx, N1-x). 

Upon annealing at 1700 and 1900 °C, the intensity of the β-SiC phase in the SiHfCN samples decreased with 

increasing Hf content. These results reveal no difference in the crystal structure for different annealing 

atmospheres; in both cases, the β-SiC and Hf(Cx, N1-x) phases were the main crystalline phases to precipitate. To 

further understand the crystallization behavior, the results of Rietveld refinement of SiHfCN1 and SiHfCN2 

annealed in argon at 1500 and 1700 °C are presented in Figure 3.29 and Table 3.10, showing that Hf(Cx, N1-x) 

became enriched in the carbon with increasing temperature. When the weight fractions and crystallite sizes of 

the phases were estimated using the same methods, it was found that the weight fraction of β-SiC decreased 

from 89 to 71.2 wt% as the Hf content was increased. Although the crystallite sizes of SiHfCN2a-1700 (604.8 

and 127.9 nm for Hf(Cx, N1-x) and β-SiC, respectively) were much larger than those of SiHfCN1a-1700 (164.9 

and 54.7 nm, see Table 3.10), the samples annealed at 1500 °C revealed crystallite sizes for SiHfCN1a-1500 and 

SiHfCN2a-1500 of below 100 nm. 



 

- 76 -   Chapter 3 HIGH TEMPERATURE DECOMPOSITION 

 

a)  b)  

c)  d)  

Figure 3.28. Crystallization behavior of SiHfCN upon heat treatment at temperatures from 1100 to 1700 °C in Ar and from 1300-1900 °C 

in N2: (a) SiHfCN1a and (b) SiHfCN2a (argon atmosphere); (c) SiHfCN1b and (d) SiHfCN2b (nitrogen atmosphere). 
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Figure 3.29. Results of Rietveld refinement of SiHfCN1 and SiHfCN2 annealed in argon at 1500 and 1700 °C. The positions of the 

Bragg reflections are indicated by vertical bars (  ). The difference curve between the experimental intensities and those 

calculated from the refined model is shown in the lower part of the diagram. 

 

Table 3.10. The lattice constant, weight fractions (relative to the crystalline content of the investigated samples) and crystallite sizes of 

HfC(N) and SiC for SiHfCN1a and SiHfCN2a annealed at 1500 °C and 1700 °C in Ar, as determined via the Rietveld refinement of the 

XRD data. 

Ceramic 

Lattice constant HfC(N) SiC 

Cell 

parameter 
HfCxN1-x Fraction [wt%] 

Size  

[nm] 
Fraction [wt%] 

Size 

[nm] 

SiHfCN1a-1500 4.58983 HfC0.58N0.42 11.0 47.2 89.0 13.5 

SiHfCN1a-1700 4.60496 HfC0.71N0.29 10.9 164.9 89.1 54.7 

SiHfCN2a-1500 4.58831 HfC0.56N0.44 32.9 73.9 67.1 19.5 

SiHfCN2a-1700 4.59698 HfC0.64N0.36 28.8 604.8 71.2 127.9 

 

A TEM micrograph of an SiHfCN sample annealed at 1500 °C in argon reveals the crystalline phases β-SiC and 

Hf(Cx, N1-x), which can be observed based on contrast variations (Figure 3.30). Additionally, the Hf(Cx, N1-x) 

crystallite size is estimated from this image to be approximately 50-75 nm, which is consistent with the XRD 

results (Table 3.10). 

 

Figure 3.30. TEM micrographs of SiHfCN2a annealed at 1500 °C in an argon atmosphere showing HfCxN1-x homogenously dispersed 

through amorphous matrix Si(O)C.  
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The annealed SiHfBCN samples in argon were also investigated concerning their phase composition and 

microstructure by X-ray diffraction and TEM. The as-prepared samples (pyrolysis at 1100 °C) were shown to be 

X-ray amorphous (Figure 3.10 and Figure 3.31). The samples did not crystallize upon annealing at 1300 °C in 

argon atmosphere, whereas after annealing at 1500 °C, Hf(Cx, N1-x) and β-SiC did crystallize. Upon annealing at 

1700 °C, HfB2 was identified as an additional crystalline phase (Figure 3.31a, b). The composition of Hf(Cx, N1-

x) was estimated from the position of the reflections upon using the Vegard's rule and Rietveld refinement of the 

XRD data (see Table 3.10), showing it to be HfC0.77N0.23. 

The crystallization processes occurring in SiHfBCN upon annealing at 1500-1700 °C in an argon atmosphere 

can be rationalized as follows: 

i) Based on the MAS NMR data, the as-prepared material is phase-separated and consists of SiNx, SiCx, excess 

carbon, BN and HfN amorphous phases (although this description does not take into account mixed bondings at 

the interfaces between the different phases). 

ii) The amorphous SiNx-rich regions can undergo a crystallization process to β-Si3N4 (detected in small amounts 

in the XRD patterns of the samples annealed at 1500 °C) as well as a carbothermal decomposition, cf. SiNx + C 

= β-SiC + N2, which induces the crystallization of the silicon carbide. As previously mentioned, the 

incorporation of Hf and B suppresses the formation of β-SiC. This is clearly shown in the samples annealed at 

1500 and 1700 °C, as the amount of β-SiC is reduced with an increasing amount of Hf and B, as revealed by the 

Rietveld refinement of the X-ray diffraction patterns of the samples annealed in argon at 1700 °C (see Figure 

3.32 and Table 3.11).Thus, the weight fraction of β-SiC (related to the crystalline content of the samples) 

decreases from 88% in SiHfBCN1a to 72% in SiHfBCN2a. Also, the crystallite size of β-SiC is shown to 

decrease from ca. 112 nm in SiHfBCN1a to ca. 50 nm in SiHfBCN2a (Table 3.11). Furthermore, the size of β-

SiC in the case of SiHfBCN2a-1700 (ca. 50 nm) is much lower than that of the corresponding SiHfCN2a-1700 

(127.9 nm, see Table 3.10), suggesting that the growth of β-SiC is suppressed by the incorporation of both Hf 

and B. This finding can emphasize the effect of boron on the crystallization behavior, which is distinct from that 

of Hf alone which shows that the growth of β-SiC is facilitated with an increasing Hf content.  

iii) The presence of HfC0.77N0.23 (crystallite size of ca. 40 and 63 nm for SiHfBCN1a and SiHfBCN2a, 

respectively; see Table 3.11) can be explained as a result of the reaction of HfN with the excess carbon. In a 

subsequent step (annealing at 1700 °C), HfC0.77N0.23 reacts with the BN phase to generate free carbon and HfB2 

(and some nitrogen is probably released), as it is known from the reactions of metal carbides with boron nitride 

[260]. The size of the HfB2 precipitation is significantly larger than those of β-SiC and HfC0.77N0.23 (200 and 330 

nm for SiHfBCN1a and SiHfBCN2a, respectively; see Table 3.11). 

 



 

Chapter 3 HIGH TEMPERATURE DECOMPOSITION   - 79 - 

 

a)  b)  

c)  d)  

Figure 3.31. Crystallization behavior of SiHfBCN upon heat treatment at temperatures from 1300 to 1700 °C in Ar and N2: (a) 

SiHfBCN1a and (b) SiHfBCN2a (argon atmosphere); (c) SiHfBCN1b and (d) SiHfBCN2b (nitrogen atmosphere). 

 

   

Figure 3.32. Result of the Rietveld refinement of the SiHfBCN1 and SiHfBCN2 annealed in argon at 1700 °C. The positions of the 

Bragg reflections are indicated by vertical bars (  ). The difference curve between the experimental and the calculated 

intensities from the refined model is shown in the lower part of the diagram. 
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Table 3.11. The weight fractions (relative to the crystalline content of the investigated samples) and crystallite sizes of HfB2, HfCxN1-x 

and SiC for SiHfBCN1a and SiHfBCN2a annealed at 1700  °C in Ar, as determined from the Rietveld refinement of the XRD data. 

Ceramic 

 Lattice constant HfB2 HfCxN1-x SiC 

 
Cell parameter Hf(Cx,N1-x) 

Fraction 

[wt%] 

Size 

[nm] 

Fraction  

[wt%] 

Size  

[nm] 

Fraction  

[wt%] 

Size 

[nm] 

SiHfBCN1a  4.61200 HfC0.77N0.23 4.4 200.2 7.3 39.3 88.3 112.1 

SiHfBCN2a  4.61102 HfC0.77N0.23 18.8 330.3 9.4 63.5 71.8 48.7 

 

The information on the crystallization behavior of SiHfBCN obtained from the XRD data have been supported 

by the TEM investigation. In Figure 3.33, the microstructure of SiHfBCN2a is shown, indicating the presence of 

an amorphous SiC(N,O)-based matrix and of β-SiC as well as Hf(Cx, N1-x) and HfB2 nano-precipitations. The 

size of the β-SiC nano-particles is ca. 30 - 50 nm; whereas the Hf(Cx, N1-x) and HfB2 precipitations were 

significantly larger (ca. 100 - 200 nm). Thus, the TEM results agree very well with the values obtained from the 

Rietveld refinement of the XRD data (Table 3.11). 

 

Figure 3.33. TEM micrographs of SiHfBCN2a annealed at 1700 °C in an argon atmosphere. In the left micrograph, HfC and β-SiC 

crystallites are shown; the matrix is SiC-based and amorphous; the micrograph on the right shows a HfB2 crystallite, as 

identified by means of electron diffraction (see SAED inset). 

 

The samples annealed in a nitrogen atmosphere showed a significant effect of the Hf and B content on their 

crystallization behavior which is different from that of additional Hf alone. Thus, the sample with low Hf and B 

content (SiHfBCN1) remains mainly X-ray amorphous even up to 1600 °C, whereas SiHfBCN2 shows 

crystallization of β-Si3N4 and HfN upon annealing at 1500 °C. The crystalline HfN phase is shown to be 

consumed as the annealing temperature is raised to 1700 °C, and instead an N-rich HfNxC1-x (i.e., HfN0.52C0.48) is 

generated (Figure 3.31c and d). This clearly supports the assumption that HfN-rich regions react with excess 

carbon to yield HfN0.52C0.48 (as it is also known from titanium carbonitrides [6]). 

The TEM micrographs of the SiHfBCN2b sample annealed at 1700 °C indicate the presence of the HfNxC1-x 

nanocrystallites with sizes of ca. 50 nm embedded within an amorphous SiBCN-based matrix (Figure 3.34). As 

it is known that HfN and SiBCN are materials which can withstand ultra-high temperatures (i.e. beyond 
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2000 °C), the nanocomposite obtained upon nitrogen annealing of SiHfBCN2b is considered to be a UHTC-NC 

with promising behavior at ultra-high temperatures and, due to the SiBCN matrix, even in harsh environments. 

 

Figure 3.34. TEM micrographs of the SiHfBCN2b sample annealed at 1700 °C in a nitrogen atmosphere showing HfN(C) nano-

precipitates embedded within an amorphous SiBCN matrix. 

 

In order to clarify the development of the structures in samples annealed in nitrogen, the 
29

Si MAS NMR spectra 

of SiHfBCN2b annealed at 1300, 1500 and 1700 °C in a nitrogen atmosphere are shown in Figure 3.35. The 

chemical shift of the SiN4 sites in the sample annealed at 1300 °C was -49 ppm (Table 3.12), indicating that at 

this temperature, HfN already phase-separates (however as an amorphous phase, see Figure 3.31d). Annealing 

of the sample at higher temperatures leads to a partitioning of the Si(B)CN phase; thus, the SiCN3 sites (mixed-

bond tetrahedral) disappear, and instead SiC4 and SiN4 sites are present, showing the phase separation of the 

matrix into SiC and Si3N4 (Table 3.12), as also indicated by the XRD and TEM results. 

 

 

Figure 3.35. 29Si MAS NMR spectra of SiHfBCN2b annealed in a nitrogen atmosphere at different temperatures. 
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Table 3.12. Fraction of SiC2N2, SiC4, and SiCN3 and SiN4 sites of SiHfBCN2b, as derived from a Gaussian line fitting of the 29Si NMR 

spectra from Figure 3.36. 

 

SiC4 SiC2N2  SiCN3  SiN4 

δ [ppm] 
Site fraction 

[%] 

δ  

[ppm] 

Site fraction  

[%] 
 

δ  

[ppm] 

Site fraction 

[%] 
 

δ  

[ppm] 

Site fraction 

[%] 

 

1300 -19 20.1    -31 20.1  -49 59.7  

1500 -18 55.3    -35 10.1  -50 34.6  

1700 -19 67.5       -50 32.5  

 

To rationalize the different processes occurring upon HT annealing of SiHf(B)CN in Ar and N2 atmospheres, 

the change of the Gibbs free energy for some possible reactions was assessed (see the Ellingham diagram in 

Figure 3.36). The Gibbs free energy (∆G) shows as negative in the temperature range of 1000 to 1500 °C for the 

elementary reaction to B-containing (BN, B4C) and Hf-containing (HfC, HfN and HfB2), indicating that HfC, 

HfN and HfB2 directly interact among Hf and C, N, B. On the basis of these ∆G values [261], the potential 

conversion between HfC and HfN is possible; the negative value shows that the generation of HfN from a 

reaction between HfC and N2 is favorable at a lower temperature (˂ 1500 °C). However, this reaction is very 

slow at this temperature (1500 °C). Therefore, we can conclude that HfN is much more stable than SiNx at the 

boundary temperature of 1500 °C. Furthermore, this can be confirmed by X-ray diffraction that showed the 

presence of a solid solution of HfCxN1-x as well as mass loss that is much lower than that of the SiCN ceramic 

derived from pure HTT1800 (Figure 3.26). 

The thermodynamic data presented in Figure 3.36 indicate that the HfN phase, which is supposed to partition 

and crystallize from the single-phase SiHfBCN upon HT annealing, can react with segregated carbon to form 

HfC at temperatures beyond 1500 °C. This is indeed supported by the XRD data of the SiHfBCN2a sample 

annealed at 1700 °C, which clearly show the presence of HfC. As nitrogen is released during the conversion of 

HfN into HfC, it is obvious that this reaction is suppressed in a nitrogen atmosphere; thus, no HfC has been 

detected in the HT annealed SiHfBCN2b samples. 

The data from Figure 3.36 also explains the formation of HfB2 upon annealing in an Ar atmosphere and 

indicates that it can be generated from either HfN (or HfCN) and BCN (the BCN phase was stated to be present 

as the phase-separated phase in the microstructure of SiBCN and has been approximated in the present 

assessment as a mixture of BN and B4C). Thus, the formation of HfB2 from HfN has been shown to be favorable 

within the whole investigated temperature range; whereas the conversion of HfCN into HfB2 becomes favorable 

at temperatures beyond 1300 °C. Gaseous N2 is released as a side product in both processes. Accordingly, the 

nitrogen partial pressure was unfavorable for the HfB2 formation during the annealing experiments, and thus no 

HfB2 was detected in the samples annealed in a N2 atmosphere.  

Considering the discussed data from the Ellingham diagram in Figure 3.36, there is clearly a thermodynamic 

control of the high-temperature evolution of single-phase SiHfCN and SiHfBCN, indicating the phase 

composition of the resulting UHTC-NCs upon HT annealing, which allows for preparing materials with tailored 

phase compositions. 
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Figure 3.36. Temperature dependence of the change in the Gibbs free energy (Ellingham diagram) of different possible reactions 

occurring during HT annealing of SiHfBCN (data taken from [261]). ∆G for the reaction (3) has been estimated upon 

combining the reactions (1) and (4) (cf. (3) = 0.67 x (1) + 0.33 x (4)). The grayish area indicates the temperature range of the 

high-temperature annealing experiments. 

 

Accordingly, the SiHfCN and SiHfBCN ceramics annealed at temperatures from 1300 to 1700 °C in argon and 

nitrogen atmospheres were studied by means of Raman spectroscopy. Both ceramics annealed in an argon 

atmosphere at 1300 and 1500 °C showed the presence of excess, free carbon (Figure 3.37 a and c). On the other 

hand, the sample annealed in Ar at 1700 °C did not contain any free carbon; instead, the presence of β-SiC has 

been shown in both ceramics; additional separation of Si from SiHfCN ceramics matrix could also be detected 

(Figure 3.37 a). The samples annealed in a nitrogen atmosphere exhibited the presence of segregated carbon 

independent of the annealing temperature, as shown in Figure 3.37b. This is in agreement with the XRD, 

elemental analysis and thermodynamic data, which show that annealing SiHf(B)CN in an Ar atmosphere leads 

to the consumption of segregated carbon at temperatures > 1500 °C, cf. Si3N4 + 3 C = β-SiC + 2 N2. This 

reaction is suppressed in a nitrogen atmosphere, and thus the segregated carbon phase is still present in 

SiHfCN2b and SiHfBCN2b annealed at 1700 °C. 

As discussed, there is a similar case in the separation of free carbon (see Chapter 3.2.1.2, Figure 3.17). The 

Raman spectra exhibit the G and D modes at 1580 cm
-1

 and 1350 cm
-1

 respectively, which are typical for carbon 

materials. Furthermore, overtone bands were found in some spectra at 2700 and 2950 cm
-1

 (2D and D+G modes, 

respectively). In all spectra, the integral area of the D-band (AD) is significantly larger than that of the G-band 

(AG), indicating the disordered feature of the segregated carbon [240]. Furthermore, the degree of disorder was 

also rationalized on the basis of the parameter LD (inter-defect distance), which has been defined, cf. 
ID

IG
=

C(λ)

LD2[262]. Thus, LD becomes smaller as the annealing temperature increases (i.e. SiHfBCN2b_1300: 8.47 nm, 

SiHfBCN2b_1700: 6.73 nm), illustrating that the structural organization of the carbon phase increases. This 
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conclusion is supported by the decrease of the FWHM of the bands as well as by the increase of the intensity of 

the G' band (see Figure 3.37 and  

Table 3.13)[240]. Moreover, the evolution of the parameter Leq (the lateral cluster size, which however takes 

into account the tortuosity of the graphene sheets, cf. L𝑒𝑞 = 8.8 (
A2D

AD
) nm [240]), indicates the same trend as 

previously described (see  

Table 3.13), i.e. an increase of the ordering of carbon as the annealing temperature increases. 

a)   b)  

c)  d)  

Figure 3.37. Raman spectra of the SiHfCN- and SiHfBCN-based samples annealed at different temperatures: (a) SiHfCN2a (annealing in 

an argon atmosphere); (b) SiHfCN2b (nitrogen atmosphere); (c) SiHfBCN2a (argon atmosphere); (d) SiHfBCN2b (nitrogen 

atmosphere). 

 

Table 3.13. Peak positions, integral area ratios AD/AG and A2D/AD, crystallite lateral size (La, Leq) and full width at the half maximum of 

the D and G modes for the segregated carbon phase present in SiHfCN and SiHfBCN annealed in Ar and N2 at different 

temperatures. 

Sample AD/AG 
FWHMD 

[cm-1] 

ωD 

 [cm-1] 

FWHMG 

[cm-1] 

ωG 

 [cm-1] 
A2D/AD 

La 

[nm] 

Leq 

[nm] 

sihfcn2a-1100 3,56 209 1345 102 1551 0,31 1,24 2,73 

sihfcn2a-1300 3,75 170 1335 72 1582 0,08 1,17 0,76 

sihfcn2a-1500 2,12 92 1354 62 1591 0,25 2,07 2,16 
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sihfcn2b-1500 2,04 69 1351 65 1592 0,21 2,16 1,89 

sifhcn2b-1700 1,76 56 1358 63 1589 0,50 2,50 4,38 

 

Sample AD/AG ωD 

[cm-1] 

FWHMD 

[cm-1] 

ωG 

 [cm-1] 

A2D/AD Leq 

[nm] 

LD 

[nm] 

SiHfBCN2a-1100 3.35 1335 155 1565 0.10 0.88 7.91 

SiHfBCN2a-1300 6.10 1342 113 1587 0.20 1.74 8.45 

SiHfBCN2a-1500 7.35 1337 89 1583 0.05 0.44 7.63 

SiHfBCN2b-1300 5.31 1338 136 1584 0.11 0.96 8.47 

SiHfBCN2b-1500 2.18 1347 80 1592 0.18 1.59 8.36 

SiHfBCN2b-1700 2.11 1348 55 1581 0.23 2.02 6.73 

 

Considering the obtained results, the SiHf(B)CN-based material prepared upon pyrolysis of the Hf- and B-

modified polysilazane is greatly versatile concerning its crystallization behavior and evolution of the phase 

composition at high temperatures. In both argon and nitrogen atmospheres, the high temperature annealing of 

SiHfCN at 1500 °C leads to β-SiC and HfCxN1-x phases at the nanoscale (below 100 nm) as the main crystalline 

phases; whereas that of SiHfBCN contributes to ceramic nanocomposites with interesting phase compositions 

(i.e. SiC/HfC(N)/HfB2 in argon and Si3N4/HfNC/SiBCN in nitrogen), which are expected to be promising 

candidates for applications at (ultra-)high temperatures and under extreme environmental conditions. 

In comparison with the crystal structure of SiHfCN (Figure 3.38a), that of SiHfBCN proved to be much more 

complex. Figure 3.39 summarizes the conversion of SiHfBCN into UHTC-NCs upon annealing at high 

temperatures in argon (Figure 3.39a) and nitrogen atmospheres (Figure 3.39b). Interestingly, the SiHfBCN-

based materials prepared via the pyrolysis of the Hf- and B-modified polysilazane were found to be highly 

versatile with regard to their crystallization behavior and the development of their phase compositions at high 

temperatures. In argon and nitrogen atmospheres, the high-temperature annealing of SiHfBCN yields ceramic 

nanocomposites with interesting phase compositions (i.e., SiC/HfCxN1-x/HfB2 in argon and Si3N4/HfNxC1-

x/SiBCN in nitrogen), which are expected to be promising candidates for use in ultra-high-temperature 

applications even under extreme conditions. 
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a)     

 

b)  

Figure 3.38. Proposed crystallization pathways for the high-temperature annealing of SiHfCN in argon (a) and nitrogen (b) atmospheres. 
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a)   

 

b)  

Figure 3.39. Proposed crystallization pathways for the high-temperature annealing of SiHfBCN in argon (a) and nitrogen (b) atmospheres. 

 

3.3.3. Summary 

 

In this study, the high-temperature decomposition and crystallization of Hf-containing UHTC-NCs was 

investigated. The presence of either Hf alone or of both Hf and B within the molecular structure of the single-

source precursor leads to low-temperature phase separation processes, as described in the previous chapter (see 
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3.1 Material synthesis), within the resulting SiHfCN and SiHfBCN, and these processes are thermodynamically 

controlled. The resulting materials also exhibit superior high-temperature stability with respect to decomposition 

compared with non-modified SiCN ceramics. This stability facilitates the crystallization of such samples upon 

annealing at higher temperatures and thus enables the preparation of UHTC-NCs with phase compositions 

suitable for applications at ultra-high temperatures and under harsh conditions. The presented single-source 

precursor synthesis method is believed to be applicable for the preparation of other phase compositions 

consisting of a UHTC phase (e.g., group IV transition metal borides, carbides, and nitrides) dispersed within a 

silica-former matrix (e.g., SiC, Si3N4, SiCN, or SiBCN). 

 



 

Chapter 3 HIGH TEMPERATURE OXIDATION  - 89 - 

  

3.4 High temperature oxidation properties 

 

The utilization of Si-based ceramics in high-temperature applications (≥ 1600 °C) has been limited because such 

materials are commonly susceptible to active oxidation, accompanied by the presence of a depletion layer. 

UHTCs represent a class of ceramics that can withstand use temperatures in excess of those for which Si-based 

ceramics are suitable (≥ 1500 °C), but this category of ceramics generally oxidizes more rapidly than Si-based 

ceramics. For instance, in the oxidation of single-composition UHTCs (transition metal carbides and nitrides, 

M=Zr, Hf, etc.), the formation of an oxygen-vacancy-containing scale (porous HfO2 or ZrO2) facilitates the 

inward diffusion of oxygen, resulting in linear behavior at high temperatures. Attempts to improve the oxidation 

properties of HfB2, ZrB2, HfC and ZrC have been made by incorporating these materials with 20-30 vol% SiC 

[11, 158, 263]. Furthermore, coating systems consisting of an HfB2/SiC composite (20 wt% SiC) [264] and 

HfC/SiC [265, 266] have been considered for oxidation protection on CMC composites. The incorporation of 

refractory elements (Zr and Hf) into the silicon-based matrix was found to have a synergistic effect that could 

increase the resilience of Si-based ceramics at ultra-high temperatures and improve the oxidation behavior of 

UHTC components [4, 74, 212, 267].  

This section presents an evaluation of the oxidation behavior of amorphous SiHf(B)CN polymer-derived 

ceramic powders and monoliths at high temperatures of 1200 to 1400 °C. Additionally, the oxidation behavior 

of dense SiHf(B)CN-based UHTC-NC ceramic materials was also studied at 1400 and 1500 °C with regard to 

their oxidation kinetics, microstructural development, etc. This investigation of the oxidation of the prepared 

materials at high temperatures revealed that all samples exhibited parabolic behavior, indicating that oxygen 

permeation was limited by a passive oxide scale. Interestingly, superior oxidation resistance was observed in 

SiHfBCN compared with SiHfCN ceramic materials. The present work demonstrates that SiHf(B)CN-based 

ceramic materials could be promising candidates for high-temperature applications in harsh environments (i.e., 

oxidizing gas). 

 

3.4.1 Oxidation properties of amorphous SiHf(B)CN polymer-derived ceramics 

 

3.4.1.1 Oxidation behavior of amorphous ceramic powder 

 

The SiCN, SiHfCN and SiHfBCN ceramic powders were oxidized in synthetic air at temperatures of 1200, 1300 

and 1400 °C, and the oxidation behavior was investigated by means of TGA (Figure 3.40). The results indicated 

that the weight curves of all samples followed a parabolic form. Moreover, an increase in the weight gain for 

each type of samples was observed with an increase in the oxidation temperature. This investigation clearly 

revealed that the weight gain of SiHfCN during oxidation was much higher than that of SiCN at all temperatures. 

The oxidation behavior of SiHfCN was found to be improved by the incorporation of B into the SiHfCN (Figure 

3.40): the weight gain of SiHfBCN oxidized at 1300 °C was approximately 1.84 wt %, much lower than that of 

SiHfCN (2.97 wt %).  
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Additionally, previous studies on the oxidation behavior of PDCs have revealed that SiCN ceramics with 

amorphous structures demonstrate excellent oxidation resistance compared with typical SiC and Si3N4 ceramics. 

This improved performance is attributed to their lack of grain boundaries and segregated impurities that hinder 

oxidation resistance [143]. We can assume that similar oxidation behavior could be expected based on the 

amorphous nature of SiHfBCN ceramic powder. Indeed, the weight gain of approximately 1.84 wt% determined 

via TGA for oxidation at 1300 °C is much lower than that of micro-SiC (8.5 wt%) [268, 269].  

a)  b)  

c)  

Figure 3.40. Weight gain as a function of oxidation time for amorphous SiCN, SiHfCN and SiHfBCN ceramic powders exposed to 

synthetic air at different temperatures: (a) 1200 °C, b) 1300 °C, and c) 1400 °C. 

 

To quantifiably compare oxidation behavior among these ceramics, under the assumption that all elements or 

phases (e.g., SiCxN4-x, HfCxN1-x and BCN) are completely oxidized (converted into the products SiO2, HfO2 or 

B2O3, respectively), i.e., the oxidation of SiC results in a weight gain due to silicon oxidation and a weight loss 

due to carbon oxidation (as CO or CO2), the oxidation of 1 mol of SiC yields a mass increase of 20 g. Using this 

approach, the weight gain observed in each phase in our study can be calculated as follows:  

∆W=
𝑊×∆𝑚

𝑀
,       (Eq.3.4) 

Here, ∆W represents the weight gain in the phase in question after oxidation; W is the weight fraction of the 

element being investigated in the ceramic (e.g., the weight fractions of Si are 54.7, 46.3 and 38.2 % in SiCN, 

SiHfCN and SiHfBCN, respectively); and ∆m and M are the weight gain after the oxidation of 1 mol of each 
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phase and the corresponding element’s molecular weight, respectively, e.g., the ∆m values for the oxidation of 

SiC, HfC and BN into SiO2, HfO2 and B2O3 are approximately 20, 20 and 6 g, respectively.  

The apparent weight gains (∆m1) can be obtained directly from TGA to estimate the fraction of apparent weight 

gain during the oxidation reaction at a given oxidation temperature based on the above equation (∆m1/∑(∆W)); 

the results of such an analysis are shown in Table 3.14. The fraction of apparent weight gain was higher for 

SiHfCN (i.e., 11.9 wt% at 1400 °C) than for SiCN and SiHfBCN, for which lower values of 4.8 and 7.7 wt%, 

respectively, were found; this is consistent with the fact that the oxidation of SiHfCN more favorable compared 

with the other two ceramics (SiCN and SiHfBCN).  

 

Table 3.14. Estimates of the apparent weight gain fractions of SiCN, SiHfCN and SiHfBCN amorphous ceramics. 

Ceramic 
Oxidation temperature 

[ °C] 

W*[wt%] 
 

∆W [wt%] 
∆m1**  

[%] 

∆m2  

[%] 

Si Hf B  SiO2 HfO2 B2O3   

SiCN 

1200 

54.7 - - 

 

39.1 - - 

0.55 1.4 

1300  0.52 1.3 

1400  1.87 4.8 

SiHfCN 

1200 

46.3 21.0 - 

 

33.1 2.4 - 

1.59 4.5 

1300  2.97 8.4 

1400  4.23 11.9 

SiHfBCN 

1200 

38.2 22.5 5.8 

 

27.3 2.5 3.2 

1.47 4.4 

1300  1.84 5.6 

1400  2.54 7.7 

* * These values were obtained from the elemental analysis summarized in Table 2.4 

** These values were obtained from the TGA results shown in Figure 3.40 

 

The oxidation curves of the samples measured under isothermal conditions for 5 h (Figure 3.41) indicate that the 

weight gain of each sample during this stage followed a parabolic relation, indicating that a passive oxidation 

layer limited the diffusion of oxygen in the matrix. Thus, an empirical equation can be written in terms of the 

parabolic constant Kp based on passive oxidation kinetics [270], Kp being defined as follows:  

(
∆𝑚

𝑆
)2 = K𝑝 × t + c       (Eq.3.5) 

Where ∆m/S is the surface-specific weight gain (mg cm
-2

), Kp is the parabolic rate constant and c is constant. 

The specific surface area of the powder sample was determined to be 4.71 m
2
∙g

-1
 and was used to determine the 

parabolic oxidation rate, cf. Eq. 3.6. The parabolic oxidation rate Kp is defined as a function of the surface-

specific weight gain (as for considering the BET specific surface area of the powder) and the oxidation time: 

K𝑝 = (
∆m

SBET×m0
)2 × t−1      (Eq.3.6) 

With SBET being the SSA m0 is the weight after oxidation at a given oxidation time and temperature. In Figure 

3.41, the surface-specific mass gain of the samples is shown as function of the oxidation time; whereas in Figure 

3.42, the linear relationship between (∆m/(SBET×m))
2
 vs. T (oxidation time) confirms the parabolic nature of the 
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oxidation process; the slopes give the values of the parabolic constant rate Kp at different temperatures, as 

summarized in Table 3.15. Interesting, the obtained values of Kp for SiHfCN powders are several orders of 

magnitude lower than those reported for micro- and nano-sized SiC at 1200 °C (9.65 × 10
-6

 and 13.2 × 10
-6

 

mg
2
∙mm

-4
∙min

-1
, respectively), although they are also one order of magnitude higher than that of SiCN [268], 

which exhibits good oxidation resistance under such harsh environments. Furthermore, SiHfBCN exhibits lower 

oxidation rates than does SiHfCN: the Kp of SiHfBCN is 5-10 times lower than that of SiHfCN, and an 

oxidation rate of 8.19×10
-9

 mg∙cm
-2

∙h
-1

was calculated for SiHfBCN at 1200 °C, which is lower than the value of 

4.85×10
-8

 mg∙cm
-2

∙h
-1

 calculated for SiHfCN at the same temperature. With increasing temperature, the 

oxidation rates of both samples increase to 2.5×10
-8

 and 2.24×10
-7

 mg∙cm
-2

∙h
-1

 for SiHfBCN and SiHfCN, 

respectively, oxidized at 1400 °C. 

 

Figure 3.41. Surface-specific weight gain as a function of oxidation time for SiCN, SiHfCN and SiHfBCN ceramic powders in air at 

temperatures from 1200 to 1400 °C, determined on the basis of the mass change obtained directly via TGA. 

 

Nevertheless, a meaningful comparison of the oxidation rates of our samples with those of typical ceramics (e.g., 

SiC/Si3N4) is very difficult because of the lack of a generalized standard. Furthermore, many factors could 

influence the oxidation rate of a ceramic powder, such as particle size, experimental conditions (ratio of air to 

H2O, gas pressure, etc.). Thus, in this case, the Kp values of the SiCN, SiHfCN and SiHfBCN amorphous 

ceramic powders are assessed only in direct comparison with each other.  
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a)  

  

b)  

Figure 3.42. a) Relationship between the square of the weight gain per specific surface area and the isothermal oxidation time for 

SiHfCN (left) and SiHfBCN (right) ceramic powders at 1200, 1300, and 1400 °C (Fitted line). b) Arrhenius plot for the 

oxidation process. 
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Table 3.15. Parabolic oxidation rates Kp and activation energy as for SiCN, SiHfCN and SiHfBCN powders. 

Ceramics Temp. 

[ °C] 

Parabolic rate 

[mg∙cm-2∙h-1] 

Activation energy 

[kJ mol-1] 

Micron sized SiCN powder 

1200 1.15×10-9  

1300 1.81×10-9 220.5±83.5 

1400 1.02×10-8  

Micron sized SiHfCN 

powder 

1200 4.82×10-8 

156.5±23.9 1300 8.91×10-8 

1400 2.24×10-7 

Micron sized SiHfBCN 

powder 

1200 8.19×10-9 

112.9±46.5 1300 1.00×10-8 

1400 2.50×10-8 

 

Furthermore, the value of the activation energy Ea was determined cf. Eq.3.7: 

K𝑝 = A0e(−
Ea
RT

)       (Eq.3.7) 

The linear slopes obtained from the relationships between ln(Kp) and 1/T yield the corresponding values of Ea, 

which are presented in Table 3.15. The Ea value for SiCN (approximately 220.5 kJ mol
-1

) is higher than those 

for SiHfCN and SiHfBCN (156.5 and 112.9 kJ mol
-
1, respectively). This result is likely analogous to the high 

Ea value reported for Si3N4 (466 kJ mol
-1

), which was attributed to oxygen permeation into the bilayer (SiO2, 

Si2N2O) [271]. Furthermore, the Ea value for the oxidation of SiHfBCN (112.9 kJ mol
-1

) correspond to those 

determined for the oxidation of Si and SiC [272], suggesting that the permeation of molecular oxygen through 

the oxidized silica scale controls further oxidation. To understand the crystalline phase compositions of the 

oxidation scale, the samples (SiCN and SiHfBCN) were characterized using XRD (Figure 3.43). The results 

revealed that the oxide scale that formed on SiCN below 1300 °C was amorphous, possibly indicating the 

formation of amorphous glass (e.g., silica and Si2N2O). XRD analysis of SiCN oxidized at 1400 °C suggested 

the sample began to convert into a cristobalite phase, which has proven to play a barrier role in the oxygen 

mechanism similar to that of amorphous silica glass [273]. By contrast, the oxide scale that formed on SiHfBCN 

at 1200 °C contained crystalline phases assigned only to HfO2 (t-HfO2 and m-HfO2). As the temperature was 

increased to 1300 °C, crystalline phases in the oxide scale on SiHfBCN that corresponded to cristobalite and 

HfO2 were observed. Upon oxidation at 1400 °C, the amount of the m-HfO2 phase increased strongly, possibly 

indicating a phase transition between t and m-HfO2. 
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(a)  (b)  

Figure 3.43. XRD spectra of ceramic powders oxidized at 1200, 1300 and 1400 °C: (a) SiCN and (b) SiHfBCN. 

 

3.4.1.2 Oxidation behavior of amorphous SiHfBCN ceramic monoliths 

 

Although the oxidation rate of amorphous SiHfCN ceramic powder was found to be faster than that of SiCN 

ceramic powders, the results for the SiHfBCN ceramics also showed that the oxidation rate can be reduced once 

again via boron doping. Thus, for the further development of Hf-containing amorphous ceramics, SiHfBCN 

ceramic monoliths with improved anti-oxidation behavior prepared via PLS require further investigation. 

Ceramic monoliths with low porosity were used for the oxidation investigation. As shown in Table 3.4, the open 

porosity of the samples was found to be lowest after annealing in N2 at 1300 °C (the apparent density and open 

porosity of the monoliths were determined using the Archimedes method). Thus, SiHfBCN ceramic monoliths 

pyrolyzed at 1100 °C and then annealed at 1300 °C in N2 were selected for the oxidation test. Here, in addition 

to the SiHfBCN2 (with 30 vol% Hf((Et)2)4 complex), a composition with lower Hf content (denoted SiHfBCN1, 

see Table 2.3) was also studied in order to elucidate the effect of Hf on the oxidation behavior of SiHfBCN.  

The surface-specific weight gains as a function of the oxidation time for SiHfBCN ceramic monoliths oxidized 

at temperatures ranging from 1200 to 1400 °C are shown in Figure 3.44. The observed oxidation behavior of 

SiHfBCN1/2 also shows that they follow a parabolic law. Furthermore, at the temperatures of 1200 and 1300 °C, 

it was found that the specific weight gain of SiHfBCN2 exhibited a linearly increasing trend over short 

oxidation times (i.e., oxidation soaking times below 5 h) because of the strong affinity of Hf-containing phases 

with oxygen. However, the weight gain rate of SiHfBCN1 and SiHfBCN2 seems to slow down with increasing 

the exposure time (above 5 h); this probably relies on the formation of a silica-based dense oxide scale.  

 



 

- 96 -   Chapter 3 HIGH TEMPERATURE OXIDATION 

 

 

Figure 3.44. Surface-specific weight gain as a function of exposure time for SiHfBCN ceramic monoliths (SiHfBCN1 and SiHfBCN2) in 

stagnant air at temperatures of 1200 to 1400 °C. 

 

  

Figure 3.45. Plots of the parabolic rate constant as a function of the exposure time for SiHfBCN1 ceramics in stagnant air at temperatures 

of 1200 to 1400 °C. 

 

To quantify the oxidation rates of the SiHfBCN1/2 ceramic monoliths, their Kp values were calculated from the 

slopes of the straight lines in Figure 3.45 using Eq. 3.5, assuming that the surface of the sample corresponds to 

their geometric surface. The values of the apparent parabolic rate (Kp) and Ea are summarized in Table 3.16. The 

Kp values of SiHfBCN1 and SiHfBCN2 were found to be 2.7×10
-1 

and 2.3 ×10
-1 

mg∙cm
-2

∙h
-1

, respectively, at 

1400 °C; these values are two orders of magnitude higher than that reported for CVD SiC (1.3×10
-3

 mg∙cm
-2

∙h
-1

, 

1400 °C) [150]. This relies on the presence of open porosity in the studied monolithic samples (i.e. 5.8 and 10.4 

vol% for SiHfBCN1 and SiHfBCN2, respectively); in this case, it would not be possible to accurately determine 

the intrinsic parabolic rate in terms of the specific weight gain (considering geometric surface area). PDCs with 

full density are extremely difficult to obtain via pressureless methods, despite the reports of L.N. An et al. 
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describing the oxidation behavior of fully dense polymer-derived amorphous SiCN [144] and SiAlCN [8]; fully 

dense samples are limited to being very thin. The purpose of this investigation was simply to characterize the 

oxidation behavior of this novel PDC SiHfBCN material. For an oxidation temperature below 1400 °C, the 

SiHfBCN1 monolith (having lower Hf and B contents than that of SiHfBCN2) shows better oxidation resistance 

than SiHfBCN2. This finding can most likely be attributed to the lower porosity of SiHfBCN1 (Pop = 5.8 %). 

The higher open porosity of SiHfBCN2 (Pop=10.4 %) could result in many more channels being available for 

oxygen transport, leading to a higher oxidation rate. Furthermore, we consider that the oxidation of SiHfBCN1 

and SiHfBCN2 leads to the formation of boron-containing silica scale (borosilicate). As borosilicate glasses 

show higher viscosities at lower boron contents [274], lower diffusion rates of molecular oxygen through the 

passivation scale of SiHfBCN1 can be expected. Thus, lower oxidation rate is observed in SiHfBCN1 at 

temperatures below 1400 °C. However, the oxidation kinetics is strongly influenced by the evaporation of boria 

when the oxidation temperature rises to 1400 °C, as the vapor pressure of B2O3 increases substantially at 

temperatures beyond 1300 °C [275], Thus, similar parabolic rates were found in both SiHfBCN1 and 

SiHfBCN2 exposed to oxidation conditions at 1400 °C. Furthermore, the Kp values of both compositions are 

much higher at a temperature of 1400 °C compared with those at 1200 and 1300 °C. 

 

Table 3.16. Apparent parabolic rates and corrected parabolic rates of SiHfBCN amorphous ceramics. 

Ceramic 
BET surface  

[m2∙g-1] 

Temp. 

[o C] 

Apparent  

parabolic rate 

[mg∙cm-2∙h-1] 

Corrected parabolic rate  

(SSA) 

[mg∙cm-2∙h-1] 

Apparent activation energy (Ea) 

[kJ mol-1] 

 

SiHfBCN1 

 

3.26 

1200 5.0×10-2 1.5×10-9  

1300 7.4×10-2 2.3×10-9 174±57.7 

1400 2.7×10-1 8.4×10-9  

SiHfBCN2 3.34 

1200 7.9×10-2 1.4×10-9  

1300 8.8×10-2 4.0×10-9 139.7±39 

1400 2.3×10-1 5.4×10-9  

 

The as-determined, apparent values of the oxidation rate were adjusted upon considering the specific surface 

area of the monoliths instead of their geometric surface area (see Eq. 3.6). Thus, the corrected parabolic rates are 

6~7 orders and 5~6 orders of magnitude lower than the apparent parabolic rates Kp and that of reported CVD 

SiC ceramics. Additionally, the Ea of 174±57.7 and 139.7±39 kJ mol
-1

 for SiHfBCN1 and SiHfBCN2 were 

calculated from the apparent parabolic rate. As can be found in Table 3.17, the Ea values of the oxidation 

process for the monolithic SiHfBCN samples are listed in comparison to activation energies for the oxidation of 

other silicon-based ceramics as well as of borosilicate and HfC. We consider the oxidation process of SiHfBCN 

samples as being of parabolic nature but rather complex, i.e. occurring with the formation of silica, boria and 

HfO2, as well as of borosilicate and HfSiO4, as discussed below. This makes an interpretation of the activation 

energy of their oxidation rather difficult.  
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Table 3.17. Comparison of activation energies for the oxidation of SiHfBCN, other Si-containing materials and HfC. 

Ceramic 
Temp. 

[o C] 

Activation energy 

[kJ mol-1] 
Reference 

Si3N4 in dry air 1065-1340 285 [276] 

Si in dry O2 1000-1200 126 [277] 

CVD SiC 1200-1600 125 [278] 

Monolithic SiCN  900-1200 120 [144] 

Borosilicate 700-800 138 [279] 

HfC 480-600 197 [134] 

SiHfBCN2 powder 1200-1400 112.9 Present work 

Monolithic SiHfBCN  1200-1400 174±57.7 ; 139.7±39 Present work 

 

a)  b)  

 

Figure 3.46. XRD spectra of the SiHfBCN samples oxidized at 1200, 1300 and 1400 °C: (a) SiHfBCN1; (b) SiHfBCN2 amorphous 

ceramic monoliths. 

 

To attain more insights into the formation of the oxide scale, the SiHfBCN monoliths oxidized at 1200, 1300 

and 1400 °C were performed by XRD, SEM and EPMA. XRD patterns of the oxidized SiHfBCN1 and 

SiHfBCN2 samples are presented in Figure 3.46. For the monoliths oxidized at 1200 °C, reflections 

corresponding to SiO2 (cristobalite, major) and HfO2 (monoclinic and tetragonal) are found in the XRD patterns 

of both compositions. In addition, borosilicate glass is expected to be formed and is considered to be beneficial 

for the oxidation resistance of the samples, as it is a more effective diffusion barrier for oxygen than silica. 

Upon oxidation at 1300 °C, a significant amount of crystalline HfO2 precipitates at the outer surface of the scale 

which is observed in the SEM image (Figure 3.47, 1300 °C). A new peak ascribed to hafnon (HfSiO4) appeared 

in the SiHfBCN1/2 spectra once the oxidation temperature reached to 1400 °C, consistent with the results of 

SEM microscopy (Figure 3.47, a 1400
o
C), which revealed dendrites and elongated precipitations corresponding 

to HfSiO4. Because the consumption of the acicular crystal corresponding to m-HfO2 induced the formation of 

HfSiO4 at 1400 °C, less precipitation of m-HfO2 was observed. This finding is attributed to the reaction between 

hafnia nanoparticles and silica, leading to an increasing intensity of the HfSiO4 signal and a decreasing intensity 
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of the m-HfO2 peak with increasing temperature. A similar result has been shown by a study in the Y2O3-

containing Si3N4 oxidized at 100 h, which showed the formation of yttrium silicate in its oxide scale [280].  

As cristobalite has a different coefficient of thermal expansion (2.6 × 10
-6

/ °C) from those of the silicon-based 

ceramic matrices (i.e., SiC: 4×10
-6

/ °C, Si3N4: 3.3×10
-6

/ °C), cracking of the scale has been observed (Figure 

3.47), particularly at higher oxidation temperatures of 1300 and 1400 °C, thus favoring oxygen to permeate into 

the interior of the monoliths. Accordingly, the weight gain increased significantly at 1400 °C compared with the 

weight gain at temperatures of 1200 and 1300 °C. However, the formation of hafnon, HfSiO4, is believed to be 

beneficial for the oxidation resistance of the SiHfBCN samples, as it has a significant lower oxygen diffusivity 

that that of silica or borosilicate glass. [281]. Moreover, HfSiO4 promotes the formation of immiscible glasses, 

resulting in a higher viscosity and a higher melting temperature. Therefore, the presence of immiscible glass 

might retard oxygen diffusion at 1400 °C or even higher temperatures, at which silicon-based materials might 

melt. 

 

a)   
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b)    

 

Figure 3.47. SEM micrographs of the oxidized surfaces of the PDCs: (a) SiHfBCN1 and (b) SiHfBCN2. The green arrows and rectangles 

indicate the formation of HfSiO4, whereas the orange arrows indicate the precipitation of hafnia. The cracking can likely be 

attributed to the mismatch in the coefficient of thermal expansion between the silica scale and the Si-based matrix. 
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Figure 3.48. BSE micrographs and EPMA analyses of the fracture surfaces of SiHfBCN1 ceramics oxidized at 1200 (a), 1300 (b) and 

1400 °C (c). The orange arrows and solid lines indicate the outermost oxide scale. The blue arrows indicate the intrinsic pores 

and the pores created by the evaporation of boria or the outward diffusion of decomposition species. 
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Figure 3.49. Relationship between oxidation thickness (tox) and temperature; note that tox was estimated from the EPMA results for 

SiHfBCN1 oxidized at 1200-1400 °C. The expressed temperature dependence of the tox values representing the oxidation 

thickness of SiHfBCN in this study is comparable to those of CVD Si3N4 and SiC ceramics[282]. 

 

The cross-sections of SiHfBCN1 exposed to oxidation conditions at 1200, 1300 and 1400 °C for 200 h were 

characterized using electron probe micro-analysis (EPMA); these instruments are used primarily for in situ non-

destructive chemical analyses of oxidized samples. The contrast variation in the BSE image recorded at a 

temperature of 1200 °C (Figure 3.48a), indicates that a continuous oxidation scale is formed on the surface. 

However, the intrinsic pores located inside the matrix are clearly visible. The EPMA elemental analysis 

revealed that Si and Hf were present within the oxide scale, with silica being the major phase because the 

concentration of Si was much higher than that of Hf. It seems that the oxide scale is enriched in silica toward the 

top surface, whereas within the scale a composition consisting of hafnia dispersed within a silica matrix has 

been analyzed. The amount of boron present in the scale was not quantified in the characterization because of 

the low sensitivity of technique concerning light elements. However, considering the valuable data regarding the 

thermodynamic driving force for the formation of borosilicate above 1200 °C [160, 283], the oxide layer was 

likely composed of borosilicate/SiO2 and HfO2.  

The EPMA analyses of the samples oxidized at 1300 °C indicated that a thicker oxide scale was formed at this 

temperature compared with that formed at 1200 °C (Figure 3.48b). Moreover, the oxide scale exhibited some 

cracking, though it remained adhered to the matrix. Thus, the oxide scales remained able to provide the 

underlying materials with diffusion-limiting oxidation protection. However, more pores were observed in the 

case of oxidation at 1300 °C, which are probably created during either the initial stage of the volatilization of 

B2O3 or the outward diffusion of CO and N2 gas due to the oxidation of the SiHfBCN. The oxide scale that 

formed at 1400 °C appeared as a discontinuous layer with open pore channels (Figure 3.48c), which may have 

facilitated oxygen transport. Furthermore, the oxide scale appeared to penetrate from the surface into the inner 

pores, enabling greater oxygen permeation and confirming the higher weight gain observed at 1400 °C 

compared with the weight gain at 1200 and 1300 °C. The most intriguing finding of our study is that a uniform 

concentration of Hf was observed in the scale formed upon oxidation at 1200 °C, whereas a gradient distribution 

of Hf concentration from the surface to the underlying materials was observed in the scales exposed at 1300 and 
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1400 °C; the formation of this gradient might be related to higher depletion of other elements. Moreover, a 

decrease in the C content in the near-surface region resulted in HfO2 particle coarsening in the SiO(C) at the 

internal surface compared with the bulk surfaces [284]. This finding may confirm the migration of m-HfO2 to 

the surface that was observed in the SEM images (Figure 3.47).  

A scale thickness of ~2-3 μm can be estimated based on the EPMA results. As shown in Figure 3.49, the 

thickness of oxide scale gradually increased as the temperature was increased from 1200 to 1400 °C, suggesting 

a passive oxidation and thus confirming the kinetic data obtained from recording the mass change of the 

samples as function of the exposition time. 

In conclusion, the structure of the observed oxide scale that forms at 1200-1400 °C in oxidative conditions 

consists of: (i) a SiO2-rich outer layer and (ii) a sub-layer consisting of HfO2 embedded into SiO2 (as for 

oxidation temperatures lower than 1400 °C); at 1400 °C, HfSiO4 has been formed via the reaction of hafnia 

precipitations with the silica matrix, and is considered to contribute to an improvement of the oxidation 

resistance of SiHfBCN [2]. Thus, the results presented here indicate that SiHfBCN ceramics may be suitable 

materials to be used at high-temperatures and under oxidative and corrosive conditions.  

 

3.4.2 Oxidation behavior of dense SiHfCN- and SiHfBCN-based UHTC-NCs 

 

Although the amorphous ceramics exhibited good oxidation resistance, there was reasonable uncertainty about 

their oxidation rates because of the uncertainty in their geometric surface areas. Thus, they could not be 

compared with the oxidation rates determined for silicon-based ceramics. Therefore, investigations of the 

oxidation behavior of dense UHTC-NC ceramics are required to allow for a more accurate analysis of the 

oxidation rates of SiHf(B)CN-based ceramics.  

 

3.4.2.1 Oxidation behavior 

 

The oxidation behavior of SiHfBCN (SiHfBCN_06) and SiHfCN-based (SiHfCN_05) UHTC-NCs was 

evaluated via the TGA of small monolithic coupons by monitoring the mass changes of samples subjected to 

oxidizing environments at temperatures of up to 1500 °C.  

The mass evolution of SiHfCN and SiHfBCN upon oxidation at 1400 and 1500 °C is depicted in Figure 3.51, 

which indicates remarkably higher oxidation resistance for SiHfBCN compared with its boron-free analog. 

During isothermal oxidation at 1400 °C, the weight of the SiHfCN sample initially increased linearly for a short 

time (approximately 1 h), indicating that the SiHfCN was oxidizing very rapidly. By comparison, the weight of 

the SiHfBCN did not increase significantly when subjected to continuous isothermal oxidation at a temperature 

of 1400 °C for up to 5 h. Moreover, photographs of the ceramic samples oxidized at 1400 °C show that spall-off 

from the parent matrix were observed in the SiHfCN (Figure 3.50). For the oxidation experiments at 1500 °C, 

the weight gain remained relatively low (< 1 wt %) for all investigated samples exposed to the oxidizing 

environment when the temperature was below 800 °C during the non-isothermal stage. However, the situation 
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changed dramatically as the temperature was progressively increased. The SiHfCN sample exhibited a 

significant increase in weight change during the isothermal stage, with a high weight gain of approximately 10 

wt % (approximately 110 wt %). By contrast, an extremely low weight gain observed in SiHfBCN at 

temperatures of up to 1500 °C, indicating that the protective oxide layer formed on the SiHfBCN at 1500 °C 

was very stable. 

 

a)  b)  

Figure 3.50. Photographs of the samples a) prior to oxidation and b) after oxidation. Spall-off from the parent matrix of the SiHfCN 

sample can be clearly observed.   

 

 

a)   b)  

Figure 3.51. The oxidation behavior of dense SiHfCN and SiHfBCN at temperatures of 1400 (a) and 1500 °C (b), indicating remarkably 

high oxidation resistance for SiHfBCN compared with its boron-free analog. 

 

Both samples were found to undergo parabolic oxidation, as revealed by the plots in Figure 3.51. Thus, the 

specific weight gain could be calculated from the weight gain per geometric surface area (Eq. 3.5). It should be 

noted that because the samples treated at 1500 °C had already oxidized during the non-isothermal stage, the net 

weight gain of the treated sample at T-1 was calculated by subtracting the initial weight from the final weight. 

Figure 3.52 plots the square of the specific weight gain as a function of the oxidation time in hours ((∆m/S)
2
 vs. 

t). Obviously, SiHfCN differs fundamentally from SiHfBCN, as it exhibited significantly higher parabolic 

oxidation rates (though comparable to those reported for UHTCs such as HfB2-20 vol% SiC). Moreover, it 

seems that there are two oxidation regimes for SiHfCN: in the short-term range, high rates were observed (28.2 

and 4.7 mg∙cm
-2

∙h
-1

 for oxidation at 1400 and 1500 °C, respectively), whereas in the long-term range, i.e., for 

oxidation times longer than 3 h, significantly smaller values were recorded (0.4 and 2.1 mg∙cm
-2

∙h
-1

 for 1400 

SiHfCN 

SiHfBCN 
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and 11500 °C, respectively). Similar oxidation behavior has also been observed for SiAlCN at temperatures of 

1000–1400 °C. The short-term oxidation regime in SiHfCN likely corresponds to the oxidation of the HfCxN1-x 

phase and the generation of hafnia, whereas the behavior upon long-term exposure may be related to the 

formation of silica. 

SiHfBCN was observed to exhibit excellent behavior upon oxidation at 1400 and 1500 °C. The determined 

parabolic oxidation rates (3.6 × 10
-4

 and 5.2 × 10
-3

 mg∙cm
-2

∙h
-1

 at 1400 and 1500 °C, respectively) were several 

orders of magnitude lower than those previously reported for UHTCs. Moreover, the parabolic oxidation rate of 

SiHfBCN at 1400  °C was one order of magnitude lower than that reported for CVD-SiC at the same 

temperature (i.e., 1.3×10
-3

 mg∙cm
-2

∙h
-1

) [150]. 

 

Figure 3.52. Parabolic plot of the surface specific mass gain as a function of the temperature for the oxidation of SiHfCN and SiHfBCN. 

 

Table 3.18. Experimental values for the mass changes upon oxidation and parabolic oxidation rates of dense SiHfCN and SiHfBCN and a 

comparison with the corresponding values for Si-containing ceramics from the literature. 

 Temperature 

[o C] 

Isothermal time 

[min] 

Weight change 

[mg cm-2] 

Kp 

[mg2 cm-4 h-1] 

SiHfCN-SPS 

1400 300 5.2 28.2*/0.4** 

1500 600 5.3 4.7*/2.1** 

SiHfBCN-SPS 

1400 300 0.04 3.6×10-4 

1500 600 0.16 5.2×10-3 

HfB2- 20vol% SiC 

[263] 

1350 60 0.65 ± 0.03 0.42 

 1500 60 1.60 ± 0.05 2.56 

* Short-term value, ** long-term value.  
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3.4.2.2 Changes in phase and microstructure after oxidation treatment 

 

The behavior observed in Figure 3.51 and Figure 3.52 can be associated with corresponding changes in the 

composition of the different systems undergoing oxidation. For this purpose, the surfaces of the products 

obtained from isothermal TGA tests were analyzed via XRD and SEM; the results are shown in Figure 3.53 and 

Figure 3.55. Clearly, oxidized products, likely HfO2, cristobalite and HfSiO4, were detected in the XRD analysis 

of the 1400 and 1500 °C samples. These findings are a consequence of SiC and HfCxN1-x reacting with O2 to 

form SiO2 (cristobalite) and m- or t-HfO2. As the temperature progressively increased, HfSiO4 formed from m-

HfO2 and SiO2 [285]. Additionally, signals associated with the unreacted matrix materials HfCxN1-x and β-SiC 

were also observed, suggesting that the outermost oxidize layer may have protected the sublayer matrix against 

oxidation. Interestingly, the intensity of the peak corresponding to HfCxN1-x in the SiHfBCN pattern is much 

higher than that in the SiHfCN pattern, whereas the β-SiC peak exhibits the opposite behavior. This may be 

related to strong protection of the HfCxN1-x phase due to the presence of external glassy SiO2 or borosilicate in 

the case of SiHfBCN. Furthermore, for the SiHfBCN ceramics, the intensity of the peak corresponding to 

HfSiO4 is much stronger than that in the SiHfCN pattern, indicating that boron seems to facilitate the formation 

of HfSiO4. It has been reported that Ti is able to catalyze the formation of HfSiO4, thereby enhancing the 

stability of Hf-O-Si bonding compared with Ti-O-Si bonding in an archetypical zircon structure [286]; thus, a 

similar effect of boron on catalyzing the formation of HfSiO4 could be assumed. 

 



 

Chapter 3 HIGH TEMPERATURE OXIDATION  - 107 - 

  

 

Figure 3.53. X-ray diffraction patterns of SiHfBCN- and SiHfCN-based dense ceramics oxidized in synthetic air for 5 h at (a) 1400 °C 

and (b) 1500 °C. 

 

 

 
 

 

 

 

 

 

*( 

 Figure 3.54. SEM micrographs of the surfaces of SiHfCN (a) and SiHfBCN (b) after oxidation at 1500  °C. 

 

The micrograph in Figure 3.54 illustrates the oxidized surface of the SiHfCN and SiHfBCN after oxidation at 

1500 °C. Clearly, a porous surface scale is observed in the oxidized SiHfCN sample; whereas the oxidized 

SiHfBCN sample exhibited a continuous, dense scale which provides obviously improved oxidation stability. 
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Furthermore, cross sections of the oxidized samples were analyzed via SEM and EDS, as shown in Figure 3.55. 

As revealed by the oxygen contents determined along the cross sections, the SiHfCN samples demonstrated 

lower oxidation resistance compared with their SiHfBCN counterparts. Thus, exposure to oxidative conditions 

resulted in deeper penetration of oxygen into the bulk SiHfCN compared with the SiHfBCN. Thus, the oxygen 

content was still as high as 4.6 wt % in the region located approximately 90 µm below the surface of the 

SiHfCN sample, whereas a similar oxygen content (4.1 wt %) had already been reached at approximately 10 µm 

below the surface of the SiHfBCN. Additionally, the cross-sectional SiHfBCN sample oxidized at 1500 °C was 

also assessed using EDS (Figure 3.55c). The analysis revealed that the oxidized scale was enriched in silicon 

and oxygen, indicating that silica or silicate dominated in this layer and provided an excellent barrier against 

oxygen penetration. Accordingly, very little oxygen content was observed beneath this layer (approximately 1.4 

wt %). 

  

   

 



 

Chapter 3 HIGH TEMPERATURE OXIDATION  - 109 - 

  

Figure 3.55. SEM micrographs of the cross sections and corresponding oxygen contents at various distances from the surface for a) 

SiHfCN oxidized at 1400 °C, b) SiHfBCN oxidized at 1400  °C, and c) SiHfBCN oxidized at 1400 and 1500 °C (sample 

oxidized at 1500 °C was embedded in epoxy and then polished). 

 

A question still remains concerning the reason for the superior oxidation resistance of SiHfBCN compared with 

SiHfCN. First, let us consider the main reactions that are expected to describe the oxidation process, involving 

either a mass gain (reactions 3.10 - 3.15) or a mass loss (reactions 3.17 - 3.18): 

HfCxN1-x (s) + (1+x) O2 (g) = HfO2 (s) + x CO (g) + ((1-x)/2) N2 (g)      (3.10) 

BN (s) + 3/2 O2 (g) = B2O3 (l) + N2 (g)      (3.11) 

SiC (s) + 3/2 O2 (g) = SiO2 (s) + CO (g)         (3.12) 

Si3N4 (s) + 3 O2 (g) = 3SiO2 (s) + 2N2 (g)      (3.13) 

2HfBx (s) + (4+3x)/2 O2 (g) = 2HfO2 (s) + xB2O3 (g)     (3.14) 

SiBxCyNz (s) + (1+ ¾ x+ y/2) O2 (g) = SiO2 (s) + B2O3 (l) + CO(g) + N2 (g)    (3.15) 

HfO2 (s) + SiO2 (s) = HfSiO4 (s)       (3.16) 

B2O3(l) = B2O3(g)            (3.17) 

C (s) + O2 (g) = CO (g)           (3.18) 

Plausible explanations can be summarized as follows: 

i) For SiHfCN, considering that the oxidation rate of HfCxN1-x is significantly faster than that of Si-based 

ceramics, porous HfO2 forms (at approximately 500 °C, reaction 3.10), which cannot protect the matrix, leading 

to the high weight gain during the initial oxidation stage (Figure 3.51). Moreover, the negative contribution is 

most likely related to the oxidation of free carbon (reaction 3.18). The additional amorphous (Si)BCN phase is 

related to the difference in composition between SiHfCN- and SiHfBCN-based SPS ceramics. By contrast, an 

additional B-containing phase is generated upon the oxidation of the liquid boria phase (B2O3, reactions 3.7 and 

3.10), which could fill the pores of the HfO2, forming a dense layer hindering further oxidation reactions at 

relatively low temperatures and leading to the observed stability in the weight gain of SiHfBCN at low 

temperatures (Figure 3.51).  

ii) Because concrete advantages deriving from the presence of the SiC phase arise only at temperatures above 

1400 °C, the kinetics may be parabolic because of the slower diffusion of oxygen through a silica layer once 

sufficient silica has formed, either during long-term oxidation at 1400 °C or at high temperatures (up to 1500 

°C) (Figure 3.54) [10]. At 1500 °C, it is believed that sufficient silica (reaction 3.12) or borosilicate (reaction 

3.15) from the oxidation of SiC and Si(B)CN, in combination with the HfSiO4 (reaction 3.16) and HfO2 

products, will form an immiscible glass layer that will provide far more effective oxidation-protective 

capabilities because of its higher viscosity [83]. Therefore, the stability of the mass changes in SiHfBCN with 

increasing oxidation time is an indication of a very low rate of oxidation due to the formation of a dense layer of 

immiscible glass on the surface. 
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3.4.3 Summary 

 

The high-temperature oxidation behavior of materials is of critical concern in evaluations of their performance 

in harsh environments. In this section, the oxidation behavior of amorphous ceramics derived from PDCs and 

dense UHTC-NC monoliths obtained via SPS was discussed.  

i) The oxidation behavior of amorphous ceramic specimens was studied at temperatures of 1200 to 1400 °C. 

Measurements of the specific weight gain as a function of the isothermal oxidation time revealed that both 

powder and monolithic samples exhibited parabolic oxidation behavior and extremely low parabolic rates; the 

activation energy of 112.9 kJ mol
-1

 for SiHfBCN powder is within the range of values measured for oxygen 

diffusion through silica. Observations of the oxide scales that formed on the monoliths at different oxidation 

temperatures revealed that a continuous oxide scale consisting of borosilicate, silica (cristobalite), m- and t-

HfO2 forms at temperatures below 1300
 
°C, limiting the capacity for oxygen transport. At temperatures above 

1300 °C, the oxide scale becomes a discontinuous layer consisting of silica, HfSiO4 and m- and t-HfO2, and 

large pores are formed in the matrix; thus, the higher weight gain observed at 1400 °C is attributed to these 

pores and the partial protection provided by the oxide layer. In summary, the formation of this unique oxide 

scale (borosilicate/silica, hafnon and hafnia) and good parabolic oxidation behavior strongly suggest that 

amorphous SiHf(B)CN ceramics can be considered as potential candidates for (ultra)-high-temperature 

applications. 

ii) The oxidation behavior of SiHfCN was found to be comparable to that of other UHTCs. By contrast, 

SiHfBCN exhibited excellent oxidation behavior, with parabolic oxidation rates several orders of magnitude 

lower than those previously reported for UHTCs and even lower than values reported for SiC. The results 

presented in this work indicate that SiHfCN- and SiHfBCN-based UHTC-NCs can be considered to demonstrate 

great potential as candidates for high-temperature applications in harsh environments. 
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3.5 Hydrothermal corrosion behavior of Cf reinforced CMC composites 

 

3.5.1 Introduction to the corrosion of CMCs 

 

CMCs are candidates for various applications at high temperatures and in hostile environments. However, 

carbon fiber-reinforced CMCs suffer at high temperatures from oxidation issues [287]. Lamourourx et al 

devoted initial and intensive studies on the oxidation of carbon fiber-reinforced SiC composites [288, 289]. In 

order to improve their oxidation resistance, it has been suggested that, for instance, a multi-layered matrix 

design might be a suitable solution. Furthermore, when exposed to combustion environments, the long term 

durability of CMCs requires the use of environmental barrier coatings (EBCs) to prevent severe degradation 

reactions of the CMCs with the combustion products (e.g. steam or salts). Silicon-based matrix materials (such 

as SiC) are prone to strong decomposition in combustion environments, as Si(OH)4 is generated and released 

from the reaction between the silica-based passivation layer and water vapor. SiC-based CMCs coated with 

barium strontium aluminosilicate (BSAS) [290] or with other oxide-based materials with low vapor pressure at 

high temperatures (e.g. ZrO2, HfO2, rare earth silicates) [291],[292] have been shown to effectively protect the 

CMCs from hot corrosion. 

The hot corrosion behavior of CMCs was investigated within the context of their use in turbine engines. Thus, 

Cheng et al [21, 293, 294] described the high temperature degradation mechanisms of Cf/SiC composites in 

complex salt-vapor environments (i.e., O2 / H2O / Na2SO4 or Ar / Na2SO4). However, few studies concerning the 

corrosion behavior of ceramic fibers or CMCs under hydrothermal conditions have been reported [295], [296], 

and consequently only scarce information is present in the literature with respect to their behavior. 

The purpose of the present study in Section 3.5.2 is to assess and discuss for the first time their corrosion 

behavior of fabricating Cf/SiCN and Cf/SiHfBCN CMCs via the PIP technique under subcritical hydrothermal 

conditions. A comparison between the corrosion behavior of Cf/SiCN and Cf/SiHfBCN CMCs is discussed in 

detail, indicating that the incorporation of Hf and B into SiCN has a significant effect on their performance 

under hydrothermal conditions. The presented results might be of great relevance within the context of the 

development of CMCs suitable for petrochemical applications, which are characterized by moderate 

temperatures (several hundreds of  °C) and high hydrothermal pressure [297].  

 

3.5.2 Hydrothermal corrosion behavior of Cf/SiCN and Cf/SiHfBCN CMCS 

 

The Cf/SiCN and Cf/SiHfBCN CMCs were studied with respect to their behavior in hydrothermal conditions. In 

the case of Cf/SiCN, the relationship between the weight change rate and S/V ratio for the specimen corroded at 

250 °C is shown in Figure 3.56 (a). At S/V values larger than 0.4, the CMC samples exhibited mass gain upon 

exposition to hydrothermal conditions; whereas at S/V ratios in the range of 0.4 and 0.2, the sample showed 

mass loss upon corrosion. Interestingly, the Cf/SiHfBCN composites presented only mass gain under similar 
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conditions, indicating an improved performance of SiHfBCN. For significantly lower S/V ratios, i.e. less than 

0.075, Cf/SiHfBCN showed mass loss upon corrosion.  

a)

 

b) 

 

Figure 3.56. (a) Influence of the S/V ratio on the corrosion behavior of Cf/SiCN (250  °C) - the corrosion rate (mg cm-2 h-1) for Cf/SiCN 

in (a) has been estimated from the time-dependent evolution of the surface specific weight of the specimens (48, 96 and 240 h); 

(b) Mass change of Cf/SiHfBCN as a function of the soaking time (250 °C; as for three S/V values, i.e. 0.4, 0.18 and 0.075). 

 

Different reports have been done on the corrosion behavior of monolithic SiC and Si3N4 ceramics in various 

hydrothermal conditions (e.g. subcritical hydrothermal conditions [182, 296, 298], acid and basic environments 

[185], [299]) and revealed that their stability is mainly controlled by the grain boundaries or the grain-boundary 

phase [182]. Under hydrothermal corrosion, Si-based ceramic materials such as SiC, Si3N4 or SiOC exhibit 

active corrosion behavior, as the solubility of the passivation scale SiO2 is significant in subcritical 

hydrothermal conditions [184]. For instance, studies related to the corrosion behavior of hot-pressed Si3N4 and 

reaction-sintered SiC at temperatures below 800 °C always showed active corrosion [183]. Despite the corrosion 

rates of SiOC-based ceramic materials being remarkably lower than those of typical SiC and Si3N4 ceramics, 

they also exhibited mass loss upon corrosion [4]. Therefore, it is concluded that active corrosion is a typical 

behavior of Si-based ceramics upon exposition to a hydrothermal environment.  

In all experiments, the pH value of the corrosion medium after corrosion was found to be higher than 8.5 for 

both Cf/SiCN and Cf/SiHfBCN (Table 3.19). This obviously has correlations with the hydrolysis reactions of the 

Si-N and Hf-N bonds which lead to the formation of silica and hafnia and the release of ammonia. 
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Table 3.19. Evolution of the pH value of the corrosion medium with the corrosion temperature (150, 200 and 250 °C) and time (48, 96 

and 240 h).  

Temperature  

[ °C] 

Cf/SiCN  Cf/SiHfBCN 

48h 96h 240h  48h 96h 240h 

150 9.25 9.32 9.44  8.85 8.98 9.06 

200 9.38 9.48 9.60  9.15 9.26 9.35 

250 9.58 9.68 9.74  8.76 9.14 9.56 

 

The hydrothermal corrosion of SiC and Si3N4 in the temperature range addressed within the present study (i.e. 

200 - 250 °C) occurs according to the following reactions[183] ,   

SiC + 2 H2O = SiO2 + CH4           (3.19) 

Si3N4 + 6 H2O = SiO2 + 4NH3           (3.20) 

Whereas the hydrothermal corrosion of SiCN can be written as follows (equation not balanced): 

SixCyNz + H2O = x SiO2 + y CH4 + z NH3         (3.21) 

The processes occurring upon hydrothermal corrosion of SiHfBCN are obviously more complex. As shown in 

the XRD figures (Figure 3.57), the CMC samples show very broad reflections indicating that no crystallization 

occurs in SiHfBCN during corrosion. The same behavior has been reported in the case of Si-Ti-C-O (Tyranno) 

fibers treated under hydrothermal corrosion, i.e. the amorphous structure remained and no crystalline TiO2 was 

observed after corrosion at temperatures lower than 500 °C [295]. 

Thus, we propose the following process to describe the hydrothermal corrosion of SiHfBCN, during which 

silica and hafnia are generated as passivation products, and methane and ammonia are released (equation not 

balanced): 

SiHfxByCzNw + H2O = SiO2 + x HfO2 + y BCN + (z-y) CH4 + (w-y) NH3     (3.22) 

a)   b)  

Figure 3.57. XRD patterns of Cf/SiCN (a) and Cf/SiHfBCN (b) ceramic composites after hydrothermal corrosion for 96 h at 150  °C and 

250  °C. 
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Figure 3.58 shows the mass loss of Cf/SiCN and Cf/SiHfBCN CMCs during the hydrothermal corrosion tests at 

a S/V ratio of 0.075 as a function of the soaking time. The weight loss of Cf/SiHfBCN is lower than that of 

Cf/SiCN under the same corrosion conditions, revealing that the incorporation of Hf and B into the SiCN matrix 

contributes to the improvement of its corrosion resistance. 

All samples showed active corrosion at a S/V ratio of 0.075. The strongest corrosive attack occurred under short 

time exposition (up to 48 h), particularly at a high temperature (250 °C). 

Considering the chemical and phase compositions of the two samples, we assume that their corrosion occurs as 

follows: 

a) In a first step, Si-N/Si-C as well as Hf-N/Hf-C (for SiHfBCN) bonds are hydrolytically attacked by water 

upon formation of silica (for both SiCN and SiHfBCN) and hafnia (for SiHfBCN) as well as releasing methane 

and ammonia (see reaction (3.22)). This process is in good agreement with the evolution of the pH value of the 

corrosion medium which was found to increase as the corrosion temperature and time increase (due to ammonia 

release) as shown in Table 3.19.  

b) In a second step, silica dissolution (cf. (3.23)) occurs in addition to the hydrolytic corrosion of the samples 

and is thought to determine the corrosion rates.  

SiO2 + H2O
K1

K2

Si(OH)4

          (3.23)  

Within this context, we assume that the dissolution of the silica determines the corrosion behavior of the 

investigated CMC samples, which means that the rate of silica dissolution (K1) is significantly faster than 

formation of silica (K2). However, as the amount of the released Si(OH)4 increases, the rate of K1 might 

decrease (if the solubility product of Si(OH)4 in water is exceeded under the used conditions). This obviously 

will lead to a decrease of the rate of active corrosion of the investigated samples (see Figure 3.58). A similar 

behavior was observed in the case of a SiOC-based material [4]. 

It has been reported that small amounts of aluminum present within SiCN can remarkably improve its 

oxidation/corrosion resistance, due to the incorporation of Al within the silica passivation scale, which 

significantly suppresses the oxygen diffusion [300].  

We consider a similar effect occurring in the case of Hf- and B-modified SiCN. Thus, the incorporation of Hf 

within the silica scale, which is generated as an intermediary during the hydrothermal corrosion, might 

significantly change its dissolution behavior/rate.  
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Figure 3.58. Dependence of the weight loss on the hydrothermal corrosion time at different temperatures. 

 

The corrosion rates of the investigated CMCs were derived from the relationship between the surface specific 

mass loss (mg∙cm
-2

) and the soaking time (Figure 3.58 and Table 3.20). At 150 °C, a corrosion rate of 4.6×10
-3

 

mg∙cm
-2

∙h
-1

 for Cf/SiHfBCN was recorded, which is one order of magnitude lower than that of Cf/SiCN (1.1×10
-

2
 mg∙cm

-2
∙h

-1
). With the corrosion temperature increasing, the corrosion rates of Cf/SiCN and Cf/SiHfBCN rise; 

thus, the values upon corrosion at 250 °C are 3.4×10
-2

 and 2.7×10
-2

 mg∙cm
-2

∙h
-1

, respectively.  

A comparison of the corrosion rates of our samples with those determined for other ceramics is difficult to 

undertake because of the lack of standard procedures in the assessment and comparison of ceramic materials 

concerning their corrosion behavior [301]. Furthermore, it is difficult to unify the corrosion kinetics in various 

conditions of corrosion: For instance, the ratio of the volume of the medium solution to the specimen surface is 

not always defined. However, as the mechanism of Si-based materials underlying corrosion under hydrothermal 

conditions is the most comparable [184], the collected kinetics data may be compared to those reported in the 

literature. For instance, corrosion rates of 111 mg∙cm
-2

∙h
-1

 were reported for SiC ceramics [302], being 2 orders 

of magnitude higher than those of Cf/SiCN (3.4×10
-2

 mg∙cm
-2

∙h
-1

 at 250 °C) or Cf/SiHfBCN (2.7×10
-2

 mg∙cm
-

2
∙h

-1 
at 250  °C). This indicates that our investigated materials exhibit improved corrosion resistance under 

hydrothermal conditions.  

The activation energies of the corrosion were obtained from the evolution of the corrosion rate with the 

temperature, as given in Table 3.20. It was found that the Ea of Cf/SiHfBCN (32.4kJ mol
-1

) is slightly higher 

than that of Cf/SiCN (20.4 kJ mol
-1

)  
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Figure 3.59. Arrhenius plot of the degradation of Cf/SiCN and Cf/SiHfBCN. 

 

Table 3.20. Corrosion rates and activation energies of Cf/SiCN and Cf/SiHfBCN. 

Temperature  

[ °C] 

Corrosion rate 

[mg∙cm-2∙h-1] 

Activation energy 

[kJ mol-1] 

 Cf/SiCN Cf/SiHfBCN Cf/SiCN Cf/SiHfBCN 

150 1.1×10-2 4.6×10-3 

20.4±4.9 32.4±2.3 200 1.6×10-2 1.1×10-2 

250 3.4×10-2 2.7×10-2 

 

The activation energies for the corrosion process of the evaluated samples were found to be close to those of 

silica glass (40 kJ mol
-1 

at T < 500 °C [303]), indicating that their corrosion relies on a similar mechanism. As 

the solubility of hafnia in water [304], [4] is much lower than that of silica, it is concluded that the solubility of 

SiO2 determines the corrosion of our CMCs under hydrothermal conditions.  

The solubility of the water vapor in silica has been determined for oxygen and water vapor by Norton [305], 

demonstrating that the increased oxidation rate of silica in water vapor is three orders of magnitude higher than 

oxygen. That is attributed to a much greater solubility of silica in water vapor.  

The corroded CMCs were investigated by means of SEM in order to understand the effect of the hydrothermal 

conditions on their microstructures (see Figure 3.60). As shown in Figure 3.60a (Cf/SiCN, 150 °C) and Figure 

3.60c (Cf/SiCN, 250 °C), there is a significant effect of the corrosion temperature on the interface between the 

carbon fibers and the SiCN matrix. Thus, there is a pronounced spallation between the carbon fibers and the 

matrix in Cf/SiCN, which is additionally accentuated by increasing the corrosion temperature. This is considered 

to be due to the weak interface between Cf and SiCN (as demonstrated by the bending strength and fracture 

behavior of Cf/SiCN). However, no significant spallation was observed in Cf/SiHfBCN; this is consequently an 

effect of the tight interface between the fibers and the SiHfBCN matrix, which clearly contributes to the 

improved corrosion behavior of Cf/SiHfBCN CMCs as compared to that of Cf/SiCN. 
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Thus, the improvement in the corrosion performance of Cf/SiHfBCN is considered to rely on a synergistic effect 

of two parameters: i) improved corrosion kinetics due to the incorporation of Hf and B into SiCN and ii) a tight 

Cf/matrix interface which additionally suppresses the corrosion. 

a)  b)  

c)   d)  

Figure 3.60. Microstructures of the CMCs upon hydrothermal corrosion at 150 and 250 °C: Cf/SiCN (a and c, respectively) and 

Cf/SiHfBCN (b and d, respectively).  

 

3.5.3 Summary 

 

Within this work, the hydrothermal corrosion of the prepared CMCs revealed that Cf/SiHfBCN CMCs exhibited 

better resistance than Cf/SiCN due to the improved kinetics after Hf and B incorporation. Additionally, a tight 

Cf/matrix interface (which is rather disadvantageous for the appropriate mechanical behavior) was found to be 

of additional benefit for an improved corrosion behavior in Cf/SiHfBCN. 
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3.6 Ablation behavior of Cf/SiHfBCN 

 

The motivation of the study presented here was to combine these refractory materials to develop a composite 

with a mixed matrix (Cf/SiHfBCN) that would exhibit good ablation resistance. Therefore, it was necessary to 

investigate the fundamental ablation properties and mechanisms of carbon-fiber-reinforced SiHfBCN 

composites. The present section is mainly focused on the microstructural evolution of Cf/SiHfBCN composites 

exposed to laser ablation.  

 

3.6.1 Thermodynamic analysis of Cf/SiHfBCN at ultra-high temperatures (~ 3000 °C) 

 

The powder scraped from the tested surfaces and ablation pits were tested via X-ray diffraction analysis (Figure 

3.61). The composites exhibited an amorphous nature before ablation. After ablation testing, the oxide product 

m-HfO2 is believed to have formed; this product may have been generated from the HfB2 and HfCxN1-x that 

were also observed in the XRD results. Moreover, the SiC phase was still present, although no SiO2 could be 

detected. 

The temperature for ablation testing can be estimated according to melting point of residual product, i.e., 3890 

°C for HfC, 3827 °C for C, 3380 °C for HfB2, 2987 °C for SiC and 2810°C for HfO2, thus the temperature 

where the residual products located is below 2800 °C. The result is consistent with the work of M. Su et al 

[306], they has simulated the temperature distribution on the ablated surface using ANSYS 10.0 with a finite 

element analysis (FEA), proposing the surface temperature ranges at between 7000 °C and 2800 °C from the 

spot center to the edge when the diameter of the laser spot is 3 mm after ablated for 0.5 second. 

 

 

Figure 3.61. XRD analysis of Cf/SiHfBCN ceramic composites before and after ablation testing. 
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Accordingly, we conclude that the ablation of Cf/SiHfBCN in the temperature range addressed in the present 

study (~ 3000 °C) might proceed in accordance with the following reactions:   

             C(s) = C (g)                                                                                 (1) 

 C(s) + O2 (g) = CO2 (g)                                                                    (2) 

 C(s) + O2 (g) = CO (g)                                                                    (3) 

 SiC (s) = Si (g) + C (s)                                                                    (4) 

 SiC (s) + O2 (g) = SiO (g) + CO (g)                                          (5) 

 SiC (s) + 3/2 O2 (g) = SiO2 (l) + CO (g)                                                                  (6) 

 BN (s) + 3/4 O2 (g) = 1/2 B2O3 (g) + 1/2 N2 (g)                            (7) 

 HfC (s) + 2O2 (g) = HfO2 (s) + CO2 (g)                                                      (8) 

 HfC (s) + 3/2 O2 (g) = HfO2 (s) + CO (g)                                         (9) 

 HfB2 (s) + 5/2 O2 (g) = HfO2 (s) + B2O3 (g)                                        (10) 

 xSiO2 (l) + zHfO2 (s) = SixOyHfz (l)                                                     (11) 

 

 

Figure 3.62. The changes in the Gibbs free energy during ablation associated with reactions (1)-(12), as calculated using Factsage. The 

gray shaded area represents the temperature range of the ablation experiments. 

 

The values of the changes in the standard Gibbs free energy associated with the above reactions (∆G0) at various 

temperatures (room temperature to 3200 °C) were calculated using the Factsage software, and the results are 

shown in Figure 3.62. Any reaction for which the value of ∆G0 is negative within the temperature range of 

interest could occur during ablation. Therefore, all of the listed reactions could have occurred above 3000 °C 

except for reactions (1) and (4), which require higher temperatures; in other words, they are regarded as 

potential reactions when the temperature is above 3000 °C. Note that reaction (11) could not be calculated 

because it involves the nonstoichiometric compound SixOyHfz. For the Hf-containing phase, HfO2 (s) might be 

the main product after oxidation that is able to survive because of its very high melting point (see reactions (8)-

(10)). The oxidation of the silicon-based and B-containing phases occurs in reactions (5)-(7) and (10), leading to 
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the formation of a gas phase, i.e., B2O3 (g) and SiO (g), that would be emitted during the ablation process. 

Furthermore, it has been proven that the evaporation of SiO (g) and B2O3 (g) is beneficial for lowering the 

temperature of ablation surfaces [199], which, in turn, could improve the ablation properties of the Cf/SiHfBCN 

composite. 

 

3.6.2 Microstructures of Cf/SiHfBCN ceramic composites after ablation testing 

 

Figure 3.63 shows the morphology of the Cf/SiHfBCN composites sample after the laser ablation experiment. 

After ablation at such extremely high temperatures, a distinct pit (i.e., Circle 1) is clearly observed at the center 

of the ablation laser’s target area. Based on the difference in ablation morphology, the ablated surface can be 

classified into three different regions: i) a visible pit located at the ablation center, named region A. Moreover, 

the diameter of Circle 1 is about 2.22, 2.29 and 2.38 mm corresponding to the laser ablation time of 0.2, 0.5 and 

1 second respectively; ii) a transition zone with a shallow ablation step, named region B, where with the 

diameter of 3 mm (circle 2) is the location of the laser spot; and iii) an ablation fringe covered by a white glass 

layer, named region C. Furthermore, the diameter and the depth of the ablation pit increased with the prolonging 

testing time.  

  

 

Figure 3.63. Macroscopic photograph of the ablation morphology of Cf/SiHfBCN after ablated by a 1000w laser beam for (a) 0.2 second; 

(b) 0.5 second and (c) 1 second.  

 

In region A, bubble-shaped structures are typically observed, representing three different structural 

morphologies, as shown in Figure 3.64. The three types of bubble structures are labeled B1, B2 and B3, 

respectively. It was found that these bubbles adhere to the wall of the ablation pit, encapsulating the ends of the 
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carbon fibers. As indicated in Figure 3.64a, B1 consists of a visibly cracked white scale, with no glassy phase; 

moreover, the EDS analysis revealed that the main elements composing the surface are C, Hf and O, indicating 

the presence of HfO2. The surface of the B2 structure consists of Si, C, O and Hf, as detected with the assistance 

of EDS analysis; the magnified image (Figure 3.64b) shows that this surface is formed of nano-spherical grains, 

probably derived from flowing SiO2 and HfO2. The ablation center cooled within a very short time, meaning 

that some gaseous products (e.g., SiO and HfO) could not escape from the ablation pit and could thus be 

deposited as spherical particles. In contrast to the morphologies of B1 and B2, the B3 bubble morphology 

possesses a networked structure, as observed in the magnified image shown in Figure 3.64c; the EDS analysis of 

the B3 surface revealed the presence of Si, C, O and Hf, and because this continuous layer appears to be 

connected via glassy adhesion, we can assume it to be a glassy scale consisting of melted SiCxOyHfZ. 

  

 

 

Figure 3.64. Morphologies of Cf/SiHfBCN ablated by a 1000w laser beam for 0.5 s: three types of bubble-shaped structures in the central 

region (region A), namely, (a) B1, (b) B2, and (c) B3. 
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In addition to these bubble-shaped structures, additional interesting morphologies related to the carbon fibers 

were observed. As indicated in Figure 3.65a, a discontinuous layer corresponding to HfCxOy formed on the 

residual matrix. Figure 3.65b and c show the eroded carbon fibers exposed after ablation in region A. In the case 

of Cf/SiC CMCs, because the SiC matrix and its oxidation products have boiling points lower than the flame 

temperature, they sublimate under ablation; thus, needle-like carbon fibers are observed after ablation [197, 307]. 

By contrast, the morphology of the carbon fibers in the ablated Cf/SiHfBCN material was completely different, 

indicating that the fibers retained their original shapes within the attached matrix. This was likely a result of the 

HfO2 melting from the Hf-containing SiHfBCN, with a very high melting point (2758 °C) and high viscosity; it 

was difficult for this melted material to be blown away, and thus, it remained on the surfaces of the carbon 

fibers [197].  

 

  

Figure 3.65. Morphologies of Cf/SiHfBCN ablated by a 1000w laser beam for 0.5 s in the central region: (a) HfO2 covering the ends of 

the fibers and (b) the erosion of carbon fibers. 
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Figure 3.66. Morphologies of ablated samples for 0.5s in the transition region (region B): (a) a sheet structure and (b) rough and smooth 

zones. 

 

Figure 3.66 shows SEM images of the morphology of the ablated surface in the transition region. A sheet-like 

morphology could be observed, as shown in Figure 3.66a. EDS analysis indicated that these sheet structures 

contain Si, Hf, C and O elements, suggesting the deposition of SiHfCO sheets in zone B. Furthermore, because 

the morphology changes significantly along the direction of the temperature gradient, it can be divided into two 

sub-zones: a rough zone nearer to the ablation center and a smooth zone farther from the center (Figure 3.66b). 

EDS analysis revealed that the main elements composing the smooth zone are Si, C and O, whereas the rough 

zone consists of C, Hf and O. The temperature increased from the smooth zone to the rough zone; accordingly, 

the viscosity of the SiO2 decreased and the volatilization rate of the gas-phase SiO simultaneously increased, 

allowing SiO2 to flow into the adjacent region. However, the disappearance of the SiO2 allowed the HfC to be 

exposed to the laser and the air. Thus, HfC grains could grow and be subsequently oxidized. At relatively high 
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temperatures, the amounts of HfO2 and HfC present would remain constant. As a consequence, only Hf, C, and 

O were observed in the rough zone, whereas Si was observed in the smooth zone instead of Hf. 

 

 

  

Figure 3.67. Morphologies of the ablation samples for 0.5s in the fringe region (region C): (a) the SiC grains and (b) the SiO2 glass layer. 

 

In the fringe region, region C, both grain (Figure 3.67a) and bubble (Figure 3.67b) morphologies were observed. 

Interestingly, the grains in the fringe region corresponding to SiC grew larger than those in the adjacent region. 

This observation is consistent with reports of increasing grain size with increasing temperature [308]. 

Continuous bubbling with a glass layer, identified as SiO2 glass, was indicated. Because the temperature was not 

sufficiently high for SiO2 evaporation in this region, the liquid SiO2 formed a dense layer on the ablated surface. 

Furthermore, most of the bubbles identified as SiO (g) and B2O3 (g) might have been retained because of the 

presence of high-viscosity SiO2 in this fringe region.  

 

3.6.3 Ablation mechanism of Cf/SiHfBCN ceramic composites 

 

Because the heat flow of a laser follows a Gaussian distribution, the ablation mechanism for Cf/SiHfBCN can be 

understood based on the differences in the observed surface morphologies and microstructures.  

During the initial stage, when the surface temperature of the specimen is relatively low, the situation is similar 

to that in the ablation fringe region. In this stage, the oxidation of the SiHfBCN matrix is the primary ablation 



 

Chapter 3 ABLATION BEHAIVOR  - 125 - 

 

mechanism. From 500 °C to 1500 °C, silicon-based ceramics oxidize into SiO2, which is expected to 

significantly protect the matrix below from oxidation because of its outstanding oxygen isolation ability below 

1500 °C [309]. The ablation product SiO2 melts and flows into the adjacent region. Solid products such as silica, 

borosilicate, and porous hafnium oxide and volatile products such as SiO (g) and B2O3 (g) could also be formed 

at this stage. Pores or bubbles would remain in the SiO2 glass layer because of the emission of gaseous products. 

Because the oxidation temperature of HfC is lower than that of SiC, the SiC content is higher than the HfC 

content in the outer ablation surface. Once the HfC is oxidized, the rest will be protected by flowing SiO2. Thus, 

the presence of HfC or HfO2 is barely detectable in the fringe region. However, the surface temperature of the 

central region increases more rapidly than that of the fringe region because of the Gaussian nature of the beam. 

Thus, chemical oxidation occurs together with erosion in the central region. Considering the complexity of the 

ablation reaction, the suggested mechanism can be summarized as follows (Figure 3.68):  

i) In the central region (i.e., inside Circle 1), evaporated SiO (g) and B2O3 (g) flow into adjacent regions, and the 

outer surface becomes depleted of these materials due to the strong flow, generating more HfO2. Furthermore, a 

newly condensed liquid layer of SiO2(l) forms beneath the eroded layer as a result of the re-oxidization of the 

SiO (g) that was released from inside the bulk because of the higher partial pressure of oxygen and the lower 

viscosity of SiO2 [12, 310]. Then, this liquid will also tend to flow into adjacent areas, sealing the pores of the 

matrix and the porous HfO2. Additionally, the SiO2 (l) dissolves part of the HfO2 (s) to form a hafnium-

containing silicate liquid, SixOyHfz (l) (see Figure 3.64c), as described by reaction (12). These refractory phases 

protect the carbon from being directly eroded, and the SixOyHfz provides the fibers with better protection from 

oxidation than do the pure SiO2 (l) and porous HfO2, although the HfO2 (s) does provide a framework for 

supporting the liquid SixOyHfz. However, with further denudation, the carbon fibers begin to be eroded via 

decomposition or sublimation (Figure 3.65b and c) when the refractory oxide (e.g., HfO2 and SixOyHfz) reaches 

its limit. 

ii) In the transition region (i.e., between Circle 1 and Circle 2), relatively low temperatures are produced 

compared with the central region. However, gas vapors originating from the central region imposes additional 

pressure on this region; thus, the laser ablation in this region is affected by the physical and chemical erosion 

processes occurring in the central region (i.e., the erosion of the fibers, matrix and oxidation products). 

Therefore, sheets of carbon peel off from the eroded fibers, revealing hafnium oxycarbide and SiC particles.  

iii) The fringe region (i.e., between Circle 2 and Circle 3) experiences the lowest ablation temperature compared 

with the other two regions; thus, a SiO2 glass layer forms, with bubbles corresponding to SiO (g) and B2O3 (g).  
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Figure 3.68. Schematic representation of the ablation mechanism for Cf/SiHfBCN composites. 

 

3.6.4 Summary 

 

The ablation behavior of Cf/SiHfBCN ceramic composites was investigated by means of a laser ablation test 

with duration of 1 s. A thermodynamic analysis based on ∆G calculations indicated the formation of SiO2, HfO2 

and SixOyHfz as ablation products. Furthermore, the formation of gas phases, such as SiO (g) and B2O3 (g), 

allows for heat transfer, thus lowering the temperature of the ablation surface. The microstructures of ablated 

CMCs revealed various ablation processes contributing to the formation of three distinct ablation regions: i) 

central region: oxidation and erosion of carbon fibers and the SiHfBCN matrix, accompanied by the formation 

of HfO2 and SixOyHfz and the evaporation of SiO (g) and B2O3 (g), which then flow into adjacent regions; ii) 

transition region: carbon and hafnium oxycarbide and SiC particles peeling off from the eroded fibers and oxide 

products blown away by gas vapors; iii) fringe region: high-viscosity liquid SiO2 forming a bubbled glass layer. 
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4. CONCLUSION 
 

        In the research reported in this thesis, novel amorphous Hf-containing ceramics were synthesized from 

SSPs, followed by inorganic conversion through thermal pyrolysis (up to 1100 °C) and subsequent 

transformation into Hf-containing UHTC-NCs with promising compositions upon sintering at high temperatures. 

The Hf-containing SSPs could be shaped into dense ceramic monoliths via PLS and SPS. The results 

demonstrated that dense amorphous SiHfBCN ceramic monoliths could be achieved upon annealing in nitrogen 

at 1300 °C. Dense Hf-containing ceramic nanocomposites were also successfully obtained via SPS techniques at 

a high temperature (~1950 °C), a very fast heating rate (~450 °C/min) and a high pressure (≥100 MPa). 

Furthermore, SiHfBCN-based ceramic matrix composites reinforced with carbon fibers, namely, Cf/SiHfBCN 

composites, were fabricated by the PIP process, suggesting that the novel SiHfBCN SSPs could be utilized for 

the preparation of CMC materials. The behavior of these Hf-containing UHTC materials was investigated with 

regard to their potential application in harsh environments. The results indicated that Hf-containing ceramics 

and ceramic composites may serve as potential candidates for UHTC-NC materials to be used under extreme 

conditions (oxidation, hydrothermal corrosion and ablation). The following discussion summarizes the results of 

this dissertation. 

        In the context of the synthesis of Hf-containing UHTC-NCs, the structural characterization of Hf-

containing SSPs and the mechanisms of the conversion from polymer to ceramic and high-temperature 

decomposition and crystallization were discussed. The synthesis of SiHfCN started with a commercial precursor, 

HTT1800 polysilazane, which was reacted with Hf(N(Et)2)4 through a substitution reaction between Si-H/N-H 

and ≡Hf-N-(Et)2. A decrease in N-H/Si-H groups was observed by means of FT-IR and NMR spectroscopy, 

indicating the formation of the SiHfCN SSPs through Hf-N-Si linkages. An additional hydroboration reaction 

between the BH3∙SMe2 and vinyl groups of HTT1800 led to the formation of the SiHfBCN SSPs. Furthermore, 

a 
29

Si NMR study of SiHfBCN cross-linked at 200 °C revealed that the chemical shifts of all signals were 

shifted towards lower field as compared with those of SiCN-based materials, confirming the formation of Hf-N-

Si. An investigation of the inorganic conversion of SiHfCN and SiHfBCN suggested similar structural 

development, indicating that the evolution of structure predominantly occurs between 400 and 800 °C. 

Hydrocoupling, transamination and hydrosilylation reactions, among others, cause the polymers to develop into 

amorphous ceramics that consist of tetrahedral by coordinated Si-atoms (i.e., SiC4, SiCN3 and SiN4), HfCxN1-x, 

segregated carbon, and additional BCxN3-x (only for SiHfBCN). Interestingly, the presence of Hf and B within 

the molecular structure of the single-source precursor leads to low-temperature phase separation, as indicated by 

the analyzed SiC4 units formed at 800 °C, which is not common in B- and Hf-free SiCN ceramics at the same 

temperature. Furthermore, Hf and B seem to facilitate crystallization upon annealing at higher temperatures and 

thus allow for the preparation of UHTC-NCs with phase compositions suitable for applications at ultra-high 

temperatures and under harsh conditions. In the case of SiHfCN, HfC0.56N0.44 and β-SiC nanocomposites are 

generated upon annealing at 1500 °C in both argon and nitrogen. Moreover, the annealing atmosphere was 

found to affect the crystallization behavior found in SiHfBCN annealed at 1700 °C, with HfB2, HfC0.78N0.22, and 
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β-SiC nanocomposites forming upon annealing in argon and HfN0.52C0.48, Si3N4, SiBCN, and C nanocomposites 

forming upon annealing in nitrogen. These results demonstrate that the conversion of single-phase SiHfCN and 

SiHfBCN into UHTC-NCs is thermodynamically controlled. Additionally, the incorporation of Hf and B into 

SiCN results in outstanding high temperature stability with respect to decomposition: the mass losses of 

SiHfBCN annealed at 1700 °C in nitrogen were found to be below 5 wt%, representing a significant 

improvement compared with SiCN annealed under identical conditions, which exhibited a mass loss of 

approximately 30%.  

        We developed several types and classes of (ultra)-high-temperature materials, such as dense amorphous 

ceramic monoliths, dense UHTC-NC ceramic monoliths and CMCs derived from SiHfBCN SSPs. The 

parameters were optimized for the preparation of dense amorphous ceramic monoliths, motivated by the fact 

that the SiHfBCN1 sample (low Hf content) with the lowest porosity (5.9 %) was achieved upon annealing in 

nitrogen at 1300 °C. Dense SiHfCN- and SiHfBCN-based UHTC-NCs were successfully prepared by means of 

a rapid sintering procedure (i.e., a high heating rate of ~450 °C/min) at a high pressure (≥100 MPa). Both 

materials exhibited fine microstructures, with grains sizes well below 200 nm for the HfCxN1-x phase and below 

100 nm for SiC and Si3N4. Both prepared types of UHTC-NCs exhibited superior mechanical properties 

compared with other polymer-derived ceramics as a result of their phase compositions and fine microstructures. 

Moreover, Cf/SiHfBCN and Cf/SiCN were fabricated using the polymer (SiHfBCN and SiCN) infiltration 

pyrolysis (PIP) approach. Their open porosity could be controlled below 10 vol% by means of an 8-cycle 

fabrication procedure. The interface between Cf and SiHfBCN was found to be stronger than that between Cf 

and SiCN, resulting in brittle fracture behavior rather than the fiber pull-out mechanism observed in Cf/SiCN. 

Accordingly, to provide a weak interface, pyrolytic carbon was deposited via CVI prior to the infiltration of 

polymer precursors, leading to the formation of Cf/SiC/SiHfBCN and Cf/SiC/SiCN via combination of CVI and 

PIP-techniques. These CMCs exhibited improved mechanical properties compared with Cf/SiHfBCN and 

Cf/SiCN.  

        The subsequent studies of the presented research addressed the behavior of PDCs, UHTC-NCs, and CMCs 

in harsh environments (oxidative, corrosive and ablative conditions). The oxidation behavior of amorphous 

SiCN, SiHfCN and SiHfBCN ceramic powders was investigated via TGA, and the results revealed that all 

samples obeyed parabolic kinetics. A comparison of the oxidation kinetics based on the (∆m/(SBET×m))
2
 vs. T 

relation indicated that SiCN demonstrates the best oxidation resistance and that SiHfBCN exhibits significantly 

improved oxidation kinetics compared with SiHfCN. The oxidation behavior of dense amorphous SiHfBCN 

ceramic monoliths (modified with 10 vol% and 30 vol% hafnium complexes, namely, SiHfBCN1 and 

SiHfBCN2) was also investigated with regard to their oxidation kinetics and the microstructural evolution of 

their oxidic scales at 1200-1400 °C. The parabolic rate of SiHfBCN1 was found to be lower than that of 

SiHfBCN2 at 1200 and 1300 °C, whereas that of SiHfBCN2 was shown to be slightly lower than that of 

SiHfBCN1 at 1400 °C. This may be a consequence of the differences in porosity, boria evaporation and outward 

diffusion of other gases (e.g., CO and N2) between the two compositions. XRD, SEM and EPMA investigations 

suggested that a continuous oxidation layer consisting of hafnia and borosilicate or silica forms on these 
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materials at 1200 °C, which then becomes a discontinuous layer with a composition of silica, hafnia and HfSiO4 

as the temperature increases (> 1300 °C). Accordingly, the wide range of Ea values (174 ± 57.7 and 139.7 ± 39 

KJ mol
-1 

for SiHfBCN1 and SiHfBCN2, respectively) derived from the parabolic kinetic analyses may be the 

result of a wide variety of oxygen-controlling mechanisms, including inward oxygen transport into the complex 

oxide scale (borosilicate or silica, hafnia, and hafnium silicate) and the outward transport of gases produced via 

the oxidation reaction. However, the oxidation rates of amorphous ceramic monoliths were rather uncertain 

because of the uncertainty in the value of geometric surface area. Thus, the oxidation behavior of dense UHTC-

NCs prepared via SPS was also investigated and compared. The oxidation behavior of SiHfCN was found to be 

comparable to that of other UHTCs. By contrast, SiHfBCN exhibits outstanding oxidation resistance at 

temperatures of up to 1500 °C (with a weight gain of 0.16 mg∙cm
-2

), and moreover, the parabolic rate of 

SiHfBCN (3.6×10
-4

 mg∙cm
-2

∙h
-1

) was shown to be 3-4 orders of magnitude lower than that of SiHfCN (0.4 

mg∙cm
-2

∙h
-1

) and even lower than the values reported for SiC ceramics.  

         Furthermore, the Cf/SiHfBCN CMCs exhibited enhanced hydrothermal corrosion resistance than Cf/SiCN 

because of their improved corrosion kinetics due to Hf and B incorporation. Additionally, a tight Cf/matrix 

interface (which is rather disadvantageous with respect to mechanical behavior) was found to be of further 

benefit in improving the corrosion behavior of Cf/SiHfBCN. The ablation behavior of Cf/SiHfBCN ceramic 

composites was investigated in a laser ablation test. A model of the morphology of the prepared CMCs after 

ablation was developed based on our observations. Various ablation processes were considered to contribute to 

the formation of three distinct ablation regions: i) central region: oxidation and erosion of carbon fibers and 

SiHfBCN matrix, accompanied by the formation of HfO2 and SixOyHfz and the evaporation of SiO (g) and B2O3 

(g), which then flow into adjacent regions; ii) transition region: sheets of carbon peeling off from the eroded 

fibers, which are then blown away by gas vapors; iii) fringe region: high-viscosity liquid SiO2 forming a layer of 

glass with bubbles containing B2O3 and SiO gases. 
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5. OUTLOOK 
 

This thesis presents a systematic study of the synthesis and characterization of Hf-containing UHTC-NCs 

formed form SSPs. Furthermore, it also presents an investigation of the properties of novel Hf-containing 

ceramic monoliths (i.e., amorphous ceramics and UHTC-NC monoliths) and CMCs subjected to harsh 

environments. The oxidation behavior, hydrothermal corrosion and ablation behavior of these novel materials 

can provide guidance for future studies. However, supplementary work will be necessary to better understand 

the performance of Hf-containing SiHf(B)CN and UHTC-NC materials under harsh conditions in more detail.  

Future work can build on the results of this dissertation. A number of examples are provided below:  

 The oxidation kinetics must be standardized to determine the thickness of the oxide scale in such a way 

that it can be compared with the data determined based on the specific weight gain (weight gain per 

specific surface area). 

 UHTC-NCs derived from SiHfBCN have demonstrated excellent oxidation resistance according to in 

situ TGA. However, there is a limit on how long a TGA device can operate in long-term oxidation tests. 

Accordingly, an ex situ oxidation experiment performed by means of a furnace test will be needed to 

confirm the oxidation behavior determined via in situ TGA. Additionally, the results indicate that the 

prepared UHTC-NCs can withstand oxidation at 1500 °C. Moreover, it has been discovered that the 

precipitation of HfSiO4 into SiO2 is beneficial for increasing the viscosity of SiO2 and the melting 

temperature; therefore, higher operating temperatures (≥1500 °C) should be tested. 

 The oxidation behavior of SiHfCN-based amorphous and UHTC-NCs was found to be improved 

significantly by the addition of boron. However, because of the low sensitivity of most techniques to 

light elements, a detailed and quantitative understanding of the presence of B2O3 in the glasses layer and 

the porous HfO2 formed upon the oxidation of SiHfBCN-based UHTC-NCs is still lacking. This issue 

should be further investigated by applying advanced techniques (i.e., X-ray photoelectron spectroscopy 

(XPS) and secondary ion mass spectrometry (SIMS)).  

 Alternatively, as suggested in previous literature, the adhesion of the oxide layer could be modified 

through doping with higher valence ions (e.g., Cr
5+

 and Ta
5+

) to allow for the substitution of cation (e.g., 

Ta) on the Hf site in HfO2, reducing the concentration of oxygen vacancies in the HfO2. The resultant 

lower concentration of oxygen vacancies can lower the oxidation rate of Hf-containing UHTC-NCs. 

This procedure potentially indicates a route for synthesizing novel Hf-containing UHTC-NCs with 

excellent oxidation and corrosion resistance.  

 If the investigated materials (e.g., dense amorphous SiHfBCN-based ceramic monoliths, UHTC-NCs, 

and CMCs) are to be considered for structural applications, their thermal shock resistance must be 

investigated in future work. However, prior to this investigation, their coefficients of thermal expansion 

should be also studied.  

 The prepared Cf/SiC-SiCN and Cf/SiC-SiHfBCN CMCs exhibited good mechanical properties at room 

temperature. Furthermore, good oxidation resistance of the SiCN and SiHfBCN matrices was analyzed. 
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Thus, these CMCs might be interesting to consider them for application in turbine engines in steam gas 

environments. 
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LIST OF ABBREVIATIONS 
 

ATR-FTIR    Attenuated total reflection-Fourier transform infrared spectroscopy 

BET surface   Brunauer–Emmett–Teller surface 

CMCs    Ceramic matrix composites 

EA    Elemental analysis 

EDX/EDS   Energy Dispersive X-ray Spectroscopy 

E    Elastic modulus 

Ea    Activation Energy 

EGA    Evolved Gas Analyzer 

FWMH   Full Width at Half Maximum 

H    Hardness 

MAS    Magic Angle Spinning 

MS    Mass Spectrum 

PAS    Pressure assisted sintering 

PDCs    Polymer Derived Ceramics 

PLS    Pressure-less sintering 

SAED    Selected Area Electron Diffraction 

SEM    Scanning Electron Microscopy 

STA    Simultaneous Thermal Analysis 

SSPs    Single-source-precursors  

TEM    Transmision Electron Microscopy 

TGA    Thermogravimetric Analysis 

UHTC-NCs   Ultra-High Temperature Ceramic Nanocomposites  

XRD    X-Ray Diffraction 
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